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ABSTRACT 
 

Hierarchical NiAl [nickel-aluminium compound]/Ni2TiAl [nickel-titanium-

aluminum compound] or single Ni2TiAl-precipitate-strengthened ferritic alloys have been 

developed by adding 2 or 4 weight percent [wt. %] of Ti [titanium] into a previously-

studied NiAl-precipitate-strengthened ferritic alloy. A systematic investigation has been 

conducted to study the interrelationships among the composition, microstructure, and 

mechanical behavior, and provide insight into deformation micro-mechanisms at elevated 

temperatures. 

The microstructural attributes of hierarchical or single precipitates are 

investigated in the Ti-containing ferritic alloys. Transmission-electron microscopy in 

conjunction with the atom-probe tomography is employed to characterize the detailed 

precipitate structure. It is observed that the 2-wt.-%-Ti alloy is reinforced by a two-phase 

NiAl/Ni2TiAl precipitate, which is coherently distributed in the Fe [iron] matrix, whereas 

the 4-wt.-%-Ti alloy consists of a semi-coherent single Ni2TiAl precipitate. The creep 

resistance of the 2-wt.-%-Ti alloy is significantly improved than the NiAl-strengthened 

ferritic alloy without the Ti addition and greater than the 4-wt.-%-Ti alloy. 

The microstructural evolution of precipitates during heat treatment at 973 K is 

investigated in the 2-and 4-wt.-%-Ti alloys. Transmission-electron microscopy and atom-

probe tomography are used to study the precipitate evolution, such as the size, 

morphology, composition of the precipitates. It reveals that the hierarchical structure 

within the precipitate of the 2-wt.-%-Ti alloy evolves from the fine two-phase-coupled to 

agglomerated coarse structures, as the aging time increases. Moreover, the transition from 



 

vi 

 

the coherency to semi-coherency is concomitant with that of hierarchical structure within 

the precipitate. 

In-situ neutron-diffraction experiments during tensile and creep deformations 

reveal the interphase load-sharing mechanisms during plastic deformation at 973 K. The 

evolution of lattice strains during high-temperature deformation is further verified by 

crystal-plasticity finite-element simulations. In-situ neutron-diffraction experiments 

during stress relaxation at 973 K exhibits the load, which is transferred from the matrix to 

precipitate is relaxed, which indicate the occurrence of the diffusional flow along the 

matrix/precipitate interface.  

These results could provide a new alloy-design strategy, accelerate the advance in 

the development of creep-resistant alloys, and broaden the applications of ferritic alloys 

to higher temperatures. 
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CHAPTER 1 INTRODUCTION 

Recent decades, extensive projects all over the world have been conducted to 

develop high-temperature materials with better temperature and stress capabilities for 

fossil-energy power plants [1-9]. This trend is due to the fact that the energy efficiency of 

the plants and the emission of the greenhouse gas are strongly dependent upon the steam 

temperature and pressure of the operating condition. Figure 1 shows the plant efficiency 

as a function of temperature and pressure. Note that all figures are listed in the Appendix. 

An increase of the operating temperature from 813 to 1,033 K and the pressure by 10 

MPa lead to a rise of the efficiency of 5.3 %. Fossil-energy plants operating above a 

steam pressure of 22 MPa and steam temperature at 813 to 838 K are termed to the 

supercritical, and those operating at > 22 MPa and > 838 K are termed to the ultra-

supercritical (USC). Currently, ultra-supercritical (USC) fossil-energy plants require an 

increase of the steam temperature to 1,033 K and the steam pressure to 35 MPa [10, 11]. 

Nowadays, the most efficient fossil-power plants operate in the steam 

temperatures of the 873 K range [12]. It is expected that steam temperatures will rise 

another 50 to 100 K in the next 20 to 30 years [12]. Figure 2 exhibits the maximum 

allowable stresses as a function of temperature for comparing the temperature capabilities 

of boiler materials for USC plants [13]. In this figure, the high-temperature materials are 

categorized into three classes (ferritic steels, austenitic steels, and Ni-based alloys). The 

Ni-based alloys possess the better creep resistance than the austenitic steels. For instance, 

the Ni-based alloys, such as Inconel 740, Haynes 230, Inconel 625, Inconel 617, HR6W, 

and HR 120 have a much higher temperature capability (in decreasing order as listed), 
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relative to austenitic steels. The ferritic steels are normally utilized at lower temperatures 

than the austenitic steels. Figure 2 also indicates the actual operating temperatures for 

each material. For example, ferritic steels are limited up to a metal temperature of ∼ 893 

K, while austenitic steels can be used up to ∼ 948 K. At metal temperatures higher than 

this, Ni-base alloys with better temperature- and stress-capabilities are generally 

employed. 

Ferritic steels have been well employed for heavy-section components, such as 

pipes and headers in fossil-power plants, due to good thermal conductivity, low thermal 

expansion, and cost efficiency, as compared to austenitic steels and Ni-based superalloys 

[3, 12, 14]. For example, an illustration of a header is shown in Figure 3 [12]. Headers are 

also pipes, but they consist of a number of sub-tubes connected to the header, which 

carries steam in or out from the header. In general, this header has a dimension of 50 cm 

in the outer diameter and 10 cm in the wall thickness. Since ferritic steels with the good 

thermal conductivity and low thermal expansion are less prone to thermal fatigue, as 

compared to austenitic steels and Ni-based alloys, research during the last decade has 

focused on developing cost-effective, and creep-resistant ferritic steels capable of 

operating at temperatures up to 893 K [2]. However, from both the creep and corrosion-

resistance point of view, the strongest of ferritic steels is still limited to temperature of 

866 K [12]. 

Masuyama et al. has presented a historical aspect on the development of steels 

for fossil-power plants, as shown in Table 1 [15]. Figure 4 shows the 10
5
 h creep-rupture 

strength at 873 K by the year of development. The ferritic steels are classified into four 
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generations, as shown in Table 1. Note that all tables are listed in the Appendix. Table 2 

shows the chemical compositions of ferritic steels for boiler materials. In the operating 

temperatures higher than 823 K, 9Cr and 12Cr steels, listed in Table 2, have been 

extensively used all over the world as materials for headers and steam pipes in USC 

plants. The P-92 steel, which has the highest creep resistance among the 9 wt. % Cr steels, 

is limited below temperatures of 893 K. Beyond 893 K, the 12 wt. % Cr steels, such as P-

122, NF12, and SAVE 12 (Table 1), have to be employed (The compositions are 

summarized in Table 2). 

The alloying elements in the development of the ferritic steels play an important 

role in affecting the microstructure, and, thus, the creep properties [16]. Tungsten, 

molybdenum, and cobalt are mainly solid-solution strengtheners. Vanadium and niobium 

forms fine and coherent precipitates of M(C,N)x carbonitrides in the ferrite matrix, which 

gives rise to precipitation strengthening. Vanadium also precipitates during tempering or 

creep. The amount of Chromium is more significant, relative to other alloying elements. 

Chromium is added for solid-solution strengthening as well as oxidation/corrosion 

resistance. Nickel is known to improve the toughness, but degrade creep strength. Partial 

replacement of Ni by Cu helps stabilize the creep strength. Carbon is required to form 

fine carbide precipitates, but the amount needs to be optimized for good weldability. 

Chromium steels (9 – 12 wt. %) are strengthened by fine distributions of M23C6-

rich carbides, high density of dislocations, and fine distributions of martensite-lath 

subgrains. These strengthening microstructures are produced by heat-treatments, 

including austenitisation at temperatures around 1,373 K, followed by tempering at 
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around 1,023 K [3, 14, 17]. Figure 5 shows the optical and transmission-electron 

micrographs after tempering of the 9Cr-2W steel with a chemical composition of Fe-

0.100C-8.92Cr-1.92W-0.48Mn-0.28Si-0.012O-0.002N (weight percent) [18]. The width 

of the lath was about 0.5 μm. The M23C6 carbides of about 0.1 μm or less in size are 

observed as black dots in Figure 5(b) and are dispersed preferentially along lath 

boundaries and prior austenite grain boundaries. It is worth noting that a high density of 

dislocations produced by martensitic transformation during quenching still remains after 

tempering. 

Creep experiments on Cr–Mo–W–V-type steels tested at low stresses and long 

rupture times have shown that the creep-rupture curves have a sigmoidal shape (Figure 6) 

[19]. The change in shape with increasing the rupture time (lower stress) is indicative of a 

change in microstructures influenced by the stress and elevated-temperature exposures. 

Previous studies have shown that this phenomenon is associated with micro-structural 

instabilities in the alloy, due to precipitation, coarsening, and dissolution of various 

carbides and other phases during the long-term exposure to elevated temperatures, which 

limits the applications of ferritic steels to temperatures below 893 K [20-24]. 
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CHAPTER 2 OVERVIEW OF THIS RESEARCH 

2.1 Background: Literature Review 

2.1.1 NiAl-Precipitate-Strengthened Ferritic Alloys 

The NiAl-precipitate-strengthened ferritic alloys have been developed and 

investigated because of their excellent creep and oxidation resistance [25-29]. The 

research on the NiAl-precipitate-strengthened ferritic alloys has mainly focused on the 

microstructural characterization, including precipitation and coarsening kinetics, and 

room/elevated temperature mechanical behavior [25-27, 30-37].  

The microstructure of the NiAl-precipitate-strengthened ferritic alloys is 

analogous to that of γ/γ′ Ni-based alloys, consisting of a disordered body-centered-cubic 

(BCC) α-Fe and an ordered B2-structure NiAl phase [38], providing the possibility of 

achieving the similar strengthening effect of γ/γ′ Ni-based superalloys at room/elevated 

temperatures [39, 40]. Transmission-electron-microscopy (TEM) studies revealed that 

spherically or cuboidally shaped precipitates with a B2 (CsCl-type) crystal structure are 

homogeneously embedded in the Fe matrix with a BCC structure [35, 41, 42]. Atom-

probe tomography (APT) was carried out to derive the chemical composition of the B2-

type NiAl precipitates in the NiAl-strengthened ferritic alloys [43, 44]. The APT studies 

revealed that NiAl precipitates mainly contains Ni and Al with a small amount of Fe, 

while Mo was found to partition preferentially to the Fe matrix. Neutron and synchrotron 

diffraction investigations on the microstructure of the NiAl-strengthened ferritic alloys 

revealed that the NiAl precipitate is coherent with the α-Fe matrix from the room 
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temperature to 973 K (a lattice misfit of 0.01 %), reflecting an excellent resistance to the 

coarsening behavior of the precipitate during the long-term exposure to elevated 

temperature [26, 45].  

The precipitation kinetics (coarsening behavior) of the NiAl-type precipitates in 

the NiAl-precipitate-strengthened ferritic alloys has been studied, based on the Lifshitz-

Slyozov-Wagner (LSW) theory [29, 35]. The coarsening constants have been determined 

in the temperature range from 973 to 1,223 K [31, 46, 47]. Calderon et al. derived the 

coarsening constant of ~ 5 nm/h
1/3

 and interfacial energy of 16 – 42 mj/m
2
 at 773 ~ 1,073 

K in two NiAl-strengthened ferritic alloys with different amounts of Mo [31]. Calderon et 

al. [48, 49] suggested that segregation of Mo at the precipitate-matrix interface could 

result in a reduction of the lattice misfit between the NiAl precipitate and Fe matrix and 

the sluggish coarsening process of NiAl-type precipitates. However, the APT 

characterizations found no evidence of the Mo segregation at the interface [44]. Sun et al. 

[50] also determined the coarsening constants and interfacial energies at 973 ~ 1,223 K in 

a Fe-10Ni-10Cr-6.5Al-3.4Mo-0.25Zr-0.005B weight percent (wt. %) alloy (denoted as 

FBB8 in the present study). It was found that the coarsening constants and interfacial 

energies in their studies are larger than those in the study of Calderon et al. [31]. It was 

suggested that the discrepancy could be due to the compositional difference between the 

precipitates [50].    

The creep properties of the NiAl-strengthened ferritic alloys have been 

examined by compressive and tensile creep tests in the stress range of 10 – 350 MPa and 

temperature range of 873 – 1,273 K [27-29, 51-53]. Vo et al. [53] suggested that the 
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creep-deformation mechanisms of FBB8 is dominated by a general climb dislocation 

process with an unexpected high experimental values of normalized threshold stress (a 

stress below which creep does not appear to occur, or is at least very slow). Based on the 

transmission-electron-microscopy (TEM) observation, it was proposed that the elastic 

interactions due to the mismatch in lattice constant between matrix and precipitate lead to 

additional elastic interactions between precipitates and dislocations, thus, the high 

threshold stress [53]. Teng et al. reported that the FBB8 possesses a limited creep 

resistance at 973 K, as compared to other Fe-based materials candidates for steam-turbine 

applications [25]. In particular, the creep resistance at low rupture stresses is comparable, 

but as the rupture stress increases, the creep resistance becomes inferior to other Fe-based 

candidates. In-situ neutron-diffraction studies on the FBB8 at elevated temperatures up to 

973 K, conducted by Huang et al., revealed that the extensive diffusional flow occurs at 

the interface between the precipitate and matrix (interfacial relaxation), thus, inducing an 

acceleration of the creep deformation [54, 55]. Moreover, this trend was also suggested to 

be due to the limited mechanical properties of the NiAl precipitate at high temperatures 

[55-58]. 

2.1.2 Ni2TiAl or NiAl/Ni2TiAl-Precipitate-Strengthened Ferritic Alloys 

To improve the creep resistance of the NiAl-strengthened ferritic alloys, a 

Ni2TiAl phase (Heusler phase) or NiAl/Ni2TiAl two-phase as a strengthening precipitate 

has been suggested due to intrinsically-superior high-temperature properties of the 

Ni2TiAl phase and structural similarity between NiAl and Ni2TiAl phases [59-61]. It has 

been reported that such microstructures, consisting of a single Ni2TiAl or two-phase 
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NiAl/Ni2TiAl precipitates, which are distributed in the Fe matrix, can be attained by the 

addition of Ti to the NiAl-strengthened ferritic alloys.  

The creep behavior of a L21-Ni2TiAl alloy at high temperatures has been 

investigated [62]. The L21-Ni2TiAl structure has an additional ordering with eight B2 unit 

cells and three distinct sublattices, which provides the extremely stable Heusler type 

structure at high temperatures. Strutt et al. reported that the single-phase L21-Ni2TiAl 

alloy possesses an excellent creep resistance in the temperature range of 1,026 to 1,273 K 

in terms of the creep rate, as compared to a single-phase B2-NiAl alloy [62]. It was 

suggested that the creep strength of the L21-Ni2TiAl alloy is due to an inability for 

a0<110> dislocations to undergo cross slip in the Heusler structure and the highly 

stabilized dislocation networks formed by the reaction of a0<110> dislocations. 

A NiAl-strengthened Ni2TiAl alloy was developed and studied in terms of 

microstructural characterization and creep behavior [63]. The small cells constituting the 

large Ni2TiAl unit cell are ~ 1 % larger in size than the NiAl unit cell, which gives rise to 

semi-coherent interfaces with a high density of interfacial dislocations in the NiAl-

strengthened Ni2TiAl alloy [62]. It was reported that the creep strength of this alloy is at 

least comparable with that of the nickel-base superalloy (MARM-200) for values of T/Tm 

in the range from 0.68 to 0.82 (T and Tm are the creep test and melting temperatures, 

respectively) [63]. Polvani et al. suggested that the improvement of the creep strength of 

this alloy, as compared to the single-phase Ni2TiAl alloy, is due to the differences in 

operative glide modes between the Ni2TiAl and NiAl phases and the pre-existing 

interfacial networks [63]. Specifically, the significance of the dislocation network 
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stabilized at phase interfaces was emphasized which plays a role in interactions between 

mobile dislocations and the interfacial networks during creep deformation.     

Recently, the Fe-Cr-Ni-Al ferritic alloys containing a single Ni2TiAl or two-

phase NiAl/Ni2TiAl precipitates embedded in the Fe matrix has been developed by 

adding various amounts of Ti contents [59-61]. Liebscher et al. reported the formation of 

hierarchical precipitate structures consisting of two-phase NiAl/Ni2TiAl precipitate in 

Fe–15.5Al–12.1Cr–1.0Mo–16.0Ni–xTi ribbon samples with X = 2 and 4 in at. % in the 

early stage of the aging treatment at 973 K [60, 61]. Transmission-electron microscopy 

studies of these alloys revealed that the precipitate structure depends upon the amounts of 

Ti contents. For example, the 2-wt.-%-Ti addition leads to the formation of a parent 

Ni2TiAl precipitate reinforced by a fine network of a NiAl phase, while 4-wt.-%-Ti 

addition gives rise to the inverse type precipitate structure. Liebscher et al. suggests 

possible mechanisms on the formation of the hierarchical structure in the precipitate [64-

67], involving a wetting transition or heterogeneous nucleation on L21 anti-phase domain 

boundaries [60, 66, 67]. However, in contrast to microstructural studies, there is no report 

regarding the effect of the precipitate structure on mechanical behavior of the alloys at 

elevated temperatures, such as creep properties, due to the restricted sample geometry 

(ribbon type samples).  

To summarize, creep resistance remains a major issue to be further studied. It is 

crucial to obtain the fundamental understanding on the effect of the Ti addition and the 

hierarchical structure in the precipitate on the mechanical properties, which allows for the 

optimization of the microstructural features (the volume fractions, size, inter-particle 
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spacings of Ni2TiAl and NiAl/Ni2TiAl precipitates, and element partitions) as well as 

excellent properties (room-temperature ductility, high-temperature creep resistance, and 

oxidation/steam-corrosion resistance). 

2.2 Objectives and Motivation 

The overall purpose of the sponsored Department of Energy (DOE) program is 

to design Fe-based alloys with excellent creep, coarsening, and steam-corrosion 

resistance under the ultra-super critical environment (at a stress level of 35 MPa and 

temperature of 1,033 K). As a part of the program, the main objective of my Ph.D, 

research is to (1) design and characterize the microstructures of the hierarchical 

NiAl/Ni2TiAl and single Ni2TiAl precipitate-strengthened ferritic alloys (denoted by 

HPSFA and SPSFA in this study). The current study utilized using neutron-diffraction 

(ND), scanning-electron microscopy (SEM), conventional/scanning transmission-electron 

microscopy (TEM/STEM), and local-electrode-atom-probe (LEAP) (Chapters 3 ~ 4); (2) 

The second objective is to study the creep resistance of these ferritic alloys and the 

influence of the precipitate structures on the creep behavior by tension creep tests in the 

temperature range of 973 ~ 1,033 K (Chapter 3); (3) The last goal is to understand the 

effect of precipitates (hierarchical and single phases) on the mechanical properties at 

elevated-temperatures using in-situ neutron diffraction coupled with crystal-plasticity 

finite-element simulations (Chapter 5), thus, obtaining an in-depth understanding of the 

creep mechanisms of the coherent-precipitate-strengthened ferritic alloys. The current 

research could provide an insight into the alloy design and optimization of the 
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microstructure and creep properties of the ferritic alloys for applications in fossil-fuel 

plants. Figure 7 shows an overview of the current research.   
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CHAPTER 3 EFFECT OF TI ON MICROSTRUCTURE AND CREEP 

BEHAVIOR 

3.1 Introduction 

The prototype precipitation-strengthened ferritic alloy with a composition of Fe-

6.5Al-10Cr-10Ni-3.4Mo-0.25Zr-0.005B weight percent (wt. %) (denoted as FBB8 in this 

study) consists of coherent B2-NiAl precipitates in the BCC Fe matrix (Figure 8) with a 

volume fraction (vol. %) of 16 ~ 18 % and an average diameter of 130 nm after the heat 

treatment (a solution treatment at 1,473 K for 0.5 hours, followed by aging at 973 K for 

100 hours) [33]. The morphology of the coherent precipitate is a function of misfit strains 

and interfacial energies. The spherical shape of the NiAl precipitates indicates the 

dominance of the interfacial energy and low misfit strain between the matrix and 

precipitate [68], which is supported by the previous neutron-diffraction (ND) study (a 

lattice mismatch of 0.01 % at 973 K) [54].  

Our approach to improve the creep resistance of ferritic alloys is to introduce a 

new type of two-phase precipitates with intrinsically-superior high-temperature 

properties, while retaining the interfacial coherency between the matrix and precipitate 

[59]. From the available literature, the L21 (Heusler phase) phase has an excellent creep 

resistance in the temperature range from 1,026 to 1,273 K [62], and a similar lattice 

structure/constant for the small lattice mismatch with the BCC Fe structure [69, 70], 

which satisfies the requirements of our microstructural design. Another strategy for the 

further improvement of the creep resistance is to establish a hierarchically-structured 
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precipitate comprising a network of B2-NiAl and L21-Ni2TiAl phases. The hierarchical 

structure is characterized by the relative chemical ordering, spatial dimensions of the 

phases, and their spatial distribution [61]. Specifically, the Fe-base matrix features the 

largest length scale, whereas the primary precipitates are characteristic of a smaller length 

scale. The primary precipitate is further divided by the sub-structure on the lowest length 

scale. The matrix has a chemically disordered structure (a disordered body-centered-cubic 

phase), while the constitutive phases in the primary precipitate have chemically ordered 

structures (B2 and L21 structures are different from each other in terms of the sublattice 

occupancy). Such a hierarchical structure has been developed and reported in ribbon 

samples of Fe–Al–Cr–Ni–Ti alloys and been well used to describe such a microstructure 

of the two-phase precipitate in the ferritic alloys [60, 61]. In order to design novel 

hierarchical NiAl/Ni2TiAl and single Ni2TiAl precipitate-strengthened ferritic alloys 

(denoted as HPSFA and SPSFA, respectively, in this study), 2 or 4 wt. % Ti elements 

were added to the prototype FBB8 alloy, respectively. 

3.2 Objective 

In this chapter, the microstructural characterization of novel ferritic alloys with 2 

or 4-wt.-%-Ti elements, consisting of either single-phase Ni2TiAl precipitates or two-

phase hierarchical NiAl/Ni2TiAl precipitates are investigated. Systematic investigations 

were conducted, using the scanning/transmission-electron microscopy (S/TEM), neutron 

diffraction (ND), and atom-probe tomography (APT). The main objectives of the present 

study are to study the effect of Ti addition on the microstructures and (2) obtain the 

important microstructural features, such as size, morphology, and volume fraction of the 
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precipitates. The in-depth understanding of the microstructure will provide the necessary 

knowledge to understand the creep-deformation mechanisms, and the insight for the 

design and optimization of creep-resistant ferritic alloys and for wide and practical 

applications in advanced steam-turbine systems. 

3.3 Experimental Methods 

The nominal composition of the alloys is Fe-6.5Al-10Cr-10Ni-xTi-3.4Mo-

0.25Zr-0.005B with x = 2 and 4 in weight percent (wt. %). An ingot of the 2-wt.-%-Ti 

alloy with a dimension of 12.7 × 25.4 × 1.9 cm
3
 and a rod ingot of the 4-wt.-%-Ti alloy 

with 2 kg and a diameter of 5.08 cm were prepared by Sophisticated Alloys, Inc., using 

the vacuum-induction-melting facility. Hot isostatic pressing (HIP) was applied to the 

ingots at 1,473 K and 100 MPa for 4 hours in order to reduce defects formed during the 

casting and cooling processes. These alloys were homogenized at 1,473 K for 30 minutes, 

followed by air cooling and, then, aged at 973 K for 100 hours. 

Scanning-electron microscopy (SEM) was conducted, using a Zeiss Auriga 40 

equipped with an Everhart-Thornley secondary-electron detector. The SEM images were 

analyzed, using the ImageJ software [71] to obtain the sizes and volume fractions of the 

precipitates, and the averaged values were estimated, using more than 200 particles. The 

thin foils for scanning-transmission-electron microscopy (STEM) and conventional 

transmission-electron-microscopy (CTEM) observations were prepared by 

electropolishing, followed by ion milling at the ion energy of ~ 2 kV and an incident 

angle of ± 6 degree. The TEM specimens were cooled by liquid N2 during ion milling. 

The STEM observations were performed with a JEOL JEM-2100F TEM equipped with 
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double spherical aberration correctors for probe-forming and image-forming lenses. The 

high-angle annular dark-field (HAADF) STEM images were acquired, using a detector-

collection angle ranging from 100 to 267 mrad, while the bright-field (BF) STEM images 

were simultaneously recorded, using a STEM BF detector. 

The sharp-tip specimens for atom-probe tomography (APT) were prepared in a 

FEI Nova 200 equipped with a dual-electron-beam and focused-ion-beam (FIB) column. 

The APT data acquisition was conducted, using a CAMECA local electrode atom probe 

(LEAP), 4000X HR, equipped with an energy-compensated reflectron lens. The APT 

measurements were performed in both voltage and laser modes to validate the precipitate 

compositions and sizes in both modes. The data-acquisition temperature was set to 50 K, 

and the pulse frequency and fraction were 200 kHz and 20 %, respectively, for the 

voltage-mode runs. The temperature was set to 30 K, and the laser energy was set to 100 

pJ for the laser-pulsed runs. The TEM energy-dispersive X ray spectroscopy (EDS) was 

conducted, using a Zeiss Libra 200 MC TEM/STEM equipped with an EDS detector, a 

Bruker X-Flash 5030. The X-ray collection time was between 300 and 500 s, and at least 

10 single measurements were obtained. The EDS compositions were averaged over the 

10 measurements. 

The in-situ neutron-diffraction (ND) experiments were carried out on the 

Spectrometer for MAterials Research at Temperature and Stress (SMARTS) 

diffractometer of the Los Alamos Neutron Science Center (LANSCE) facility located at 

the Los Alamos National Laboratory [72]. The ND instrument utilizes time-of-flight 

(TOF) measurements, in which the incident beam is polychromatic with a range of wave 
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lengths, which allows for the ND measurements with a diffraction pattern covering a 

wide range of d spacings without the rotation of samples or detectors. The ND 

measurements were conducted in the temperature range from 293 to 973 K. The samples 

were measured by ND at elevated temperatures after the sample saturated within ± 1 K of 

the target temperature, and the sample displacement was equilibrated. The ND data were 

collected for 15 minutes. 

Two types of tension-creep samples were machined, (a) a round type with a gage 

diameter of 3.175 mm and a gage length of 28 mm and (b) a dog-bone type with a cross 

section of 3 mm × 3 mm and a gage length of 25 mm. Tension-creep tests were 

conducted at 973 and 1,033 K under a constant load. Samples for tension-creep tests on 

HPSFA at 1,033 K were subjected to the solution treatment at 1,473 K for 30 minutes, 

followed by the aging treatment at 1,073 K for 5 hours, which gives a similar size and 

morphology of the precipitate of the HPSFA aged at 973 K for 100 hours. Step-loading 

compressive creep tests were conducted at 973 K in which an 8-mm-diameter × 16-mm-

height sample was loaded at a constant load until a steady-state creep rate was reached, 

and, then, the applied load was increased, and so on. Tension tests with a round type 

sample (a gage diameter of 3.175 mm and a gage length of 28 mm) at 973 K were 

conducted at the strain rate of 10
-4

 s
-1

, using the hydraulic Materials Testing System 

(MTS) machines. A thermocouple was attached to the center of the specimen gauge-

length section. The sample was heated to and held at 973 K for at least 0.5 hour until the 

sample temperature is stabilized at 973 K within ± 10 K. 
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3.4 Results 

3.4.1 Structural Identification on B2-NiAl and L21-Ni2TiAl 

Two types of precipitate-structures are present in the studied alloys with the 

single-phase precipitate and two-phase hierarchical precipitate, as shown in Figures 9(a) 

and (b). The single-phase-precipitate-strengthened alloy (denoted as SPSFA) consists of a 

L21-Ni2TiAl precipitate [Figure 9(a)], while the hierarchical-precipitate-strengthened 

ferritic alloy (denoted as HPSFA) is composed of a parent L21-Ni2TiAl phase 

strengthened by a fine network of a B2-NiAl phase [Figure 9(b)]. Both precipitates are 

embedded in the A2-Fe matrix. These three phases (A2-Fe, B2-NiAl, and L21-Ni2TiAl) 

possess similar structures and lattice parameters [69, 70]. Since the present study focuses 

on the precipitate structures, it is important to obtain a basic understanding of the 

structural differences between the B2-NiAl and L21-Ni2TiAl, which mainly comprise of 

the precipitates. Figures 9(c)-(d) illustrate the unit-cell structures of the B2-NiAl and L21-

Ni2TiAl phases, while the corresponding electron-diffraction patterns along the <101> 

zone axis are shown in Figures 9(e)-(f), respectively. The B2-NiAl phase has an ordered 

body-centered-cubic (BCC) structure with the preferential site occupancy of Ni and Al 

atoms [Figure 9(c)]. This ordering behavior leads to the formation of weak-intensity 

superlattice reflections, such as <010> and <111> (green), besides the fundamental 

reflections (blue), as shown in Figure 9(e). The L21-Ni2TiAl structure has an additional 

ordering with eight B2 unit cells and three distinct sublattices, which can be identified by 

the presence of additional superlattice reflections, such as <111> and <131> (red) [Figure 

9(f)], as compared to the B2-NiAl structure [Figure 9(e)].  
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The hierarchical precipitate contains both B2-NiAl and L21-Ni2TiAl phases. In 

order to characterize the hierarchical structure in the precipitate, a dark-field 

transmission-electron microscopy (DF-TEM) technique was employed in this current 

study, based on the electron-diffraction information (Figure 9). In certain directions, all 

the electron-diffraction patterns are overlapped, which makes it difficult to identify the 

B2-NiAl and L21-Ni2TiAl phases in the hierarchical precipitate. For example, all the 

reflections, including superlattice (red for B2 and green for L21) and fundamental 

reflections (blue), along the <100> zone axis, are completely overlapped, as shown in 

Figure 10(a). However, along the <101> zone axis, additional superlattice reflections, 

such as <111> and <131>, which are unique to the L21-Ni2TiAl structure, are present, as 

illustrated in Figure 10(b). With the DF-TEM images using the L21-superlattice 

reflections, the formation of the L21 phase can be determined. Another approach to 

identify the B2-NiAl structure in the hierarchical precipitate is the contrast intensity on 

the DF-TEM images. It is known that the image intensity of the DF-TEM image is 

dependent upon the structure factor of the crystal structure and composition [73]. 

Moreover, the B2-NiAl structure has a higher structure factor than that of the L21-

Ni2TiAl structure [60]. Therefore, the B2 superlattice reflections (green) give rise to a 

higher contrast than the L21 superlattice reflections (red) on the DF-TEM images, as 

illustrated in Figures 10(a) and (b). These two methods were used in the present DF-TEM 

characterization to identify the detailed structure of the hierarchical precipitate. 
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3.4.2 Microstructure of 2-wt.-%-Ti Alloy 

A dark-field TEM image of the HPSFA microstructure after the heat-treatment 

process (a solution treatment at 1,473 K for 0.5 hours, followed by aging at 973 K for 100 

hours) is shown in Figure 11(a). The HPSFA contains an average volume fraction of 16.3 

± 2.3 % cuboidal precipitates with an average width of 98 ± 23 nm and length of 111 ± 

27 nm embedded in the Fe matrix. A Fe-15.4Al-12.1Cr-1.0Mo-16.0Ni-4.3Ti (in atomic 

percent) ribbon sample was studied, using TEM, to characterize the detailed 

microstructures of the two-phase precipitates consisting of B2-NiAl and L21-Ni2TiAl 

phases [60]. A dark-field (DF)-TEM technique was used on the same region employing 

different reflections unique to the superlattice-ordered precipitate phases. Figure 11(b) 

exhibits the selected-area-diffraction pattern (SADP) of the [101] zone axis with 

superlattice reflections of the L21 structure. Figures 11(c) and (d) are the dark-field (DF)-

TEM images acquired on the same region, using different superlattice reflections. Figure 

11(c) is a DF-TEM image acquired, using the <111> reflection, and exhibits the narrow 

dark zones within the L21 precipitate. The DF-TEM image in Figure 11(d), using the 

<020> reflection, reveals narrow zones within the parent L21 phase, showing a higher 

intensity than the surrounding L21-precipitate phase. The DF-TEM image, using the 

<111> reflection in Figure 11(b), which is unique to the L21 structure, exhibits the 

possible presence of anti-phase boundaries (APBs) or a second phase (B2-NiAl) within 

the L21 phases. Moreover, the DF-TEM image, using the <020> reflection in Figure 

11(b), which is common to both phases, presents the same narrow zones, but brighter 

contrast than those originating from the L21 precipitates. Since APBs should be invisible, 
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when imaged using the <020> or <222> reflections [73], and the B2-NiAl has a higher 

structure factor, relative to the L21 structure [60], the bright contrast zones in Figure 

11(d) are considered as the B2 phases. Besides the B2 and L21 phases in the precipitate, 

dark contrast zones are often observed inside the precipitates of HPSFA, as indicated by 

white arrows in Figures 11(c) and (d), and are identified as an Fe matrix inclusion by the 

energy-dispersive X-ray spectroscopy (EDS) analysis in the TEM. It is worth noting that 

the B2/L21 and matrix/precipitate interfaces are devoid of misfit dislocations (Figure 11). 

The cuboidal shape without the interfacial misfit dislocations implies that the 

precipitate/matrix interface is coherent with a higher misfit strain, as compared to FBB8. 

Similarly, the flat B2/L21 interface without misfit dislocations also indicates the 

coherency of the interface with a high misfit strain, which is in contrast to the two-phase 

NiAl-Ni2TiAl alloy (with a high density of interfacial dislocations) [63]. 

To verify the TEM results, APT was conducted, the results of which are shown 

in Figure 12. Figure 12(a) shows two iso-concentration surfaces, 10-at.-% Ti and 10-at- 

% Ni, which clearly show the presence of the B2 and L21 phases in the precipitate. The 

compositions of the B2 and L21 phases derived from the APT analysis are 

Ni42.8Al38.2Fe14.0Ti4.4Cr0.4Mo0.1 and Ni36.2Al29.3Fe18.1Ti15.4Cr0.6Mo0.5 in at. %, respectively. 

A proximity-histogram composition profile between the B2 and L21 phases is presented 

in Figure 12(b), and clearly reveals the Ni, Al, Ti, and Fe partitioning behavior within the 

primary precipitate. 

In addition to the primary precipitates, the APT results revealed the formation of 

a secondary nm-size precipitate in the matrix, as was also observed in alloy FBB8 [25]. A 
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7.6 at. %-(Ni + Ti) iso-concentration surface is shown in Figure 13(a), which clearly 

shows the distribution of ultra-fine secondary precipitates in the matrix. The 

compositions of these ultra-fine precipitates and the adjacent matrix are estimated to be 

Ni41.6Al34.4Fe17.8Ti3.1Cr2.3Mo0.7 and Fe75.8Cr12.8Al7.1Ti0.4Ni1.5Mo2.3 in at. %, respectively, 

as determined from the APT data. A proximity-histogram composition profile between 

the matrix and a secondary precipitate is shown in Figure 13(b). The compositions of the 

matrix, L21, B2, and secondary precipitates are summarized in Table 3. Similar duplex 

precipitates were observed in the NiAl-strengthened ferritic and Ni-based alloys [28, 74]. 

It is believed that the ultra-fine precipitates formed during air-cooling and completely 

dissolved in the matrix at 973 K [25]. Thus, these secondary precipitates significantly 

contribute to the room-temperature strengthening, but could not influence the creep 

properties at 973 K. 

The size and volume fraction of the secondary precipitates were derived from 

the analysis of the APT needle specimen that only included the matrix and secondary 

precipitates [the inset of Figure 13(c)] and was performed by subtracting the primary 

precipitates, as shown in Figure 13(a). The average size and volume fraction of the 

secondary precipitates were determined to be 2.05 ± 0.85 nm and 2.785 %, respectively. 

Figure 14 shows the representative neutron-diffraction (ND) patterns of HPSFA 

measured at room temperature without loading (a reference state, 5 MPa), refined by the 

General Structural Analysis System (GSAS) Rietveld analysis [75]. The ND patterns of 

HPSFA contain fundamental matrix/precipitate reflections (e.g., 110, 200, 211, and 220 

peaks), and low-intensity superlattice peaks (e.g., 111, 200, 222, 311, and 420 peaks) 
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from the L21 precipitate, as shown in Figure 14(a). The ND pattern of HPSFA exhibits 

that the fundamental peaks of Fe and L21 phases are overlapped, as shown in the Figure 

14(b). Since HPSFA consists of a L21 phase as a parent precipitate surrounding a small 

fraction of a B2 phase, as shown in the TEM results (Figure 11), the superlattice 

reflections are believed to originate from the parent L21 phase, although ND cannot 

detect the superlattice reflections (e.g., 111 and 311 peaks, which are unique to the L21 

structure) due to the limited intensity of neutrons. Moreover, the ND with the limited 

resolution appeared to be incapable of detecting the B2 phase. Thus, the Rietveld 

refinement was conducted with an assumption of the presence of the Fe matrix and L21 

phases for HPSFA.  

The averaged phase strain represents the volume-averaged lattice strain of the 

individual phase (Fe or L21), which depends on the elastic and plastic anisotropy of the 

individual phases. In order to obtain the averaged phase strain, a whole-pattern Rietveld 

refinement was performed to fit the entire ND spectrum, employing the GSAS Program 

developed at the Los Alamos National Laboratory [75]. The average phase strain is 

calculated, using the following formula 

𝜀 = (𝑎 − 𝑎0)/𝑎0             (1) 

where 𝑎 is the lattice parameter of a given phase measured during heating and/or loading, 

and 𝑎0  is the corresponding lattice parameter before loading (5 MPa at 973 K). The 

lattice parameters extracted from the Rietveld-refinement approach were utilized for the 

misfit calculations, which is defined as 

𝛿 =
2(𝑎𝐿21−2𝑎𝐹𝑒)

(𝑎𝐿21+2𝑎𝐹𝑒)
                                     (2) 
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where 𝛿 is the lattice misfit, and 𝑎𝐹𝑒 and 𝑎𝐿21
 are the lattice parameters of Fe and L21 

phases, respectively. 

Lattice parameters of the precipitate and matrix were determined at room 

temperature, using the Rietveld refinement [75]. Note that the lattice parameter of the L21 

structure phase is about 2 times larger than that of the BCC Fe structure, since a L21 

structure consists of eight sub-lattices of a BCC structure. The lattice parameters of the Fe 

and L21 phases at room temperature for SPSFA are 2.8864 and 5.8537 Å , while those of 

HPSFA are 2.8894 Å  and 5.8224 Å , respectively. The lattice misfit between the matrix 

and precipitate phases at room temperature was calculated, using Eq. (2), to be 1.3 % for 

SPSFA and 0.7 % for HPSFA, respectively. 

3.4.3 Microstructure of 4-wt.-%-Ti Alloy 

Figure 15 shows the secondary-electron microscopy (SEM) and dark-field 

transmission-electron microscopy (DF-TEM) images of the Ni2TiAl-strengthened ferritic 

alloy aged at 973 K for 100 hours after the solution treatment at 1,473 K for 0.5 hour. The 

SEM image in Figure 15(a) exhibits elliptical precipitates homogeneously distributed in 

the Fe matrix with an average size of 220.7 ± 46.2 nm and volume fraction of 22.2 ± 2.2 

%. Note that the precipitate shape is elliptical, and, thus, the average size is derived from 

a minor diameter of the ellipses. Figure 15(b) shows a selected-area-diffraction-pattern of 

the [110] zone, which reveals the formation of the L21 structure. This pattern contains 

two types of super-lattice reflections; <111> and <131> unique to the L21 structure, 

<222> and <020> common to both L21 and B2 structures [60]. The DF-TEM taken along 

the [110] zone axis, using the <111> super-lattice reflection, reveals the formation of the 



 

24 

 

L21-type precipitate with misfit dislocations at the matrix/precipitate interface, as denoted 

by blue arrows in Figure 15(c). The DF-TEM images using the <222> or <020> 

reflections (not shown) revealed that there is no B2-type phase formed in the precipitate, 

as reported in Ref. [76]. The presence of the misfit dislocation indicates a relatively-

larger difference in the lattice parameters between the Fe matrix and L21-type precipitate, 

and semi-coherent interface [76], as compared to the FBB8 [54].  

Moreover, nano-scaled zones are often observed inside the L21 precipitate [76], 

as indicated by white arrows in Figures 15(a) and (b). In order to characterize the nano-

scaled zone, energy-dispersive X-ray (EDS) line scanning was conducted, as shown in 

Figure 16. Figure 16 presents (a) a high-angle annual dark-field (HAADF) scanning-

transmission-electron micrograph (STEM) and (b) a EDS-line profile of constitutive 

elements. The EDS line scanning was conducted along the red line in Figure 16(a). The 

inclusion in the precipitate is enriched in Fe and Cr, while the amounts of other elements, 

such as Ni, Al, and Ti, significantly reduce, as shown in Figure 16(b). These results 

support that the inclusion inside the precipitate is the Fe phase [76]. The EDS 

measurements were conducted to derive the compositions of the Fe matrix and L21 

precipitate [76]. Due to the presence of the Fe-rich inclusion inside the L21 precipitate, 

care was taken to avoid the Fe-rich inclusion for the EDS measurements on the L21 

precipitate. The composition of the bulk sample, Fe matrix, and L21-type precipitate is 

summarized in Table 4.  

The L21-Ni2TiAl phase has an off-stoichiometric composition with a Al/Ti ratio 

of 5/3 rather than 1/1. A composition of the L21-N2TiAl phase was derived from 



 

25 

 

calculating structure factors by Liebscher et al., which demonstrates the formation of the 

off-stoichiometric L21-Ni2TiAl phase with an approximate composition of 

(Ni35Fe15)(Al37Ti13) in a Fe-15.4Al-12.1Cr-1.0Mo-16.0Ni-4.3Ti (atomic percent, at. %) 

alloy [60]. Assuming that the Ni sublattice is only occupied by Ni and Fe in the Ni2TiAl 

phase [60], this process gives rise to a composition of (Ni35Fe23)(Al25Ti17) (at. %) in the 

L21 phase in the present study. In this study, the L21-type precipitate has a higher amount 

of Fe and the lower amount of Al than the previous report [60]. The discrepancy in the 

L21 composition reflects a feasibility that Fe atoms are not only occupied in the Ni 

sublattice but also in the Ti sublattice, which leads to an approximate composition of 

(Ni35Fe15)(Al25)(Ti17Fe8) (at. %) of the L21 phase in this study.  

The precipitate volume fraction (𝑉𝑝) can be estimated by the lever rule;  

𝑉𝑝 =
𝐶𝑏𝑢𝑙𝑘−𝐶𝑚𝑎𝑡𝑟𝑖𝑥

𝐶𝐿21−𝐶𝑚𝑎𝑡𝑟𝑖𝑥
               (3) 

where Cbulk, Cmatrix, and CL21 are the compositions of the bulk alloy, Fe matrix, and L21-

type precipitate, respectively. Figure 17 shows a plot of (Cbulk – Cmatrix) vs. (CL21 – Cmatrix) 

for 6 elements (Fe, Cr, Al, Ni, Ti, and Mo), which gives rise to a reasonable linear fit. 

The volume fraction of the L21 phase is determined from the slope and found to be about 

24.8 ± 2.1 %, which is in reasonable agreement with the SEM-image analysis (22.2 %) in 

Figure 15(a).  

The Rietveld-refinement technique was used to obtain average lattice parameters 

of the Fe and L21-type phases, using the GSAS code developed by Larson and Von 

Dreele [75] at the LANSCE. The average lattice parameters of the Fe matrix and L21-type 

precipitate at room temperature are 2.8864 and 5.8537 Å , respectively, and gradually 
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increase with temperature, as shown in Figure 18(a). The lattice mismatch between the 

lattice parameters of the Fe and L21 phases is calculated, using Equation (2). The average 

lattice parameters of the Fe and L21 phases, and corresponding lattice misfits at room and 

elevated temperatures are summarized in Table 5. The lattice misfit at room temperature 

is 1.39 %, and no clear temperature dependence of the lattice misfit is observed. The 

thermal strains of both phases were estimated, using Equation (1), and Figure 18(b) 

shows the thermal strains of the Fe and L21 phases as a function of temperature. Thermal 

strains determined, using ND, have been employed to obtain the coefficients of thermal 

expansion (CTEs) of constitutive phases in composite materials [26, 58]. Similarly, the 

average CTEs were determined from the slopes of linear fits to the data in Figure 18(b) 

and found to be 1.34 × 10
-5

 /K and 1.42 × 10
-5

 /K for the Fe and Ni2TiAl phases, 

respectively. The reported CTE of the α Fe is 1.18 × 10
-5

 /K [77], which is in agreement 

with the CTE of the Fe matrix in the current alloy. However, there is no available 

experimental value of the CTE of the Ni2TiAl with a high amount of Fe elements. An 

experimental CTE of a Fe2TiAl alloy with the L21 structure has been determined by ND 

[78], and was found to be 1.45 × 10
-5

 /K, which is close to that of the Ni2TiAl phase in 

the current alloy. The CTEs of the Fe matrix and Ni2TiAl phases, acquired from the ND 

results in the present study, are listed in Table 6.  
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3.4.4 Creep Resistance at 973 K  

The creep resistance (the steady-state creep rate and time to rupture as a function 

of applied stress) of HPSFA at 973 K was compared with FBB8, SPSFA, and 

conventional ferritic steels of P92, P122, T91, T122, and 12Cr in Figure 19 [22, 53, 79-

81]. Tension and compression creep tests were conducted, which cover a wide range of 

strain rates from 10
-4

 to 10
-9

 s
-1

, and the creep rates derived from both tension and 

compression tests are comparable to assure the reliability of the creep experiments in 

Figure 19(a). The steady-state creep rate of HPSFA at 973 K is significantly reduced by 

more than four orders of magnitude at corresponding stresses [Figure 19(a)], compared to 

FBB8 and conventional ferritic steels [22, 53]. The apparent stress exponent (napp) is 

measured, using the Power law, 

𝜀̇ = 𝐴𝜎𝑛𝑎𝑝𝑝            (4) 

where 𝜀̇ is the steady-state strain rate, A is a constant, and 𝜎 is the applied stress. The 

estimated value of napp is higher than 4, observed in single-phase alloys [82]. In 

precipitate-strengthened alloys, the strain rate can be expressed, using the modified 

version of the creep equation [83]. In precipitate-strengthened alloys, the strain rate can 

be expressed, using the modified version of the creep equation [84],  

𝜀̇ = 𝐵
𝜇𝒃𝐷

𝑘𝑇
(

𝜎𝑎−𝜎𝑡ℎ

𝜇
)

𝑛

                  (5) 

where B is a constant, μ is the shear modulus of the matrix, b is the Burger’s vector in the 

matrix, D is the effective diffusivity of a controlled element in the matrix, 𝜎𝑎  is the 

applied stress, 𝜎𝑡ℎ is the threshold stress, and n is the stress exponent of the matrix. The 

threshold stress at strain rates above 1 × 10
-8

 s
-1

, estimated by a linear least-squares 
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regression of 𝜀̇1/𝑛 vs. 𝜎𝑎 − 𝜎𝑡ℎ with n = 4, is about 186 MPa. This value is more than two 

times higher than that of FBB8 (69 MPa) [53]. Moreover, the time to rupture at 142 MPa 

(2,675 hours) is more than two orders of magnitude greater than FBB8 at 140 MPa (about 

4.5 hours) [Figure 19(b)]. The creep curves of HPSFA at 973 K and 160 MPa (Figure 20) 

exhibit a prolonged-secondary region, where the minimum creep rate remains constant, as 

the creep time increases, in the studied stress range (140 ~ 240 MPa), while those of 

FBB8 show a dominant extended-tertiary region. The prolonged secondary creep region 

in HPSFA gives a significantly-improved creep resistance than that in FBB8. In addition, 

HPSFA shows much better creep resistance than SPSFA with a higher volume fraction of 

the precipitates [Figures 19(a) and (b)]. 

3.5 Discussions 

Microstructural parameters, such as the volume fractions and the compositions 

of the constitutive phases (B2-NiAl, L21-Ni2TiAl, and Fe phases), are closely related to 

the alloy chemistry [85, 86]. The volume fractions of the primary NiAl-precipitate in 

FBB8 (16 ~ 18 %) are determined largely by the amount of Ni and Al [25]. In the current 

study, the addition of Ti (2 and 4 wt. %) into FBB8 gives rise to volume fractions of the 

primary precipitates (16 ~ 22 %), comparable to those of FBB8. As Ti partitions 

preferentially into the primary precipitates (Table 3), two-phase decomposition (B2 and 

L21) within the primary precipitate occurs for the 2-wt.-%-Ti alloy, whereas complete 

ordering from the B2 to L21 structure occurs in the precipitates of the 4-wt.-%-Ti alloy. It 

has been reported that similar hierarchical structures can be formed by controlling the Ti 
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content in Fe-Cr-Ni-Al-Ti alloys [60, 61]. Liebscher et al. suggested the heterogeneous 

nucleation of B2 zones in L21 anti-phase domain boundaries as a possible mechanism for 

the formation of these hierarchical structures in precipitates [60]. Here, the effect of the 

Ti content on the precipitate structure and creep resistance of the current alloys are 

discussed in the following sections. 

3.5.1 Effect of Ti Addition on Precipitate Structure of HPSAF and SPSFA 

 Volume fractions of precipitates of HPSFA  

By ignoring the formation of the secondary precipitates (minor phase), the 

volume fraction of the primary precipitates can be calculated, using the lever rule [25], 

𝑉𝑚 + 𝑉𝑝𝑜 = 1, where 𝑉𝑝𝑜 = 𝑉𝐿21 + 𝑉𝐵2              (6) 

𝑉𝑝𝑜 =
𝐶𝑜−𝐶𝑚

𝐶𝑝𝑜−𝐶𝑚
          (7) 

where Vm, Vpo, VL21, and VB2 are the volume fractions of the matrix, primary precipitate, 

L21, and B2 phases, respectively, and Co, Cm, and Cpo are the compositions of the bulk 

sample, matrix, and primary precipitate, respectively. Cpo and, thus, Vpo cannot be 

determined from the APT results, since the primary precipitate contains the B2 and L21 

phases with unknown volume fractions. Thus, in order to derive Cpo and Vpo, a similar 

equation was adopted, defined as, 

𝑉𝐵2 =
𝐶𝑝𝑜−𝐶𝐿21

𝐶𝐵2−𝐶𝐿21
, where 𝐶𝑝0 =

𝐶0−𝐶𝑚

𝑉𝑝0
+ 𝐶𝑚           (8) 

where CL21 and CB2 are the compositions of the L21 and B2 phases, respectively. In order 

to acquire Cpo, VB2, and Vpo, and, thus, Vm and VL21, reasonable values of Vpo ranging 

from 15.0 to 20.0 %, which bracket the value (16.3 %) determined from the SEM-image 
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analysis [76], were substituted in Equation (8), and the resulting plots of (Cpo - CL21) vs. 

(CB2 - CL21) were determined. Figure 21(a) shows a plot of (Cpo - CL21) vs. (CB2 - CL21) 

with Vpo = 19.4 %, which provides the best linear fit. The slope of the plot in Figure 21 

indicates the volume fraction of the B2 phase within the primary precipitates, which 

accounts for 57.1 % of the volume fraction of the primary precipitate [Vpo: 19.4 %, VB2: 

11.1 %, and VL21: 8.3 %]. The calculated Vpo is higher than that determined from the SEM 

image analysis (16.3 %) [76]. This discrepancy could be due to the presence of the 

secondary precipitate. By considering the secondary precipitates in the matrix, Equations 

(6) - (8) are modified as follows, 

𝑉𝑚
′ + 𝑉𝑝𝑜 = 1, where 𝑉𝑚

′ = 𝑉𝑚 + 𝑉𝑆.𝑃 and 𝑉𝑆.𝑃 = 𝑉𝑚
′ × 𝑉𝑆.𝑃

′           (9) 

𝐶𝑝0 =
𝐶0−𝐶𝑚

′

𝑉𝑝0
+ 𝐶𝑚

′ , where 𝐶𝑚
′ = 𝑉𝑆.𝑃

′ × (𝐶𝑆.𝑃 − 𝐶𝑚) +  𝐶𝑚           (10) 

where 𝑉𝑚
′  is the volume fraction of the matrix, including the secondary precipitate, VS.P 

and 𝑉𝑆.𝑃
′  are the volume fractions of the secondary precipitates in the bulk material and in 

the matrix, respectively, and 𝐶𝑚
′  and CS.P are the combined compositions of the secondary 

precipitates and matrix, and the secondary precipitates, respectively. Substituting the 

calculated Cpo into Equation (8) with Vpo = 17.3 %, the best linear fit can be achieved, and 

VB2 accounts for 49.9 % of Vpo, as shown in Figure 21(b). The calculated compositions of 

𝐶𝑚
′  and Cpo are also summarized in Table 3. It should be noted that the calculated Cpo of 

Cr and Mo has negative values in Table 3, which could result from the formation of 

additional minor phases. Indeed, minor phases are often observed within the grains and 

along the grain boundaries, as shown in the inset of Figure 21(b). The SEM energy-

dispersive X-ray analysis indicates that these minor phases are enriched in Zr, Cr, and Mo 
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(not shown), which could affect the current calculation. Therefore, four elements (Fe, Al, 

Ni, and Ti), which constitute the primary matrix and precipitate phases, were used for the 

current plots [Figures 21(a)-(b)]. Based on this calculation, the volume fractions of the 

matrix, secondary precipitates, and the L21 and B2 phases in the primary precipitates are 

80.4, 2.3, 8.7, and 8.6 %, respectively. Note that 𝑉𝑆.𝑃
′  (2.785 %) was derived from the 

volume of the APT needle specimen only containing the matrix and secondary 

precipitates [Figure 13(a)]. Thus, the overall fraction of the secondary precipitate in the 

bulk material (VS.P) was derived, using Equation (9), and is 2.3 %. The volume fraction of 

the primary precipitates (Vpo = 17.3 %) derived from the APT-composition analysis is in 

good agreement with that determined by the SEM-imaging analysis (16.3 %) [76]. 

 Precipitate structures of SPSFA at room and elevated temperatures 

The volume fraction of the L21 precipitate derived from the EDS composition 

analysis (24.8 %) is in reasonable agreement with the value obtained from the SEM-

image analysis (22.2 %) [76]. The EDS measurements reveal that the L21 phase has an 

off-stoichiometric composition with the enrichment of Fe, as observed in the previous 

report [60]. However, the presence of the nano-sized Fe-rich inclusion inside the 

precipitate could contribute to the EDS measurements on the composition of the L21 

phase. For example, the high amounts of Fe and Cr in the precipitate indicate the possible 

effect of the Fe-rich inclusion on the EDS measurement. To verify this hypothesis, the 

neutron-intensity ratio from the matrix and precipitate was used.  

A direct separation of the fundamental peaks can be made, using GSAS single-

peak fitting (SPF) [75], due to the reasonable intensity of the L21 phase and well-
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separated fundamental reflections, as shown in Figure 22. In this study, fundamental 

reflections of (110)Fe/(220)L21 were selected to determine the intensity ratio, as shown in 

Figure 23. The intensity ratio of L21 to Fe can be determined from the structure factor and 

volume fraction, using the following equations [87]:  

𝐼ℎ𝑘𝑙
𝐿21

𝐼ℎ𝑘𝑙
𝐹𝑒 =

(𝐹ℎ𝑘𝑙
𝐿21)

2

(𝐹ℎ𝑘𝑙
𝐹𝑒 )

2

𝑣𝑓

(1−𝑣𝑓)
                 (11) 

𝐹ℎ𝑘𝑙
𝐹𝑒 = 𝑏𝑐0𝑒2𝜋𝑖(0ℎ+0𝑘+0𝑙) + 𝑏𝑐𝑒𝑒2𝜋𝑖(0.5ℎ+0.5𝑘+0.5𝑙)            (12) 

𝐹ℎ𝑘𝑙
𝐿21 = 𝑏𝑐0𝑒2𝜋𝑖(0ℎ+0𝑘+0𝑙) + 𝑏𝑐𝑒𝑒2𝜋𝑖(0.5ℎ+0.5𝑘+0.5𝑙) + 𝑏ℎ.𝑐𝑒𝑒2𝜋𝑖(0.25ℎ+0.25𝑘+0.25𝑙) (13) 

where 𝐼ℎ𝑘𝑙
𝐿21  and 𝐼ℎ𝑘𝑙

𝐹𝑒  are the intensities of the (hkl) peaks in the L21 and Fe phases, 

respectively, 𝐹ℎ𝑘𝑙
𝐿21 and 𝐹ℎ𝑘𝑙

𝐹𝑒  are the structure factors of the (hkl) peaks in the L21 and Fe 

phases, respectively, bco, bce, and bh.ce are the scattering lengths of the corner, center, and 

half center atoms, respectively, and Vf is the volume fraction of the L21-type precipitate. 

The values of scattering lengths are functions of the actual compositions of phases, 

expressed by: 

𝑏𝑐𝑜,𝑐𝑒
𝐹𝑒 = ∑ 𝑐𝑖,𝑐𝑜,𝑐𝑒

𝐹𝑒 𝑏𝑖     (14) 

𝑏𝑐𝑜,𝑐𝑒,ℎ.𝑐𝑒
𝐿21 = ∑ 𝑐𝑖,𝑐𝑜,𝑐𝑒,ℎ.𝑐𝑒

𝐿21 𝑏𝑖           (15) 

where 𝑐𝑖,𝑐𝑜,𝑐𝑒
𝐹𝑒  and 𝑐𝑖,𝑐𝑜,𝑐𝑒,ℎ.𝑐𝑒

𝑙21  are the atomic concentration of the element, i, in the Fe and 

L21 phases, respectively, 𝑏𝑖 is the scattering length of neutrons by the atom of the element, 

i, which can be obtained from the literature [88]. The EDS analysis revealed the 

considerable amount of Fe dissolved in the L21-type precipitate, which alters the structure 

factor, and, thus, intensity. Assuming that 15 at. % of Fe in the L21-type precipitate 

occupies on the Ni sublattice site, while the rest on the Ti sublattice site, the structure 
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factors and volume fractions have been calculated for four (Ni35Fe15)(Al25)(Ti25-xFex) 

(at. %) compounds with x = 0 ~ 7.5. The compositions, corresponding ratios of structure 

factors, and volume fractions of the L21 phase are summarized in Table 7.  

The volume fraction of the L21-phase determined from the SEM-image analysis 

(22.2 %) is in better agreement with the value (22.7 %) calculated, based on an 

approximate composition of (Ni35Fe15)(Al25)(Ti20Fe5) (at. %) in Table 7, which supports 

that the L21-Ni2TiAl phase is enriched in Fe. Based on the composition of the L21-

Ni2TiAl phase [(Ni35Fe15)(Al25)(Ti20Fe5)] (at. %), the volume fraction of the L21-Ni2TiAl 

phase was recalculated, using Equation (3), and found to be 23.5 ± 2.1 %, which is in 

better agreement with the volume fractions derived from the SEM-image (22.2 %) and 

ND (22.7 %) analyses. Assuming that the compositions of the Fe and L21 phases do not 

vary at higher temperatures, the volume fraction is calculated at 845 and 973 K, which 

are given in Table 8. The calculated volume fraction at 845 K remains fairly the same as 

that at room temperature, but increases to 23.4 % at 973 K. In general, it is known that as 

the temperature increases, the volume fraction of precipitates decreases. Thus, the 

increase in the volume fraction is unlikely to happen at 973 K. This trend reflects that the 

compositions of the matrix and L21 phases could vary at 973 K. The intensity ratio of L21 

to Fe (IL21/IFe) in Table 8 remains fairly constant (0.178 ~ 0.179) at room temperature and 

845 K. However, the intensity ratio increases to 0.184 at 973 K. With a decrease in the 

volume fraction at high temperatures, it would be expected that the intensity ratio 

decreases accordingly (Equation 11). However, structure factors can also contribute to the 

intensity magnitude, which depends on the compositions of the constitutive phases 
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(Equations 12 ~ 15). First, more elements from the precipitate, such as Al, Ni, and Ti, 

could be dissolved into the matrix, which results in a reduction of the intensity of the Fe 

matrix. This is because Fe has the higher solubility of Al, Ni, and Ti at high temperatures 

[89], and these solute elements have all smaller scattering lengths than Fe [88]. Second, 

since the TEM and ND analyses reveal the enrichment of Fe in the L21-type phase, it can 

be inferred that more amounts of Fe could be dissolved into the L21 precipitate at 973 K, 

which results in an increase in the intensity of the L21 phase.  

The difference in the CTEs between constitutive phases contributes to the 

temperature dependence of the lattice misfit [90]. The linear CTE of the L21 phase is 

slightly higher than that of the Fe matrix [Figure 18(b)], and, thus, the slight increase of 

the misfit at 845 K is observed (Table 5). However, the misfit at 973 K is smaller than 

that at 845 K (Table 5). Another feasible influence on the temperature dependence of the 

misfit is the compositional variation of the two phases. As the temperature increases, the 

compositional variation starts to occur, which is supported by the increase in the intensity 

ratio of L21 to Fe (IL21/IFe) (Table 8). As mentioned above, it is believed that the Fe 

matrix has the higher solubility of Al, Ni, and Ti, while the L21 precipitate contains the 

more amount of Fe at 973 K, as compared to the room temperature and 845 K. Since the 

atomic size of Fe is smaller than that of Al and Ti [91], it can be inferred that the increase 

in the solubility of Al and Ti in the Fe matrix leads to an increase of the lattice parameter 

of the Fe matrix, whereas the enrichment of Fe in the L21 precipitate results in a reduction 

of the lattice parameter of the L21 phase. Hence, the changes in the lattice parameters of 

the Fe and L21 phases result in the decrease of the lattice misfit at 973 K (Equation 2), as 
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compared to 845 K (Table 5). Based on the misfit evolution (Table 5) and the change of 

the intensity ratio (IL21/IFe) (Table 8), it is suggested that the compositional change 

accompanied with the variation in the volume fraction of the precipitate appears to 

become significant at temperatures near 973 K. 

3.5.2 Effect of Lattice Misfit on Morphology of Precipitate 

The lattice mismatch between the Fe and B2/L21 phases of HPSFA cannot be 

accurately determined from the present ND measurements, due to the low volume 

fraction and structural similarity of the B2 and L21 phases (Figure 14). Assuming that the 

Fe and L21 phases only contribute to the ND intensity, the lattice constants of the Fe and 

L21 phases were derived and are 2.8894 and 5.8224 Å  at room temperature, respectively, 

which correspond to a misfit of 0.7 %. In contrast, the reasonable intensity of the L21 

phase superlattice and well-separated fundamental reflections of SPSFA made more 

accurate ND analyses possible (Figure 22). The lattice constants of the Fe and L21 phases 

of SPSFA were determined, using the Rietveld full pattern refinements [75]. They are 

2.8864 and 5.8537 Å  at room temperature, respectively, which correspond to a lattice 

misfit of 1.3 %. The compositions of the Fe and L21 phases of HPSFA, determined by 

atom-probe tomography (APT), are almost identical to those of the Fe and L21 phases of 

SPSFA, derived from the TEM EDS analysis (Table 3), and, thus, the lattice mismatch 

between the Fe and L21 phases of HPSFA is believed to range from 0.7 to 1.3 %. Our 

previous study on the microstructure of FBB8 using APT and ND reveals that the lattice 

mismatch between the B2 precipitate and Fe matrix is near zero [25]. Similarly, the 

composition of the B2 phase of HPSFA, obtained from APT (Table 3), is close to that of 
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FBB8 [25]. Hence, it is also believed that the lattice mismatch between the B2 precipitate 

and Fe matrix of HPSFA is near zero. The TEM observation of the interface morphology 

among the Fe, B2, and L21 phases in Figure 11 also supports this approximation: flat 

interfaces of Fe/L21 and L21/B2 (high misfit strains), and round-like interfaces of Fe/B2 

(low misfit strains), which is also reflected in the schematic of Figure 24. 

The morphology of the coherent precipitates strongly depends on the misfit 

strain, interfacial energy, and size of the precipitate [68]. With a high level of the misfit 

strain caused by the lattice mismatch between the matrix and precipitate, the stable shape 

of the coherent precipitates becomes cuboidal, as observed in HPSFA [Figures 11 and 

24(a)]. However, as the size of the precipitate and the lattice mismatch increase, the 

misfit strain increases accordingly. When the misfit strain becomes higher than the 

critical level that the microstructure can accommodate, misfit dislocations will form to 

release the excessive misfit strain at the interface (semi-coherent) [92], which leads to a 

transition from a cuboidal to an elliptical shape with the reduced misfit strain. This trend 

is observed in SPSFA with a higher lattice mismatch (1.3 %) and larger precipitate size 

(220 nm) (Figure 11) than HPSFA (lattice mismatch: 0.7 %, precipitate size: 90 nm), 

(Figure 15). In contrast, the HPSFA with 2-wt.-% Ti exhibits hierarchical precipitates 

with a lamellar structure of B2/L21 phases. It has been reported that such a lamellar 

structure in the coherent precipitate can lower the elastic strain at the interface [93]. 

Moreover, the hierarchical precipitate structure with tri-material interfaces in the 2-wt.-

%-Ti alloy, consisting of individual bi-material interfaces separated by tri-material 

boundary lines (Figure 24), may play an important role in maintaining the misfit strain at 
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a more complex series of interfaces, thus retaining the full coherency of the precipitates. 

Therefore, we hypothesize that the hierarchical precipitates with the tri-material 

interfaces in the 2-wt.-%-Ti alloy is particularly effective at retaining the coherency of 

the misfitting precipitates. 

3.5.3 Creep Deformation Behavior  

The coarsening behavior of the precipitates is significant for the long-term creep 

properties [94]. It has been shown that the low mismatch between the precipitate and the 

matrix in FBB8 is effective in suppressing the structural change, and, thus, leads to the 

excellent resistance to precipitate coarsening during exposure to elevated temperatures 

[25, 53]. The temporal evolution of the precipitate size of HPSFA at 973 K is observed to 

be comparable to that of FBB8 (Figure 25), demonstrating the comparable coarsening 

resistance of HPSFA at 973 K. Moreover, a large number of interfacial dislocations form 

at the matrix/precipitate interface on the crept sample of HPSFA at 140 MPa and 973 K 

for 200 hours, as indicated by blue arrows in Figure 26. Since the specimen under the 

standard heat treatment is devoid of misfit dislocations, the interfacial dislocation in 

Figure 26 is formed during creep deformation, which was not observed in NiAl-

strengthened alloys [53]. The misfit strain at the interface between the matrix and 

NiAl/Ni2TiAl precipitates of HPSFA could lead to an attractive force due to the strain 

fields of precipitates and dislocations [82]. Thus, more dislocations will be trapped at the 

interfaces, and the density of the mobile dislocations decreases [82]. However, SPSFA 

contains a high density of interfacial dislocations in the aged condition, as shown in 

Figure 15(c), which reduces the misfit strain at the interface. This reduction in the 
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coherency misfit strain and the presence of interfacial dislocations allowing the pipe 

diffusion in SPSFA may reduce the effectiveness of the precipitates as obstacles against 

matrix dislocations by shearing and/or climb-bypass [82], thus increasing the creep rate 

of the alloy, relative to HPSFA [Figures  19(a) and (b)]. 

The creep resistance of alloys containing coherent, misfitting precipitates is 

known to increase as the magnitude of the precipitate/matrix lattice mismatch increases, 

thus increasing the elastic-strain field created in the matrix by the precipitates [95]; this 

effect also becomes more pronounced as the precipitate size increases [96, 97] and is 

explained by the fact that the elastic field in the matrix created by mismatching 

precipitates enhances the elastic interaction between the precipitate and mobile 

dislocations [98], reducing the climb rate of the dislocations bypassing the precipitates, 

and, thus, decreasing the creep rate of the alloy. Similarly, the 2-wt.-%-Ti alloy with the 

hierarchical structure phase contains coherent precipitates with a cuboidal morphology. 

This morphology indicates a high level of the elastic-mismatch strain [99, 100], and, thus, 

a high level of elastic interactions can be expected between the precipitates and 

dislocations. We believe that this trend explains the high creep resistance of this alloy, 

but modeling needs to confirm the magnitude of this mechanism, thus, opening the door 

to a prediction of the optimal concentration of Ti in these alloys. 

The creep strength at 923 and 973 K for 10
5
 hours is estimated, using the 

Larson-Miller parameter (LMP) [101], which is compared to the creep strength for the 

available conventional ferritic steels (T122 and 0.002C) [6, 81]. The LM parameter is 

defined as PLM = T (log tr + C), where T is the absolute temperature in Kelvin, tr is the 
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time to creep rupture in hour, and C is a LM constant. Figure 27 presents the LM 

parameter of HPSFA as a function of stress with C = 36.11, which was employed for 

high-Cr ferritic steels, such as T122 and 0.002C [6, 81]. Since T122 and 0.002 C steels 

possess the best creep resistance among the available conventional ferritic steels [6, 81], 

the LM parameters of the T122 and 0.002C steels are also included for comparison in 

Figure 27. The creep strength was calculated to be 164 MPa at 923 K for HPSFA, about 

64 MPa higher than that of the 0.002C steel (100 MPa), which is the most creep resistant 

among the available conventional ferritic steels [6]. The calculated creep strength at 973 

K was 89 MPa for HPSFA, about five times higher than that (18 MPa) for T122 [81], 

which is one of the most creep-resistant steels, compared in Figure 19(b). Moreover, the 

yield strength at 973 K of HPSFA is two times higher (280 MPa) than FBB8 (120 MPa), 

which also indicates the superior high-temperature properties of HPSFA (Table 9). The 

considerable increase of the creep and tension strengths implies the possibility of the 

HPSFA alloy to be used for higher temperatures, such as 1,033 K, which is the currently-

required temperature for the USC steam turbines [10]. 

3.6 Summary 

Novel hierarchical or single-precipitate-strengthened ferritic alloys were 

developed by adding Ti into the NiAl-strengthened ferritic alloy. The addition of the 2-

wt.-% Ti leads to the coherent hierarchical precipitate consisting of the parent L21-

Ni2TiAl phase, which is reinforced by the narrow B2-NiAl zones, whereas the addition of 

the 4-wt.-% Ti results in the semi-coherent single L21-Ni2TiAl precipitates. These 

precipitates are embedded in the Fe matrix. Systematic microstructural investigations 
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were conducted, using transmission-electron microscopy (TEM), in-situ neutron-

diffraction (ND), and atom-probe tomography (APT).  

The aged microstructure of a hierarchical-precipitate-strengthened ferritic alloy 

(HPSFA) has been studied. HPSFA consists of duplex precipitates embedded in the Fe 

matrix; primary precipitates with an average width of 98 ± 23 nm, and secondary 

precipitates with an average radius of 2.05 ± 0.85 nm. The primary precipitate contains a 

mixture of the B2-type NiAl and L21-type Ni2TiAl phases. The compositions of the B2 

and L21 phases are Ni42.8Al38.2Fe14.0Ti4.4Cr0.4Mo0.1 and Ni36.2Al29.3Fe18.1Ti15.4Cr0.6Mo0.5 in 

at. %, respectively, while that of the Fe matrix is Fe75.8Cr12.8Al7.1Ti0.4Ni1.5Mo2.3 in at. %. 

The composition of the secondary precipitates is measured to be 

Ni41.6Al34.4Fe17.8Ti3.1Cr2.3Mo0.7 in at. %, which is close to that of the B2 phase in the 

primary precipitate. Based on the APT-composition analysis, the volume fractions of the 

matrix, secondary precipitate, L21 and B2 phases in the primary precipitate are derived, 

using the lever rule, and are 80.4, 2.3, 8.7, and 8.6 %, respectively. 

The aged microstructures of a Ni2TiAl-precipitate-strengthened ferritic alloy at 

room and elevated temperatures have been studied. The SEM and TEM observations 

reveal that this alloy consists of a L21-type Ni2TiAl precipitate homogeneously embedded 

in the Fe matrix with an elliptical shape of 220 nm and a volume fraction of 22.2 %. The 

TEM energy-dispersive X-ray spectroscopy (EDS) and ND results revealed that the L21-

type Ni2TiAl phase has an off-stoichiometric composition with the Fe enrichment (about 

20 at. %). The volume fraction of the Ni2TiAl phase is determined, based on the EDS and 

ND analyses and is found to be 22.7 ~ 23.5 %, which is in agreement with the value 
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derived from the SEM result (22.2 %). The average lattice parameters of the Fe and L21 

phases and the lattice misfits between them at room and elevated temperatures were 

determined by the Rietveld refinement, using the General Structural Analysis System 

(GSAS). The lattice parameters of the Fe and L21 phases gradually increase with 

temperature, whereas the lattice misfit exhibits no clear temperature dependence. The 

intensity ratio of (110)Fe/(220)L21, obtained from the single peak fitting technique, 

increases at 973 K, as compared to room temperature and 845 K. This trend indicates the 

occurrence of compositional variations of the L21 and Fe phases, and feasible changes of 

the lattice parameters, and, thus, the misfit around 973 K, which is also related to the 

volume-fraction change. 

The ND results reveal that the hierarchical structure gives rise to coherent 

interfaces between the Fe and precipitate phases with optimized misfit strains, which 

leads to the excellent creep resistance at 973 K. Moreover, the TEM results from the crept 

sample of HPSFA exhibit a strong interaction between the matrix and mobile 

dislocations, which indicates the insufficient diffusional flow along the matrix/precipitate 

interface. This trend is in sharp contrast to the behavior of FBB8 at 973 K. These results 

could provide a new alloy-design strategy, accelerate the advance in the development of 

creep-resistant alloys, and broaden the applications of ferritic alloys to higher 

temperatures. 
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CHAPTER 4 MICROSTRUCTURAL EVOLUTION DURING AGING 

TREATMENTS AT 973 K 

4.1 Introduction 

During the long-term exposure to elevated temperatures, the microstructures 

undergo morphological evolutions caused by the long-range diffusion-assisted mass 

transport, such as growth and coarsening [46, 102-105]. The morphological changes of 

coherent precipitates have been extensively investigated in Ni-based superalloys via 

experimental and theoretical approaches [68, 99, 106, 107]. Since such microstructural 

evolutions also affect the degree of the elastic strain [64], and, thus, high-temperatures 

deformation behavior [108], it is crucial to obtain an in-depth understanding of the 

microstructural evolutions of HPSFA and SPSFA and their effect on the mechanical 

properties for both the fundamental study and industrial applications.  

4.2 Objective 

In this chapter, a systematic characterization of the microstructural evolution in 

the single-phase Ni2TiAl precipitates and two-phase hierarchical NiAl/Ni2TiAl 

precipitates-strengthened ferritic alloys (denoted as SPSFA and HPSFA, respectively) 

with different amounts of Ti (2 and 4-wt. %) has been conducted. The microstructural 

evolutions during heat treatments (solution and aging processes) were investigated 

through the combined use of characterization techniques [transmission-electron 

microscopy (TEM), scanning-electron microscopy (SEM), and atom probe tomography 
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(APT)]. In the solution-treated state, both alloys form the single-phase L21-Ni2TiAl 

precipitate with different sizes, morphologies (irregular and cuboidal shapes), and 

interface structures (semi- and fully-coherent interfaces). During the subsequent solid-

state aging, the 2-wt.-%-Ti alloy (HPSFA) develops the hierarchical microstructure, 

while the 4-wt.-%-Ti alloy (SPSFA) retains the single-phase L21-Ni2TiAl precipitate 

structure. Moreover, the microstructural distinctions between SPSFA and HPSFA lead to 

the different growth/coarsening behavior. The main objectives of the present study are to 

investigate the effects of (1) the Ti amount on the formation of the microstructures, and 

(2) the single and hierarchical precipitates on the microstructural evolutions. Those 

aspects will be discussed, in terms of the size, morphology, and spatial distribution of the 

precipitates and elastic misfit, which provides clear insights and fundamental knowledge 

into the alloy design and optimization strategy for high-temperature applications, such as 

fossil-fuel-power plants.  

4.3 Experimental Methods 

The model alloys has nominal compositions of Fe-6.5Al-10Cr-10Ni-xTi-3.4Mo-

0.25Zr-0.005B with x = 2 and 4 in weight percent (wt. %). An ingot of the 2-wt.%-Ti 

alloy with a dimension of 12.7 × 25.4 × 1.9 cm
3
 and a rod ingot of the 4-wt.%-Ti alloy 

with 2 kg and a diameter of 5.08 cm were prepared by Sophisticated Alloys, Inc., using 

the vacuum-induction-melting facility. Hot isostatic pressing (HIP) was applied to the 

ingots at 1,473 K and 100 MPa for 4 hours in order to reduce defects forming during the 

casting and cooling processes. These alloys were homogenized at 1,473 K for 30 minutes, 
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followed by air cooling and, then, aged at 973 K for different aging times (1 ~ 500 

hours). 

Scanning-electron microscopy (SEM) was conducted, using a Zeiss Auriga 40 

equipped with an Everhart-Thornley secondary-electron detector. The SEM images were 

analyzed, using the ImageJ software [71] to obtain the sizes and volume fractions of the 

precipitates, and the averaged values were estimated, employing more than 200 particles. 

The thin foils for conventional transmission-electron-microscopy (CTEM) observations 

were prepared by electropolishing, followed by ion milling at the ion energy of ~ 2.5 kV 

and an incident angle of ± ~ 5 degree. The TEM specimens were cooled by liquid N2 

during ion milling. The TEM observations were conducted with a Zeiss Libra 200 MC 

TEM/STEM equipped with an energy-dispersive X-ray (EDX) detector, a Bruker xFlash 

5030. The TEM images were acquired at an acceleration voltage of 200 kV. The X-ray 

collection time was between 300 and 500 s, and at least 10 single measurements were 

obtained. The Cliff-Lorimer method was used for quantification [109].  

Sharp-tip specimens for atom-probe tomography (APT) were made, using 

standard liftout methods with an FEI Nova focused ion beam (FIB) [110, 111]. The data 

acquisition was performed, using a CAMECA local electrode atom probe (LEAP) 

4000XHR equipped with an energy-compensated reflectron lens. The APT runs were 

done in a voltage mode for the precipitate-density calculation and a laser mode to achieve 

long runs or capture large regions of interest, such as the L21-NiAlTi2 phase. For the 

voltage-mode runs, the acquisition parameters were as follows: a 50-K base temperature, 

200 kHz pulse rate, 20 % pulse fraction, and a 0.5 % detection rate. For the laser-mode 
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runs, the acquisition parameters were as follows: 30 K, 200 kHz, 25-pJ laser energy, and 

a 0.5 ~ 2.0 % detection rate. 

4.4 Results 

4.4.1 Microstructure of HPSFA in the Solution-Treated State 

Figure 28 exhibits the microstructure of the HPSFA specimen subjected to the 

solution treatment at 1,473 K for 0.5 hour, followed by air cooling. The selected area 

diffraction pattern (SADP) in Figure 28(a) was acquired along the [110] zone axis, which 

indicates the formation of the L21-type phase. Figure 28(b) exhibits a dark-field 

transmission-electron microscopy (DF-TEM) image obtained using the <111>-type 

reflection, which is unique to the L21 structure. It is observed that the cuboidal L21-type 

precipitates with an average width of 50 nm are preferentially aligned along the 

elastically softest (100) direction of the Fe matrix, and the precipitates are closely spaced 

with each other. Moreover, the interface between the L21-precipitate and Fe-matrix is free 

of misfit dislocations [Figures 28(b)-(d)].  

Dark contrast zones are often observed inside the L21 precipitate, as indicated by 

white arrows in Figure 28(b). In order to identify the dark zones inside the L21 

precipitate, the DF-TEM images, using <111>- and <222>-type reflections, were taken 

on the same region, as shown in Figures 28(c) and (d), respectively. The DF-TEM image 

in Figure 28(c) clearly shows the presence of curved dark domains in the L21 precipitates, 

as denoted by white arrows. However, when imaging using the <222>-type reflection, 

common to both L21 and B2 structures, the curved dark domains are invisible in Figure 
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28(d). Following a report of similar observation on a Fe-15.4Al-12.1Cr-1.0Mo-16.0Ni-

4.3Ti in atomic percent (at. %) ribbon sample [60], it is believed that antiphase 

boundaries (APBs) with a shift vector of R100 = 1/2<100> could be present in the L21-

Ni2TiAl precipitate. Based on the APB extinction rule [73], APBs with R100 = 1/2<100> 

are visible when imaged with the <111>-reflection, while invisible when imaged with the 

<222> reflection, which is consistent with the present observation. Therefore, it can be 

concluded that the internal dark domains in the L21 precipitate are the APBs with R100 = 

1/2<100>. 

Atom-probe tomography (APT) was conducted on the solution-treated sample to 

obtain the chemical compositions of the constitutive phases on the nano-scale. Figure 29 

exhibits (a) two iso-concentration surfaces of 5-at.-% Ni (green) and 5-at.-% Ti (yellow), 

and atom maps of (b) Al, (c) Ni, (d) Fe, and (e) Ti. The iso-concentration surfaces clearly 

show two types of precipitates, large primary and ultra-fine precipitates (denoted by 

secondary precipitate in this study), as illustrated in Figure 29(a). On the closer inspection 

inside the primary L21 precipitate in Figure 29(a), nano-scaled Ti depletion zones can be 

noticed, as denoted by red arrows, while Figures 29(b)-(d) reveal that no clear elemental 

partitioning of Al, Ni, and Fe atoms is observed. The composition profile in Figure 30(a) 

is derived along the red arrow in Figure 29(a) and reveals that the plate zones with an 

approximate width of ~10 nm are accompanied with modest compositional fluctuations 

(Ti, Ni, and Al). In particular, the amount of Ti is reduced, while those of Ni and Ti are 

increased in the plate zones. Figures 30(b) and (c) exhibit a proximity histogram of a 13-

at.-% Ni iso-concentration surface between the Fe matrix and primary L21-Ni2TiAl 
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precipitate, and a proximity histogram of a 7.6-at.-% Ni + Ti iso-concentration surface 

between the Fe matrix and secondary precipitate, respectively. Figure 30(b) shows a 

compositional profile between the Fe matrix and primary L21 precipitate. The 

compositions of the Fe matrix and L21 precipitate were determined from Figure 30(b) and 

found to be Fe77.20Al6.34Ni1.34Ti0.33Cr12.49Mo2.26 and Ni36.81Al33.95Fe18.26Ti9.75Cr0.65Mo0.37 in 

at. %, respectively, which are summarized in Table 10. Based on the TEM results in 

Figures 28(b)-(c), which reveal the formation of the narrow APBs inside the L21 

precipitate, the plate zones in Figure 29(a) are considered as the APBs.  

In addition, a high density of nano-scaled precipitates (denoted by secondary 

precipitate in this study) is distributed in the Fe matrix, as shown in Figure 29(a). The 

composition of the secondary precipitate is obtained from the APT analysis [Figure 

30(c)], and is Ni42.45Al36.84Fe13.34Ti6.90Cr0.35Mo0.09 in at. %. The compositions of the 

constitutive phases in the solution-treated HPSFA specimen, determined from the APT 

analysis, are summarized in Table 10. A radius frequency histogram of the secondary 

precipitate, derived from the iso-concentration surface of 7.6-at.-% Ni in Figure 29(a), is 

shown in Figure 30(d). Since the secondary precipitates are not observed in the DF-TEM 

images (Figure 28) due to their small size (1 ~ 6 nm), it is not possible to identify the 

structure of the secondary precipitate using TEM. However, the composition of the 

secondary precipitate is different from that of the primary precipitate. In particular, the 

amount of the Ti in the secondary precipitate is very low, as compared to that in the 

primary precipitate. Furthermore, the APT study on the microstructure of the HPSFA 

sample aged at 973 K for 100 hours confirmed the formation and composition of the 
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secondary precipitate in the Fe matrix (Figures 12 and 13). The composition of the 

secondary precipitate in the solution-treated sample (Table 10) is close to both the B2 

phase in the primary precipitate and secondary B2-precipitate in the sample aged at 973 

K for 100 hours (Figures 12 and 13). Based on these findings, thus, the secondary 

precipitate is considered to be the B2-type phase. 

4.4.2 Microstructural Evolution of HPSFA during Aging-Treatments 

Figure 31 shows the microstructures of the HPSFA (2-wt.-% Ti) specimens aged 

at 973 K for (a)-(b) 10 and (c)-(d) 100 hours after the solution treatment at 1,473 K for 

0.5 hour. The DF-TEM images acquired using the <002> L21 reflection in Figures 31(a) 

and (b) show the precipitates with nano-scaled bright zones, which is in contrast to the 

solution-treated sample [Figure 28(b)-(c)]. The narrow bright zones are similar in shape 

and size to that of the APBs observed in the solution-treated sample [Figures 28(b)-(c)]. 

Note that the super-lattice reflection employed to from the DF-TEM images is common 

to the B2 and L21 structures (<001>-B2 and <002>-L21). By considering the image 

intensity, and structure factor [60, 73], the narrow zones inside the precipitate are 

believed to be the B2-NiAl phase, while the surrounding regions are the L21-Ni2TiAl 

phase. This trend indicates that the hierarchical precipitate with a fine network of the B2-

NiAl and L21-Ni2TiAl phases had been developed during the aging treatment at 973 K for 

10 hours.  

On the subsequent aging to 100 hours, the well-developed hierarchical structure 

with a fine network inside the precipitate is observed in the DF-TEM image [Figure 

31(c)], which was acquired along the (100) zone axis using the <002> L21 reflection. 
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Similar to the sample aged for 10 hours, the cuboidal morphology and spatial 

arrangements (the close separation and preferential alignment) of the hierarchical 

precipitates remain the same as those in the solution-treated sample (Figure 28). 

Furthermore, the precipitate/matrix interface is free of interfacial dislocations, indicative 

of the retention of the coherent interface during the aging treatment for 100 hours, as can 

be seen in Figures 31(c) and (d). 

The formation of the hierarchically-structured B2-NiAl/L21-Ni2TiAl precipitate 

in the Fe matrix was also found by Liebscher et al. [60, 61] upon aging the Fe–15.5Al–

12.1Cr–1.0Mo–16.0Ni–xTi ribbon samples with x = 2 and 4 in at. % at 973 K. In 

particular, the as-quenched sample of the 2-wt.-%-Ti alloy in the previous study contains 

a primary L21-Ni2TiAl precipitate with internal anti-phase boundaries, and further aging 

to 10 hours at 973 K leads to the formation of the fine B2-NiAl zones on the anti-phase 

domain boundaries [60]. The current study exhibits the qualitatively-similar 

transformation pathway, as compared to the previous work [60]. Liebscher et al. suggests 

possible mechanisms on the formation of the hierarchical structure in the precipitate [64-

67], involving a wetting transition or heterogeneous nucleation on L21 anti-phase domain 

boundaries [60, 66, 67]. 

Figure 32 exhibits the scanning-electron-microscopy (SEM) microstructures of 

the HPSFA specimens aged at 973 K for (a) 200, (b) 300, and (c) 500 hours. During the 

aging treatments, striking microstructural variations are observed, as compared to the 

specimens aged for 100 hours or less (Figure 31). In particular, as the size of the 

precipitate increases, elongated- and irregular-shaped precipitates are often observed, as 
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denoted by blue arrows in Figure 32. The number density of the abnormally-elongated 

precipitates seems to increase with the aging time. Furthermore, the precipitates appear to 

retain the alignment in certain orientations in Figure 32(a), while the alignment trend is 

not clearly observed in Figures 32(b)-(c).    

Figure 33 presents the TEM microstructure of the HPSFA specimen aged at 973 

K for 500 hours. The BF-TEM image in Figure 33(a) exhibits a large precipitate with an 

irregular shape, as observed in Figure 32. In order to identify the B2 and L21 phases 

inside the precipitate, the <111> and <222> superlattice reflections are used to form the 

DF-TEM images in Figure 33(b) and (c), respectively. The hierarchical structure inside 

the precipitate is composed of agglomerated domains of the B2-NiAl and L21-Ni2TiAl 

phases, as observed in Figures 33(b) and (c), instead of the fine network (Figure 31). This 

trend indicates the occurrence of the coarsening of the B2-NiAl and L21-Ni2TiAl phases 

inside the precipitate. It is worth noting that misfit dislocations are often observed, 

especially at the interface between the Fe matrix and L21 phase, which reflects the 

coarsening behavior of the precipitate and leads to the formation of the misfit dislocation, 

and, thus, the semi-coherent interface.  

Besides the large irregular precipitate, there are other types of smaller primary 

precipitates, for example, one mainly is a single-L21 precipitate (not shown), while 

another contains nano-scaled L21 zones embedded in a parent B2 phase, as presented in 

Figures 34(a)-(b). Figures 34(a)-(b) are the DF-TEM images on the same region using (a) 

the <111> and (b) <222> reflections, respectively. The APT data was collected on a 

similar primary precipitate shown in Figures 34(a)-(b), which is presented in Figure 
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34(c). Figure 34(c) presents two iso-concentration surfaces of 10-at.-% Ti (yellow) and 

10-at.-% Ni (green), clearly illustrating the presence of the narrow L21-Ni2TiAl zones 

embedded in the parent B2-NiAl phase. The compositions of the B2-NiAl and L21-

Ni2TiAl phases were determined using the APT analysis, and are summarized in Table 

11. Figure 34(d) shows the APT results on the Fe matrix, which is located between two 

primary precipitates. Figures 35(a) and (b) present the proximity histograms of 15-at.-% 

Ni and 7.5-at.-%-Ti iso-concentration surfaces, respectively, whereas a proximity 

histogram of the secondary precipitates shown in Figure 34(d) is presented in Figure 

35(c). The compositions of the Fe matrix, B2/L21 phases within the primary precipitate, 

and the secondary precipitate are determined from Figures 35(a), (b), and (c), and are 

summarized in Table 11. A radius frequency histogram of the secondary precipitates, 

obtained from the iso-concentration surface of 7.6-at.-% Ni in Figure 34(d) is shown in 

Figure 35(d). As observed in Figure 28, the ultra-fine secondary precipitates are present 

in the Fe matrix. However, the size of the secondary precipitate is smaller [1.5 nm in 

radius, Figure 35(d)] than that in as-solution-treated sample (1.7 nm in radius, Figure 28). 

The composition profile between the Fe and the secondary precipitate is presented in 

Figure 35(c). Although it was difficult to determine the exact composition of the 

secondary precipitate due to its small size, an approximate composition was obtained 

from the APT analysis and summarized in Table 11. 
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4.4.3 Microstructure of SPSFA in the Solution-Treated State 

The microstructures of the SPSFA (4-wt.-% Ti) specimen subjected to the 

solution treatment at 1,473 K for 0.5 hour, followed by air-cooling are presented in 

Figure 36. The SEM image in Figure 36(a) exhibits the polygonal precipitates distributed 

in the Fe matrix. Considering the morphology of the precipitate as an ellipse, the size of 

the precipitate was determined and is 126 ± 28 nm in diameter and 160 ± 33 nm in length, 

which is about 2 times greater than those of the HPSFA (50 nm). As observed in the 

microstructures of the HPSFA samples aged for less than 200 hours [Figures 28 and 31], 

the precipitates in Figure 36(a) seem to have the preferential alignment and close-

separation, but not to impinge each other, as indicated by red arrows. The SADP along 

the (110) zone axis in Figure 36(b) reflects the presence of the L21-structure phase. 

According to the electron diffraction and image contrast techniques, as discussed in the 

Section 3.3.1, conducted on the SPSFA specimens, all the SPSFA specimens subjected to 

the solution and aging treatments contains a single L21-Ni2TiAl phase in the primary 

precipitate. The DF-TEM images in Figure 36(c) exhibit the formation of primary and 

secondary L21-type precipitates. It could be noticed that the primary L21-type precipitate 

is decorated with interfacial dislocations, as denoted by white arrows in Figure 36(c). The 

bright-field (BF) TEM image in Figure 36(d), which was obtained on the same region as 

Figure 36(c), more clearly shows the formation of the interfacial dislocations around the 

primary precipitate, suggesting the semi-coherent interface between the Fe matrix and the 

primary L21-precipitate. In contrast, the secondary L21-Ni2TiAl precipitate is free of the 
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interfacial dislocations indicative of the coherent interface between the Fe matrix and 

secondary precipitate. 

4.4.4 Microstructural Evolution of HPSFA during Aging-Treatments 

Figure 37 exhibits the SEM microstructures of the SPSFA samples aged at 973 

K for (a) 1 hour, (b) 10 hours, (c) 50 hours, and (d) 100 hours. The size of the precipitate 

was measured, using the SEM-image analyses, based on the elliptical-precipitate shape. 

As expected, the size of the precipitate increases from 130 nm (1 hour) to 220 nm (100 

hours), during the aging treatments. There are interesting microstructural variations in 

this aging stage, as follows. First, the morphology of the precipitates appears to be 

polygonal and gradually change to an ellipsoidal or spherical shape. This morphological 

transition seems to become apparent between Figures 37(a)-(b) and Figures 37(c)-(d). 

Second, the precipitates are closely spaced without impinging each other in Figure 37(a), 

as denoted by blue arrows. As the precipitate coarsens (the aging time increases), 

irregularly-shaped precipitates, as indicated by blue arrows in Figure 37(b)-(d), are often 

observed, and the number density seems to increase. Lastly, the precipitates are 

preferentially aligned along certain orientations in Figures 37(a)-(b), while the orientation 

trend is not clearly observed in Figures 37(c)-(d). These three changes (the morphology, 

distribution, and orientation) are simultaneously emerging in the microstructure evolution 

of SPSFA during the aging treatment from 1 to 100 hours.      

Figure 38 present the TEM microstructures of the SPSFA specimens aged at 973 

K for (a)-(b) 1 hour and (c)-(d) 100 hours. The interface between the L21-Ni2TiAl 

precipitate and Fe matrix appears to be aligned along the <100> directions, and the 
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precipitates are closely located, but not connected, as can be seen in Figure 38(a). 

However, further aging to 100 hours leads to a loss of the alignment of the precipitates 

and the coalescence of the primary precipitates [Figure 38(c)], which results from a 

coalescence between neighboring precipitates, as observed in Figure 38(a). These 

observations are consistent with the SEM microstructures in Figures 37(a) and (d). 

Moreover, dark zones with different sizes and spatial distributions inside the L21 

precipitate are observed for both samples, as indicated by red arrows in Figures 38(a) and 

(c). The DF-TEM electron-diffraction and image-contrast results revealed that the dark 

zones are not the B2 phase. The microstructure aged at 973 K for 100 hours of SPSFA 

was characterized using the TEM-EDS in Figure 16, which revealed the formation of the 

Fe inclusion inside the L21 precipitate. Based on this finding, it can be inferred that the 

nano-scaled Fe-matrix inclusion inside the L21 precipitate in Figure 38(a) formed and had 

coarsened during the aging treatment at 973 K. Similar to the as-solution-treated 

microstructure of SPSFA [Figure 36(d)], the precipitates are decorated with a high 

density of dislocations at the interface, as can be seen in Figures 38(b) and (d), which 

indicates the semi-coherent interface between the Fe matrix and L21 precipitate. 

4.5 Discussions 

4.5.1 Dispersion of Secondary Precipitates 

Due to the ultra-fine size of the secondary precipitate, the DF-TEM technique is 

not capable of detecting the secondary precipitate for the HPSFA and SPSFA samples. 

The secondary precipitate with a size of 10 ~ 30 nm is only visible in the SPSFA 
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specimen solution-treated at 1,473 K, while the presence of the secondary precipitate in 

the SPSFA sample aged at 973 K cannot be established. However, the APT results on the 

HPSFA sample aged at 973 K reveal the formation of ultra-fine secondary precipitates 

(with a radius of 1 ~ 2 nm), which reflects the possible formation of secondary 

precipitates in the aged SPSFA samples. Moreover, the size of the secondary precipitate 

in the HPSFA sample aged at 973 K remains fairly constant during the aging treatments 

at 973 K, but they are smaller than that in the solution-treated one at 1,473 K, suggesting 

that the secondary precipitates are completely dissolved into the Fe matrix at 973 K (the 

aging-treatment temperature) and form during the cooling process [25, 30]. In order to 

confirm these hypotheses, Vickers-hardness tests were conducted on the SPSFA samples 

aged at 1,073 K for different aging times, followed by air cooling. 

Considering the effect of the primary precipitate on the strengthening behavior, 

the hardness of the specimens aged at 1,073 K is expected to be lower than that at 973 K, 

due to the coarsened primary precipitate. However, the hardness of the samples aged at 

1,073 K is greater than those of the specimens aged at 973 K for the given aging times 

(Figure 39). Therefore, it is believed that the hardness increase is associated with the 

strengthening contribution of such ultra-fine secondary precipitates, due to the significant 

decrease in the inter-spacing of the secondary precipitates in the matrix [74]. 

Furthermore, the higher hardness at 1,073 K than that at 973 K reflects that the size, 

volume fraction, and distribution of the secondary precipitate are strongly dependent on 

the aging temperature (cooling rate), and the higher aging temperature (a higher cooling 

rate) gives rise to the larger size and higher volume fraction of the secondary precipitate. 
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Sun et al. [112] investigated the effect of the cooling rate on the size and volume fraction 

of the secondary precipitate using the ultra-small angle X-ray scattering, and 

demonstrated that the size and volume fraction of the secondary precipitate in a NiAl-

strengthened ferritic alloy are affected by the cooling rate. Due to the fine distribution of 

the secondary precipitate, the strengthening effect of the secondary precipitate is believed 

to be significant than that of the primary precipitate at room temperature [30, 112]. 

However, as the secondary precipitate is completely dissolved in the Fe matrix at the high 

temperature (in this case, the aging temperature of 973 K), no strengthening effect from 

the secondary precipitate is expected at 973 K. Systematic investigations concerning the 

effects of the secondary precipitates on mechanical properties, which are beyond the 

scope of the present study, have been performed in various alloy systems, such as Ni-

based superalloys, and NiAl-strengthened ferritic alloys [28-30, 50, 74, 112, 113].     

4.5.2 Evolution of Primary Precipitates and Their Effect on Strengthening 

Microstructural evolution involves various kinetic processes (such as diffusion, 

domain switching, or grain-boundary migration) under the driving force being the 

generalized functional derivative of the total free energy with respect to field parameters, 

such as the concentration and polarization [114-116]. For our alloy system that consists 

of second phases and lattice defects, the total free energy shall include the free energy of 

mixing (which dictates the phase diagram), the phase-boundary energy among the matrix 

and two types of precipitate phases, and the long-range elastic energy due to the lattice 

mismatch and lattice defects. Figure 40 illustrates the microstructural evolutions of the 

precipitates during the aging treatments at 973 K in terms of the internal structure and 
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morphology of the precipitates and elastic strain at the interface. To illustrate this 

schematic, next we discuss the dependence of the total free energy on the precipitate size, 

shape, and other geometric parameters. 

The classic work by Eshelby [117] investigates the strain energy of an inclusion-

matrix system. For an inclusion that has a lattice mismatch strain with the matrix phase 

(in general, 𝜀𝑖𝑗
𝑚 ), a self-stress field will be induced, as governed by the equilibrium 

equations: 

𝑐𝑖𝑗𝑘𝑙(𝜀𝑘𝑙,𝑗
𝑡𝑜𝑡𝑎𝑙 − 𝜀𝑘𝑙,𝑗

𝑚 ) = 0                                                (16) 

where 𝑐𝑖𝑗𝑘𝑙 are the elastic constants. For a spherical inclusion with a hydrostatic lattice 

mismatch (so that 𝜀𝑖𝑗
𝑚 = 𝜀𝑚𝛿𝑖𝑗 with the Kronecker delta, 𝛿𝑖𝑗), the strain energy is 

  𝐸𝑒𝑙 =
8𝜋

3
𝜇

1+𝑣

𝑣
𝜀𝑚

2 𝑎3                                                   (17) 

where 𝑎 is the radius of the spherical inclusion, and 𝜇 and 𝑣 are the shear modulus and 

Poisson’s ratio, respectively. For an arbitrarily-shaped inclusion, the elastic-strain energy 

follows the same scaling law in Eq. (17), 

  𝐸𝑒𝑙 = 𝑓(𝑐𝑖𝑗𝑘𝑙/𝑐1111, 𝑠ℎ𝑎𝑝𝑒)𝑐1111𝜀𝑚
2 𝑉                                    (18) 

where 𝑉 is the inclusion volume, and 𝑓 is a prefactor that depends on the shape of the 

inclusion and the ratios of elastic constants.  

The equilibrium shape of the inclusion minimizes the following free energy: 

  ∏ = ∫ 𝛾(𝒏)𝑑𝐴 + 𝐸𝑒𝑙𝛤
                                                (19) 
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where 𝐧 gives the surface normal of the inclusion. Since the first term in Eq. (19) is 

quadratic in 𝑎 , and the second term is cubic in  𝑎, a critical size can be defined by 

comparing these two terms, given by  

𝑎𝑐𝑟𝑡 =
3𝛾0

2𝜇𝜀𝑚
2 (

1−𝑣

1+𝑣
)            (20) 

where 𝛾0 denotes the magnitude of the surface energy. When the inclusion size is smaller 

than 𝑎𝑐𝑟𝑡, the surface energy dominates, and the shape of the inclusion will be governed 

by the interface-energy anisotropy in 𝛾(𝒏). Experimental observations of the precipitate 

morphology in coherent systems, such as Ni-based superalloys [64, 68, 104, 118, 119], 

can be qualitatively explained from the above thermodynamic formulation. For example, 

a lower lattice misfit between the precipitate and matrix lowers the ratio of the elastic 

strain energy to interface energy. Thus, the equilibrium shape of the precipitate is 

governed by the interface-energy anisotropy. Usually the degree of this type of anisotropy 

is weak. Hence, small precipitates are spherical, as observed in low-misfit Ni-based 

superalloys and NiAl-strengthened ferritic alloys [26, 31, 40, 46, 120]. In contrast, with a 

higher lattice misfit or a lower interface energy (i.e., equivalent to the situation, when the 

inclusion size is larger than 𝑎𝑐𝑟𝑡), the elastic-strain energy dominates, which leads to the 

cuboidal shape of the precipitate [99, 100] in crystals with the cubic symmetry. 

Moreover, the elastic strain influences the spatial distribution of the coherent precipitate, 

such as the alignment of the interface and close inter-precipitate separation. In order to 

minimize the elastic interaction, the inclusions will align in the compliant directions or 

assume a cuboidal shape that resembles the dependence of the direction modulus on the 

crystallographic orientation [118, 121, 122]. It has been reported that the elastic-strain 
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energy at the interface leads to an elastic interaction between coherent precipitates, which 

is attractive at long distances and repulsive at short distances [64, 121]. The 

microstructure of the SPSFA specimen subjected to the solution treatment [Figure 40(a)] 

shows the alignment of the interface and close inter-separation of the precipitates, which 

indirectly reflects the presence of the elastic strain and interaction (the short-range 

repulsive force between precipitates). 

Johnson and Cahn [93] further points out that when 𝑎 ≫ 𝑎𝑐𝑟𝑡 , the spherical 

inclusion will transform into needle-like ellipsoidal ones, which further reduce the 

elastic-strain energy. In the SPSFA case, this trend is not observed at all because of the 

formation of misfit dislocations even at small sizes, as shown in Figure 40(a). For the 

HPSFA case, for moderate sizes, such as Figures 40(b) and (d), the overall shape is still 

cuboidal. The elongated shape in Figure 40(e), however, is not due to the elastic 

interaction, as discussed in Johnson and Cahn [93]. The shape in Figure 40(e) is formed 

because of the coarsening and agglomeration behavior of two neighboring precipitates, 

and the corresponding elastic interaction is relaxed because of misfit dislocations on the 

precipitate-matrix interface. On the other hand, we note the formation of the lamellar 

structure of APB and eventually B2 structures in Figures 40(b) and (d), respectively. In 

these cases, there are two stress fields, one being caused by the lattice mismatch between 

the L21 phase and matrix, and the other being caused by the mismatch between the L21 

phase and APB (or B2 phase). According to Eshelby [117], the former field gives rise to 

a constant strain field inside the L21 phase, so that the interaction energy of these two 

stress fields will be independent of the shape of the APB/B2 phase. On the other hand, 



 

60 

 

the latter field will give rise to a lower strain energy, if the second phase is elongated by 

the mechanism described in Johnson and Cahn [93]. 

With the appearance of interface dislocations, the misfit strain will be reduced 

accordingly, as given by 𝜀𝑚
𝑒𝑓𝑓 = 𝜀𝑚 − 𝑏/𝜆 where the line density of dislocations is 1/𝜆. 

For simplicity, considering again a spherical inclusion, the total strain energy will be 

  𝐸𝑒𝑙 =
8𝜋

3
𝜇

1+𝑣

1−𝑣
𝑎3 (𝜀𝑚 −

𝑏

𝜆
)

2

+
2𝜋𝑎

𝜆

𝐸𝑎𝑏2

4(1−𝑣2)
[𝑙𝑛 (

4𝑎

𝜌0
) − 1]                    (21) 

with a dislocation core cutoff radius 𝜌0 [123]. Since 𝑎3 > 𝑎2 ln 𝑎, a comparison between 

Eqs. (17) and (21) suggests that the misfit dislocation will be preferable at large inclusion 

sizes. We note that misfit dislocations appear in SPSFA at small inclusion sizes but only 

in HPSFA in very large sizes. This trend results from the fact that the hierarchical 

precipitate structure in HPSFA effectively reduces the misfit strain between the 

precipitate and the matrix, as indirectly supported by the steep decrease in the hardness 

during the aging treatments from 10 to 100 hours (Figure 41). Noting 𝑎𝑐𝑟𝑡 ∝ 𝛾0/𝜇𝜀𝑚
2 , the 

critical size in HPSFA is much larger so that misfit dislocations appear in the later stage 

during the growth and coalescence of these precipitates. 

Due to the presence of the interfacial dislocation, which releases the elastic 

strain, it is expected that the degree of the elastic strain for SPSFA is lower than that for 

HPSFA. Furthermore, the elastic strain at the semi-coherent interface seems to be relaxed 

on the further aging treatments by forming more interfacial dislocations [Figures 36 and 

38]. Once the precipitate becomes larger in size [accompanied with the gradual decrease 

in the hardness of SPSFA (Figure 41)], the elastic strain will be further relaxed, which 
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reduces the elastic strain/interaction, thus, inducing the agglomeration of two neighboring 

precipitates and the disappearance of the alignment, as illustrated in Figure 40(e). 

The coherent and hierarchically-structured precipitates of HPSFA are sustained 

until the aging times between 100 and 200 hours. Moreover, further aging to 100 hours 

induces the well-developed hierarchical structure [Figure 31(c)], as compared to the 

microstructure aged for 10 hours [Figures 31(a)-(b)]. As mentioned above, since the 

hierarchical structure is effective in retaining the coherent interface [Figure 40(d)], the 

spatial distributions (the alignment of the interface and close inter-precipitate-separation) 

can be retained. Further aging treatment to 500 hours leads to the agglomeration of the 

B2-NiAl phases within the L21-Ni2TiAl precipitate, as illustrated in Figure 40(f). Once 

the primary precipitate loses the fine network hierarchy, the interfacial dislocations start 

to form to release the elastic-strain energy, which is similar to the case of SPSFA (Figure 

38). After the loss of the hierarchical structure with the fine network and the coherency of 

the primary precipitate, the hardness behavior of HPSFA shows the modest decrease, as 

observed in that of SPSFA (Figure 41). 

4.6 Summary 

The microstructural formation and evolution of Fe-Ni-Al-Cr-Ti alloys with 

different amounts of Ti contents (2 or 4 weight percent, wt. %) were investigated during 

aging treatments at 973 K following the solution treatment at 1,473 K. The detailed 

microstructures were characterized, using transmission-electron microscopy (TEM), 

scanning-electron microscopy (SEM), and atom-probe tomography (APT). Moreover, 

Vickers-hardness tests were conducted to study the effect of the microstructural evolution 
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on the strengthening behavior of the materials. Both alloys consist of a single L21-

Ni2TiAl phase as a primary precipitate with the different morphology, sizes, and inter-

phase structures in the solution-treated state. The 2-wt.-%-Ti alloy is composed of a 

coherent and cuboidal precipitate with an average edge length of 50 nm, and narrow anti-

phase boundaries with an approximate width of ~ 10 nm are present inside the precipitate. 

In contrast, the addition of the 4-wt.-%-Ti content leads to a semi-coherent and 

irregular/polygonal-shaped precipitate with a size range of 130 ~ 160 nm, and the 

precipitate is observed to be decorated with misfit dislocations at the interfaces. In the 

subsequent aging treatments at 973 K, both alloys exhibit distinct microstructural 

evolutions in terms of the internal structure, interface structure, and spatial arrangements 

of the precipitates (the alignment of the interface and small inter-separation of the 

precipitates), which are closely associated with the coherency strain, and can be 

summarized as follows. 

1. Fe-Ni-Al-Cr-Ti alloy with 4-wt.-% Ti 

[Single-precipitate-strengthened ferritic alloy (SPSFA)] 

 All the microstructures aged at 973 K only contain a semi-coherent single L21-

Ni2TiAl precipitate with a high density of misfit dislocations, and no B2-NiAl phase 

inside the L21-precipitate is observed (a single precipitate structure). 

 During aging at 973 K, the primary L21 precipitates gradually coarsen and change 

their morphology from polygonal to spherical shapes. 

 The spatial arrangements gradually disappear as the precipitates coarsen. 
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 The coarsening behavior of the precipitate leads to a gradual decrease in the hardness 

value. 

2. Fe-Ni-Al-Cr-Ti alloy with 2-wt.-% Ti 

[Hierarchical-precipitate-strengthened ferritic alloy (HPSFA)] 

 The early stage of aging treatments (≤ 100 hours) establishes a fine network of a B2-

NiAl phase along the anti-phase boundaries within the primary L21-Ni2TiAl 

precipitate (a hierarchical precipitate structure). 

 The hierarchical precipitate retains the coherent interfaces and the spatial 

arrangements, while inducing a steep decrease in the hardness value. 

 Longer aging treatments (> 100 hours) lead to the disappearance of the hierarchical 

structure and coalescence of the B2 phase within the precipitate. 

 The disappearance of the hierarchical structure is accompanied with the occurrence of 

the coalescence of the primary precipitates and transition from the coherent to semi-

coherent interfaces.  

 Once the precipitate becomes semi-coherent, the hardness evolution during the further 

aging treatment shows a decent decrease, as observed in the 4-wt.-%-Ti alloy. 

In addition to the primary precipitates, ultra-fine secondary precipitates with an 

approximate size less than 10 nm are observed in the Fe matrix for both alloys. The fine 

dispersion and no coarsening characteristics of the secondary precipitate during the aging 

treatments reflect that the secondary precipitate forms during the cooling process and is 

dissolved to the Fe matrix at the aging temperature (973 K). 
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CHAPTER 5 IN-SITU NEUTRON-DIFFRACTION STUDIES AT 

ELEVATED TEMPERATURES 

5.1 Introduction 

In the previous chapters, it was shown that the creep resistance of the 

hierarchical-precipitate and single-precipitate-strengthened ferritic alloys is significantly 

improved, as compared to the NiAl-strengthened ferritic alloys [76]. For instance, the 

secondary creep rates of these alloys at 973 K are significantly reduced by more than four 

orders of magnitude, as compared to a NiAl-strengthened ferritic alloy [53] and 

conventional ferritic steels [6, 7, 22, 124]. Moreover, HPSFA shows much better creep 

resistance than SPSFA with a higher volume fraction of the precipitates [76]. It was 

suggested that the elastic-strain field in the matrix created by misfitting precipitates of 

HPSFA plays a critical role in enhancing the elastic interaction between the precipitate 

and mobile dislocations, and, hence, the creep resistance.  

5.2 Objective 

In the present chapter, we studied the effect of the precipitate structures, such as 

the size and interface structures (coherent and semi-coherent) of the precipitates, on the 

deformation mechanisms and mechanical properties of the hierarchical-precipitate and 

single-precipitate-strengthened ferritic alloys at high temperatures. Systematic 

investigations have been carried out, using in-situ neutron-diffraction experiments in 

combination with the crystal-plasticity finite-element method (CPFEM). The in-situ 
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neutron-diffraction technique has been extensively utilized to understand the governing 

deformation mechanisms of engineering materials, such as the evolution of elastic strains 

and interactions (load-sharing) between constitutive phases/intergranular grains [9, 125-

128]. Using this technique, the dynamic evolution of the elastic strain of the constitutive 

phases during tensile deformation at 973 K was derived for the above-mentioned HPSFA 

and SPSFA. Furthermore, a stress-relaxation experiment on SPSFA was conducted to 

study the effect of the diffusional flow along the inter-phase boundary on the load-sharing 

behavior. Here, the stress-relaxation test refers to the test where a sample subjected to a 

load at high temperatures is being held at a fixed displacement. The results of the in-situ 

tension experiments are compared by crystal-plasticity finite-element simulations, which 

support the load transfer between the constitutive phases. These results demonstrate that 

the coherent interface with a high level of the elastic-strain field in the matrix of HPSFA 

plays an important role in enhancing the load-transfer and strain-hardening capability, 

and, thus, improving the mechanical properties of the materials at elevated temperatures. 

5.3 Experimental and Modeling Methods 

5.3.1 In-situ Tension Neutron-Diffraction at 973 K 

The nominal compositions of the alloys are Fe-6.5Al-10Cr-10Ni-xTi-3.4Mo-

0.25Zr-0.005B with x = 2 and 4 in weight percent (wt. %). A plate ingot of the 2-wt.-%-

Ti alloy with a dimension of 12.7 × 25.4 × 1.9 cm
3
 and a rod ingot of the 4-wt.-%-Ti 

alloy with 2 Kg and a diameter of 5.08 cm were prepared by the Sophisticated Alloys, 

Inc., using the vacuum-induction-melting facility. Hot isostatic pressing (HIP) was 
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applied to the ingots at 1,473 K and 100 MPa for 4 hours in order to reduce defects 

formed during the casting and cooling processes. These alloys were homogenized at 

1,473 K for 30 minutes, followed by air cooling and, then, aged at 973 K for 100 hours. 

The thin foils for conventional transmission-electron-microscopy (CTEM) observations 

were prepared by electropolishing, followed by ion milling at the ion energy of ~ 2 kV 

and an incident angle of ± 6 degree. The TEM specimens were cooled by liquid N2 during 

ion milling. The TEM observations were conducted with a Zeiss Libra 200 MC 

TEM/STEM. The TEM images were acquired at an acceleration voltage of 200 kV.  

The in-situ tension neutron-diffraction (ND) experiments on the 2-wt.-%-Ti and 

4-wt.-%-Ti alloys were carried out on the Spectrometer for MAterials Research at 

Temperature and Stress (SMARTS) diffractometer of the Los Alamos Neutron Science 

Center (LANSCE) facility located at the Los Alamos National Laboratory, United States 

[72], and ENGIN-X facility located at the ISIS, United Kingdom [129], respectively. The 

ND instrument utilizes time-of-flight (TOF) measurements, in which the incident beam is 

polychromatic with a range of wave lengths, which allows for the ND measurements with 

a diffraction pattern covering a wide range of d spacings without the rotation of samples 

or detectors. Two detectors, which are fixed at an angle of 45̊ to the loading direction, 

were employed to collect the diffracted beams from polycrystalline grains with lattice 

planes parallel to the transverse and axial directions, respectively. Therefore, the lattice 

parameters of differently-oriented grains and each of the phases can be measured 

simultaneously both parallel and perpendicular to the loading directions [54, 125]. Screw-

threaded cylindrical samples with a gage diameter of 6.35 mm and a gage length of 40 
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mm were machined for the in-situ loading experiments at LANSCE, while ones with a 

gage diameter of 8 mm and a gage length of 42 mm at ENGIN-X. The ND measurements 

were conducted at room and elevated temperatures up to 973 K. The ND data for 2- and 

4-wt.-%-Ti alloys were collected for about 12 and 20 minutes, respectively. The in-situ 

tension experiment at LANSCE was carried out in vacuum at 973 K, while that at 

ENGIN-X was conducted in air. In addition to the in-situ tension experiments, a stress-

relaxation test on SPSFA at 973 K was carried out at ENGIN-X. The screw-threaded 

cylindrical sample was loaded to 150 MPa at 973 K and held in a displacement-holding 

mode for about 4 hours. The macroscopic strain was measured using a high-temperature 

extensometer over a gauge length of 10 mm within a measureable strain range of 10 %. 

5.3.2 In-situ Creep Neutron-Diffraction Experiments at 973 K 

The in-situ creep ND experiments were carried out on the Spectrometer for 

MAterials Research at Temperature and Stress (SMARTS) diffractometer of the Los 

Alamos Neutron Science Center (LANSCE) facility located at the Los Alamos National 

Laboratory [72]. Screw-threaded cylindrical samples with a gage diameter of 6.35 mm 

and a gage length of 40 mm were machined for the in-situ creep experiments. In-situ 

creep tests were performed in vacuum at 973 K under constant load levels. Before the in-

situ creep test, the lattice parameter was measured at elevated temperatures. The samples 

were studied by ND at high temperatures after the sample saturated within ± 1 K of the 

target temperature, and the sample displacement was equilibrated. The ND data were 

collected for 15 minutes. After the ND measurement at 973 K, in-situ creep experiments 

were performed under constant load levels, and the macroscopic strain was measured, 
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using a high-temperature extensometer over a gauge length of 25 mm within a 

measureable strain range of 10 %. The sample was subjected to constant stress levels of 

100, 150, 190, 220, and 235 MPa. After the stress was increased to 235 MPa, the sample 

fractured in one hour. The ND data were collected in 10-minute increments. The total 

creep strain to final rupture was about 9 %, which is within the measureable strain range 

of the extensometer used. 

5.3.3 Neutron-Data Analysis 

A representative ND pattern measured at room temperature without loading (a 

reference state, 5 MPa) is presented in Figure 42, with the refined profile by the GSAS-

Rietveld analysis. Due to the structural similarity among constituent phases (α-Fe, B2, 

and L21 structures), the fundamental reflections (e.g., 110, 200, 211, 220, and 310 peaks) 

are expected to be overlapped with each other, as observed in Figure 42. Besides the 

fundamental reflection, low-intensity superlattice reflections (e. g., 200, 222, and 420 

peaks) are also observed, which are common to both B2 and L21 structures. However, the 

superlattice reflections exclusively unique to the L21 structure (111 and 311 peaks) are 

hardly observed, and this trend is believed to result from the limited intensity of the 

neutron.  

Our ND analysis was conducted under an assumption that the diffraction 

intensity from the precipitate mainly originates from the L21-structure phase, and one 

from the low volume fraction of the B2-structure phase does not appreciably contribute to 

the diffraction intensity. The lattice parameters of the Fe and L21 phases were determined 

from a whole-pattern Rietveld refinement employing the GSAS program developed at the 
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Los Alamos National Laboratory [75]. The ND data during the heating and entire in-situ 

loading experiments can be successfully refined with the value of χ
2
, fitting accuracy, 

ranging from 1 to 2, which gives a confidence on our analysis. 

The averaged phase strain represents the volume-averaged lattice strain of the 

individual phases (α-Fe and Ni2TiAl), which depends on the elastic and plastic anisotropy 

of the individual phases. The average phase strain is calculated, using Equation (1) 

[𝜀 = (𝑎 − 𝑎0)/𝑎0], where 𝑎 is the lattice parameter of a given phase measured during 

heating and/or loading, and 𝑎0 is the corresponding lattice parameter before loading (5 

MPa at 973 K).  

5.3.4 Finite-Element Crystal-Plasticity Model 

The microstructure-based finite-element simulations use the crystal-plasticity 

model, which is implemented as a user material subroutine in the commercial software 

ABAQUS [130]. The constitutive relationship used in the simulations was defined 

through the Peirce-Asaro-Needleman power law, which relates the slip rate and the 

resolved shear stress on a given slip system by, 

𝛾̇(𝛼) = 𝛾̇0 |
𝜏(𝛼)

𝜏𝑓𝑙𝑜𝑤
(𝛼) |

𝑛

𝑠𝑔𝑛(𝜏(𝛼))       (22) 

The flow stress increases as a function of the cumulative slip strains, 

τ̇flow
(α)

= ∑ hαβ|γ̇(β)|β  where  hαβ = h(γ)[q + (1 − q)δαβ], when α ≠ β 

However, for the self-hardening model, we use, 

hαα = h(γ) h0 sech2 |
h0γ

τs−τ0
|             (23) 
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where h0  is the initial hardening modulus, τ0  is the initial slip strength, and τs  is the 

saturated slip strength. γ̇0
(α)

 is the characteristic strain rate, n is the stress component, and 

hαβ is the latent hardening moduli. The terms, τ(α) and τflow
(α)

, are the resolved shear stress 

and flow strength of the α-th slip system, respectively, and q is the latent-hardening 

coefficient in the same set of slip systems.  

For the 2-wt.-%-Ti alloy with the hierarchical precipitate consisting of the B2 

and L21 phases, a cubic model with 15 ×  15 ×  15 elements was set up [Figure 43(a)], 

and divided into 125 grains with each of 27 elements making up a 3 ×  3 ×  3 cubic 

grain. The 5 elements were randomly-selected and assumed to be the L21 precipitates in 

each grain. The volume fraction of the L21 precipitates, compared to the Fe matrix, was 

initially set to be 18.5 %. A second type of B2 precipitates was introduced with an 

element smaller in size embedded in the pre-existing L21 elements in each grain, as 

shown in Figure 43(b). The B2 elements were set to have a volume fraction of 50 %, 

compared to L21 elements, and 9.25 %, relative to the Fe matrix. In essence, each 27-

element grain contains a total of 22 elements assigned to the Fe matrix crystal-plasticity 

parameters. Each of the remaining 5 elements contains 6 trapezoidal elements at the 6 

faces of the cubic element with a smaller cubic elements attached at the center of these 5 

elements. The trapezoidal elements were assumed to have the L21-precipitate properties, 

and the smaller cubic elements were assumed to have B2-precipitate properties. For the 

4-wt.-%-Ti alloy with the single L21 precipitate, a total of 125 (3 × 3 × 3) randomly-

oriented cubic grains were used in the model. Each grain consists of 27 elements, and 6 

of them were assigned to be L21-type precipitate.  
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The values of elastic constants (C11, C12, and C44) of the Fe matrix, L21, and B2 

phases at 973 K from References [55, 76] were initially employed, and further adjusted 

by comparing with experimental diffraction elastic constants. Precipitate elements were 

set to deform elastically, and, hence, the elastic constants of the precipitate are considered 

as only variables in the modeling parameters. Other parameters, such as ℎ0, 𝜏𝑠, and 𝜏0, 

for the Fe matrix, which determine the plastic-deformation behavior, are only tuned so 

that the modelled stress vs. elastic phase-strain curves follow the experimental results. It 

is known that the slip strength (𝜏0) is related to the macroscopic yield strength of a 

polycrystal by the Taylor factor, which is about 3 for a bcc material.  

5.4 Results 

5.4.1 In-situ Tension Neutron-Diffraction Experiments at 973 K 

The transmission-electron microscopy (TEM) microstructures of the 4-wt.-%- 

and 2-wt.-%-Ti alloys aged at 973 K for 100 hours are displayed in Figure 44. The insets 

in Figures 44(a) and (b) exhibit the selected-area diffraction pattern of [101] and [100] 

zone axes, respectively. The [101] zone axis contains two types of super-lattice 

reflections; the (111) and (131)-type reflections are unique to the L21 structure, while 

(222) and (020)-type reflections are common to the L21 and B2 structure. By using the 

two-type of the super-lattice reflections to form dark-field (DF) TEM images, the B2 and 

L21 structures within the precipitate can be identified [60]. However, the [100] zone axis 

is only composed of a single-type of a superlattice reflection. With the coexistence of the 

B2 and L21 phases, the superlattice reflections of (002)B2 and (004)L21 are overlapped. 
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When imaging the overlapped (001)B2/(002)L21 reflections, the difference in the structural 

factor between the B2 and L21 structures gives rise to the image contrast in DF-TEM 

images [60], as observed in Figure 44(b). Since the L21-Ni2TiAl phase has the lower 

structural factor than that of the B2-NiAl phase [60], the bright zones are the B2-NiAl 

phases, whereas the dark zones are the L21-Ni2TiAl phases. Based on this DF-TEM 

image identification, the 2-wt.-%-Ti alloy consists of the parent L21 precipitate 

strengthened by the B2-NiAl zones (hierarchical precipitate-strengthened ferritic alloy; 

HPSFA), while the 4-wt.-%-Ti alloy is reinforced by the single L21-Ni2TiAl precipitate in 

the Fe matrix (single precipitate-strengthened ferritic alloy; SPSFA). Both alloys often 

contain a small Fe inclusion within the precipitates, which was previously determined by 

energy-dispersive X-ray spectroscopy [76].  

The precipitates in HPSFA and SPSFA show apparent microstructural 

differences in terms of the size, morphology, and interface structure of the precipitates in 

Figure 44. The single L21-type precipitate in SPSFA with an average size of 220 ± 46 nm 

[76] is decorated with a high density of interfacial (misfit) dislocations, which indicates 

the high level of the lattice mismatch between the Fe and L21 phases. The misfit 

dislocations are formed to release the elastic strain of the precipitate, which result in a 

change from cuboidal to spherical shapes. That is, with the elastic-strain energy being 

dominant, the precipitate shape tends to take a form that resembles the elastic stiffness 

anisotropy – being cuboidal in cubic crystals. In contrast, the hierarchical precipitate with 

an average width of 111 ± 27 nm [76] is free of the interfacial dislocation, which reflects 

the coherent interface, resulting from the relatively-small lattice mismatch between the 
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matrix and precipitate, as compared to that of SPSFA. Moreover, the cuboidal 

morphology of the hierarchical precipitate indicates the high level of the elastic strain of 

the precipitate. Based on the precipitate features, such as the morphology of the 

precipitates and coherent/semi-coherent interfaces in HPSFA and SPSFA, it is believed 

that the magnitude of the elastic-strain field in the matrix of HPSFA is greater than that of 

SPSFA.  

Representative neutron-diffraction (ND) patterns measured at room temperature 

without loading (a reference state, 5 MPa) for SPSFA and HPSFA are presented in Figure 

42, with the refined profile by the GSAS Rietveld analysis [75]. Both alloys show the 

fundamental reflections (110, 200, 211, and 220), and super-lattice reflections (111, 200, 

222, and 420). The superlattice peaks of (111) and (222) are unique to the L21 structure, 

as compared to the B2 structure, which supports the formation of the L21 structure in both 

alloys. The enlarged patterns in the insets of Figures 42(a) and (b) clearly show the well-

separated fundamental 110Fe/220L21 peaks for SPSFA and overlapped peaks for HPSFA, 

respectively. This trend supports the TEM observation indicating that the lattice misfit 

between the α-Fe and L21 phases of SPSFA is greater than that of HPSFA. The averaged 

lattice parameters of the α-Fe and L21 phases, determined by the GSAS Rietveld analysis 

[75], and corresponding lattice misfit, defined as Eq. [8], for SPSFA and HPSFA at room 

temperature and 973 K are summarized in Table 12. As can be seen, the lattice misfit of 

SPSFA (1.32 %) is greater than that of HPSFA (0.77 %) at 973 K, and the larger lattice 

misfit causes the formation of the misfit dislocations at the interface between the Fe 

matrix and L21 precipitate for SPSFA [Figure 44(a)]. In contrast, the lower lattice misfit 
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of HPSFA leads to the retention of the coherent interface, as reflected by the TEM 

observations in Figure 44.    

Figures 45(a) and (b) show the macroscopic stress versus strain curves for in-situ 

tension loading experiments on SPSFA and HPSFA at 973 K, respectively. The creep 

strain during the load-holding period is not significant when the stress is less than the 

macroscopic yield strength. Since the extensive creep strain occurs at stresses close to or 

higher than the yield strength [55], the displacement-holding mode was used to measure 

the ND data at the higher stresses. During yielding, both alloys exhibit a short hardening 

stage, and the hardening behavior of HPSFA seems to be more significant than that of 

SPSFA. The 0.2 % macroscopic yield strengths for SPSFA and HPSFA were estimated to 

be about 200 MPa and 230 MPa, respectively. Once the applied stress reaches the highest 

level (ultimate tensile stress; UTS), the stress softening, where the stress gradually 

decreases with increasing the plastic strain, occurs for both alloys. During the ND 

measurements in the plastic regimes (displacement holding), a decrease in the applied 

stress is observed (stress relaxation), and the amount of the stress decay seems to depend 

on the tested alloys.  

Figure 46 shows the temporal evolution of the applied stress in the plastic 

deformation region where the ND measurements were carried out with the displacement 

holding mode. The averaged stress was estimated during each displacement-holding step, 

and marked as red squares in Figures 46(a) and (b). Note that the holding time (about 20 

mins) of SPSFA for the ND measurements is longer than that of HPSFA (about 12 mins). 

This is because the holding time was required to obtain the statistically-reliable ND data 
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in each ND instrument. Figures 46(c) and (d) show the temporal evolution of the relative 

stress decay with different plastic strains. It can be seen that the total amount of the stress 

decay in each alloy is independent of the plastic strains considered. The stress-relaxation 

curve can be divided into three regimes, initial rapid decline, transition, and asymptotic 

regions, as observed in the stress-relaxation experiments at high temperatures [131, 132]. 

Figures 46(c) and (d) provide the insight into the efficiency of the stress relaxation 

varying with the tested alloys. For example, the total stress decay of SPSFA is greater 

than that of HPSFA. The magnitude of the stress decay of SPSFA for 700 seconds is 

about 70 MPa, which is about 20 MPa higher than that of HPSFA, as indicated by blue 

arrows in Figures 46(c) and (d). In addition, the residual stress ratio is introduced to 

characterize the stress relaxation resistance and relaxation efficiency. The residual stress 

ratio (ψ) is defined as follows [133], 

ψ =
𝜎

𝜎0
                          (24) 

where 𝜎0 and 𝜎 are the initial stress and residual stress at a certain time, respectively. The 

stress residual ratios of HPSFA and SPSFA are calculated using Eq. (24) and are 79.7 ± 

0.3 % and 61.0 ± 3.6 % at 973 K, respectively. This trend suggests that the stress 

relaxation occurs more easily for SPSFA at 973 K, as compared to HPSFA.  

The evolution of the average-phase elastic-strains of the matrix and precipitate 

as a function of average stress at 973 K are displayed in Figure 47. Note that the average 

stress estimated during each displacement-holding step in Figures 46(a) and (b) is 

employed in the curves. Similar to the macroscopic stress-strain curves, the elastic strain 

evolution for both alloys exhibits the two regimes; elastic and plastic regimes. 
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Specifically, the elastic region is characterized by the linear slope of the lattice strain with 

respective to the average stress. The onset of the plastic deformation is marked by the 

deviation from the linear response on the elastic strain-stress curves. For example, the 

slope of the elastic strain of the matrix is increased, relative to the linear-elastic response, 

which indicates that the matrix cannot assume the further elastic strain and begins to 

plastically deform [134]. Therefore, the yielding of the matrix leads to the plastic strain 

besides the elastic strain. In contrast, the reduced slope of the elastic strain of the 

precipitate reflects that the precipitate is still deforming elastically, and the additional 

plastic strain from the matrix is transferred to the precipitate [128], which induces the 

decrease in the slope of the elastic strain of the precipitate. The microscopic yielding 

occurs around the average stress of 150 MPa for SPSFA and 180 MPa for HPSFA, 

respectively. After the matrix is yielded, the elastic strain of the precipitate increases with 

the average stress. The maximum elastic strain of the precipitate of HPSFA (about 5,000 

μe) is greater than that of SPSFA (about 3,500 μe), which indicates the effectiveness of 

the load carrying capability of the precipitate in HPSFA than SPSFA. However, once the 

average stress reaches the maximum value, the elastic strain of the precipitate for both 

alloys remains fairly unchanged, while that of the matrix gradually decreases. This 

feature corresponds to the softening behavior in macroscopic strain-stress curves (Figure 

45), where the applied stress slightly decreases with increasing the plastic strain.  

The evolution of the averaged elastic phase strain as a function of stress was 

simulated using crystal-plasticity finite-element modelling (CP-FEM) for SPSFA and 

HPSFA. Figure 48 shows the FEM results with the experimental measurements during 
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the in-situ loading tests at 973 K. The dashed lines in Figure 48 are the predictions, while 

the symbols are the experimental data. Note that both predicted and experimental data are 

the averaged phase strain determined from the Rietveld analysis. The FEM results are 

qualitatively consistent with the experimental data in terms of the elastic-plastic transition 

and subsequent load transfer from the matrix to precipitate. Specifically, once the matrix 

is yielded, the elastic strain of the matrix is saturated, and the additional load from the 

matrix is transferred to the precipitate, leading to the observed splitting of the lattice 

strain curves. For HPSFA, the modeled evolution of the elastic strain for the B2 and L21 

phases within the precipitate is comparable to each other, and the B2 and L21 phases 

assume the additional load from the plastically deforming matrix, which is similar to the 

evolution of the single L21 precipitate in SPSFA. It seems that such a hierarchical 

structure within the precipitate has no considerable influence in terms of the microscopic 

load-transfer behavior. The strain hardening of HPSFA is observed to be more 

pronounced than that of SPSFA, as supported by the hardening parameters (h0; 500 for 

HPSFA, and 100 for SPSFA) employed in the FEM simulations (Table 13). The 

hardening parameter is related to the strain-hardening capability of the matrix according 

to Eq. (23), which indicates that the HPSFA has more strain-hardening capability of the 

matrix, as compared to SPSFA. 

The simulated elastic strain of the matrix and precipitate continue to increase 

with the applied stress in Figures 48(a) and (b), which is not consistent with the 

experimental results. This is because the strain-softening occurs at 973 K after the applied 

stress reaches UTS (Figure 45). Figures 48(c) and (d) show the simulated and 
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experimental evolution of the elastic strain as a function of plastic strain. The simulated 

evolution tends to show the strain-hardening behavior, as the plastic strain increases, 

while the experimental elastic-strain evolution remains fairly constant after the plastic 

strain of about 1.0 %. This discrepancy is believed to result from the diffusional process, 

such as the dislocation and diffusional creep, which is not considered in the FEM 

simulations, and will be discussed in Section 5.4.2 Stress-Relaxation Behavior at High 

Temperatures.      

5.4.2 In-situ Creep Neutron-Diffraction Experiments at 973 K 

 Lattice-parameter evolution during heating  

The lattice parameters of the α-Fe and Ni2TiAl phases at room and elevated 

temperatures up to 973 K were determined using the Rietveld refinement, as shown in 

Figure 49(a). Note that the lattice parameter of the L21 structure is about 2 times larger 

than that of the B2 structure, since the L21 structure consists of eight sub-lattices of a B2 

structure [62]. The lattice parameters of the α-Fe and Ni2TiAl phases at room temperature 

are 2.88941 Å  and 5.82247 Å , respectively. Figure 49(a) shows that the lattice parameters 

for both phases gradually increase with temperature, as expected. The thermal strain of 

each phase was calculated using Eq. (1), and was plotted in Figure 49(b). The slope of the 

thermal strain curve vs. temperature is indicative of the coefficient of thermal expansion 

(CTE), and the calculated values of the linear CTE are 1.32 × 10
-5

 K
-1

 for α-Fe and 1.59 × 

10
-5

 K
-1

 for Ni2TiAl, respectively. The lattice misfit between the α-Fe and Ni2TiAl phases 

was calculated using Eq. (2), and summarized in Table 14. The lattice misfit between two 

phases gradually increases from 0.7 % at room temperature to 0.9 % at 973 K. The 
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gradual increase of the lattice misfit is associated with the higher value of CTE of the 

Ni2TiAl phase than that of α-Fe phase.  

 Mechanical-creep data 

Figure 50(a) exhibits the macroscopic creep strain as a function of time for step-

loading creep experiments, and the applied stress levels were marked in the curve. 

However, based on the tension creep rupture results in Figure 20, the current alloy 

exhibits the well-defined and prolonged secondary creep regime, and, thus, the 100 and 

150 MPa can be expected to be in the primary creep state. The strain-rate evolution at 

190, 220, and 235 MPa is presented in Figure 50(b). Once the load was raised to 190 

MPa, the deformation reaches the well-defined steady-state creep regime after 3 hours of 

the primary region. At the applied stress of 220 MPa, the short primary and secondary 

regions are observed, followed by the extended tertiary creep, as marked by a gradual 

increase in the strain rate, relative to the minimum strain rate.    

 Averaged lattice-strain evolution during the in-situ creep/tension 

experiments at 973 K 

The temporal evolution of average phase strains for α-Fe and Ni2TiAl phases 

calculated using Eq. (1) in the axial and transverse directions is presented in Figure 51. 

Note that the creep deformation at 100 and 150 MPa is in the primary regime. Once the 

applied stress increases to 100 MPa in Figure 51(a), the axial strains of α-Fe and Ni2TiAl 

phases are raised up to 670 μe and 790 μe, respectively, and seem to remain 

approximately constant at 100 MPa. Similarly, transverse strains of α-Fe and Ni2TiAl 

phases upon the loading shift to - 220 μe and - 390 μe, respectively, and keep fairly 
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unchanged at 100 MPa. Similar phase-strain evolution during primary and secondary 

creep regimes has been reported in a NiAl-hardened ferritic alloy [54]. The diffraction 

elastic moduli (Ephase = σapplied/εphase, where σapplied is the applied stress, and εphase is the 

average phase-lattice strain) of the individual-constrained phases are approximately 

estimated to be 149.2 GPa for the matrix and 126.5 GPa for the precipitate, respectively, 

using instantaneous lattice strains upon loading to 100 MPa, and these values will be used 

to calculate average phase stress of the matrix and precipitate during the entire creep 

(σapplied = Ephase/matrix × εphase). The average stresses of both phases remain constant close to 

the applied stress of 100 MPa. A further increase of the applied stress up to 150 MPa 

exhibits the similar trend, as observed at 100 MPa in Figure 51(a). The diffraction elastic 

moduli during loading to 150 MPa are more or less identical to that during loading to 100 

MPa. This trend indicates that both phases are in the elastic regime, which is consistent 

with the macroscopic elastic response. Moreover, the average stresses of both phases 

during the creep remain fairly constant close to the applied stress of 150 MPa.  

The lattice-strain evolution at 190 MPa is presented in Figure 51(b) with the 

corresponding strain-rate curve, which reflects that the deformation is mainly in 

secondary creep regime. Similar to 100 and 150 MPa, the transverse strains of α-Fe and 

Ni2TiAl remain constant at 190 MPa. Interestingly, however, the axial strain of the 

precipitate apparently increases from 1,800 μe to 2,140 μe (an increase by 340 μe), 

whereas that of the matrix slightly reduces from 1,180 μe to 1,140 μe (a reduction by 40 

μe). Note that an increase in the true stress (0.5 MPa) during the creep at 190 MPa is not 

too significant to induce such an increase in the lattice strain of the Ni2TiAl precipitate. 
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Indeed, a 0.5-MPa increase in the true stress only amounts to a lattice strain of less than 

10 μe in Ni2TiAl phase. The calculated average stresses are 183 MPa for the α-Fe phase 

and 228 MPa for the Ni2TiAl phase at the true stress of 190.7 MPa, which corresponds to 

the creep time of 405 min and become 170 MPa and 270 MPa at the true stress of 191.2 

MPa, corresponding to the creep time of 1,358 min. The average stress of the precipitate 

(228 MPa) is quite greater than the applied stress (190 MPa), indicating that the larger 

proportion of the load is subjected to the precipitate during loading from 150 to 190 MPa. 

Moreover, the gradual increase in the average stress of the precipitate (228 to 270 MPa) 

with time supports a load transfer to the precipitate during the creep. Similar phase strain 

evolution is observed during creep at 220 and 235 MPa, as presented in Figure 51(c). The 

lattice strain of the Ni2TiAl phase in both the axial and transverse directions continues to 

increase with increasing the time, as observed at the applied stress of 190 MPa. The 

average stresses are 172 MPa (1,178 μe) and 366 MPa (2,894 μe) for the α-Fe and 

Ni2TiAl phases at the beginning of the creep of 220 MPa, respectively. Moreover, the 

average stress of the precipitate significantly increases up to 450 MPa (3,562 μe) at the 

end of 220 MPa-creep, relative to 366 MPa at the start of 220 MPa-creep. These elastic-

strain evolutions at stresses higher than 190 MPa provide a strong evidence for the 

occurrence of the load transfer from the matrix to precipitate during creep. Interestingly, 

in addition to the increase of the Ni2TiAl strain, the strain of the α-Fe phase in both 

directions gradually decrease from 1,178 μe to 820 μe (a decrease by 358 μe) with 

increasing time. This strain decrease of the matrix phase corresponds to 50 MPa of the 

average stress (from 172 MPa to 122 MPa).  
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Figure 52 exhibits the constrained lattice misfit between α-Fe and Ni2TiAl 

phases as a function of macroscopic strain along the axial and transverse directions 

during the entire step-loading creep tests at 973 K. At stresses below 150 MPa, lattice 

misfits along the axial and transverse directions remain almost unchanged with an 

averaged value of 0.00941 and 0.00854, respectively. However, at 190 MPa, the axial 

misfit gradually increases from 0.00982 to 0.01007 corresponding to the macroscopic 

strains of 0.23 % and 0.48 %, respectively, whereas the transverse misfit remains constant 

with an average value of 0.00843. Furthermore, the lattice misfit for both directions at 

220 and 235 MPa exhibits an apparent increase up to 0.012 and decrease down to 0.006 

for axial and transverse directions, respectively, as the creep deformation proceeds. This 

lattice-misfit evolution also supports the accumulation of the internal stress between the 

matrix and the precipitate at stresses higher than 190 MPa.  

 Temporal evolution of (hkl) plane-specific strain during the in-situ 

creep/tension experiments at 973 K 

The (hkl) plane-specific strain for differently-orientated grains to the axial 

direction during the in-situ creep experiment is presented in Figure 53. Below 190 MPa, 

all the (hkl) strains remain fairly constant regardless of creep deformation regions 

(primary and secondary creep regimes). There is no clear load transfer between the 

differently-orientated grains during the creep process. It has been observed that the (200) 

and (310) plane-specific lattice strains gradually increase in the primary creep regime, 

followed by constant evolution during the secondary and tertiary regimes for the NiAl-

strengthened alloy [54]. It was explained by the fact that (200) and (310) grains pick up 
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the additional load arising from neighboring creeping grains [54]. However, (200) and 

(310) specific-plane strains are observed to remain constant during the primary and 

secondary creep regimes at 100, 150, and 190 MPa in the present study. This trend 

implies that during the creep deformation (primary and secondary regimes), a load 

transfer between the differently-orientated grains hardly occurs. Instead of the load 

transfer (gradual increase of the plane strains), a steady decrease in the all the (hkl) 

strains starts to occur at 220 MPa, which is in the secondary and tertiary regimes, as 

observed in Figure 53(b). 

5.5 Discussions 

5.5.1 Tensile-Deformation Mechanism at 973 K 

The 2-wt.-%-Ti alloy is reinforced by the coherent precipitate with the 

hierarchical structure of the B2 and L21 phases. The estimated macroscopic yield strength 

of HPSFA at 973 K is about 230 MPa, which is higher than that (200 MPa) of the 4-wt.-

%-Ti alloy strengthened by the semi-coherent single L21 precipitate. It is well known that 

the yield strength for coherent precipitate-reinforced materials is controlled by shearing 

or Orowan-dislocation-bypass mechanisms [92, 135]. It has been reported that the 

operational mechanisms are strongly dependent upon the size of the coherent/shearable 

precipitate [96, 136]. In general, the shearing mechanism is dominant when the 

precipitate is smaller than a critical size of the precipitate, while the Orowan-dislocation-

bypass mechanism is operational at the larger size. The shearing mechanism involves 
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three strengthening contributions, such as, ordering strengthening ( ∆𝜎1 ), coherency 

strengthening (∆𝜎2), and modulus mismatch strengthening (∆𝜎3) [137], and defined as,    

 ∆𝜎1 = 0.81𝑀
𝛾𝐴𝑃𝐵

2𝑏
ln (

3𝜋𝑓

8
)

1/2

      (25) 

∆𝜎2 = 𝑀𝛼𝜀(𝐺𝛿)3/2 (
𝑟𝑓

0.18𝐺𝑏2)
1/2

     (26)  

∆𝜎3 = 0.0055𝑀(∆𝐺)3/2 (
2𝑓

𝐺𝑏2)
1/2

𝑏 (
𝑟

𝑏
)

3𝑚

2
−1

    (27) 

where 𝑀 = 2.9 is the mean orientation factor for a bcc matrix [138], b = 0.250 nm is the 

magnitude of the matrix Burgers vector, determined by the current ND results, f is the 

volume fraction of the precipitates, 𝐺 = 57.0 GPa is the shear modulus of polycrystalline 

α-Fe at 973 K [139], 𝛼𝜀 = 2.6 is a constant [137], 𝛿 is the constrained lattice parameter 

mismatch, 𝑟 is the mean precipitate radius, 𝑚 is a constant taken to be 0.85 [137], and ∆𝐺 

is the shear modulus mismatch between the matrix and the precipitates. The strength 

increase from the shear mechanism (∆𝜎1, ∆𝜎2, and ∆𝜎3) is mainly influenced by the anti-

phase boundary (APB) energy and size and volume fraction of the coherent precipitate. 

Assuming the presence of a coherent single-L21-precipitate, the dependence of 

the strength increase on the precipitate size has been evaluated, using Eqs. (25) – (27), as 

shown in Figure 54, based on APB energy (𝛾𝐴𝑃𝐵 = 0.058 J/m
2
) of the L21-Ni2TiAl for the 

(110) plane [140], ∆𝐺 = 22.0 GPa, which is determined by the elastic constants of the 

FEM modeling in Table 13, and 𝛿 = 0.0077 for HPSFA at 973 K, determined from the 

current ND experiments (Table 12). As can be seen, the strength increase from the 

shearing contributions increases with increasing the size of the precipitate. The strength 

increase of the shearing contributions from the current calculation is expected to be 
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under-estimated, since the precipitate of HPSFA is a two-phase coupled-structure of the 

B2 and L21. Furthermore, the APB energy of the B2 for the (110) plane is 0.5 J/m
2  

[140], 

which is higher than that of the L21 phase. Therefore, the actual strength-increase curve 

of the shearing mechanism is believed to be higher than the calculated curve, which is 

much greater than the experimental value of the yield strengths of HPSFA and SPSFA. 

These trends indicate that the precipitate shearing is unlikely to happen in the current 

alloys.  

Another feasible mechanism is the Orowan-dislocation-bypass mechanism [141, 

142], which is defined as  

𝜎𝑂𝑅 =
0.81𝐺𝒃

𝜋𝜆𝑠(1−𝑣)1/2 ln (
1.63𝑟

𝒃
)        (28) 

𝜆𝑠 = 0.82 × [(
𝜋

𝑓
)

1/2

− 2] 𝑟         (29) 

where 𝜆𝑠 is the square lattice spacing, and 𝑣 = 0.3 is the Poisson’s ratio. Based on the 

volume fractions of the precipitate for the studied alloys (f = 16 % for HPSFA and 22 % 

for SPSFA [76]), two curves of the Orowan-strength contribution with respective to the 

precipitate size were calculated using Eqs. (28) – (29) and also included in Figure 54. 

Good agreement is observed between the experimental and theoretical values. Generally, 

in Orowan-bowing mechanism, dislocations pass through the inter-particle region, and 

dislocation loops are created around precipitates. It can be inferred that the observed 

increase of the precipitate strain in Figure 47 is caused by the dislocation array around the 

precipitates, which accommodate the lattice misfit between the matrix and precipitate. 
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Therefore, it is concluded that the Orowan dislocation bypass is the dominant mechanism 

for HPSFA and SPSFA at 973 K. 

5.5.2 Stress-Relaxation Behavior at High Temperatures 

The evolution of the elastic strain of constitutive phases in HPSFA and SPSFA 

shows the qualitative agreement with the macroscopic stress-strain behavior, and can 

provide an in-depth understanding of the deformation mechanisms of the current alloys at 

high temperatures. The beginning of the load transfer from the matrix to precipitate is 

indicative of the onset of the macroscopic yielding behavior. The strain-hardening 

behavior is also accompanied by the increase in elastic strain of (or the load carried by) 

the precipitate, which reflects the significance of the load-transfer effectiveness of the 

precipitate on the mechanical properties of the current alloys at high temperatures. 

Furthermore, HPSFA with the coherent precipitate shows the greater load-transfer 

capability, such as the maximum value of the elastic strain of the precipitates, and strain-

hardening capability of the matrix, than SPSFA with the semi-coherent precipitate. 

Therefore, the interface structures of the precipitates are believed to play a critical role in 

improving the load-transfer capability, and, thus, the mechanical properties at high 

temperatures.  

During the ND data measurement at 973 K, a certain amount of stress relaxation 

occurs for both alloys. The stress relaxation at high temperatures has been studied to 

understand deformation mechanisms at high temperatures, such as creep mechanisms 

[131, 132]. The kinetics of this stress relaxation is known to be largely governed by 

dislocation processes and possibly grain-boundary sliding in materials [131]. In the 
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present alloys, the grain sizes of HPSFA and SPSFA are estimated to be larger than 200 

μm, and, thus, the stress relaxation caused by the grain-boundary sliding is not expected 

to be significant. Instead, the phase interface between the matrix and precipitate could 

play an important role in the stress relaxation, and, hence, the load transfer between the 

constitutive phases at high temperatures. To verify this hypothesis, we conducted a stress-

relaxation test on SPSFA at 973 K. The sample was loaded to 150 MPa at 973 K and held 

in a displacement-holding mode for about 4 hours. The ND data was collected in every 

20 mins, and the ND data was analyzed, using the Rietveld whole-peak fitting using the 

GSAS program developed at the Los Alamos National Laboratory [75] to obtain the 

averaged lattice parameters of the Fe and L21 phases. The temporal evolution of the stress 

relaxation and the elastic strain at 973 K for SPSFA are displayed in Figure 55.  

As observed in Figure 46, the macroscopic stress-relaxation curve in Figure 55(a) 

exhibits the logarithmic decay of the stress. The stress decreases from 150 MPa to 80 

MPa, as the relaxation time increases. Similarly, the evolution of the elastic strain of the 

precipitate is well consistent with that of the macroscopic stress relaxation, while the 

elastic strain of the matrix shows the slight decrease. Due to the huge grain size, the slight 

decreases of the Fe matrix lattice strain with increasing the relaxation time is not 

expected to result from the grain-boundary sliding or diffusion, at the given relatively-

low homologous temperature and high stresses. The decrease of the Fe matrix strain may 

be due to a combination of dislocation and diffusional creep [76]. More importantly, as 

the relaxation time increases, the elastic strain of the precipitate is rapidly reduced, and 

becomes comparable to that of the Fe matrix until there is no load transferred to the 
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precipitate from the plastically-deforming matrix. These results strongly support that the 

elastic strain of the precipitate, or equivalently the load transferred to the precipitate, is 

released by the diffusional process along the interface between the matrix and precipitate. 

It can be inferred that dislocations are pinned around the precipitates (such as Orowan-

dislocation loops), which accommodates the lattice misfit created by plastic-elastic strain 

anisotropy between the matrix and precipitate. During the holding period, the pinned 

dislocations can be annihilated via the diffusional flow or bypass the precipitate via the 

dislocation-climb mechanism. It has been reported that the deformation of the initial and 

transitional regimes of the stress relaxation is dominated by the dislocation climb 

bypassing mechanism [132]. Therefore, in the current study, it is believed that the stress 

relaxation is mainly affected by the diffusional process (annihilation or bypass of 

dislocations) along the interface between the matrix and precipitate.   

The efficiency of the load transfer from the matrix and precipitate as a function 

of temperature has been investigated, using in-situ ND experiments for the NiAl-

strengthened ferritic alloy [55]. It was reported that at 973 K, no load transfer was 

observed between the Fe matrix and NiAl precipitate. It was explained by the fact that at 

973 K, diffusional flows along the matrix–precipitate interface can relax the interphase 

strain, leading to the ineffective load transfer from the matrix to the precipitate phases. 

Moreover, it was reported that the coherency strain in the Fe matrix of HPSFA, caused by 

the lattice mismatch between the matrix and precipitate, plays an important role in 

enhancing the interaction between the precipitate and mobile dislocations at high 

temperatures. Hence, it is believed that the coherency strain improves the creep resistance 
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of HPSFA [95, 96, 143]. In contrast, the precipitate in SPSFA contains a high density of 

misfit dislocations that can reduce the elastic strain in the Fe matrix. The misfit 

dislocations, which could allow the pipe diffusion and the reduced strain in the Fe matrix, 

can reduce the interaction between the precipitate and dislocations at high temperatures. 

Similarly, in the current study, the coherent hierarchical precipitate of HPSFA with a 

lattice misfit of 0.77 % exhibits the more pronounced load-transfer and strain-hardening 

capability than the semi-coherent single precipitate of SPSFA, which reflects the 

effectiveness of the coherent precipitate with the high elastic strain. The coherency strain 

field in the Fe matrix created by the lattice misfit between the matrix and precipitate 

could be effective in enhancing the matrix-hardening capability via the strong interaction 

between the precipitate and mobile dislocations, and, thus, the strain-hardening and 

strengthening behavior of HPSFA at high temperatures. Therefore, it is suggested that the 

coherent precipitate with the high level of the misfit strain of HPSFA is effective in 

improving the load transfer from the matrix to the precipitate at 973 K, and, thus, the 

mechanical properties at high temperatures. 

5.5.3 Load Transfer 

As a comparison, our earlier work investigated the evolution of interphase and 

intergranular lattice strains of FBB8 during in-situ tension and creep experiments up to 

973 K, using ND [54, 55]. In this case, no clear load transfer from the matrix to the B2 

precipitate was observed, owing to the diffusional flow along the matrix-precipitate 

interface [144], which leads to the ineffective load transfer [55]. Thus, the B2 precipitate 

alone was not an effective reinforcing media at elevated temperatures. The ND results in 
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the present study demonstrate that the hierarchical NiAl/Ni2TiAl precipitates can 

effectively assume the load from the Fe matrix during loading and creep deformation 

(Figure 56), which indicates that the diffusional flow along the matrix-precipitate 

interface is less significant in HPSFA, relative to the FBB8, resulting in the superior 

creep resistance of HPSFA. Besides dislocation climb and glide, the high-temperature 

deformation can occur via by the diffusional flow accommodated by grain boundary 

sliding, this latter mechanism depending on grain size [145-149]. Because the grain size 

of the present HPSFA is large (estimated > 200 μm), the grain-boundary sliding and 

diffusional flow are not expected to be dominant, as compared to the dislocation creep, 

especially given the relatively low homologous temperature and high stresses. However, 

we cannot exclude that slight decreases of the Fe matrix lattice strain with increasing 

creep time at 190 MPa (Figure 51) may be due to a combination of dislocation and 

diffusional creep. Future experiments where the grain size is changed systematically (e.g., 

by grain growth during homogenization) will be able to shed light on this issue. 

5.5.4 Comparison between CP-FEM and Experimental Results  

The lattice strain versus stress relationship Figure 56 provides key features in 

understanding the governing deformation mechanisms. Qualitatively, the splitting of 

lattice strains (Figure 56) indicates load sharing between the hard and soft material phases 

[150]. To investigate this load transfer further, a microstructure-based finite-element 

crystal-plasticity model was employed [130]. Details of the hardening law and other 

constitutive parameters can be found in the Table 16. The grains are randomly oriented, 

while the precipitates have the same orientations as the matrix. A subset of <hkl> 
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grains/phases are selected, with orientations parallel to the diffraction vector: The average 

Rietveld strains of the <hkl> subsets of all three phases were also taken and plotted in the 

same diagram to show agreement with the experimental results [Figure 56(c)]. The actual 

calculations use a tolerance of  5° in angle, and 1 ~ 2 % of all the grains were chosen to 

ensure a statistically-meaningful number [130]. A uniaxial compressive stress of 260 

MPa was applied on the top surface of the cubic model at 973 K. Figure 56(c) shows that 

the matrix yields at around 200 MPa, and the matrix-lattice strain starts to decrease. 

While the matrix yields, the L21 and B2 precipitates absorb the applied stress and 

continue increasing their lattice strains, as the applied stress increases. These predictions 

[Figure 56(c)] are in good agreement with the experimental results [Figure 56(a)]. This 

trend implies that the Fe matrix has reached its yield stress, while the two precipitates 

remains elastic at this stress level. In Figure 56(c), two <hkl> peaks were randomly 

chosen for each phase to be plotted in order to demonstrate the lattice-strain differences 

under the same loading conditions during the elastic-plastic behavior. The average lattice-

strain values of <hkl> peaks were also taken and plotted in the figure for each phase to 

demonstrate the agreement of the simulation results with the experimental data [Figures 

56(a) and (c)]. From this observation, it can be inferred that during loading to 190 MPa, 

the matrix starts to plastically deform, whereas the precipitate elastically deforms, and the 

load arising from the elastic/plastic misfit between the matrix and the precipitate is 

transferred to the precipitate that continues to carry strains, as experimentally verified in 

Figure 56(a). Similarly, as the creep time increases, the load from the creeping matrix is 

believed to be transferred to the elastically-deforming precipitate with increasing strains 
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during creep at 190 MPa [Figure 56(b)]. The consideration of the initial thermal residual 

stress demonstrates the same trend in Figure 56(d). 

5.6 Summary 

The deformation behavior of the Fe-Cr-Ni-Al-Ti alloys strengthened by the 

hierarchical Ni2TiAl/NiAl and single Ni2TiAl precipitates has been studied at 973 K. The 

hierarchical precipitate-strengthened alloy with 2 weight percent (wt. %) Ti contains a 

coherent hierarchical precipitate with a two-phase coupled structure of the B2-NiAl and 

L21-Ni2TiAl phases, while the single precipitate-strengthened alloy with 4-wt.-% Ti is 

reinforced by a semi-coherent single-L21-Ni2TiAl precipitate with a high density of misfit 

dislocations. Both alloys are subjected to the aging treatment at 973 K for 100 hours 

following the solution-treatment at 1,473 K for 0.5 hour, which result in the average size 

of 111 ± 27 nm for the hierarchical precipitate and 220 ± 46 nm for the single precipitate, 

respectively.  

The in-situ tension neutron-diffraction (ND) experiments on both alloys at 973 K 

were conducted to study the evolution of lattice strains on phase levels in combination 

with the crystal-plasticity finite-element model. The macroscopic stress-strain behavior is 

qualitatively consistent with the evolution of the phase strains, showing the interphase 

load transfer from the matrix to precipitate in the plastic regime. The macroscopic yield-

strength at 973 K is in quantitative agreement with the stress values evaluated by the 

classical dispersion-strengthening theory, suggesting the Orowan dislocation bypass to be 

the governing deformation mechanism for both alloys at 973 K. The crystal-plasticity 

finite-element model shows the qualitative agreement with the experimental results until 
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softening occurs where the flow stress gradually decreases with increasing plastic strain, 

reflecting the significance of the diffusional process on the deformation behavior at 973 

K. A relaxation test on the 4-wt.-%-Ti alloy at 973 K was carried out with in-situ neutron 

diffraction. These results revealed the gradual decrease in the precipitate strain 

transferred from the plastically-deforming matrix, as the relaxation time increases, which 

supports that the load-transfer capability at high temperatures is strongly affected by the 

diffusional flow along the interface between the matrix and precipitate. The in-situ 

tension tests at 973 K shows the higher level of the stress relaxation for the 4-wt.-%-Ti 

alloy during the ND measurements than that for the 2-wt.-%-Ti alloy, indicating the 

insufficient diffusional flow in the 2-wt.-%-Ti alloy with the coherent precipitate 

structure, relative to the 4-wt.-%-alloy with the semi-coherent precipitate. The load-

transfer capability of the 2-and 4-wt.-%-Ti alloys is found to be related to the precipitate 

interface structures, such as the coherent strain field in the matrix, created by the lattice 

misfit between the matrix and precipitate. The coherent strain field in the matrix of the 2-

wt.-%-Ti alloy plays an important role in enhancing the interaction between the 

precipitate and mobile dislocations, and, thus, the load-transfer capability and 

strengthening behavior of the material at high temperatures. Moreover, from the 

micromechanical modeling of the lattice strain, the load-partitioning mechanism is found 

to be load transferring from the Fe matrix to the hard precipitate during the in-situ creep 

deformation, which indicates the insufficient diffusional flow along the matrix/precipitate 

interface and a strong interaction between the matrix and mobile dislocations. This trend 

is in sharp contrast to the behavior of FBB8 at 973 K. These results could provide a new 
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alloy-design strategy, accelerate the advance in the development of elevated-temperature 

engineering materials, and broaden the applications of ferritic alloys at higher 

temperatures. 
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CHAPTER 6 SUMMARY AND CONCLUSIONS 

The integrated experimental and theoretical techniques have been employed to 

investigate the structure-property relationships and deformation mechanisms of newly-

designed ferritic alloys. The alloys are strengthened by either a single L21-Ni2TiAl 

precipitate or hierarchical L21-Ni2TiAl/B2-NiAl precipitate, and exhibit the superior 

creep resistance, relative to a NiAl-strengthened ferritic alloy (denoted as FBB8 in this 

study) and conventional ferritic steels at 973 K, which makes it ideal for high-

temperature applications. 

Systematic microstructural investigations were conducted on the hierarchical or 

single-precipitate-strengthened ferritic alloys, which are aged at 973 K for 100 hours after 

the solution treatment at 1,473 K for 0.5 hour, using transmission-electron microscopy 

(TEM), in-situ neutron-diffraction (ND), and atom-probe tomography (APT). Novel 

hierarchical or single-precipitate-strengthened ferritic alloys were developed by adding Ti 

into the NiAl-strengthened ferritic alloy. The addition of the 2-wt.-% Ti leads to the 

coherent hierarchical precipitate consisting of the parent L21-Ni2TiAl phase, which is 

reinforced by the narrow B2-NiAl zones, whereas the addition of the 4-wt.-% Ti results 

in the semi-coherent single L21-Ni2TiAl precipitates. These precipitates are embedded in 

the Fe matrix. The ND results reveal that the hierarchical structure gives rise to coherent 

interfaces between the Fe and precipitate phases with optimized misfit strains, which 

leads to the excellent creep resistance at 973 K. Moreover, the TEM results from the crept 

sample of the hierarchical-precipitate-strengthened ferritic alloy exhibit a strong 

interaction between the matrix and mobile dislocations.  
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The microstructural evolution of the hierarchical or single-precipitate-

strengthened ferritic alloys was studied during aging treatments at 973 K following the 

solution treatment at 1,473 K. The detailed microstructures were characterized, using 

TEM, scanning-electron microscopy (SEM), and APT. Moreover, Vickers-hardness tests 

were conducted to study the effect of the microstructural evolution on the strengthening 

behavior of the materials. Both alloys contain a single L21-Ni2TiAl phase as a primary 

precipitate with the different morphology, sizes, and inter-phase structures in the 

solution-treated state. The 2-wt.-%-Ti alloy consists of a coherent and cuboidal 

precipitate, which is reinforced by narrow anti-phase boundaries with an approximate 

width of ~ 10 nm within the precipitate. In contrast, the addition of the 4-wt.-% Ti 

content gives rise to a semi-coherent and irregular/polygonal-shaped precipitate, and the 

precipitate is decorated with misfit dislocations at the interface between the matrix and 

precipitate. During the subsequent aging treatments at 973 K, both alloys show different 

microstructural evolutions in terms of the internal structure, interface structure, and 

spatial arrangements of the precipitates (the alignment of the interface and small inter-

separation of the precipitates), which are closely associated with the coherency strain.  

The deformation behavior of the hierarchical or single-precipitate-strengthened 

ferritic alloys has been studied, using in-situ tension/relaxation/creep neutron-diffraction 

experiments. The in-situ tension ND experiments on both alloys at 973 K were conducted 

to study the evolution of lattice strains on phase levels in combination with the crystal-

plasticity finite-element model. The macroscopic stress-strain behavior shows the 

qualitative agreement with the evolution of the phase strains. Specifically, the clear 
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interphase load-transfer from the matrix to precipitate in plastic regime is observed. The 

macroscopic yield-strength at 973 K is in quantitative agreement with stress values 

evaluated by the classical dispersion-strengthening theory, suggesting Orowan dislocation 

bypass to be the governing deformation mechanism for both alloys at 973 K. A relaxation 

test on the 4-wt.-%-Ti alloy at 973 K was conducted with the in-situ neutron diffraction. 

These results revealed the gradual decrease in the precipitate strain transferred from the 

plastically-deforming matrix, as the relaxation time increases, which supports that the 

diffusional flow occurs along the interface between the matrix and precipitate, which 

strongly affects the load-transfer capability at high temperatures. It was observed that the 

level of the stress relaxation for the 4-wt.-%-Ti alloy is higher than that for the 2-wt.-%-

Ti alloy during the in-situ tension experiment, reflecting the insufficient diffusional flow 

in the 2-wt.-%-Ti alloy with the coherent precipitate structure, relative to the 4-wt.-%-Ti 

alloy with the semi-coherent precipitate. Moreover, from the micromechanical modeling 

of the lattice strain, the load-partitioning mechanism is found to be load-transferring from 

the Fe matrix to the hard precipitate during the in-situ creep/tension deformation, which 

indicates the insufficient diffusional flow along the matrix/precipitate interface and a 

strong interaction between the matrix and mobile dislocations. This trend is in sharp 

contrast to the behavior of FBB8 at 973 K.  
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CHAPTER 7 FUTURE WORK 

The following topics will be suggested as the future work to expedite the 

potential structural application of ferritic alloys at elevated temperatures. Successful 

completion of the proposed research will help achieve an in-depth understanding of the 

structure-property relationships and broaden the application of ferritic alloys at higher 

temperatures. 

 

(1)  The current study has mainly focused on the mechanical properties at 973 K. 

Since the target temperature of the present materials is at and above 1,033 K, the 

optimization of heat-treatment conditions (solution/aging temperatures and times) 

requires a systematic microstructural study on these alloys at or above 1,033 K.   

(2)  Mechanical properties (creep, tension, and thermal fatigue) above 973 K, 

especially the creep property at stress levels close to 35 MPa and temperatures at 

or above 1,033 K are needed to be studied. 

(3)  Future experiments where the grain size is changed systematically (e.g., by grain 

growth during homogenization) can shed light on the diffusional flow 

accommodated by grain-boundary sliding.  

(4)  Detailed microstructures and dislocations need to be characterized using TEM in 

the creep-deformed samples as a function of temperature, stress, and creep time; 

(5)  The development of a creep model needs to be established, which incorporates the 

temporal evolution of microstructures that affect the creep resistance (e.g., 
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precipitate coarsening) to quantitatively predict the long-term creep behavior at 

low stresses; 

(6)  Modeling efforts are necessary, which needs to confirm the magnitude of elastic 

mismatch strains, and can open the door to a prediction of the optimal 

concentration of Ti in these alloys. 

(7)  The detailed microstructural characterizations of the interface structure between 

the phases within the hierarchical precipitate using high-resolution TEM have to 

be conducted. 

(8)  The application of secondary processes, such as rolling or forging, is needed to 

reduce the grain size, which could improve the room-temperature ductility, and 

investigate the effect of the secondary processes on the microstructures and 

mechanical properties at room and elevated temperatures.    

(9)  The investigation of oxidation and steam corrosion resistance at and above 973 K 

has to be performed.  
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 Table 1. Evolution of four generations of ferritic steels (The compositions are 

summarized in Table 2) [15]. 

Generation Years Alloy 

modifications 

Strength 10
5
 h 

creep rupture 

achieved 

(MPa) 

Example 

alloys 

Maximum 

metal use 

temperatur

e. K 

1 1960-

1970 

Addition of Mo, 

Nb, or V to 

simple 12Cr and 

9Cr Mo steels 

60 EM12, 

HCM9M, 

HT9, 

Tempaloy F9, 

HT91 

939 

2 1970-

1985 

Optimization of 

C, Nb, and V 

100 HCM12, T91, 

HCM2S 

866 

3 1985-

1995 

Partial 

substitution of 

W for Mo 

140 P-92, P-122 

(NF616, 

HCM12A) 

893 

4 Emer

ging 

Increase of W 

and addition of 

Co 

180 NF12, 

SAVE12 

923 
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Table 2. Nominal chemical compositions of ferritic steels for boilers [1]. (
*
American Society of Mechanical Engineers, 

#
Japanese Industrial Standards) 

 

Steels     

Specification Chemical Composition (mass%)  
*
ASME 

#
JIS C Si Mn Cr Mo W Co V Nb B N Others Manufactur

ers 
1-1/4 

Cr 

T11 T11 - 0.15 0.5 0.45 1.25 0.5 - - - - - - - - 

NFIH  - 0.12   1.25 1.0 - - 0.2 0.07 - - - Nippon Steel 

2Cr T22 T22 STBA2

4J 

0.12 0.3 0.45 2.25 1.0 - - - - - - - - 

HCM2S T23 STBA2

4J1 

0.06 0.2 0.45 2.25 0.1 1.6 - 0.25 0.05 0.003 - - Sumitomo 

Tempaloy 

F-2W 

- - - - - 2.0 0.6 1.0 - 0.25 0.05 - - - NKK 

9Cr T9 T9 STBA2

6 

0.12 0.6 0.45 9.0 1.0 - - - - - - - Vallourec 

Mannesman 

HCM9M - STBA2

7 

0.07 0.3 0.45 9.0 2.0 - - - - - - - Sumitomo 

T91 T91 STBA2

8 

0.10 0.4 0.45 9.0 1.0 - - 0.2 0.08 - 0.05 0.8Ni Vallourec 

Mannesman 

E911 - - 0.12 0.2 0.51 9.0 0.94 0.9 - 0.2 0.06 - 0.06 0.25Ni Sumitomo 

NF616 T92 STBA2

9 

0.07 0.06 0.45 9.0 0.5 1.8 - 0.2 0.05 0.004 0.06 - Nippon Steel 

12Cr HT91 (DIN × 

20CrMoV121) 

0.20 0.4 0.60 12.0 1.0 - - 0.25 - - - 0.5Ni Vallourec 

Mannesman 

HT9 (DIN × 

20CrMoWV121) 

0.20 0.4 0.60 12.0 1.0 0.5 - 0.25 - - - 0.5Ni Vallourec 

Mannesman 

Tempaloy 

F12M 

- - - - - 12.0 0.7 0.7 - - - - 0.03 - NKK 

HCM12 - - 0.10 0.3 0.55 12.0 1.0 1.0 - 0.25 0.05 - 0.05 - - 

TB12 - SUS41

0J2TB 

0.08 0.05 0.50 12.0 0.5 1.8 - 0.2 0.05 0.30 0.06 0.1Ni - 

HCM12A T122 SUS41

0J3TB 

0.11 0.1 0.60 12.0 0.4 2.0 - 0.2 0.05 0.003 0.05 1.0Cu Sumitomo 

NF12 - - 0.08 0.2 0.50 11.0 0.2 2.6 2.5 0.2 0.07 0.004 0.04 - Nippon Steel 

SAVE12 - - 0.10 0.3 0.20 11.0 - 3.0 3.0 0.2 0.07 - - 0.07Ta, 

0.04Nd 

Sumitomo 
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Table 3. Chemical compositions of phases in a Fe-12.6Al-10.1Cr-8.9Ni-2.2Ti-1.8Mo (at. %) alloy obtained, using the chemical 

analysis (bulk) and APT. (Co; bulk composition, CL21; L21 composition, CB2; B2 composition, Cm; Fe matrix composition, CS.P; 

secondary precipitate composition, 𝐶𝑚
′ ; combined compositions of the secondary precipitates and matrix, Cpo; primary 

precipitate compositions) 

Composition Material Phase Al Fe Ni Ti Mo Cr 

 

 

Experimental  

Bulk (Co) 12.518 64.243 8.977 2.157 1.834 10.134 

Primary 

precipitate 

L21 (CL21) 
29.253 ± 

0.230 

18.057 ± 

0.188 

36.235 ± 

0.209 

15.399 ± 

0.188 

0.466 ± 

0.037 

0.591 ± 

0.048 

B2 (CB2) 
38.206 ± 

0.039 

14.030 ± 

0.028 

42.826 ± 

0.037 

4.428 ± 

0.015 

0.075 ± 

0.003 

0.432 ± 

0.005 

Matrix Fe (Cm) 
7.096 ± 

0.018 

75.859 ± 

0.033 

1.548 ± 

0.009 

0.407 ± 

0.005 

2.283 ± 

0.010 

12.807 ± 

0.026 

Secondary 

precipitate 
B2 (CS.P) 

34.449 ± 

1.109 

17.788 ± 

0.939 

41.580 ± 

1.260 

3.105 ± 

0.437 

0.698 ± 

0.241 

2.376 ± 

0.372 

 

Calculated  

Combining 

matrix 
Fe (𝐶𝑚

′ ) 
7.858 ± 

0.044 

74.242 ± 

0.036 

2.663 ± 

0.032 

0.482 ± 

0.162 

2.239 ± 

0.152 

12.517 ± 

0.044 

Primary 

precipitate 

L21 + B2 

(Cpo) 

34.795 ± 

0.044  

16.445 ± 

0.036 

39.160 ± 

0.032 

10.163 ± 

0.162 

-0.101 ± 

0.152 

-1.255 ± 

0.044 
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Table 4. Chemical composition: Chemical compositions (in atomic percent) of the bulk 

sample, derived from chemical analyses, and the constitutive phases in the Ni2TiAl-

strengthened ferritic alloy, obtained from the transmission-electron-microscopy energy-

dispersive X-ray spectroscopy (TEM-EDS) analysis. The uncertainties for the EDS 

results are represented by the standard deviation from the measurement series. 

Phase Fe Cr Al Ni Ti Mo Zr 

Bulk 61.6 10.1 12.8 8.9 4.5 1.9 0.1 

Fe 
74.9 ± 

0.5 

12.8 ± 

0.2 

7.0 ± 

0.4 

2.1 ± 

0.2 

1.0 ± 

0.1 

2.0 ± 

0.2 

0.2 ± 

0.1 

L21 
22.9 ± 

3.7 

1.0 ± 

0.7 

25.0 ± 

2.0 

33.8 ± 

1.9 

16.5 ± 

0.9 

0.1 ± 

0.1 

0.5 ± 

0.3 
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Table 5. Lattice parameters and misfits: Average lattice parameters of the Fe and L21 

phases and corresponding misfits as a function of temperature. 

Temperature 

(K) 

Rietveld refinement 

Fe 

(Å ) 

L21 

(Å ) 

Misfit  

(%) 

300 2.88643 ± 0.00002 5.85376 ± 0.00023 1.391 ± 0.288 

845 2.90663 ± 0.00003  5.89786 ± 0.00027 1.445 ± 0.326 

973 2.91322 ± 0.00003  5.91085 ± 0.00024 1.436 ± 0.293 
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Table 6. Thermal expansion: Coefficients of thermal expansion (CTEs) of the Fe and 

Ni2TiAl phases in the Ni2TiAl-strengthened ferritic alloy. For comparison, the CTEs of 

the Fe and Fe2TiAl phases from the previous reports are included.    

Phase CTE (× 10
-5

 K
-1

) 

Fe 1.34  ± 0.08 Present study 

Fe 1.18 [151] 

Ni2TiAl 1.42 ± 0.04 Present study 

Fe2TiAl 1.45 [78] 
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Table 7. Composition estimation by structure factor: Ratio of the square of the structure 

factor (F) and intensity (I) between different L21 compounds with varying Ti and Fe 

contents, and the resulting volume fraction (Vf) of the L21 phase. 

Composition (at. %) 

(FL21)
2
/(FFe)

2
 IL21/ IFe Vf (%) 

(220)L21/(110)Fe 

(Ni35Fe15)(Al25)(Ti17.5Fe7.5) 
0.738 ±  

9.3 × 10
-5

 

0.178 ± 

0.009 

19.471 ± 

0.007 

(Ni35Fe15)(Al25)(Ti20Fe5) 
0.608 ± 

9.3 × 10
-5

 

0.178 ± 

0.009 

22.698 ± 

0.011 

(Ni35Fe15)(Al25)(Ti22.5Fe2.5) 
0.490 ± 

9.3 × 10
-5

 

0.178 ± 

0.009 

26.693 ± 

0.015 

(Ni35Fe15)(Al25)(Ti25) 
0.385 ± 

9.3 × 10
-5

 

0.178 ± 

0.009 

31.668 ± 

0.023 
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Table 8. Volume-fraction calculation: Intensity ratio of (220)L21/(110)Fe as a function of 

temperature with a composition of (Ni35Fe15)(Al25)(Ti20Fe5) of the L21 phase, and the 

resulting volume fraction (Vf) of the L21 phase. 

Phase 

Room temperature 845 K 973 K 

Neutron 

intensities 
IL21/ IFe 

Neutron 

intensities 
IL21/ IFe 

Neutron 

intensities 
IL21/ IFe 

(220)L21/(110)Fe 

Fe 
188.2 ± 

0.5 
0.178 ± 

0.009 

128.0 ± 

0.3 
0.179 ± 

0.009  

151.7 ± 

0.4 
0.184 ± 

0.010 

L21 
33.6 ± 

0.3 

22.9 ±  

0.2 

28.3 ±  

0.3  

Vf 22.69 ± 0.03 22.73 ± 0.03 23.47 ± 0.05 
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Table 9. A summary of mechanical properties at elevated temperatures of HPSFA, 

SPSFA, and FBB8, such as tension-yield strength/ductility at 973 K, and creep strength 

for 100,000 hours at 923 and 973 K. The creep strengths of 0.002C and T122 steels are 

also included for comparison. All the tension and creep samples of HPSFA, SPSFA, and 

FBB8 at 973 K were aged at 973 K for 100 hours, while the HPSFA specimens for creep 

tests at 1,033 K were aged at 1,073 K for 5 hours. 

Temperature 

Materials 
973 K 923 K 973 K 

Alloys 

Yield strength 

(MPa) 

Ductility 

(%) 

Creep strength 

(MPa) 

Creep strength 

(MPa) 

HPSFA 280 19 164 89 

SPSFA 270 23 144 - 

FBB8 [55] 120 16 71 - 

T122 [81] - - 66 18 

0.002C [6] - - 100 - 
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Table 10. APT compositions of HPSFA in the solution-treated state. Chemical 

compositions (in at. %) of constitutive phases in the HPSFA sample solution-treated at 

1,473 K for 0.5 hour, followed by air cooling, determined using APT. The uncertainties 

for APT represent the statistical counting scatter. 

Phase Al Fe Ni Ti Mo Cr 

L21 
33.95 ± 

0.20 

18.26 ± 

0.20 

36.81 ± 

0.23 

9.75 ± 

0.15 

0.37 ± 

0.01 

0.65 ± 

0.04 

Fe 
6.34 ± 

0.06 

77.20 ± 

0.18 

1.34 ± 

0.04 

0.33 ± 

0.02 

2.26 ± 

0.04 

12.49 ± 

0.12 

Secondary 

precipitate 

36.84 ± 

0.91 

13.34 ± 

0.77 

42.45 ± 

1.08 

6.90 ± 

0.58 

0.09 ± 

0.05 

0.35 ± 

0.13 
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Table 11. APT compositions of HPSFA in the aged state. Chemical compositions (in at. 

%) of constitutive phases in the HPSFA sample aged at 973 K for 500 hours after the 

solution treatment at 1,473 K for 0.5 hour, determined using APT. The uncertainties for 

APT represent the statistical counting scatter. 

Material Phase Al Fe Ni Ti Mo Cr 

Primary 

precipitate 

L21  
30.46 ± 

0.37 

18.33 ± 

0.34 

35.25 ± 

0.41 

14.71 ± 

0.31 

0.40 ± 

0.02 

0.55 ± 

0.06 

B2  
39.88 ± 

1.31 

14.16 ± 

1.00 

41.53 ± 

1.43 

3.59 ± 

0.53 

0.30 ± 

0.09 

0.49 ± 

0.19 

Matrix Fe  
6.94 ± 

0.07 

76.00 ± 

0.17 

2.16 ± 

0.05 

0.43 ± 

0.02 

1.65 ± 

0.03 

12.78 ± 

0.12 

Secondary 

precipitate 
B2  

25.61 ± 

1.72 

42.83 ± 

2.26 

22.57 ± 

1.85 

3.09 ± 

0.79 

0.43 ± 

0.06 

6.51 ± 

1.08 
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Table 12. Lattice parameters and misfits. Summary of lattice parameters and misfits 

between the Fe matrix and L21 phases for the 2-and 4-wt.-%-Ti alloys at room 

temperature and 973 K. 

Temperature 

(K) 

4-wt.-%-Ti alloy 2-wt.-%-Ti alloy 

α-Fe 

(Å ) 

L21  

(Å ) 

Misfit  

(%) 

α-Fe  

(Å ) 

L21  

(Å ) 

Misfit  

(%) 

300 

2.88950 ± 

0.000044 

5.85269 ± 

0.000182 

1.26 ± 

0.30 

2.88851 ± 

0.000027 

5.80566 ± 

0.000591 

0.49 ± 

0.19 

973 

2.91921 ± 

0.000044 

5.91624 ± 

0.000182 

1.32 ± 

0.31 

2.91507 ± 

0.000037 

5.87570 ± 

0.000682 

0.77 ± 

0.28 
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Table 13. Summary of parameters employed in the elastic-plastic constitutive law. C11, 

C12, and C44: Elastic constants, n: stress component, q: latent-hardening coefficient in the 

same set of slip systems, h0: initial hardening modulus, τs: saturated slip strength, and τ0: 

initial slip strength. 

Material Phase C11 

(MPa) 

C12 

(MPa) 

C44 

(MPa) 

τ0 

(MPa) 

τs 

(MPa) 

n h0 q 

4-wt. % 

Fe 160,000 128,000 92,000 35 157 10 100 1 

L21 120,000 97,000 56,000 > 200 - - - - 

2-wt. %  

Fe 160,000 128,000 92,000 50 157 10 500 1 

L21 120,000 97,000 56,000 > 200 - - - - 

B2 130,000 106,000 70,000 > 200 - - - - 
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Table 14. Summary of lattice parameters and misfits between the Fe matrix and L21 

phases for the 2-wt.-%-Ti alloy at room temperature up to 973 K. 

 Rietveld refinement 

Temperature 

(K) 

α-Fe 

(Å ) 

L21 

(Å ) 

Misfit  

(%) 

300 2.88941 5.82247 0.753 

647 2.90151 5.8507 0.818 

747 2.90557 5.86175 0.867 

847 2.90957 5.87100 0.887 

898 2.91193 5.87655 0.901 

973 2.91608 5.88631 0.924 
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Table 15. Step-loading conditions (applied stress, time duration, and accumulated 

macroscopic strain) of the in-situ tension-creep experiment and Young’s modulus 

calculated from the macroscopic stress-strain curve during each loading. 

Stress 

level 

(MPa) 

Time duration 

(hours) 

Minimum strain rate 

(sec
-1

) 

Accumulated strain 

(%) 

Young’s 

modulus 

 (GPa) 

100 2 5.09 × 10
-9

 0.10 110.5 

150 4 9.11 × 10
-9

 0.18 111.1 

190 15 2.42 × 10
-8

 0.48 100.0 

220 10 3.41 × 10
-7

 2.5 83.3 

235 1 - 8.8 (fracture) 46.9 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



 

135 

 

Table 16. Summary of parameters employed in the elastic-plastic constitutive law. C11, C12, and C44: Elastic constants, n: stress 

component, q: latent-hardening coefficient in the same set of slip systems, h0: initial hardening modulus, τs: saturated slip 

strength, τ0: initial slip strength, and α: slip-system number. 

Parameter 

Phase 

𝑪𝟏𝟏 

(MPa) 

𝐂𝟏𝟐 

(MPa) 

𝐂𝟒𝟒 

(MPa) 

n q 𝐡𝟎 

(MPa) 

𝛕𝐬 

(MPa) 

𝛕𝟎 

(MPa) 

𝛂  

(/°𝐜) 

Fe 113,800 96,000 51,100 10 1.0 100 157 120 1.66 e-6 

NiAl 166,700 124,900 111,500 10 1.0 100 1,300 1,000 3.56 e-6 

Ni2TiAl 152,000 103,900 94,000 10 1.0 10 1,400 1,100 3.79 e-6 
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Figure 1. A graph showing the improvements in the plant efficiency achieved by 

increasing the steam temperature and pressure. 
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Figure 2. Allowable stresses for various classes of alloys [13]. 
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Figure 3. Illustration of a header [12]. 
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Figure 4. Historic evolution of materials in terms of increasing creep-rupture strength 

[15]. 

 

 

 

 

 

 

 

 

 

 



 

140 

 

 

Figure 5. Microstructures of 9Cr-2W (weight percent) steel after tempering: (a) optical 

and (b) transmission-electron micrographs [18]. 
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Figure 6. Creep-rupture curves for 0.5Mo steels showing sigmoidal shape of curves [19]. 
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Figure 7. A schematic illustration of the proposed research. 
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Figure 8. Dark-field (DF) transmission-electron-microscopy (TEM) images showing the 

microstructures of FBB8 and a schematic in the inset illustrating the microstructures of 

FBB8. 
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Figure 9. Schematic illustration of the microstructures of SPSFA and HPSFA and 

electron-diffraction patterns of B2 and L21 phases. Schematic illustrations of (a) the 

single-phase L21-Ni2TiAl-precipitate and (b) two-phase hierarchical B2-NiAl/L21-

Ni2TiAl-precipitate structures. Crystal structures for (c) the B2-NiAl and (d) L21-

Ni2TiAl, and Ni atoms are colored in green, Al atoms in blue, and Ti atoms in red. 

Corresponding electron-diffraction patterns along the [101] zone axis for (e) the B2-NiAl 

and (f) L21-Ni2TiAl. 
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Figure 10. Schematic illustration of electron-diffraction patterns of B2 and L21 phases. 

Electron-diffraction patterns based on the coexistence of both B2-NiAl and L21-Ni2TiAl 

phases along (a) the [100] and (b) [101] zone axes. Blue, green, and red spots represent 

the fundamental, B2-, and L21-superlattice reflections, respectively. Note that the larger 

size of the superlattice spot indicates the higher intensity (contrast) of the reflections. 
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Figure 11.  (a) Dark-field (DF) transmission-electron-microscopy (TEM) images showing 

the microstructures of HPSFA, (b) a selected-area-diffraction-pattern, (c) and (d) false 

color dark-field (DF)-TEM images acquired along the [101] zone axis from the same 

region, using (c) <111> and (d) <020> super-lattice reflections, respectively, for the 

HPSFA alloy subjected to the solution treatment at 1,473 K for 30 minutes, followed by 

aging at 973 K for 100 hours. 
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Figure 12. Atom-probe-tomography (APT) results of the B2 and L21 phases in the 

primary precipitate, (a) iso-concentration surfaces of 10-at.-% Ti (yellow) and 10-at.-% 

Ni (green), and (b) a composition profile of the B2 and L21 phases along the 1-D profile 

in (a) 
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Figure 13. APT results from the secondary precipitates: (a) a 7.6-at.-% (Ni + Ti) iso-

concentration surface (green), (b) composition profile between the matrix and secondary 

precipitate, and (c) histogram for the size distribution of the secondary precipitates with 

an inset of the needle volume employed to acquire the size distribution. 
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Figure 14. Representative neutron-diffraction patterns (intensity vs. D spacing; plane 

distance) of HPSFA measured at room temperature without loading. (b) Enlarged pattern 

clearly exhibits overlapped fundamental (110)Fe and (220)L21 peaks for HPSFA. The red 

cross represents the measured data. The green curve is the fitted profile using the General 

Structure Analysis System (GSAS) Rietveld analysis. The pink curve presents the 

difference between the fitted profile and measured data. The red and black toggles below 

the patterns represent the peak positions of the L21 and BCC-Fe phases, which are 

determined by the phase information in the GSAS program, such as the space group and 

lattice parameter, respectively. 
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Figure 15. (a) Secondary-electron microscopy (SEM), (b) a selected-area-diffraction-

pattern (SADP) of the [110] zone axis, and (c) dark-field transmission-electron 

microscopy (DF-TEM) images of the Ni2TiAl-strengthened ferritic alloy aged at 973 K 

for 100 hours after the solution treatment at 1,473 K for 0.5 hour. 
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Figure 16. (a) A high-angle annual dark-field (HAADF) scanning-transmission-electron 

micrograph (STEM) of the Ni2TiAl-strengthened ferritic alloy, taken along the [110] 

zone axis, and (b) an energy-dispersive X-ray spectroscopy (EDS) line profile of 

constitutive elements along the red line in Figure 16(a). 



 

152 

 

 

Figure 17. A plot of (Cbulk – Cmatrix) vs. (CL21 – Cmatrix) to calculate the volume fraction of 

the L21-type precipitate, based on the transmission-electron-microscopy energy-

dispersive X-ray spectroscopy (TEM-EDS) analysis in Table 4. 
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Figure 18. Plots of (a) lattice parameters and (b) thermal lattice strains of the Fe matrix 

and Ni2TiAl precipitate as a function of temperature. 
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Figure 19. Comparison of the creep resistance of the precipitates-strengthened ferritic 

alloys.  (a) A plot of the steady-state creep rate versus applied stress for HPSFA, SPSFA, 

FBB8, and commercial ferritic steels (P92 and P122) from compression and tension creep 

tests at 973 K, and best-fit curves obtained from a linear least-squares regression of 𝜀̇1/𝑛 

vs. 𝜎𝑎 − 𝜎𝑡ℎ with n = 4 are also indicated. (b) A plot of the applied stress versus time to 

rupture at 973 K on the log-log basis for HPSFA, SPSFA, FBB8, and commercial ferritic 

steels (P92, P122, T91, T122, and 12Cr). 
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Figure 20. Comparison of the creep behavior between FBB8 and HPSFA. Creep-strain-

rate versus time at 973 K, 100 MPa for FBB8 and 160 MPa for HPSFA, respectively. It 

can be observed that the creep-deformation process of HPSFA is composed of the well-

defined secondary-creep region, while an extended tertiary creep accounts for much of 

the creep life in FBB8 after the primary creep where the creep rate gradually decreases. 
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Figure 21. A plot of (Cpo - CL21) vs. (CB2 - CL21) used to calculate the volume fractions of 

B2 and L21 phases within the primary precipitate by (a) ignoring the secondary 

precipitate and (b) considering the secondary precipitate. The volume fraction of the 

primary precipitate (Vpo), which gives the best linear fit, is indicated on each plot. An 

inset scanning-electron-microscopy (SEM) image in (b) shows Mo-, Cr-, and Zr-rich 

phases. 
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Figure 22. Representative neutron-diffraction pattern of SPSFA measured at room 

temperature without loading. An enlarged pattern in the inset clearly exhibits well-

separated (110)Fe and (220)L21 peaks. The red cross represents the measured data. The 

green curve is the fitted profile, using the General Structure Analysis System (GSAS) 

Rietveld analysis. The pink curve presents the difference between the fitted profile and 

measured data. 
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Figure 23.  Single-peak-fitting (SPF) result on a partially-overlapped (110)Fe/(220)L21 

peaks at room temperature. The red cross represents the measured data. The green curve 

is the fitted profile, using the General Structure Analysis System (GSAS). The pink curve 

presents the difference between the fitted profile and measured data. 
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Figure 24. Schematics illustrating the distinct strain fields of the as-aged microstructure 

before creep deformation, depending on the interface structures of the precipitates. (a) A 

single bi-material precipitate-matrix interface of SPSFA. (b) Multiple tri-material 

interfaces within the precipitate and between the precipitate and matrix of HPSFA. 
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Figure 25. Temporal evolution of the precipitate sizes of HPSFA and FBB8 at 973 K. 

Note that the HPSFA specimens were aged at 973 K for 100 hours, followed by creep 

tests, and the precipitate sizes of HPSFA were derived from the grip sections of the crept 

samples at 973 K (no stress). The FBB8 specimens were aged at 973 K as a function of 

time. Since the precipitate of HPSFA is of an elongated shape, the width and length of the 

precipitate were separately determined. In contrast, since the precipitate of FBB8 has a 

spherical morphology, the diameter of the precipitate was employed.  
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Figure 26. STEM image on the crept HPSFA. A bright-field (BF) scanning-transmission-

electron-microscopy (STEM) image of an HPSFA sample crept at 140 MPa and 973 K, 

which was interrupted by cooling down to room temperature under the applied stress at 

the creep time of 200 hours (red arrows: dislocations, blue arrows: precipitates). 
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Figure 27. The determination of creep strengths with Larson-Miller parameter. Larson-

Miller plot for HPSFA, T122, and 0.002C steels, the LMP values at 923 and 973 K for 

100,000 hours are indicated by dotted lines in the plot. (T122: Fe-10.65Cr-1.87W-

0.86Cu-0.6Mn-0.33Mo-0.31Si-0.36Ni-0.19V-0.13C-0.057N-0.05Nb-0.007Al-0.0024B, 

and 0.002C: Fe-9.0Cr-3.0W-3.0Co-0.2V-0.06Nb-0.002C in weight percent) 
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Figure 28. The microstructure of the 2-wt.-%-Ti alloy solution treated sample at 1,473 K 

for 0.5 hour, followed by air-cooling. (a) Selected area diffraction pattern along the (101) 

zone axis, (b)-(d) dark-field (DF) transmission-electron microscopy (TEM) images using 

(b)-(c) the <111> reflection and (d) the <222> reflection. 
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Figure 29. Atom-probe-tomography (APT) characterization of HPSFA solution-treated at 

1,473 K for 0.5 hour (no aging) (a) iso-concentration surface of 5-at.-% Ni (green) and 5-

at.-% Ti (yellow), and atom maps (b) Al, (c) Ni, (d) Fe, and (e) Ti. 
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Figure 30. Composition profiles (a) along the red arrow in Figure 29(a), (b) between the 

Fe matrix and primary L21 precipitate, and (c) between the Fe matrix and secondary 

precipitate. 
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Figure 31. The microstructure of the 2-wt.-%-Ti alloy aged at 973 K for (a)-(b) 10 hours 

and (c)-(d) 100 hours. (a)-(b) Dark-field (DF) transmission-electron microscopy (TEM) 

images acquired along the (101) zone axis, using the <111> and <222> reflections, 

respectively. (c) A DF-TEM image along the [100] zone axis using the <002> reflection, 

and (d) bright-field (BF) TEM image. 
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Figure 32. Scanning-electron microscopy (SEM) images of the 2-wt.-%-Ti samples 

subjected to the solution treatment at 1,473 K for 0.5 hour, followed by aging at 973 K 

for (a) 200 hours, (b) 300 hours, and (c) 500 hours. 
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Figure 33. (a) Bright-field (BF), (b) and (c) dark-field (DF) transmission-electron 

microscopy (TEM) images along the (110) zone axis on the same region for 2-wt.-%-Ti 

alloy subjected to the aging treatment at 973 K for 500 hours. (b) and (c) DF images are 

taken using the <111>  and <222> reflections, respectively. White dotted lines indicate 

the overall morphology of the precipitate in (a), and white and red arrows denote the B2 

and L21 phases in (b) and (c), respectively. 
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Figure 34. TEM and APT characterization of HPSFA aged for 500 hours. (a)-(b) dark-

field (DF) transmission-electron-microscopy (TEM) images and (c) two iso-concentration 

surfaces of 10-at.-% Ti (yellow) and 10-at.-% Ni (green). The DF-TEM images (a) and (b) 

are acquired on the same region along the (101) zone axis using the <111> and <222> 

reflections, respectively. (d) An iso-concentration surface of 7.6-at.-% Ni. 
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Figure 35. APT characterization of HPSFA aged for 500 hours. (a) and (b) Proximity 

histograms of 15-at.-% Ni and 7.5-at.-% Ti iso-concentration surfaces, respectively. (c) A 

proximity histogram of the secondary precipitates shown in Figure 34(d) for the HPSFA 

sample aged at 973 K for 500 hours after the 1,473 K, 0.5 hour solution-treatment, and (d) 

a radius-frequency histogram of the small precipitates obtained from the iso-

concentration surface of 7.6-at.-% Ni in Figure 34(d). 
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Figure 36. (a) A scanning-electron-microscopy (SEM) image, (b) a selected-area-

diffraction-pattern (SADP) along the (101) zone axis, (c) dark-field (DF) transmission-

electron-microscopy (TEM) image using the <111> reflection, and (d) a bright-field (BF) 

TEM image for the 4-wt.-%-Ti sample only solution-treated at 1,473 K for 0.5 hour, 

followed by air cooling. 
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Figure 37. Scanning-electron microscopy (SEM) images of the 4-wt.-%-Ti samples 

subjected to the solution treatment at 1,473 K for 0.5 hour, followed by aging at 973 K 

for (a) 1hour, (b) 10 hours, (c) 50 hours, and (d) 100 hours. 

 

 

 

 

 

 

 

 

 



 

173 

 

 

Figure 38. (a) and (c) Dark-field (DF) and (b) and (d) bright-field (BF) transmission-

electron-microscopy (TEM) images of the 4-wt.-%-Ti samples subjected to the solution 

treatment at 1,473 K for 0.5 hour, followed by aging at 973 K for 1 hour (a)-(b), and 100 

hours (c)-(d). DF-TEM images in (a) and (c) are acquired along the <101> zone axis 

using the <111> reflection. 
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Figure 39. Hardness as a function of aging time at 973 and 1,033 K after the solution-

treatment at 1,473 K for 0.5 hour for SPSFA. 
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Figure 40. Schematic illustrations exhibiting the microstructural evolution of [(a), (c), and 

(e)] SPSFA and [(b), (d), and (f)] HPSFA during the aging treatments. The gray and 

orange colors of the interface lines between the Fe matrix and precipitate phases represent 

the semi-coherent and coherent states, respectively. The thickness of the interface lines 

indicates the magnitude of the elastic strain. 
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Figure 41. Hardness as a function of aging time at 973 K after the solution treatment at 

1,473 K for 0.5 hour for HPSFA and SPSFA. 
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Figure 42. Comparison of the ND results between SPSFA and HPSFA. Representative 

neutron-diffraction patterns of (a) SPSFA and (b) HPSFA measured at room temperature 

without loading. Enlarged patterns in (a) and (b) clearly exhibit well-separated and 

overlapped fundamental (110)Fe and (220)L21 peaks for SPSFA and HPSFA, respectively. 

The red cross represents the measured data. The green curve is the fitted profile using the 

General Structure Analysis System (GSAS) Rietveld analysis. The pink curve presents 

the difference between the fitted profile and measured data. 
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Figure 43. Elemental cubic model for CPFEM (a) Schematic illustration of a 15 × 15 ×

15 elements cubic model, employed in the simulation of HPSFA, and (b) the detailed 

structure of a modeled precipitate element consisting of 6 trapezoidal elements of the L21 

phase (only 4 elements are shown for better visualization) and a centered-cubic element 

of the B2 phase. 
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Figure 44. DF-TEM characterization of the precipitates-strengthened ferritic alloys. Dark-

field (DF) transmission-electron-microscopy (TEM) images showing the microstructures 

of (a) SPSFA and (b) HPSFA, and each inset of (a) and (b) shows a selected-area-

diffraction pattern (SADP) (ppt stands for precipitate). 
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Figure 45. Macroscopic stress-strain curves. Stress-strain curves recorded during in-situ 

tensile experiments at 973 K for (a) SPSFA and (b) HPSFA. 
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Figure 46. Temporal evolution of macroscopic stress. Temporal evolution of macroscopic 

stress for (a) SPSFA and (b) HPSFA during the whole in-situ tension experiments at 973 

K. Temporal evolution of the relative stress relaxation for (a) SPSFA and (b) HPSFA 

during ND measurements with respect to the plastic strain.  
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Figure 47. Lattice-strain evolution from the in-situ tension ND experiments. Average 

phase strains along the axial direction at 973 K as a function of average stress during the 

in-situ tension experiments on (a) SPSFA and (b) HPSFA.  
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Figure 48. Comparison of lattice-strain evolution between the in-situ tension ND 

experiments and CPFEM. Average phase strains along the axial direction at 973 K as a 

function of stress during tension deformation for (a) SPSFA and (b) HPSFA. The 

evolution of the average strain with respective to the macroscopic strain for (c) SPSFA 

and (d) HPSFA. Symbols are the experimental data, while lines are the simulated results.  
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Figure 49. Plot of (a) lattice parameter and (b) thermal strain of α-Fe and Ni2TiAl phases 

of HPSFA as a function of temperature. 
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Figure 50. (a) Creep-strain versus time at 973 K and (b) corresponding strain-rates versus 

time at 190, 220, and 235 MPa in a step-loading creep test. 
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Figure 51. Average phase-strain evolution of α-Fe and Ni2TiAl phases in axial and 

transverse directions at (a) 100 and 150 MPa, (b) 190 MPa, and (c) 220 and 235 MPa. 

Corresponding strain-rate curves vs. time at (b) 190 MPa and (c) 220 and 235 MPa are 

included. 
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Figure 52. Lattice-misfit evolution along the axial direction as a function of macroscopic 

strain during the entire step-loading creep at 973 K. 
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Figure 53. Temporal (hkl) plane-specific strain evolution along the axial direction at 973 

K during the in-situ creep, (a) 100 and 150 MPa, (b) 190, 220, and 235 MPa.  
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Figure 54. Strengthening contributions. Increase in yield stress as a function of precipitate 

radius at 973 K. Experimental points are obtained from the 0.2-%-yield stress 

measurements (Figure 45), and the theoretical lines are calculated from Eqs. [25] – [29] 

for the Orowan stress (σOR ) and shearing stress due to the ordering (∆σ1 ), lattice 

mismatch (∆σ2), and modulus mismatch (∆σ3) contributions. 
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Figure 55. Temporal evolution of stress relaxation. (a) Temporal evolution of the 

macroscopic stress for SPSFA and (b) corresponding evolution of the elastic strain of the 

Fe and L21 phases during the stress relaxation at 973 K.    
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Figure 56. Lattice-strain evolution in HPSFA obtained from the in-situ creep ND 

experiments and CPFEM. (a) Average phase strains along the axial direction at 973 K as 

a function of applied stress during the entire in-situ creep experiments on HPSFA. (b) 

Average phase-strain evolutions of Fe and L21 phases in the axial direction during in-situ 
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creep deformation at 190 MPa and 973 K. The strain evolution of the Rietveld average 

and (hkl) plane lattices at 973 K under a uniaxial compressive stress, obtained using 

finite-element crystal-plasticity simulations (c) without and (d) with thermal residual 

stresses, respectively. Note that the (hkl) planes of the B2 and BCC Fe phases correspond 

to (2h2k2l) planes of the L21 phase, since a L21 unit cell contains eight unit cells of the 

B2 structure. [closed symbols: Rietveld average strains, open symbols: (hkl) plane strains]  
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