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ABSTRACT
One of the major obstacles in the realization of advanced nuclear reactor concepts is the
lack of materials that can withstand the extreme conditions associated with these
environments. High-temperatures, irradiation damage, and environmental degradation all
limit the viability of conventional materials and requires the development of advanced
materials to overcome these challenges. Fortunately, alloys containing a high number
density of dispersed second phase particles, termed oxide dispersion strengthened (ODS)
alloys, have been under investigation due to their high temperature strength, their
exceptional oxidation resistance in the presence of steam, and their irradiation resistance.
Although there exists substantial data on the optimization of ODS FeCr alloys in the
literature, the increasing demand for improved oxidation resistance in both current and
advanced nuclear reactors has resulted in renewed interest in ODS FeCrAl alloys that
have competitive properties in comparison to ODS FeCr alloys while simultaneously
increasing the resistance to corrosion and oxidation in nuclear environments. However,
there are still substantial gaps in knowledge pertaining to the effects of alloy composition
and thermomechanical treatments on the nanoprecipitate distributions in these ODS
FeCrAl alloys.
In this study, ODS Fe-based alloy powders with alloying additions CrAZY (Cr-Al-Zr-Y)
were fabricated using a mechanical alloying approach followed by either powder heat
treatment or alloy consolidation treatments to study the nucleation and growth kinetics
for nanoscale precipitation. Using a multi-scale approach combining the near-atomic
scale resolution of atom probe tomography (APT) with macro-scale small-angle neutron
scattering (SANS) powder experiments, it has been shown that the composition and
structure match closely to the yttrium aluminum garnet (YAG) or yttrium aluminum
perovskite (YAP) phase depending on thermal annealing temperature and time. It was
vi

also determined that Zr preferentially sequesters impurity C and N elements within the
alloy microstructure to form carbonitrides.
Using long-term coarsening data for annealed CrAZY powders, a power law coarsening
model was developed for representative thermomechanical processing temperature
ranges. Using the results of this model, an innovative two-step thermal annealing
treatment for alloy consolidation is proposed that maximizes alloy irradiation resistance
through an increase in sink-strength while also allowing for the optimization of alloy
strength and ductility.
Keywords: oxide dispersion strengthened (ODS) alloy, precipitation, coarsening, atom
probe tomography (APT), small-angle neutron scattering (SANS)
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CHAPTER 1: Introduction
1.1. The Need for Advanced Materials for Nuclear Reactors
Even though nuclear power has emerged as a robust and reliable source of
emissions-free energy across the globe, it has proved difficult for the nuclear industry to
move forward with newer reactor designs that would improve safety margins and
reliability. Many nuclear power plants are reaching the end of their licensing periods and
are seeking extensions in plant life, while next generation III and IV designs remain
unbuilt. The primary reason behind the difficulty in designing advanced Gen IV nuclear
power plants is the lack of materials that can endure the temperatures and radiation doses
that accompany these newer generation reactors. In comparison to current Light Water
Reactor (LWR) operating conditions where the maximum radiation doses for reactor
structural materials are tens of displacements per atom (dpa), advanced fission and fusion
reactor design concepts will require materials to withstand doses up to 200 dpa at
operating temperatures within the 300-1000°C temperature range [1, 2]. The temperature
and irradiation dose regimes are illustrated in Figure 1.1.
With a capacity factor of over 90% for current reactors, and with many power
plants reaching the end of their economic lifetime, the development of materials that can
withstand the extreme temperatures and radiation doses is crucial to the sustainment and
growth of nuclear power in the coming years [3]. Over the past few years, much research
has been aimed at the prospects of producing radiation resistant materials using concepts
based on high sink strengths. This concept attempts to use a high number density of
interfaces (sinks) so that defects accumulated via the radiation damage events can be
absorbed and erased under operating conditions. One class of material designed using this
approach is the oxide dispersion strengthened (ODS) alloy, which has shown great
promise in improving radiation resistance in key areas and have one of the largest
temperature operating windows for structural materials aimed at withstanding higher dpa
ranges [2].
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Figure 1.1. Nuclear reactor operating temperature and dose regimes, reproduced from [1, 2].
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Temperature Reactor (VHTR), the Super Critical Water Reactor (SCWR), the Lead Fast Reactor
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After the Fukushima Daiichi accident in 2011, there is also a renewed interest in
alloys that can increase safety margins in existing LWRs in the event of beyond design
basis accident scenarios [4, 5]. These alloys must be superior to existing Zr-based alloys
while also exhibiting the multiple qualities desirable in fuel cladding applications. These
desirable attributes include a low parasitic neutron absorption, good mechanical strength,
sufficient chemical compatibility between the cladding with both the fuel and coolant,
good thermal and irradiation stability, high conductivity and melting temperature, and
isotropic material properties.
New low-Cr (<12 wt%) FeCrAl alloys have shown promise in terms of oxidation
resistance [6], but the use of a Fe-based alloy would negatively affect the parasitic
absorption cross-section within the reactor environment; thus, to utilize these alloys as an
accident tolerant fuel (ATF) cladding, the thickness of the thin-walled cladding tube
would need to be reduced to allow an Fe-based alloy to serve as a drop-in replacement for
existing Zr-based LWR cladding [4].
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Figure 1.2. The variation of ultimate tensile strength (UTS) as a function of temperature for
stress-relieved Zircaloy-4 [7], wrought model FeCrAl alloy C35MN [8], and the CrAZY ODS
FeCrAl alloy examined in this work.

As Figure 1.2 illustrates, the ultimate tensile strength of model FeCrAl alloys
already surpasses the strength of Zircaloy. This is true even in comparison to the
properties of stress-relieved Zircaloy-4, which is much stronger than its recrystallized
version commonly used in light water reactors [7]. For these Fe-based alloys, it has been
previously illustrated that under nuclear accident scenarios, the failure of cladding tubes
through cladding burst is limited by the ultimate tensile strength of the material [9]. Due
to the successful development of ODS FeCr alloys as structural materials for advanced
fission and fusion structural materials, there is an interest to use a fine dispersion of
nanoprecipitates to further strengthen FeCrAl alloys. The superior mechanical strength
attributed to a fine dispersion of nanoparticles in the ODS FeCrAl alloys would
potentially improve burst properties by increasing the alloy’s strength while
simultaneously enhancing the radiation resistance of the cladding under normal operating
conditions.
3

Irrespective of whether the ODS FeCrAl concept is used for accident tolerance in
existing light water reactors, or if these alloys are developed for advanced fission and
fusion reactor concepts, careful attention must be paid to optimizing the dispersion of
nanoscale precipitates within the microstructure that give dispersion strengthened alloys
their beneficial material properties. In the subsequent sections, the physical basis for
designing dispersion strengthened alloys with high sink strengths is presented, followed
by a detailed review of the conventional approach for the production of these alloys.
Finally, current gaps in understanding pertaining to the optimization of nanoprecipitate
distributions in these alloys are presented with the associated objectives targeted in the
studies herein.

1.2. Radiation Damage
1.2.1. Irradiation-Induced Defects
Irradiation damage, though measured at the macroscopic level through material
property changes after irradiation, stems from atomistic interactions at the microscopic
level. Primary knock-on atoms (PKAs) generated through the interaction between
incoming particles and the material lattice are displaced from their original lattice site and
travel through the material, displacing other atoms and forming pairs of displaced
interstitial atoms and vacancies called Frenkel pairs. High PKA energies result in the
generation of more defects through these collision cascades, and these defects can
substantially change not only the mechanical properties of irradiated materials, but also
the physical properties such as shape and volume.
Although the creation of Frenkel pairs grows exponentially within these collision
cascades, luckily most of these Frenkel pairs naturally recombine and self-healing occurs,
erasing most of the irradiation damage that was generated. This self-healing is a
combination of in-cascade recombination driven by ejected interstitials recombining with
previously generated vacancies as well as spontaneous recombination aided by random
walk interstitial migration. The latter spontaneous recombination process will usually
4

occur if the existing Frenkel pair exists within a given relaxation volume, which is
dependent on temperature [10]. At higher temperatures where vacancies also become
mobile, comparable to temperatures that exist within existing and next generation
reactors, 80-90% of Frenkel defects recombine, which substantially helps alleviate issues
associated with radiation damage at the macroscopic level [11].
Surviving Frenkel defects within an irradiated material’s microstructure can
sometimes form very specific microscopic defects. As the thermal spike portion of the
cascade event comes to an end, it is well known that along the path of the cascade there
exists a depleted zone with a high concentration of vacancies, with a periphery of ejected
interstitials at a high concentration [12-14]. The high concentration of Frenkel defects in
close proximity gives rise to different types of defect clusters. A high number density of
vacancies can create perfect or faulted planar dislocation loops, cavities, and in FCC
metals stacking fault tetrahedra, while interstitials can form perfect or faulted dislocation
loops themselves [13, 15]. The energetically favored type of defect is a strong function of
both the material and the number of vacancies or interstitials [16].
Depending on the irradiation temperature, the creation and/or coalescence of these
aforementioned defects results in different macroscopic material property changes. These
irradiation effects are dependent both on temperature and dose. To more easily expand
this discussion to more material systems, a homologous temperature is defined as the
ratio between the irradiation temperature and the melting temperature of the alloy. At low
homologous temperatures (T/TM < 0.4), the development of dislocation loops and other
defects causes irradiation-induced hardening of the material [2]. This occurs at even low
irradiation doses and can result in a loss of uniform elongation (the plastic deformation
the material is able to undergo prior to entering the plastic instability “necking” regime of
the engineering tensile curve). These defects also in many cases result in an
embrittlement of the alloy through a lowering of the impact energy of the material
required for fracture. At higher doses and temperatures, other mechanisms such as
radiation induced segregation and precipitation of solute atoms will occur, which is of
specific interest for reactor pressure vessel steels [17]. In Fe-based ODS alloys with Cr
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A significant irradiation effect that is expected in the (0.3<T/TM<0.6) range is
volumetric swelling. For the ODS Fe-based alloy system, this temperature range
encompasses almost every advanced fission/fusion reactor concept (Figure 1.1).
Volumetric swelling can either be due to the coalescence of vacancies into macroscopic
voids within the material, or it could be exacerbated by the stabilization of these cavities
by He atoms generated either by transmutation reactions in fission reactors or through He
generation in the fusion reaction [1, 2]. All of these irradiation effects have been
previously reviewed by Zinkle et al. and are illustrated in Figure 1.3.
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The Importance of Interfaces: A First-Principles Approach
One methodology for designing radiation resistant materials involves the addition
of interfaces within the material. These interfaces, whether they are grain boundaries,
multiple nanoscale layers of different materials, or nanoscale precipitates within a lattice,
serve as sinks for the defects produced during irradiation. To investigate the fundamental
interactions responsible for the radiation resistance of materials with high sink strengths,
authors have used techniques ranging from molecular dynamics (MD) simulations,
Monte Carlo simulations, and ab initio simulations based on density functional theory
(DFT).
Vattre and colleagues used kinetic Monte Carlo simulations to investigate the
importance of elastic interactions on the sink strength of semicoherent interfaces in
multilayered composites for radiation resistance [27]. Due to the stress-fields surrounding
the interfaces and their interaction with nearby defects, recombination is accelerated
substantially and thus radiation resistance is increased. In addition, Jiang et al.
investigated the impact of grain boundary orientation and found that a localized
maximum in grain boundary sink strength exists for low angle grain boundaries. This is
because their MD simulations show that as the misorientation angle increases, the stress
field around the grain boundary decreases as well as the corresponding defect
stabilization area [28]. Huang et al. used the LAMMPS MD simulation code to model the
radiation resistance of a copper-graphene multilayered composite. Even though the Cu-C
interface effectively served as a successful sink for point-defect recombination, the
simulations also indicated a ballistic-mixing induced deterioration of the graphene layer
[29]. Although these studies focused on interfaces in general, the results can be readily
extended to the particle and grain boundary interfaces within ODS alloys. These
theoretical results indicate that maximizing the number of interfaces through a high
number of precipitate and grain boundary interfaces accelerates point-defect
recombination and thus decreases the available number of defects within the material.
The interface dissolution through ballistic mixing illustrates, however, that careful
attention must also be paid to the stability of the nanoprecipitates in the given irradiation
7

temperature regime to ensure that the precipitates are not suffering from dissolution due
to ballistic mixing phenomena.

1.2.2. Irradiated Nanoprecipitate Stability in Ferritic ODS Alloys
Since the high number density of precipitate interfaces directly contributes to the
irradiation resistance of Fe-based ODS alloys, it is first of importance to understand the
resistance of the nanoprecipitates to irradiation prior to examining the resistance of these
materials to macroscopic material property changes such as irradiation-induced hardening
and volumetric swelling. Since most of the ODS alloy research has focused on ODS FeCr
alloys, research is presented in this section on both ODS FeCr and FeCrAl alloys without
a consideration yet about the nature of the smallest precipitates. Questions pertaining to
the composition and structure differences between the ODS FeCr(Al) alloys will be
addressed in subsequent chapters.
In short, the nanoprecipitates within Fe-based ODS alloys with and without Al
additions are highly stable irrespective of whether ion, proton, or neutron irradiation is
considered. It is important to note, however, that the irradiation resistance of these
nanoprecipitate strengthened alloys is temperature dependent. Neutron irradiated MA957
(50 dpa at 412°C and 75 dpa at 430°C) was studied by Ribis to determine microstructural
changes and the chemical evolution following irradiation. The grain size and morphology
remained unchanged, but larger TiO2 particles lost Ti and O after irradiation due to
ballistic dissolution, which was confirmed by a peak of Ti in the matrix, a jump in
oxygen at the grain boundaries, and the dissolution of large particle interfaces after
irradiation [30]. Kishimoto et al. irradiated Fe-19Cr ODS alloys at 670°C and a dose rate
of 10-3 dpa/s using 6.4 MeV Fe ions to minimize heavy-ion implantation effects. After
irradiation, TEM investigations showed that no morphological changes occurred to the
reinforcing particles [31]. In a different ion beam study, 10 MeV Pt ions were used at 100°C and 750°C by Parish et al. to irradiate 14YWT to high radiation doses at a damage
dose rate of 10-2 dpa/s to gauge the resistance of this nanoprecipitate strengthened
material to high doses of radiation. For the low temperature ion studies, any nanoclusters
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or grain boundary solute segregation present in the original sample dissolved into a
homogeneous matrix at doses as low as 16 dpa, with only a few larger TiN particles
surviving at 160 dpa as shown in Figure 1.4. At the higher 750°C irradiation
temperature, a significant portion of nanofeatures remained within the microstructure
[32]. These results match the results of Certain et al., who performed irradiation studies
on two ODS variants (14YWT and 9Cr ODS) using 2.0 MeV protons at 400°C, and both
5 MeV Ni ions and thermal neutrons over a variety of temperatures and doses. No
substantial changes in morphology or number density were noted for the low dpa proton
and neutron irradiations. However, during the heavy ion irradiations at low temperatures,
the high dose rate coupled with the high energy of the incident heavy ion caused the
(Y,Ti,O) nanoclusters to dissolve into solution at 100 dpa and -75°C due to the low
diffusivity of the Y and Ti atoms within the lattice, while at higher temperatures there did
not seem to be a change in cluster number density. After annealing at 850°C for 5 h, the
clusters re-formed that originally dissolved during low temperature ion irradiation [33]. It
is conjectured that the nanoclusters are dynamically stable through a diffusive selfhealing process. During this process, Y and Ti atoms are ejected from the nanoculsters
due to ballistic mixing, and then these highly insoluble atoms back-diffuse to re-form the
nanoclusters at higher temperatures due to the high affinity of Y and Ti to react with free
O within the matrix. This dynamic equilibrium is supported by simulations by Lazauskas
et al. that show that yttria has the potential to absorb some propagated energy from a
displacement cascade and potentially amorphize, followed by some recovery after longer
time frames [34]. Ion irradiation studies of 12Cr ODS ferritic-martensitic alloys have
shown that the coherency of nanoprecipitates with the matrix strongly influences their
irradiation stability [35]. It was reported that coherent precipitates are more irradiation
resistant than incoherent precipitates under irradiation due to the lower surface interfacial
energy for coherent precipitates.
To date, there have been few irradiation studies on ODS FeCrAl alloys, and those
that do exist have only focused on either macroscopic material property changes [36, 37]
or studies pertaining to the radiation enhanced 𝛼′ phase in legacy high Cr ODS FeCrAl
9

Figure 1.4. Microstructure of ion irradiated 14YWT at low and high temperatures [32]
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alloys such as PM2000 [19-22]. The nanoprecipitate stability in low Cr (12 weight
percent) ODS FeCrAl after neutron irradiation was studied as a part of this
comprehensive work, and is presented later in this work to provide significant
contributions to the state-of-the-art.

1.2.3. Sink-Strength Dependence for Irradiated ODS FeCr(Al) Alloys
The mechanical properties of nanocluster and nanoprecipitate strengthened alloys
are superior to their non-strengthened counterparts, but these ODS alloys are not immune
to irradiation-induced material property changes. Though some studies have attested to
the hardening resistance of ODS alloys under irradiation [38], the ability of these
materials to mitigate radiation damage has been shown to vary greatly with sink strength.
It has been illustrated by Zinkle and Snead that above sink strengths of 1016 1/m2,
materials exhibit drastically reduced radiation hardening [1]. However, it is important to
note that even though the hardening was smallest for the 14YWT alloy with the highest
sink strength, the unirradiated 14YWT sample already started with a UTS of 1.56 GPa
and a measured uniform elongation of only 0.8% [39, 40]. In the same study it was also
shown that due to the high sink strength, 14YWT did not suffer any substantial decrease
in fracture toughness after neutron irradiation to 1.5 dpa. An increase in sink strength
between alloys drastically improves their resistance to irradiation hardening, but it also
drastically increases UTS while reducing ductility associated with the inhibition of
dislocation motion within the matrix due to a combination of Hall-Petch and Orowan
strengthening mechanisms.
Though the operating temperatures within light water reactors are too low for
volumetric swelling to become an issue for ODS FeCr(Al) alloys, in temperature regimes
relevant for advanced fission/fusion reactors volumetric void/cavity swelling must also be
considered. The morphology studies of ODS FeCr alloys indicate that at temperatures
relevant to void swelling, the nanoclusters within the microstructures are stable, which
has shown to aid in the suppression of irradiation induced void swelling. Chen et al.
performed Fe self-ion irradiations of 12Cr ferritic-martensitic ODS alloy at 475°C to
11

doses up to 800 dpa. Larger (>10 nm) nanoprecipitates were reported to be ballistically
dissolved, but smaller (~2-4 nm clusters) were unaffected by the high dpa irradiation
[41]. Furthermore, the measured void swelling was less than 5% at doses up to 500 dpa.
ODS FeCrAl samples also showed beneficial void swelling resistance up to high
irradiation doses. For instance, MA956 irradiated at the Fast Flux Test Facility (FFTF) to
205 dpa showed insignificant swelling (0.21%) with a void size and density of only 26.7
nm and 1.9x1014 m-3, respectively. MA956 even outperformed MA957 irradiated to the
same irradiation dose, where MA957 experienced 3.7% swelling with a void size of 36.1
nm and a void density of 9.2x1014 m-3 [42].
Volumetric swelling has also been studied in ODS alloys where He stabilized
cavity swelling is of importance. An in-situ method for He implantation was used by
Yamamoto et al. to inject He into ferritic ODS variants. The technique involved layering
the specimens and a NiAl substrate to utilize the 59Ni(n,𝛼) reaction within a thermal
neutron flux to generate helium [43]. ODS specimens were characterized using TEM, and
it was found that entrapped helium bubbles were associated with nanofeatures after
irradiation at 500°C to 9 dpa and 380 appm He. Volumetric swelling at 500°C was
compared for a 16Cr–4.5Al ODS alloy and a 9Cr reduced activation ferritic (RAF) steel
using dual-ion irradiation. 6.4 MeV Fe ions and 1.0 MeV He ions were used to irradiate
the steels at a dose rate of 10-3 dpa/s [44]. It was found that the ODS steel had twice the
number density of cavities at half of the size as the cavities formed in the RAF steel, and
that the ODS variant developed negligible cavity swelling to 150 dpa. The authors
attributed the superior void swelling resistance in the ODS steel to the entrapment of He
at the nano-sized sinks within the material. In a study on a different ferritic ODS alloy
(14YWT), Li et al. investigated the distribution of He bubbles and voids after
implantation of 375 keV He ions at 400°C to a fluence of 6.75x1020 He/m2. TEM and
APT were used to map the concentration of He bubbles and their association with
features within the material. 94% of implanted bubbles existed in the ferrite matrix
without any association with particular features, while less than 5% of He bubbles were
associated with nanoclusters within the material. However, almost half (44%) of
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nanoclusters were associated with a He bubble [45]. Another recent study used dual Fe
and He ion implantation (650°C, ~50 dpa, ~15 appm He/dpa) to investigate the helium
trapping capability of ODS FeCrAl alloys [46]. Multivariate statistical analysis (MVSA)
was used to identify nanoprecipitates using TEM combined with energy dispersive
spectroscopy (EDS). Identified nanoprecipitates were compared with bright-field (BF)
TEM images showing the distribution of helium bubbles within the irradiation
microstructure, and it was found that 40% of helium bubbles were associated with
nanoprecipitates within the ODS FeCrAl alloys.
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CHAPTER 2: Literature Review of ODS Alloys
2.1. Strengthening Mechanisms in ODS Alloys
The use of second phase particles to enhance the mechanical properties of
materials dates back to the early 20th century with the use of dispersed thoria particles to
reinforce Tungsten [47]. However, the fundamental theory behind the interaction of
dispersed particles and dislocations wasn’t established until decades later, when Orowan
related the strength of ODS alloys to the resistance of these particles to gliding
dislocations within the matrix [48]. Since then, the theory of dispersion strengthening has
expanded and second phase particles have been used to strengthen a variety of materials
to enhance their mechanical strength to high temperatures [49].
The simplified Orowan bowing process is illustrated in Figure 2.1, where a
gliding dislocation approaching two particles separated by a distance 𝐿 is shown [48].
The further glide of the dislocation is inhibited by the precipitates and it begins to bow
around the dispersed particles. As the dislocation continues to propagate, the edges of the
dislocation continue to bow around the particle until the dislocation dipole (two
oppositely oriented dislocation lines) locally annihilates at the opposite side of the
precipitate, resulting in two dislocation loops and the remaining dislocation line. This is a
highly simplified model because it assumes that the obstacles are incoherent and
impenetrable by the dislocation. Although this model provided a strong foundation for
dislocation-particle interactions, the assumption that the precipitates in ODS alloys are
impenetrable is not an accurate one in many cases. In addition, the model neglects
multiple aspects such as the ability of dislocations to bypass precipitates through crossslip or through direct shearing of precipitates [49].
In the case of ODS alloy development, the individual dislocation-particle
interactions require scaling to estimate macroscale properties, such as increases in the
yield strength of the alloy as a function of nanoprecipitate distributions. Thus, for cases
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Figure 2.1. Visualization of the Orowan bowing mechanism. (a) a gliding edge dislocation
approaches two dispersed particles in the glide plane, (b) the dislocation bows around the
dispersed particles, and (c) the ends of the dislocation annihilate after bowing around the particle,
leaving two dislocation loops and a resultant gliding dislocation [48].

where particles serve as obstacles for dislocation pinning, Seeger developed the widely
used dispersed barrier hardening model to estimate the increase of alloy strength, where
the effective strength of dispersed particles is incorporated through a factor 𝛼, defined as
the barrier strength factor [50]:
Δ𝜎+ = 𝑀𝛼𝜇𝑏√𝑁𝑑 ………………………………………………………

(2.1)

where 𝑀 is the Taylor factor for the material (M=3 for BCC Fe), 𝜇 is the shear modulus,
𝑏 is the Burgers vector for the gliding dislocations, 𝑁 is the particle number density, and
𝑑 is the diameter of the dispersed particles. The value for 𝛼 varies from 0 to 1, where
unity represents completely impenetrable particles.
Friedel later extended the formulation where the strength of the weaker obstacles
was accounted for by adjusting the interparticle distance to larger values, thereby
reducing the amount of bowing the dislocation experiences as it attempts to bypass the
weaker obstacles [51]:
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Δ𝜎+ = 4 𝑀𝜇𝑏𝑑𝑁 6 ………………………………………………………

(2.2)

The application of these models is highly dependent on the strength of the
dispersed phase. It has been reported that for very weak precipitates (0 < 𝛼 < 0.25), Eq.
2.2 more accurately represents particle strengthening, while for stronger particles (0.25
< 𝛼 < 1) Eq. 2.1 is more appropriate for modeling alloy strengths [52]. For ODS FeCr
alloys with dispersed 2-4 nm precipitates enriched in Y, Ti, and O, the dispersed barrier
strengthening coefficient 𝛼 is 0.2, which suggests that the high number density of
precipitates in ODS Fe-based alloys deviate substantially from ideal impenetrable
obstacles.
Although the strengthening contribution from direct particle-dislocation
interactions is significant, it is only one of many strengthening components adding to the
strength of ODS alloys. In-fact, the total yield strength of ODS alloys is a superposition
of strengthening due to precipitates (Δ𝜎+ ), grain boundaries (Δ𝜎89 ), dislocationdislocation interactions (Δ𝜎: ), solid-solution strengthening (Δ𝜎;; ), and the intrinsic
resistance of the matrix to slip (Δ𝜎= ). Because a linear summation of these strengthening
contributions erroneously overestimates the total yield strength of dispersionstrengthened alloys, Kocks [53, 54] previously developed the root mean square (RMS)
methodology based off of simulations by Foreman [55] for estimating ODS alloy yield
strength by considering that many of the strengthening mechanisms show dependency
with one another. This RMS summation is presented in Eq. (2.3) below. This
methodology has been applied with respect to both ODS alloys [56] and clustering
involved with reactor pressure vessel steel embrittlement [17].

𝜎>?; = @𝜎:A + 𝜎C9 A + 𝜎DE A + 𝜎? A ……………………………………… (2.3)
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where 𝜎? is the matrix hardening component incorporating both solid solution
strengthening and the matrix resistance to deformation (Peierls-Nabarro stress). The
matrix hardening component is defined as:

𝜎? = 𝜎= + 𝜎;; =

AFG
3HI

HANO

exp M 9(3HI) Q + ∑T 𝑘T 𝑋TV ………………………… (2.4)

In this equation, 𝜈=0.3 is the Poisson’s ratio and 𝑎 is the lattice parameter of the unit cell.
For the estimation of the solid solution strengthening component of the matrix hardening,
𝑋T and 𝑘T represent the atomic fraction and the strengthening constant for alloying
element 𝑖 used in the matrix composition. For ODS FeCrAl, solid solution strengthening
is expected for the Cr and Al additions to the ferritic matrix, and the corresponding values
of these strengthening components have previously been reported in the literature
(𝑘Z[ =27.56 MPa and 𝑘\> =9.65 MPa) [57, 58].
The strengthening component due to dislocation interactions (Δ𝜎: ) is known as
dislocation forest hardening and is primarily a function of the dislocation density 𝜌. This
is an intrinsically difficult parameter to measure because it is highly dependent on the
processing path for the ODS alloy.
𝜎: = 𝑀𝛼𝜇𝑏]𝜌 …………………………………………………………… (2.5)
The dislocation density is usually measured through electron microscopy
methods. This method only gives a snapshot of the dislocation characteristics in specific
grains and can significantly vary from grain to grain [59]. However, dislocation densities
measured through electron microscopy have generally agreed relatively well with X-ray
scattering experiments within an order of magnitude [59-61]. For extruded alloys, the
dislocation density is on the order of 1014 m-2 [59-61] while for alloys consolidated by hot
isostatic pressing (HIP) the dislocation density is an order of magnitude lower (1013 m-2)
[62].
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The strengthening component due to grain boundaries is known as Hall-Petch
strengthening. This component is inversely proportional to the square root of the average
alloy grain size 𝐷. The proportionality constant 𝑘DE is estimated through a linear
regression of the yield strength and 𝐷3/A . The total grain boundary strengthening (𝜎DE ) is
thus:
𝜎DE =

`ab
√c

………………………………………………………………… (2.6)

Recently, alterations to this RMS methodology have been made to account for
similar interaction distances between dislocation-dislocation and particle-dislocation
interactions. More specifically, Kim and colleagues have asserted that the dislocation
forest hardening component should be separated from the other terms due to its strainhardening dependence [56]:

𝜎>?;,3 = @𝜎:A + (𝜎C9 + 𝜎DE + 𝜎? )A …………………………………… (2.7)

Other authors have used a combination of linear summation and the
aforementioned RMS methodology for the estimation of ODS alloy yield strength [61,
63, 64]. These studies have argued that since the interaction distances for dislocation
strengthening and particle strengthening components are of similar magnitude, a separate
square root dependence should be incorporated for these terms while mechanisms with
larger interaction distances (grain matrix and grain boundary strengthening) should be
separate from the square root term:

𝜎>?;,A = 𝜎? + 𝜎DE + @𝜎:A + 𝜎C9 A ……………………………………… (2.8)
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As will be discussed in the following sections, there is a complex interplay
between some of the aforementioned strengthening mechanisms. Although the grain
matrix strengthening component is a function of the base composition and the Fe matrix,
a change in the effective nanoprecipitate dispersion will strongly influence the dislocation
density and the grain size. Consequently, an optimization of the alloy’s grain size and
dislocation density requires a careful evaluation of the nanoprecipitate evolution during
the annealing stages leading up to alloy consolidation.

2.2. Precipitate Nucleation, Growth, and Coarsening
To optimize the precipitate distribution for enhanced alloy strengthening and
irradiation resistance, first it is imperative to understand how the precipitates nucleate and
grow within the material. Unfortunately this is an incredibly difficult task to accomplish
because ODS alloys developed through the powder metallurgy approach exhibit highly
complex nucleation and growth kinetics. This is due to the significant deformation
associated with the mechanical alloying step of alloy fabrication. Classical nucleation
theory outlines two separate mechanisms for precipitate nucleation: homogeneous and
heterogeneous nucleation. Homogeneous nucleation is described as the formation of
precipitate embryos without relying on the existence of pre-existing defects within the
matrix [65]. This mechanism requires the change in volume free energy associated with
the nucleation of the new phase to overcome the increase in interfacial free energy and
lattice strains associated with the implantation of this new phase in the matrix. In the case
of designing Fe-based ODS alloys, oxides with a highly negative Gibbs free energy of
formation are usually added during the mechanical alloying step to ensure that the
required energy barrier for nucleation is easily overcome [66, 67]. In addition, the
addition of elements like yttrium with low intrinsic solubilities in the BCC Fe matrix
assist in the nucleation of nanoprecipitates during the heating of mechanically alloyed
powders [68].
Alternatively, heterogeneous nucleation is characterized by the preferential
nucleation of nanoprecipitates coincident with pre-existing defects within the matrix.
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These defects are generated through the deformation associated with the mechanical
alloying step of powder production and can exist as vacancies, dislocations, and grain
boundaries [65]. The increased free energy associated with these intrinsic defects allows
the precipitates nucleating on these sites to more easily overcome the energy barrier for
nucleation; thus, heterogeneous nucleation is expected to be the dominant mechanism for
nanoprecipitate nucleation in ODS alloys fabricated using the powder metallurgy
approach.
Immediately following the precipitate nucleation stage, these nuclei rapidly grow
to decrease the interfacial free energy while decreasing the local supersaturation of the
solute phase within the matrix. During the growth stage, the number density of
precipitates remains relatively constant while the sizes grow to larger sizes. The growth
of the nanoprecipitates during this stage is dominated at small sizes by the incorporation
of the solute atoms into the interface of the growing precipitate [65, 69] because the
matrix solute concentration has not reached equilibrium and the diffusion distances are
relatively short. As the precipitates continue to increase in size and the diffusion distances
increase, the further growth of the precipitates becomes limited by the rate of solute
diffusion through the matrix. For the case of supersaturated solid solutions as in the ODS
alloy system, the nucleation and growth regimes occur too rapidly and are difficult to
quantify. As a result, the only existing study attempting to capture the nucleation and
growth of nanoprecipitates in an ODS Fe-14Cr alloy (14YWT) was conducted by Zhang
and colleagues on mechanically alloyed powders annealed for up to 20h at 500°C, where
it was asserted that the strong binding between Y and the high density of pre-existing
vacancies in the mechanically alloyed powder promoted the heterogeneous nucleation
and growth of the (Y,Ti,O) nanoprecipitates within the lattice [70].
Sometime near the end of the growth regime, precipitates begin to coarsen to even
larger sizes. This is because even though the solute concentration in the matrix has
reached a presumed equilibrium concentration, the nucleated and grown precipitates now
have an increased interfacial energy at the particle/matrix boundary. This can be
illustrated by considering the same number of atoms comprised in either (a) a large
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number of small precipitates or (b) a fewer number of larger precipitates. For these
populations, the total surface area (and thus interfacial energy) is minimized for the lower
number density of coarser precipitates. The driving force for precipitate coarsening is
most commonly derived through the use of the Gibbs-Thomson relationship (also
historically known as the Thomson-Freundlich equation), which describes the effect of
the curvature of spherical precipitates on the equilibrium solubility at the
precipitate/matrix interface [71, 72]:
Agh

𝑋? = 𝑋e exp f >ij k ……………………………………………………… (2.9)
where 𝑋? is the concentration of the solute at the interface, 𝑋e is the equilibrium
concentration of the solute in the matrix, 𝛾 is the interfacial energy of the precipitate, Ω is
the atomic volume of the growing precipitate, 𝑟 is the precipitate radius, 𝑅 is the
universal gas constant, and 𝑇 is the absolute temperature. If it is assumed that small
supersaturations exist, as in the case for a low volume fraction of precipitates, the GibbsThomson relationship can be linearized:
Agp

𝑋? = 𝑋e M1 + >ij Q ……………………………………………………… (2.10)
Considering a smaller and larger precipitate in a given matrix, it can be seen from
Eqn. 2.2 that the smaller precipitate will have a higher concentration at the
precipitate/matrix interface in comparison to the larger precipitate since 𝑋? ∝ 1/𝑟 . The
result is a concentration gradient where smaller precipitates will preferentially dissolve at
the expense of the larger coarsening precipitates. In general particle coarsening, which is
otherwise generally called Ostwald ripening, can be kinetically modeled using power law
relations that give meaningful insights into the mechanisms dominating the particular
coarsening process. This power law relationship is expressed commonly as:
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𝑟 V − 𝑟=V = 𝐾V 𝑡 …………………………………………………………

(2.11)

where 𝑟 is the radius at a given time 𝑡, 𝑟= is the initial radius at the onset of coarsening,
and 𝐾V is a constant exponentially dependent on temperature. Of specific importance is
the power law exponent 𝑛, which can be used to evaluate the rate limiting mechanism for
particle coarsening.
Previous authors have derived the kinetics for particle coarsening for a variety of
limiting cases. For example, Figure 2.2 lists the three most commonly discussed cases in
the literature for scenarios in which Ostwald ripening is dominated by 3D solute diffusion
within the matrix, 2D solute diffusion along grain boundaries, and 1D diffusion along
dislocations intersecting precipitates. The most simplified approach to these derivations
assumes a zero-volume fraction approximation for precipitates, the application of the
linearized Gibbs-Thompson relationship for particle/matrix solute concentrations, and a
conservation of mass between the growing precipitate and the incoming flux of particles.
Depending on the rate limiting mechanism, the power law exponent has been
shown to vary between n=2 and n=6. For coarsening kinetics dominated by the
incorporation of incoming solute atoms into the growing precipitate, the radius is
proportional to the square root of time (n=2) [69, 73]. The corresponding proportionality
constant is approximated as:
vw

\x yz p5 g

𝐾A = f43k f

ij

k……………………………………………………… (2.12)

where 𝐶3 is a constant dependent on the specific matrix/interface system. In the case of
diffusion limited growth the power law exponent increases to n=3 and the matrix
diffusivity of the rate limiting solute atom is incorporated into the rate constant [69, 73,
74]. Both n=2 and n=3 coarsening kinetics have been well established since 1961 as the
Lifshitz-Slyozov-Wagner (LSW) theory for particle coarsening. It is through the lens of
the LSW theory that most of the coarsening papers in literature focus.
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Figure 2.2. Schematic diagrams used for the derivation of coarsening kinetics dominated by (a)
3D diffusion, (b) 2D diffusion along grain boundaries, and (c) 1D diffusion along dislocations.
Arrows define directions by which solute atoms can diffuse to the precipitate.

4

𝐾| = f}k f

yz c~ p5 g
ij

k……………………………………………………… (2.13)

Higher-order coarsening mechanisms have also been conjectured to play a role in
particle coarsening kinetics, especially in situations such as ODS alloys where
heterogeneous nucleation plays a significant part in the development of the dispersionstrengthened microstructure. Specifically of interest are the roles of dislocations and grain
boundaries on the potential coarsening kinetics. As presented in Figure 2.2, the general
scenarios for (a) 3D matrix diffusion, (b) 2D grain boundary diffusion, and (c) 1D
dislocation diffusion. For grain boundary diffusion, it is assumed that a precipitate has
nucleated on a grain boundary with thickness 𝑤 and the rate limiting mechanism for the
growth of the precipitate is the influx of solute through the shared grain
boundary/precipitate interfacial area [71, 75]. Grain boundary diffusion kinetics lead to a
power law exponent of n=4 and a corresponding constant [75]:
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In this equation, 𝐶A is a constant based on the interfacial energy of the grain boundary, 𝜃
is the angle between the grain boundary and the precipitate at the interface, and 𝐷8 is the
coefficient for grain boundary diffusion.
In the dislocation pipe diffusion formulation postulated by Ardell [75], it was
assumed that solute atoms diffused through the lattice along dislocations in one
dimension, and the growth rate was dependent on the number of dislocations (𝑍= )
intersecting the precipitate at any given moment in time in addition to the effective cross
sectional area of the precipitate (𝐴C ). Using the diffusion coefficient describing the
movement of atoms along dislocation pipes, this n=5 rate limiting mechanism gives a
constant approximated by:
| w
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The applicability of the n=4 and n=5 derivations has been questioned by many
authors, especially based on the highly specific assumptions used in their derivations. For
example, Vengrenovich [76] has noted that in Ardell’s dislocation pipe diffusion model it
is assumed that the number of dislocations intersecting the precipitate is constant, while
realistically it should change as the precipitates grow and the precipitates lose coherency
(and their respective strengthening capability). This would result in dislocation
detachment for increased precipitate sizes, adding another dependence of the constant on
the precipitate radius:
6
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Although higher-order reaction kinetics are conjectured to be possible, no
theoretical predictions exist for these possible mechanisms where n > 6. Consequently,
most ODS particle coarsening literature frame the kinetics in terms of the mechanisms
24

described here [77-79]. This work will expand on the current state-of-the-art on ODS
precipitate coarsening while also calling attention to the weaknesses of these
formulations in sufficiently explaining certain observed kinetics in dispersion
strengthened alloys.

2.3. Grain Recovery and Recrystallization
As mechanical work is performed on a material, as is in the case of high-energy
mechanical alloying processes or deformation associated with cold work, some energy is
dispersed as heat while a fraction of the energy is transferred to the material. The
mechanisms by which the deformed alloy stores this energy input is highly important in
the context of ODS alloy processing because it directly influences the resulting
microstructure of the alloy after subsequent heat treatments. This section details the
mechanisms by which energy is stored and released during the deformation and annealing
treatments associated with a particular interest in the driving forces for grain recovery,
growth, and subsequent recrystallization.
A material has two main mechanisms for the storage of energy during mechanical
deformation: lattice strain and the formation of defects within the microstructure [65].
Since the material’s lattice can only maintain a certain level of elastic strain before
becoming permanently deformed through plastic strain, most of this stored energy arises
from the formation of various defects to accommodate the increased amounts of energy
input associated with significant deformation. In fact, the lattice strain accommodation
only accounts for ~3% of the stored energy in the deformed material [65]. Consequently,
imperfections such as vacancies, dislocations, and planar defects account for most of the
stored energy, with the most important of these defects being generated dislocations. A
simplified dislocation can be envisioned simply as an extra half-plane of atoms inserted
within the lattice, and it is the formation and propagation of these planes of atoms that
results in the plastic deformation of the material [80].
In the case of powder deformation through mechanical alloying, the resultant
grain size of the powder decreases from tens of microns in the as-received gas atomized
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powder to only tens of nanometers in the ball-milled powder. This grain refinement is
directly due to the generation of a high density of dislocations, which results in the
formation of low angle and high angle grain boundaries. These boundaries are areas of
high atomic disorder that separate different regions of lattice atoms oriented in the same
direction (grains). It has been well established in the literature that a low-angle grain
boundary (defined as a boundary with less than approximately a 10-15 degree
malorientation between neighboring grains) can be represented by an array of
dislocations [80]. As the dislocation density increases the misfit between neighboring
grains increases and a higher number of smaller sub-grains begin to form within the
deformed material. The result is a highly refined grain structure with an incredibly high
dislocation density (>1016 m-2) and an unstable microstructure needing to release this
increased stored energy during subsequent thermal annealing treatments.
Upon subsequent thermal annealing treatments in the deformed state, the material
attempts to release this increased stored energy through a combination of recovery and
grain recrystallization phenomena listed in terms of increasing required activation
energies. The first of these phenomena, recovery, is generally defined as modifications to
the defect structures in the material that occur before the onset of the nucleation and
growth of strain-free grains through recrystallization [81]. At low temperatures, recovery
comprises the recombination of point defects such as vacancies with interstitials,
dislocations, and grain boundaries. As the temperature increases and dislocations become
mobile, mechanisms such as dislocation dipole annihilation, polygonization, and
coalescence also begin to occur [80, 81].
To better visualize these mechanisms, consider a collection of dislocations
presented in Figure 2.3. For dislocations on the same glide plane with opposite Burgers
vectors (a dislocation dipole), such as dislocations labeled A and B in the figure, an
annihilation process can occur if these dislocations glide toward each other, thereby
restoring the local matrix to the undeformed state. Dislocation dipole annihilation is a bit
more complicated for cases where the dislocations are propagating along different glide
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Figure 2.3. A collection of edge dislocations in a deformed crystal along glide planes, from [82]

planes, as is the case for dislocations C and D. In this case, it will require one of the
dislocations to climb to the same glide plane for dipole annihilation to occur [82].
In addition to dislocation dipole annihilation, polygonization and subgrain
coalescence are additional recovery mechanisms that allow the material to lower its
stored energy upon annealing. Polygonization has been discussed by various authors [8082]. This mechanism occurs due to the tendency of dislocations to reorganize and stand
atop one another to form low angle (twin) grain boundaries, as illustrated in Figure 2.4
[82]. In the case of neighboring grains with low-angle grain boundaries with minimal
misorientations, the collective movement of dislocations allows for reorientation of the
subgrain cell walls so that uniform cells can be formed [81]. An illustration of this
mechanism is represented below in Figure 2.5.

Figure 2.4. Depiction of dislocations in (a) the as-deformed state, (b) after dipole annihilation,
and (c) after the polygonization process [82].

27

In all of these mechanisms, a fraction of the stored energy is expended through
the activation of the defects within the deformed material. The remaining stored energy
serves as the driving force for the nucleation and growth of new strain-free grains in a
process called recrystallization. In ODS alloys, the recrystallization process is quite
complex and can be separated into either primary or secondary recrystallization stages. In
primary recrystallization, grains nucleate and grow homogeneously while in secondary
recrystallization, certain grains grow rapidly at the expense of neighboring grains within
the microstructure resulting in a highly bi-modal grain structure. For this reason,
secondary recrystallization is often termed “abnormal grain growth”.
For recrystallization to occur, new grains must first nucleate within the deformed
microstructure. Classical nucleation theory describes the nucleation of these new grains
as random thermal fluctuations of the atoms that create small crystallites that
subsequently grow within the material due to the high interfacial energy of the small
crystallite size [83]. In many materials, however, a different mechanism for the formation
of recrystallization nuclei has been observed that extends to the ODS alloy systems

Figure 2.5. Steps associated with the subgrain coalescence mechanism resulting in a new grain
with uniform subgrain texture [81].
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studied in literature [82, 84]. This mechanism, titled strain-induced grain boundary
migration (SIBM), results from the heterogeneity of dislocation densities across two
neighboring grains [85]. Consider the case where two neighboring grains have dislocation
densities 𝜌3 and 𝜌A as shown schematically in Figure 2.6. Bailey and Hirsh established
that to accommodate the interfacial energy of the protruding grain boundary, the energy
difference across the boundary must be balanced by the stored energy difference across
the boundary due to the difference in dislocation densities between grains 1 and 2.
Consequently, for the growth of the hemispherical protruding boundary with equivalent
radius R, it was found that [85]:

𝑅>
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………………………………………………………………… (2.17)

where the energy stored by dislocations is a function of the dislocation density [82]:
3

𝐸C = A 𝜇𝑏 A 𝜌C ……………………………………………………………

(2.18)

Thus the minimum bulge radius required for the boundary to grow into the grain
of higher dislocation density is inversely proportional to the dislocation density
difference across the boundary (Eq. 2.17). For the case of ODS alloys with an abnormally
high dislocation density, it follows that a high number of very small recrystallization
nuclei can form due to the minimization of the critical bulge radii.
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(2.17)

For ODS alloy powders annealed following mechanical alloying, differentiating between
primary and secondary recrystallization processes is quite difficult, specifically due to the
nucleation of recrystallization sites through the SIBM phenomenon. Sallez has
extensively studied the abnormal grain growth of ball milled and annealed ODS FeCr
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Figure 2.6. (a) The SIBM mechanism describing the bulging of a grain boundary between grains
of high and low dislocation density, (b) the dragging of the dislocation cell structure by the
bulging grain boundary, and (c) the resulting SIBM- induced nucleus free of dislocations. Figure
reproduced from [82].

powders and has found that abnormal grain growth occurs incredibly rapidly at
temperatures as low as 800°C, corresponding with an order of magnitude drop in
dislocation density which was directly attributed to the increased mobility of grain
boundaries conceptualized through the SIBM mechanism [84].
It is important to consider the effect of precipitation on the grain growth behavior
of ODS alloys, especially in the context of annealed mechanically alloyed powders. In
the ODS literature, it is commonly asserted that due to the presence of a high density of
precipitates within the microstructure, the recrystallization temperature of popular ODS
alloys such as PM2000 and MA957 is on the order of 0.9TM [86-88], where TM is the
melting temperature of the alloy. However, it was just noted for mechanically alloyed
ODS powders that this temperature has decreased to only ~0.5TM. To better understand
this discrepancy, it is important to consider the driving forces behind the migration of a
migrating grain boundary recrystallization front. As the grain boundary attempts to
propagate through the material, a force balance must be considered between the grain
boundary interfacial pressure (Egb), the stored energy of defects/dislocations (Ed), and the
pinning pressure by the nanoprecipitates within the lattice (Ez) [84, 89-91]:

Δ𝑃 = 𝐸89 + 𝐸C − 𝐸› =

Ag†”
i†”

+

3
A

𝜇𝑏 A Δ𝜌C −

|g†” œ•
A>•

…………………………… (2.18)
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For the highly deformed microstructure of a representative ball milled ODS alloy,
the average grain size is 𝑅89 = 25 nm [84] and 𝛾89 = 0.2 J/m2 for the ultra-fine grained
material [91], which results in a grain boundary pressure of 𝐸89 = 16 MPa. With a
Burgers vector of b = 0.248 nm for the ferritic alloy [57], 𝜇 = 81.07 GPa for a
nanostructured ODS alloy 14YWT [92], and a representative dislocation density of Δ𝜌C =
7x1015 m-2 in recovered but non-recrystallized mechanically alloyed powder [84], the
stored energy contribution is calculated to be 𝐸C = 17.5 MPa. For a representative ODS
nanoprecipitate particle size distribution, the average radius is 𝑟+ = 2 nm with a volume
fraction of only 𝑓+ = 0.01, resulting in a Zener pinning pressure [93] of only 1.5 MPa.
Thus, for the mechanically alloyed powder undergoing a thermal annealing treatment, the
driving pressures for grain growth are an order of magnitude larger than the pinning force
by the nanoprecipitates. Consequently, in the pre-consolidation annealing stage
comprising ODS alloy consolidation, significant grain growth through secondary
recrystallization processes is expected and the high temperature stability is only realized
after subsequent thermomechanical treatments that decrease the dislocation density and
increase the final grain size.
Although the underlying mechanisms for grain nucleation, recrystallization and
abnormal grain growth are important in this context, the reader is referred elsewhere for a
more comprehensive discussion on the subject [65, 81, 82, 84]. As will be extensively
discussed in this work, however, this abnormal grain growth has significant implications
on the as-consolidated microstructures of the ODS alloy, which is irrespective of the
consolidation methodology.

2.4. Conventional Processing Route for ODS Alloys
ODS alloys have been historically manufactured using a mechanical alloying
approach followed by consolidation at high temperatures. Mechanical alloying has been
preferred as the mechanism for oxide dispersion due to its high degree of reproducibility.
There are many different types of consolidation methods, such as hot-extrusion (HE),
hot-isostatic pressing (HIP), and spark plasma sintering (SPS), but hot-extrusion has
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Figure 2.7. Schematic of the general powder metallurgical process used for the fabrication of an
ODS alloy, where the consolidation method is chosen to be extrusion.

historically proven to be the most successful in comparison to other methodologies and
will be used to perform all of the proposed research in this work. Figure 2.7 illustrates
the steps in the processing route for ODS alloys. This section reviews each processing
step and how it affects the subsequent alloy properties.

2.4.1. Powder Composition Selection
Even before the ODS alloy has been fabricated through the extensive process
described in Figure 2.7, the base material must be specified in terms of the desired
elements for both the gas atomized powder composition and the type of oxide used in the
mechanical alloying process. In this context, this work focuses solely on Fe-based alloys
with additions of Cr, Al and other added elements to attain a desired microstructure. In
the development of steels, it is well known that the additions of elements can shift the
temperature dependent phase of the base metal. Pure iron undergoes a phase transition at
912°C from the BCC phase to the face-centered cubic (FCC) structure, and by controlling
the cooling rate this FCC phase can transform into the martensitic phase (either a BCC or
body centered tetragonal (BCT) structure), which allows for the tuning of the mechanical
properties for required applications. It is this phase transformation capability that has
made ferritic/martensitic (F/M) alloys popular both in ODS and non-ODS variants.
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Although some F/M steels may be cited in this literature review for the purpose of better
understanding the irradiation resistance or thermomechanical response of these alloys,
this work focuses primarily on fully ferritic (BCC-Fe) ODS alloys. Consequently, much
discussion will focus on popular ODS FeCr alloy 14YWT, and legacy ODS FeCr
(MA957) and FeCrAl (MA956 & PM2000) alloys. The compositions of these alloys are
listed below in Table 2.1. Due to the fully ferritic nature of these materials and the desire
to prevent the precipitation of coarse embrittling carbide phases, these materials have
consistently low C contents (<0.01 wt%) and thus are terms alloys in this work and not
steels.
Figure 2.8 shows that as the Cr content increases beyond 12 wt.%, the high
temperature FCC-Fe phase (also known as 𝛾-Fe or austenite) disappears and the BCC-Fe
phase (termed 𝛼-Fe or ferrite) remains stable up until the point of melting [94].
Chromium is not the only element that can alter the phase stability of Fe. In-fact,
elements such as Cr, Si, Mo, V, Al, Nb, Ti, W, Zr, and others are all ferrite stabilizing
alloying additions while Ni, Co, Mn, Cu, N, and C conversely stabilize the austenite
region (expanding the 𝛾-Fe loop) [95]. The ferrite stabilization capabilities of these
elements can be estimated through a chromium equivalent formula, which can be visually
illustrated through Schaeffler diagrams [96]. The equivalent chromium is calculated as:
Creq (wt.%) = (Cr)+2(Si)+1.5(Mo)+5(V)+5.5(Al)+1.75(Nb)+1.5(Ti)+
0.75(W)+0.5(Ta) ………………………………………………… (2.19)

Table 2.1. Nominal Composition of Popular Ferritic ODS Alloys
Alloy

Fe

Cr

Ti

Mo

W

Al

Y2O3

14YWT

Bal

14

0.4

0

3

0

0.3

MA957

Bal

14

1.0

0.3

0

0

0.3

PM2000

Bal

20

0.5

0

0

5.5

0.5

MA956

Bal

20

0.5

0

0

4.5

0.5
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Figure 2.8. The Fe-Cr phase diagram from [94]

From this equation, it is possible to use a lower amount of Cr to guarantee the
formation of a fully ferritic structure if strong ferrite stabilizing elements such as Al are
added to the alloy. This becomes important due to the well-known Cr-rich 𝛼′ phase that
forms under both thermal aging and under irradiation at temperatures below 450°C [1826]. The Fe-Cr phase diagram shows this 𝛼 − 𝛼′ phase instability region at low
temperatures. Luckily, previous authors have already optimized the Fe-Cr-Al matrix
composition to minimize 𝛼 − 𝛼 Ÿ phase separation phenomena while simultaneously
preserving the ferritic structure and the resistance of FeCrAl alloys in both hydrothermal
corrosion and high temperature steam oxidation [97]. The Fe-Cr-Al ternary diagram with
overlaid microhardness measurements is presented in Figure 2.9. From this diagram,
ODS FeCrAl alloys have been developed with nominal compositions in the Fe-(1012)Cr-(5-6)Al range that exhibit beneficial high temperature steam oxidation resistance
and mechanical properties [98, 99] while simultaneously inhibiting the formation of the
deleterious Cr-rich 𝛼′ phase [100].
Another reason that alloying elements are added to the alloy’s base microstructure
is that the addition of substitutional elements with different atomic radii than the base
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Figure 2.9. Fe-Cr-Al Phase Diagram (α’ Cr region shown) [97]

element causes local strains in the surrounding atomic structure. The solid solution
strengthening for various elements has been measured in BCC-Fe, and the results are
summarized in Figure 2.10 [58]. These substitutional atoms strengthen the matrix
through this solid solution strengthening process, where dislocation motion becomes
affected by the local strains introduced by these lattice imperfections. In stainless steel
metallurgy, Mo has been added to steels to increase the high temperature strength of AISI
Type 316 stainless steel [95]. In ODS alloy manufacturing, Mo has been previously used
for solid solution strengthening in the MA957 alloy developed by the INCO Nickel Co.
in 1978 [101].
In addition to the control of the phases within the microstructure, certain elements
are added specifically to sequester impurity elements within the microstructure through
the formation of oxides, nitrides, and carbides within the matrix. Some of these carbides,
like those formed through the interaction of Fe and Cr with C, are quite large and can
serve as crack-propagation sites, thereby embrittling the as-fabricated alloy [58, 59].
However, some elements such as Zr, Nb, V, Mo, and W can form finer carbides, nitrides,
and oxides within the material that can more efficiently strengthen the matrix without
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Figure 2.10. Solid Solution Strengthening in BCC Fe for various elements, reproduced from [58]

accelerating the propagation of cracks though the microstructure. Elements such as Nb
and V are commonly added to stainless steels to promote the formation of MX type
carbonitrides, which are specifically of interest in F/M steels due to the ability for
secondary precipitation of a high number density of carbides during the austenite-ferrite
phase transformation. Zr and Hf both have a strong affinity for all three types of
interstitial impurity elements.
The tendency for elements to react with oxygen, carbon, and nitrogen within the
alloy is commonly discussed thermodynamically through the calculation of Ellingham
diagrams, where the standard reference states of each element are reacted with oxygen
gas, nitrogen gas, or graphite (the most common allotrope of carbon). Since the Gibbs
free energies of formation for elements in their reference states is zero, the formation
energy of the resulting oxide, carbide, or nitride phases can be compared to determine
which alloying elements form the most stable compounds and thus have the highest
affinity for the impurity element of interest. Ellingham diagrams for common oxides,
carbides, and nitrides referenced from literature are shown below in Figure 2.11, Figure
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2.12, and Figure 2.13 respectively [102-104]. Referencing the oxide Ellingham diagram
in Figure 2.11, the beneficial presence of Al in the ODS Fe-Cr matrix can be readily
seen. Due to the higher negativity of the free energy for Al in comparison to Cr, having
Al in the matrix allows this highly reactive element to react preferentially in steam
atmospheres, creating a stable and highly adherent alumina layer, which is the primary
reason that ODS FeCrAl alloys have found applications in fossil applications in the past.
The presence of Al also shifts the types of nanoprecipitates that nucleate in ODS FeCrAl
alloys in comparison to their ODS FeCr counterparts, which is discussed in the later
sections. Also of importance in the current work is Zr. In all three Ellingham diagrams,
Zr is a highly reactive element that will react with O, C, or N in the matrix, which has
resulted in differences in identified nanoprecipitate populations in ODS FeCrAl alloys
with Zr addition in the literature [105, 106].
Though not shown, yttria is the most stable of the binary oxides shown, and for
this reason this oxide is the most commonly used oxide in the fabrication of ODS Febased alloys. The stability of this phase in Fe alloys is also aided by the incredibly low
solubility of Y in the BCC-Fe matrix (Figure 2.14), which allows Y to easily precipitate
out of solution after the mechanical alloying step [68]. The final nanoprecipitate
composition within the ODS alloy is commonly not the same as the initially added oxide,
and predicting the resulting phase is much more complex than a consideration only of the
Ellingham diagram at the temperature of interest.
Ti solute additions to the base ODS FeCr matrix promote the formation of smaller
~3 nm Y-Ti-O nanoclusters within the alloy when yttria is mechanically alloyed with the
base metal powders, shifting the average crystallite sizes down from 10 nm Y2O3 [107].
The addition of Ti to ODS FeCr alloys reduces the particle size and changes the
chemistry of the nanoprecipitates, shifting from cubic and monoclinic yttria to
orthorhombic Y2TiO5 and pyrochlore Y2Ti2O7. The addition of Cr is not shown to change
the chemistry of these particles, although some authors have shared evidence of a Cr shell
surrounding nano-oxide precipitates [108-111] in ODS alloys. Zirconium and hafnium
are also being used in ODS FeCrAl alloys due to their ability to refine particle sizes in a
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Figure 2.11. Gibbs free energies for various binary oxides, referenced from [102]
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similar fashion to Ti in ODS FeCr alloys [105, 107, 112]. Zr also has the capability of
reacting with excess C and N in solution to form carbides and nitrides, potentially
alleviating the grain boundary segregation of these impurities [106, 113].
From a radiation resistance perspective, the choice of alloying elements is quite
limited if the resulting ODS ferritic alloy is required to exhibit minimal neutronic
activation in advanced fission and fusion reactor environments. Sublet and Butterworth
have evaluated the specific activities of a variety of alloying element additions in
comparison to Fe as a base material to aid in the design of reduced activation structural
materials for high fluence reactor conditions, and have categorized the alloying elements
as a function of their activities [114]. Alinger has conveniently categorized these
elements as a function of their activity, presented in Table 2.2 [115]. From this summary,
it can be seen that elements such as Mo undergo greater activation (and transmutation) in
fusion environments. Instead of Mo, the element W exhibits lower levels of activation
and for this reason Mo has been substituted for W in popular ODS ferritic alloys such as
14YWT. For the present investigation into ODS FeCrAl alloys for nuclear applications,
Al is an integral element for oxidation resistance but is a high activation element. For this
reason, ODS FeCrAl alloys may not be suitable for use as first-wall components in fusion

41

Table 2.2. Summary of elemental activities for various elements, reproduced from Alinger
Activation Category

Elements

Very Low Activation (< 2 week decay time)

Li, Be, B, C, O, Mg, Si, P, S

Low Activation (1 month – 5 year decay time)

Ti, V, Cr, Zr, W, Pb, Y

Moderate Activation (10-30 year decay time)

Mn, Fe, Zn, Hf

High Activation (>100 year decay time)

Al, Ni, Cu, Nb, Mo, Sn

reactor environments but are still viable for use as other fusion reactor components, as
accident tolerant fuel cladding candidates in light water reactors, and as structural
materials in advanced fission reactors.

2.4.2. Mechanical Alloying
The many steps involved in the processing of ODS alloys was presented
previously in Figure 2.7. Gas atomized powders are mixed with added oxide additions
prior to being mechanically alloyed (MA) in one of many types of ball mills. The alloyed
powder is then canned and degassed under high vacuum prior to being consolidated at
high temperatures to provide the final product. Thermo-mechanical treatments (TMTs)
such as hot rolling and annealing usually follow hot extrusion to carefully fine-tune the
microstructure for commercial uses. Of the many processing steps listed above, by far the
most important is the mechanical alloying step. The importance of this initial step is
crucial to the homogeneous dispersion of oxides within the microstructure and will
consequently determine the irradiation resistance and the mechanical properties. Gas
atomized powder or elemental powders are mixed with an oxide powder (conventionally
yttria) within a ball mill of some type (attrition, planetary, spex) and are rapidly deformed
and fractured due to collisions with small spherical milling media. As particles deform,
the added oxide powder is slowly incorporated into the microstructure of the gasatomized particles, creating the final alloy powder. With regards to mill types, attrition
milling is specifically beneficial because it has been shown to be an order of magnitude
more efficient in terms of milling time than planetary ball milling. Furthermore, attrition
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ball milling allows for powder batches on a semi-industrial (0.5 kg) to industrial scale
(100 kg) [116].
Mechanical alloying is not solely applicable to the ODS alloy system, even
though the process was first commercialized for Ni-based ODS alloys [117]. Instead,
many different composite and alloy systems have been investigated, providing best
practices for the ball milling of many different materials [118]. Many of the different
factors ultimately affecting the quality of the final alloyed powder are: the starting
powder size, powder handling, atmosphere, milling media size and composition, ball to
powder (BTP) ratio, milling speed/intensity, milling time, and other impurities (chamber
contamination). To decrease contamination, low carbon steel milling media has
historically been used for the development of Fe-based ODS alloys. Increasing the ballto-powder ratio has been shown to more quickly refine particle sizes, but since limits
exist on milling efficiency versus the space occupied by the milling media this variable is
not feasible to change substantially [116].
Many authors have compared different milling atmospheres specifically during
ODS FeCr processing. Iwata et al. investigated differences in ODS alloy (Fe-15.5Cr-2W4Al-1Zr-0.35Y2O3) mechanical and microstructural properties when mechanically
alloyed in either argon or hydrogen atmospheres. The H2 atmosphere provided a smaller
particle size in comparison to Ar, but resulted in lower impact properties. This was
attributed to higher nitrogen contamination as seen in the formation of carbonitrides
within the as extruded sample [119]. This formation of nitrides, however, was most likely
due to nitrogen glove box contamination and not due to the hydrogen milling since other
studies have shown superior impact properties for hydrogen milling instead of argon
milling with no nitride formation [120]. Milling in hydrogen atmosphere also led to a
lower micro-hardness for alloys consolidation through HIP [121]. Noh and colleagues
found that milling in Ar atmosphere resulted in smaller particle diameters; also, the Ar
and Ar-H2 MA samples showed homogeneous, fine grain distributions while the sample
milled in He atmosphere was bimodal in grain size distribution [122]. Cryomilling has
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shown to be the most efficient at refining the particle size and creating microstructures
with a high number density of nanoprecipitates [123].
Some authors have attempted to describe the microstructural evolution and
deformation processes during the mechanical alloying of ODS FeCr powders. Iwata et al.
tabulated the particle sizes of mechanically alloyed powders milled for up to 50h in a
planetary ball mill, but only used one milling intensity [124]. Furthermore, in a particle
morphology study of 14YWT, scanning electron microscopy (SEM), energy dispersive
spectroscopy (EDS), and X-ray diffraction (XRD) were used to study the incorporation of
solute atoms Cr, W, and Ti into the microstructure of 14YWT [125]. Mechanical alloying
was performed in a high purity Ar atmosphere for 5, 20, 35, 50 and 80h with rotation
speed of 250 rpm and the ball-to-powder weight ratio of 10:1 using a planetary ball mill.
Five stages of milling were identified for the mechanical alloying process: 1) solute
atoms coat the iron particles, forming a core-rim structure, 2) particles begin to aggregate
to form loosely bound clusters, 3) particles deform and begin to fracture into equiaxed
particles, 4) a lamellar interlayered structure forms within each particle, and 5) fracture
and re-welding of these final particles occurs, forming homogenized equiaxed particles.
This work only used one milling speed, assuming that this 5-step deformation process is
applicable to all milling intensities when it could be different based on how quickly
particles work-harden and fracture. This work also only considered elemental powders
and did not investigate the oxide incorporation into the microstructure, which is more
important when considering the homogeneous nucleation of nanoclusters after heat
treatment. Milling intensity was investigated by Rahmanifard et al. to quantify particle
size versus time distributions for different milling media sizes and milling intensities. The
authors found that decreasing the milling media size allows for more refinement of the
extracted powder size. The authors also found that increasing the milling intensity did not
affect the final particle size, but the particle size began to approach the equilibrium value
at a faster rate [126]. Massey and coworkers on ODS FeCrAl alloys found bi-modal
microstructures for milling times less than 20h and a more homogeneous microstructure
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for samples milled for 40h, which suggests that homogeneous incorporation of yttria into
the powders was not attained at milling times less than 40h [113].
Hilger et al. attempted to describe this oxide incorporation by using both XRD
and atom-probe tomography (APT) on both pure Y2O3 and additions of Y2O3 to atomized
FeCr powder milled in a high energy mill. XRD on as-milled pure Y2O3 indicated partial
amorphization of the cubic phase with no change in the monoclinic phase fraction, giving
quantitative support to the conjecture that Y2O3 is not dissolving into the FeCr matrix and
that Y and O dissolution is not occurring; instead, the milling intensity causes severe
crystallite refinement, leading to a partial amorphization of Y2O3 within the
microstructure [127]. Decreasing the initial particle size of added Y2O3 milled to create
nanostructured ODS alloys results in a finer grain distribution, a smaller nanoprecipitate
size, and improved creep properties due to the refinement of the already nanoscale Y2O3
additions [128].
From the extensive literature on the mechanical alloying of powders for the
creation of various optimized ODS microstructures, the following best-practices were
summarized for the production of the ODS FeCrAl powders in this work:
•

Initial oxide crystallite/powder size – the reduction of the initial powder particle
size of Y2O3 results in a finer grain distribution; nanocrystalline yttria powder is
used in this work with 25-50 nm crystallite sizes.

•

Powder handling – although some authors have found higher N contents in
powders handled in N2 glove boxes, most authors using Ar atmosphere did not see
issues in atmosphere contamination even if controlled atmospheres were not used.
Powder will be handled in air atmosphere before and after the ball milling process
to allow for more simplified commercial scaling if applied.

•

Milling atmosphere – Ar consistently resulted in a finer powder size and more
homogeneous microstructural and mechanical properties. Thus, Ar atmosphere
will be used for all mechanical alloying.
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•

Milling media – a finer milling media results in a finer particle size. The milling
media will be kept as small as possible (5 mm diameter steel milling media) and
the ball-to-powder ratio will be kept at 10:1.

•

Milling intensity – the use of higher milling intensities more quickly refines the
particle size due to a quicker work-hardening and fracture of the particles. During
milling, the intensity will be varied between lower rpm (350-400 rpm) and high
intensity (600-900 rpm) so that the particle size can be reduced while
simultaneously allowing for more efficient incorporation of Y and O into the
lattice. This two-step process will also help prevent “dead-zones” within the ball
mill where some powder falls in pockets without sufficient deformation.

•

Milling time – to ensure homogeneous incorporation of Y and O in the matrix,
mechanical alloying will be performed for 40h.

2.4.3. Consolidation Methods and Thermomechanical Treatments
Transforming the mechanically alloyed powder into a functional material requires
some type of consolidation methodology, which involves some combination of high
temperature and pressure to aid in the sintering of the alloyed powder into a final part.
The three most popular methodologies for conventional consolidation are hot-extrusion,
hot-isostatic pressing (HIP), and spark plasma sintering (SPS).
Extrusion is the most common consolidation process, and comprises two main
steps: 1) a pre-heating of the alloyed powder in a sealed can and 2) the forcing of this
extrusion can through a die of smaller orifice size to reduce the cross sectional area and
accelerate particle sintering/cohesion in the process. The severe deformation that defines
this technique means that minimal porosity can be achieved and large aspect ratio
components a such as tubes, rods, and bars can be easily manufactured. This significant
deformation also creates significant preferred orientations (or textures) for grains
comprising the as-extruded microstructure, which leads to anisotropic material properties
for extruded components. Previous heats of 14YWT have shown anisotropic mechanical
properties along the transverse and longitudinal (extrusion) axes due to elongated grains
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with significant associated texture. Aydogan et al. investigated different processing
methods, including both hot extrusion and isostatic extrusion. The authors determined
that compared to standard hot extrusion and cross-rolling that develops strong alpha-fiber
(001)[110] and weak gamma-fiber (111) [112] components, hydrostatic extrusion
develops only weak alpha and gamma fiber components of (001)[110] and (111)[110],
respectively. Although less texture exists for the hydrostatically extruded samples, there
exists a higher number density of low angle grain boundaries for the hydrostatically
extruded sample [92]. Similar alpha-fiber textures in the rolling direction after extrusion
have also been identified in ODS FeCr and FeCrAl alloys MA957 and MA956,
respectively [129]. Strong texture and grain elongation is associated with grain boundary
decohesion at higher temperatures, resulting in deteriorated high temperature fracture
toughness [130, 131]. Luckily, thermo-mechanical treatments (TMTs) of 9Cr ODS alloys
have been shown to enhance diffusion at grain boundaries, helping alleviate issues
associated with grain boundary decohesion previously associated with the lower fracture
toughness of 14WYT [132]. Using these hot rolling treatments, high temperature fracture
toughness of select 9Cr-ODS alloys was able to increase to over 200 MPa m1/2, which is
competitive with non-ODS alloys such as HT9.
Many studies have compared the anisotropy of different orientations in extruded
ODS alloys. Figure 2.15 shows the different types of grain orientations used for various
mechanical property measurements. 14YWT alloy FCRD NFA-1 (Fe-14Cr-3W-0.4Ti0.2Y+0.125FeO) was milled in a Zoz CM100b attritor ball mill under argon atmosphere,
extruded, and cross-rolled at ORNL for mechanical property evaluation at different
orientations. The grain structure consisted of a bimodal distribution of small (60% area
fraction) submicron grains and larger (40% area fraction) 1-10 micron grains. The
existence of microcracks parallel to the rolling and extrusion directions resulted in
cleavage fracture along low-angle grain boundaries, causing a notable difference in
tensile properties at different temperatures depending on orientation [133]. Alinger et al.
performed tensile and 3-point bend tests on extruded MA957 to study the origins of
previously observed brittle behavior. The LT orientation provided the highest values for
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Figure 2.15. Orientations Used for Mechanical Property Evaluations [130]

ductility and fracture toughness, while the TS and LS orientations had low toughness but
high ultimate tensile stress values. The existence of alumina stringers (lines of
precipitates decorating grain boundaries) existing in the fracture planes of the TS and LS
orientations indicated that the existence of these intergranular particles within the MA957
microstructure are deleterious to the fracture characteristics of the alloy, accelerating
micro-void coalescence and cleavage [134]. This same anisotropy is noted in ODS
FeCrAl alloys fabricated via hot extrusion. Chao and Capdevila analyzed the mechanical
behavior of ODS Fe-20Cr-5Al using both hardness measurements, tensile tests, and
impact testing. Hardness was a minimum for planes parallel to the LT orientation,
coupled with cracks propagating in this plane along the notch plane during impact
testing; furthermore, for the LS and TS orientations the hardness was comparable and
cracks form normal to the notch plane. Samples failed by crack propagation enhanced by
the strong <110> texture and the presence of impurities and oxides along delaminated
grain boundaries [135, 136].
In comparison to extrusion, HIP and SPS do not create significant textures during
component consolidation. In the HIP process, the sample is sealed in a can and degassed
under vacuum to prevent contamination and to desorb gas atoms from the particles. In
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this respect HIP is similar to extrusion. However, the HIP can is thinner than the
extrusion can, allowing for the can to buckle under applied pressure. This can is then
hydrostatically compressed to hundreds of MPa in pressure through the injection of an
inert gas into the chamber. Then, the furnace heats the sample for an extended period of
time to allow the high temperatures and pressures to sinter the prior particle boundaries
together to form a fully dense part [115]. In the SPS process, the powder is placed in a die
and is compressed in 1 dimension through the die orifice. After vacuum is pulled in the
SPS chamber, electric current is supplied through the die, resulting in rapid resistive
heating of the sample. The hold-times for SPS are only a few minutes in comparison to
HIP, which holds for multiple hours.
Hilger et al. performed a comprehensive comparison between these three
processes to characterize 14Cr steels milled in attritor mills, planetary mills, and
commercial mills [137]. It was found that samples consolidated via HIP and SPS had
much lower impact energies than samples formed using hot extrusion techniques; also,
HIP’d specimens exhibited a bimodal grain size, which was attributed to differences in
stored energy in the powder during the consolidation step. Similar results were obtained
for HIP’d samples by Hoelzer et al., where extruded and cross-rolled 14YWT-SM11 (4
in. can, 850°C) was compared with 14YWT-OW4 fabricated via HIP (1150°C and 200
MPa). The authors found a large area fraction of coarser grains for 14YWT-OW4
compared to a more unimodal equiaxed distribution of nanometer scale grains with some
texture for extruded 14YWT-SM11. Extrusion led to higher strength and fracture
toughness than HIP with less ductility [138]. Thermomechanical treatments such as hot
pressing and hot rolling were successful in refining microstructures of ODS specimens
consolidated via HIP while also improving Charpy impact properties [139]. A similar
study illustrated that hot rolling and high-speed hydrostatic extrusion were both
successful in improving the mechanical properties of 14Cr-ODS specimens consolidated
via HIP, but hydrostatic extrusion outperformed hot rolled specimens both in tensile
strength and ductility [140].
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Although it is quite difficult to attempt to draw conclusions about the relative
proficiencies of these processing methodologies from a few comparative studies, it is
possible to better understand the microstructural evolution of the powder during these
consolidation and post-consolidation TMT’s by considering Figure 2.16. As was
discussed previously in Section 2.3, as the powder is mechanically alloyed significant
amounts of defects are generated that accommodate the increased amounts of stored
energy within the microstructure. This increased stored energy reduces the necessary
thermal activation required to initiate recrystallization and grain growth phenomena. In
all three consolidation processes, the temperature is increased to high temperatures to
allow for powder sintering. During this thermal annealing step immediately prior to
consolidation, the powder experiences recovery and both primary and secondary
recrystallization phenomena resulting in the formation of a highly bi-modal grain
microstructure in the powder [84, 90]. This is a very important result, since many authors
erroneously attribute a bi-modal grain size to the lack of sufficient nanoprecipitate
dispersions within the alloy’s matrix. In many cases, the powder that is being sintered and
deformed into the final alloy microstructure already has a highly bimodal microstructure
due to secondary recrystallization. From this bi-modal powder microstructure, the
subsequent consolidation by extrusion, HIP, or SPS results in a similar microstructure for
the alloy (Figure 2.16). This is the reason why most extruded alloys show “larger”
grained regions with significant sub-grain texture, since the pre-existing nanoprecipitates
pin newly formed dislocations within the large grains during the significant deformations
associated with the high aspect ratio dimensional changes in the extrusion process. After
subsequent rolling treatments, the microstructure deforms and creates a preferred texture
in the rolling direction; furthermore, this subsequent deformation has been shown to
cause nanoprecipitate dissolution [141]. Post-rolling thermal anneals then produce
preferred recrystallization orientations in the alloy.
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Figure 2.16. Summary of microstructural changes during ODS alloy consolidation. EBSD pole
figure maps after each processing stage are reproduced from literature [62, 84, 137, 141]
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2.4.4. Summary of Research Objectives
To optimize the sink strength of ODS alloys, one must know (a) the types of
precipitates being formed and (b) how the sizes of these precipitates change as a function
of the thermomechanical history of the component in question. The answer to (b) has
been extensively reviewed through an investigation of the consolidation and
thermomechanical treatments commonly seen in the conventional ODS process diagram.
These factors will determine the extent to which precipitated dispersions either dissolve
under significant deformation or coarsen due to significant exposure times to high
temperature environments. However, the accurate determination of the types of
precipitates being formed is a much more complicated question because the
thermodynamics are a function of the homogeneity of the solid solution and the
temperature at which precipitates are nucleating and growing. In the case of mechanically
alloyed ODS materials, it is commonly assumed that all of the elements are in solid
solution after the ball-milling step; however, it cannot be expected that 100% dissolution
of the added oxide has occurred and it must be noted that the stored energy held by
defects within the matrix vary widely across the microstructure. With these factors in
mind, it is important to at least try and understand the types of precipitates so that the
properties of the resultant ODS component can be understood after subsequent
thermomechanical treatments.
Though authors have been investigating ODS Fe-based alloys for decades, only
recently has there been investigations into the morphological and structural identity of
these nanoscale precipitates. Much of the literature on the characterization of
nanoprecipitates has focused on Ti-bearing ODS FeCr alloys like 14YWT. The smallest
2-4 nm nanoclusters have been claimed to have defective cubic [142, 143], orthorhombic
Y2TiO5 [144], pyrochlore Y2Ti2O7 [144-146], or defective/amorphous [147-149]
structures, with precipitates many times deviating from expected stochiometric
compositions. All of the authors have noted that nanoclusters and nanoprecipitates found
within the microstructure are enriched in Y, Ti, and O, which is consistent with DFT
modeling results [150, 151]. Larger oxide particles have been noted by some authors, and
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it has been conjectured that the oxygen availability in the lattice strongly influences the
types and morphologies of nanoprecipitates that nucleate during consolidation [151, 152].
In Al-bearing ODS alloys, precipitation becomes much more complicated, and there is
wide disagreement between the types of precipitates that may exist within the matrix. A
schematic representation of the types of precipitates commonly found in ODS FeCrAl
literature is illustrated in Figure 2.17 [106, 110, 111, 153-159]. This is not intended to be
an exhaustive list of the phases noted in all ODS FeCrAl alloys. On the contrary, some
studies such as those adding Zr or Hf to shift the types of precipitates from (Y,Al,O) to
(Y,Zr,O) or (Y,Hf,O) are not illustrated in the current figure [105, 112]. This figure only
covers ODS FeCrAl alloys in the compositional range of Fe-(12-20Cr)-(4.5-6)Al+(0.30.5)Y2O3 and the significant differences in experimental findings between these alloys. A
variety of (Y,Al,O) phases have been identified for the fine-scale precipitates within the
ODS FeCrAl microstructure. These compositions and structures include yttrium
aluminum tetragonal (YAT, Y3Al5O12) [159, 160], cubic yttrium aluminum garnet (YAG,
Y3Al5O12) [106, 161], yttrium aluminum perovskite (YAP ,YAlO3) [154, 156, 158, 160,
161], yttrium aluminum hexagonal (YAH, YAlO3) [158], and yttrium aluminum
monoclinic (YAM, Y4Al2O9) [110, 111]. It is surely possible that a variety of these
compositions exist in the ODS FeCrAl alloys, but the significant disagreement in the
current literature requires an in-depth characterization of these precipitates for the alloys
investigated in this work.
It is also of crucial importance to understand differences in nanoprecipitate
dispersions as a function of processing route. Table 2.3 lists the dispersion characteristics
for a variety of ODS alloys fabricated through the use of extrusion, HIP, and SPS at
increasing consolidation temperature while the corresponding number density decreases.
This trend is characteristic of nanoprecipitate coarsening through an Ostwald ripening
mechanism. The increase in nanoprecipitate diameter as a function of extrusion
temperature is well documented in literature [162]. However, authors have largely failed
to quantify how nanoprecipitate nucleation, growth, and coarsening kinetics affect the asconsolidated nanoprecipitate compositions and dispersions.
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Figure 2.17. Identified phases in ODS FeCrAl alloys by various authors, color coded by study
and arranged as a function of precipitate diameter [106, 110, 111, 153-159]
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Table 2.3. Review of nanoprecipitate dispersions for ODS FeCr(Al) alloys in literature as a
function of consolidation methodology.
Alloy Compositions
Alloy

Consolidation Parameters

Designation

Type

12YWT

Ext

Ext
FeCr

14YWT
HIP

FeCrAl

T

t

P

Precipitates
d

N
23

Reference
-3

[C]

[h]

[Mpa]

[nm]

[x10 m ]

850

1

n/a

60.0

n/a

[163]

1150

1

n/a

3.4

4

[115]

850

1

n/a

2.0-2.8

1-6.9

[92, 133, 164, 165]

1000

1

n/a

2.5

1.3

[165]

1150

1

n/a

3.2-3.6

0.8

[165]

1175

1

n/a

10.0

n/a

[166]

850

3

200

1.8-2.6

10-26

[115, 164]

1000

3

200

3.2

8

[115]

1150

3

200

2.1-3.4

3-7

[115, 152, 164, 167]

CEA1

HIP

1160

3

100

3.2

n/a

[137]

CEA7

SPS

1150

0.08

76

2.8

n/a

[137]

MA957

Ext

1150

1

n/a

2.6

7-12.6

[115, 168]

PM2000

Ext

1150

1

n/a

16-28

0.005

[88, 115, 169]

MA956

Ext

1000

1

n/a

8.9-10

0.05

[156, 159]

ODS01

Ext

1100

1

n/a

3.2

n/a

[170]

ODS02

HIP

1050

4

140

2.8

n/a

[170]

K3

Ext

1150

1

n/a

5.9

0.13

[157]

SOC-9

Ext

1150

1

n/a

6-6.7

0.17-0.3

[156, 162]

SOC-9-ET-1

Ext

1050

1

n/a

3.2

0.92

[162]

16Cr3Al

HIP

1150

3

200

9.8

2.1

[171]

16Cr3Al-0.5Zr

HIP

1150

3

200

8.0

3.2

[171]

SOC-14 (+Zr)

Ext

1150

1

n/a

4.8

0.72

[105]

SOC-16 (+Hf)

Ext

1150

1

n/a

4.3

0.58

[112]

125Y

Ext

950

1

n/a

~3

1.4

[99, 106]

125YZ

Ext

950

1

n/a

2.9

2.5

[99, 106]

125YH

Ext

950

1

n/a

3.2

2.3

[99, 106]
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various temperatures. For both ODS alloys with and without Al additions, general
accepted trends are noted. The average nanoprecipitate diameter increases with In the
context of conventional ODS alloy processing, this extensive review of literature
presented in these sections has illustrated that significant advancements in the
development of ODS alloys have been made, specifically with respect to understanding
(a) the role of mechanical alloying in the sufficient dispersion of elements for the
homogeneous nucleation of nanoprecipitates, (b) how consolidation methodologies affect
the microstructure and mechanical properties of these alloys, and (c) how subsequent
thermomechanical treatments can at least partially alleviate anisotropic material
properties as a function of processing path. However, there is a fundamental gap in
knowledge pertaining to a theoretical understanding of how these nanoprecipitates
nucleate, grow, and coarsen in these ODS alloys.
Although there appears to be a growing consensus as to the types of precipitates
that form in ODS FeCr alloys with Ti additions, there is a surprising lack of
understanding as to the types of precipitates that are expected in ODS FeCrAl alloys and
how these precipitates coarsen during consolidation and subsequent thermomechanical
processing treatments. Because legacy ODS FeCrAl alloys PM2000 and MA957 have
undergone high temperature recrystallization treatments, most of the literature on these
ODS FeCrAl alloys has identified much larger particles with much lower number
densities. Consequently, many authors overgeneralize the distributions of precipitates in
ODS FeCrAl alloys as “coarser” than those seen in ODS FeCr alloys without properly
assessing the processing history of these FeCrAl alloys.
The objectives of this comprehensive parametric study have thus been specifically
targeted to achieve the following outcomes:
•

To assess the nanoprecipitate compositions and phases in annealed ODS FeCrAl
alloy powders and consolidated alloys.

•

To quantify the effect of alloying element (Zr) and impurity element (C & N)
additions on the nanoprecipitate characteristics in ODS FeCrAl alloys.
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•

To quantify the nucleation, growth, and coarsening kinetics of the smallest
nanoprecipitates in these alloys, specifically in the temperature regimes of interest
for alloy consolidation and thermomechanical treatments.

The successful application of these objectives is then applied to the current ODS FeCrAl
system to design a high-sink strength alloy for use in radiation environments. A
combination of atom probe tomography, small angle neutron scattering, and electron
microscopy are used for a multi-scale approach to address these challenges.
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CHAPTER 3: Characterization Techniques
3.1. Atom Probe Tomography (APT)
Atom probe tomography (APT) is a powerful near-atomic scale resolution tool for
the probing of nanoscale structures in materials. Gault has conveniently summarized the
many uses of this microscopy tool, as shown in Figure 3.1 [172]. Due to the ability of
this technique to map elemental variations across a 3D control volume, it is possible to
probe the compositions of nanoscale structures and elemental segregations at interfaces.
In addition, due to the ability of this technique to resolve the interatomic distances
between atoms, in some cases it is possible to resolve grain orientations as would be
expected in high resolution electron microscopy methods. The most important aspect to
APT in the study of ODS alloys, however, is the ability of this technique to study
nanoscale clustering and precipitation phenomena with quantitative accuracy. In
comparison to techniques such as energy dispersive X-ray spectroscopy (EDS), APT is
able to accurately resolve even the lightest elements such as H, C, N, and O with
quantitative accuracy.
Due to the powerful nature of this technique, APT is the only microscopy
technique at a scientist’s disposal for the accurate elemental investigation of precipitates
in dispersion strengthened alloys. For this reason, APT has been heavily utilized in this
work to analyze the precipitation of nanoscale precipitates in this work. In this section,
the fundamental principle of the APT technique is presented with the respective
challenges associated with accurately quantifying the identities of nanoscale precipitates
in these alloys.

3.1.1. Fundamental Principles of the APT Technique
To ionize and remove an atom from a material’s surface, a sufficient amount of
energy must be transferred to a given atom to 1) overcome the bonding energy (Λ)
between the atom of interest and the material surface, and 2) to subsequently ionize the
atom so that it can interact with an applied electric field and escape the material’s surface.
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6

1 Introduction

Fig. 1.3 Typical applications of atom probe tomography in materials science and engineering

Figure 3.1. Various applications of the atom probe tomography technique for material science
[172]

microscopy, this nomenclature has remained the same, current techniques around
atom probe tomography have come a long way from the previous generations of
instrumentation [4], such as the atom probe field ion microscope (APFIM) [10], the
atom probe (IAP) [11], position sensitive atom probe (PoSAP) [7] and
Ifimaging
the energy
required to ionize the atom to an nth ionization state is 𝐼V minus the work
the tomographic or 3D atom probe (TAP/3DAP) [8]. Mostly these instruments were
constrained by the angular field-of-view, yielding small volumes of analysis and so
function
(𝑛𝜙e ) associated
with the transfer of the lost electrons to the materials surface,
limiting observations
to very small features within conductive materials. With the
implementation of micro-counter-electrodes in the scanning atom probe or localthe
totalatom
energy
required
to overcome
is defined
as [172]:
electrode
probe barrier
(LEAP) [9],
and the advent
of large field-of-view
instruments,
these volumes can now extend as far as several hundred nanometres in size.
More recently, new approaches and instrumentation for laser pulsing have brought
about a dramatic Vimprovement in the applicability of the APM technique, making it
∑T 𝐼Vanalyse
𝑄possible
− 𝑛𝜙a every
…………………………………………………………
(3.1)
= = Λto+routinely
wide variety of materials, ranging from metals
to semiconductors, and from insulating ceramics and nanomaterials to certain
organic and biological materials.

when the material surface is subjected to a static electric field of magnitude 𝐹 in a
vacuum, the required energy barrier to overcome is lowered:

V6 e 6

𝑄(𝐹) = Q = − @wN¦ 𝐹 …………………………………………………………
•

(3.2)
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where 𝜀= is the dielectric permittivity in the vacuum and 𝑒 is the fundamental charge of
an electron. When this energy barrier is overcome by a supplemental pulsed electric field
or laser pulse, it is possible for individual atoms to become ionized and escape the
material’s surface which is termed field-evaporation. It is at this point that the newly
field-evaporated ion travels through the induced electric field to a position-sensitive
detector. A schematic of the field-evaporation process is illustrated in Figure 3.2.
After the ion is field-evaporated from the material surface, it travels through an electric
field to a position-sensitive delay-line detector. This detector allows for the calculation of
two parameters: 1) the time of flight of the ion from the instance of field-evaporation to
the point where the ion impacts the detector, and 2) the X and Y coordinates on the
detector where the particle collides. The position is extracted through the use of a multichannel plate (MCP). The interaction of the ion with the MCP induces a cascade of
secondary electrons that are detected by a grid of wires arranged in a X,Y coordinate grid
(Figure 3.3). This interaction gives the position of each ion as a function of time, and
thus allows for the subsequent reconstruction of each atom in the three-dimensional
volume as a function of time.
The final parameter required for the determination of the identity of the fieldevaporated ion is the mass-to-charge ratio. It is the mass-to-charge ratio (M) spectrum
that (analyzed in a similar manner to a mass spectrum) that allows for the accurate
elemental identification of various ions in the sample. To calculate M, it is assumed that
all of the potential energy of the atom at the specimen apex is converted to kinetic energy
as it travels through the electric field, which results in a mass-to-charge ratio that is a
function of the specimen voltage (𝑉), time of flight (𝑡œ[T8ª« ) and the detector distance (𝐿):

𝑀=

?
V

= 2𝑒𝑉 f

«-®¯†°± A
²

k ………………………………………………………… (3.3)

The evaporation field required to induce field-evaporation is approximated by the
field at a hemispherical specimen apex with radius 𝑅. This field is a function of the
60

30

46

3

From Field Desorption Microscopy to Atom Probe Tomography

Fig. 3.1 (a) The field evaporation process. The adatom is depicted in grey and the ion in black.
Figure
3.2. (a) a visual representation of a metal atom (grey) field-evaporated into a subsequent
(b) Atomic and ionic potential energy diagram with and without electric field. V is the potential,
ion (black). (b) a graphical interpretation of the energies required to overcome with Q(F) and
L is the sublimation energy, n is the degree of ionisation, Ii is the ith ionisation energy and fe is the
without
Q0 an applied
electric
field atthethe
specimen
apexare
[172].
the energy barrier without and with
work function
of the surface
emitting
ion,
Q and Q(F)
0

3 From Field Desorption Microscopy to Atom Probe Tomography
electric field respectively

Even if the exact mechanism underpinning this process is not exactly clear, it has
often been explained by using simple thermodynamic considerations. The field
evaporation would be mostly due to the escape of an ion over an energy barrier
reduced by the application of the electric field and by virtue of thermal activation
[1 ]. This transition from an atomic to an ionic state is schematically depicted in
Fig. 3.1 , which shows the atomic and ionic potential energies as a function of the
distance from the surface, x, with or without an electric field. In this first model,
proposed by M€
uller [1 ], the atom is fully ionised at a critical distance before
escaping from the surface. This model is generally known as the image hump
model. Gomer [2 ] later proposed a model in which the charge is progressively
drained out of the atom while it is escaping. In both cases, field evaporation takes
place when the thermal agitation energy allows the atom to hop over the energy
barrier that bonds it to the surface. It is also possible that ion tunnel through the
energy barrier, made “thin” enough by the electric field.
M€
uller’s model assumes that the newly formed ion is pulled away from the
surface by the electric field while attracted to the surface by the force induced by its
own electrostatic image. As the ion moves away from the surface, the electric field
Fig. 3.10
Schematic Schematic
diagram of the
delay-line
Figure
diagram
of a detector
delay-line
detector
commonly
APT
[172] the
lowers3.3.the
ionic potential
[3].
To be ionised
and
repelledused
fromforthe
surface,
particle must cross the so-called Schottky hump, which is a field dependent barrier
behind the MCPs [81, 82, 93]. The passage of the electron cloud in the vicinity of
Q(F) that represents the activation energy for field evaporation. However, if the
the conductor induces two electrical signals that are then propagated along the
Schottky hump happens to be inside the atomic potential curve then this activation
conductor towards each end of the conductive lines. Detecting these signals enables
energy
the difference
between
of theaccording
atomic-state
the lateral
impactis coordinates,
XD and
YD, tothe
be minimum
deduced simply
to: potential and
the intersection between the atomic- and ionic-state curves. This mechanism forms
XD ¼ Lx

Tx2 " Tx1
;
2Tpx

where Lx is the physical length of the line, Tx1 and Tx2 are the times at the end of the
line and Tpx is the total propagation time along the line. The YD coordinate is
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[174]. Since the voltage and evaporation field are known for aluminum, the radius can be
determined by tuning the field-factor so that the interatomic distances seen in the figure
match those tabulated for each pole in the FCC aluminum matrix. Once the field-factor is
known, the specimen shape (R) can be accurately determined, which provides an accurate
geometric specimen shape for APT reconstruction.

3.1.2. Artifacts, Errors, and Limitations of APT
Although the primary advantage of the APT technique is the ability for nearatomic scale quantitative analysis, differences in the evaporation fields of elements within
nanoscale precipitates makes accurate compositional measurements quite difficult. The
difficulties in analysis originate from trajectory aberrations associated with two
phenomena: (1) local magnification effects for precipitates with elements of differing
evaporation fields and (2) resultant spatial overlaps between the precipitate of interest and
the surrounding matrix due to tip geometry induced changes in ion trajectories at the
precipitate/matrix interface. To better illustrate this challenge, consider the schematic of a
low-field precipitate in a high-field matrix compared with a high-field precipitate in a
low-field matrix as presented in Figure 3.5. For the case of a low-field precipitate in a
high-field matrix, when exposed to the same electric field the precipitate will fieldevaporate more quickly than the surrounding matrix which results in a higher density of
precipitate atoms than would be expected. As the precipitate loses atoms, the interface
between the precipitate and the matrix slightly protrudes outward and the geometry of the
tip changes so that a local radial curvature at the interface increases the field felt by the
matrix atoms at the interface, resulting in “inward” trajectories of matrix atoms that
overlap with the precipitate on the detector. For the case where a high-field precipitate
exists in a low-field matrix, the precipitate evaporates at a slower rate, causing a
protrusion of the precipitate locally at the specimen apex. The trajectories in this case
result in outward trajectories for both the precipitate and the matrix and causes a local
demagnification of the precipitate (a lower density precipitate region). In both of these
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Fig. 7.19 Trajectory aberrations and impact on the density due to a change in the surface
Figure 3.5. Atomic density variations associated with precipitates of varying evaporation fields in
curvaturecomparison
in the case toofthe
a lowand high-field
surrounding
matrix, precipitate
from [172]

cases, there will be at least some overlap between the precipitate and the matrix regions

Potential
also arise
from trajectory
They are[175].
intrinon thedeflections
detector andcan
erroneous
compositions
measuredaberrations.
within the precipitates
sically linked to
the distribution of the electric field in the vicinity of the specimen
Low-field precipitates (Figure 3.5) frequently exhibit an elongated particle
surface, which can induce undesirable lateral displacement of the ions during the
morphology
the evaporation
“z” direction,
with compression
in the field
perpendicular
first instant
of theirinflight.
These localised
variations
in the electric
result in“x,y”
to thedensity
nature of
Similarly,
zones ofplane
highdue
or low
ofthe
ionevaporation
hits on theprocess.
detector,
whichhigh-field
translateprecipitates
into low or
high atomic
respectively,
within the
depending
on the
usuallydensities,
have a compressed
“z” dimension
in thereconstruction,
evaporation direction.
However,
relative local strength of the field. Poles and zone lines are a good example of
although nanoprecipitates in ODS alloys are categorized as low-field precipitates, they
depleted regions. The electric field in their vicinity is discontinuous due to the
shown to
a transition
in particle
morphology
as a function of
size,
varying have
localbeen
geometry
ofexhibit
the surface
as a result
of how
the quasi-spherical
surface
of the specimen
underlying
crystaloflattice.
The distribution
which hasaccommodates
been attributed toitsthe
di-electric nature
the precipitates
[176, 177].of the
electrostatic field
around
these zones
tends
tothese
divert
the ionaberrations
trajectories
53].
Important
consequences
result
from
trajectory
that [29,
directly
These artefacts relate to both the crystal structure of the material as well as to the
affect the validity of compositional measurements and the assumptions used for any
conditions of the experiment (temperature, field) because the shape of the specimen
attempted
compositional
corrections.
ODSinFeCr
have been
extensive
is controlled
directly
by these factors.
As For
shown
Fig.alloys,
7.18b,there
trajectory
aberrations
are wellstudies
reproduced
FEM electrostatic
simulations
[8, 23,
24],
depleted
on theseinsmallest
nanoprecipitates
studied by APT
[108,
178,where
179]. The
first APT
regions studies
are evident,
corresponding to poles and zone lines. Moore predicted these
on ODS FeCr alloys showed that the smallest (Y,Ti,O) nanoprecipitates exhibited
features in a model based on electric repulsion of the emitted ion by its local
high levels
of Fe the
and first
Cr, which
was of
directly
attributed
neighbourhood
during
instants
the flight
[6]. to these artifacts [180, 181]. The
first model
for accounting
for arise
these from
spatialprecipitates
overlaps wasthat
proposed
bydifferent
Blavette [175].
Trajectory
aberrations
can also
require
fieldsIn
for evaporation.
the field
required
to field
evaporate
the precipitate
isatomic
lower or
this study,When
a reduced
density
was defined
as the
ratio between
the observed
higher than that required for the matrix, these are referred to as, respectively, low- 64
field or high-field precipitates. This variation in the evaporation field leads to
• A flattening of the surface in the case of low-field precipitates, resulting in a
lower field region that deflect the ion trajectories inwards, which causes an
apparent increase in the density of hits (see Fig. 7.19).
• An increase in the local curvature in the case of high-field precipitates that
locally generates a higher field that repels the ions, which causes an apparent

density in the nanoprecipitate and the surrounding matrix. Based on this reduced atomic
density (𝜌> = 𝜌´µ /𝜌FO« ), the amount of matrix atoms erroneously measured in the
precipitate could be determined and subtracted from the precipitate to result in corrected
compositions. However, this assumption assumes that the atomic density remains
constant across the precipitate in comparison to the surrounding matrix. For the
pyrochlore Y2Ti2O7 phase, this was shown to be a sufficiently good assumption [177].
Williams [178] used a different methodology to correct for erroneous Fe and Cr
within precipitates in an ODS F/M steel. In his approach, the Fe and Cr contents in
precipitates of increasing size were measured, and it was found that as the precipitate size
increased, the Fe and Cr contents decreased and became negligible at higher particle
sizes. With this information, he then asserted that because the Fe and Cr were known to
be artifacts, the Fe content was subtracted fully from the precipitates and the
corresponding number of Cr and other matrix elements were subtracted with the
appropriate matrix fractions with respect to the number of Fe atoms removed from the
precipitate. Although this technique was not based on an analytical model, it resulted in
accurate Y, Ti, and O compositions relative to expected stochiometric phases [178].
Recently, Hatzoglou [177] developed a methodology for compositional correction
for nanoprecipitates in ODS FeCr alloys that takes into consideration both changes in the
shape of precipitates due to local magnification effects and spatial overlaps associated
with the trajectory aberrations. This technique calculates the shape factor of assumed
spherical or cubic precipitates (which is a function of the differing evaporation field
between the precipitate and the matrix) and the reduced density of the precipitate. The
composition of individual elements is then corrected with known values of the
surrounding matrix composition.
For ODS FeCrAl alloys, the correction of APT compositions due to trajectory
aberrations is unfortunately a more difficult task. The dual presence of Al in both the
ODS FeCrAl matrix and as a primary reacting element in the nanoprecipitates means that
simply subtracting the matrix from the precipitates is not a suitable approach for the
removal of Fe and Cr matrix atoms from the precipitates, because doing so will also
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result in the removal of Al atoms that may be statistically significant in the
nanoprecipitates as well. This means that simply removing matrix atoms in proportion to
the surrounding matrix composition to remove all of the erroneous Fe and Cr may not be
a suitable option for ODS FeCrAl alloys like those investigated in this work.

3.2. Small Angle Neutron Scattering (SANS)
The neutron is a quite versatile subatomic particle, having the capability to both
investigate the fine-scale atomic structure of materials while simultaneously providing a
plethora of information about macroscale material properties. Though quantum
mechanics govern neutron-nucleus interactions at the subatomic scale, in many cases the
dimensions of interest are much larger than the atomistic length scale. In the case where
features of interest lie in the range of 1 to 100 nm, the scattering of neutrons at small
diffraction angles can be utilized to probe these larger dimensions [182]. This technique,
aptly named Small Angle Neutron Scattering (SANS), measures the transmission of
neutrons through a sample to determine material characteristics. The experimental setup
for SANS is best illustrated in Figure 3.6, with the axis scales perpendicular to the beam
(z-direction) exaggerated for visualization purposes [183]. As the incident neutron beam
k interacts with aggregates of atoms in the specimen, the transfer of momentum between
the neutron and the atomic nuclei scatter the neutron away from the incident path into a
new scattering direction ks. The difference between the incident and scattered neutron
paths is known as the scattering vector q = k - ks. Relating the scattering vector to the
incident neutron beam allows for the quantification of q as a function of θ, as also shown
in the image. Since scattering can occur in any direction, not all scattering events will be
captured; instead, the transmission of scattered neutrons will be collected within a certain
detector angle range (dΩ) corresponding with a given surface area perpendicular to the
scattering direction (dS).
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Figure 2: The
Angle Neutron
Scattering
and Parameters
[4]
Figure 3.6. Schematic
ofSmall
the general
approach
forSetup
a small
angle neutron
scattering experiment
[183]. A neutron beam with direction (k) is scattered across angle (𝜃) to calculate the resultant
scattering vector (q) measured in the SANS experiment.

The interaction between the incident neutron beam and the sample material is determined by
the probability of neutrons to interact with the atomic nuclei as they pass through the specimen.
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to include what is known as the scattering length density, ⇢. The scattering length density is the

scattering is what SANS attempts to target, since it is this type of scattering that provides
8

meaningful information about the material’s structure. Incoherent scattering contributes
to noise in the experiment, and absorbed neutrons are removed altogether from the beam
and decrease the transmitted flux to the detector. For the purposes of the neutron
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scattering experiment, the total scattering cross section (the sum of incoherent and
coherent scattering) is given as:
𝜎; = 4𝜋 < 𝑏 A > ………………………………………………………………… (3.5)
where b is the scattering length of a neutron for a particular elemental isotope. In
comparison to the scattering lengths of various elemental atoms by X-rays, which is
proportional to the atomic number (corresponding to larger electron clouds), the
scattering length of neutrons varies widely not only between elements, but also between
various isotopes of the same element. To illustrate this difference, consider the visual
representation of scattering lengths for X-rays and neutrons in Figure 3.7 [184]. Using
this distinct feature, neutrons can sometimes provide better scattering contrast than Xrays for elements of similar atomic number on the periodic table [185].
Because the SANS technique is probing size ranges on the nm scale, the
scattering from individual atoms is not as important as the cumulative scattering from a
collection of atoms in a given control volume; consequently, the description of neutron
interactions within a given control volume is expanded to include what is known as the
scattering length density, ρ. The scattering length density is defined as the ratio of the
scattering lengths for various atoms (b) divided by the total control volume in which the
atoms comprise (Ω) [183]. Of equal importance to the scattering length density is the
scattering contrast factor, denoted ∆ρ2, which is the squared difference in scattering
length densities between the surrounding matrix and the scattering objects in question,
assuming a two-phase system. The contrast factor is important in the fitting of SANS data
as it is proportional to the scattering intensity. To put this another way, the scattering
contrast is analogous to the contrast one sees in electron microscopy images: if the
scattering contrast is too small, differences between the matrix and the nanoprecipitates
cannot be effectively resolved and it becomes impossible to fit the data to determine the
characteristics of the nanoprecipitate population [183]. The general case below can be
extended easily to the matrix-nanoprecipitate system where the subscript A denotes the
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Figure 3.7. Visual illustration of the scattering lengths (b) for both x-rays and neutrons for
various isotopes. Hatched symbols indicate “negative” scattering lengths, while the sizes of the
circles represent the magnitude for the scattering lengths [184]. The significant changes between
elements of similar atomic number allows for beneficial contrast in neutron scattering
expeirments.
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structural material matrix while the B subscript denotes the nanoprecipitate population.
The scattering contrast can be either due to the nuclear (n) scattering of neutrons or due to
the magnetic (m) scattering of neutrons with the atoms.
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Δ𝜌A = [𝜌Z − 𝜌E ]A = Mp» − pb Q ………………………………………………
»

b

(3.6)

The scattering intensity measured by the detector can be described by the general
expression for small-angle neutron scattering [182]:
Ã

C¼

MCp (𝑞)Q

?,V

A
= ∫= Δ𝜌?,V
𝑁(𝑅)Φ(𝑞, 𝑅)A 𝑆(𝑞, 𝑅ÁÂ , 𝛾ÁÂ ) 𝑑𝑅 ……………………… (3.7)

A
In this formulation, Δ𝜌?,V
refers to the magnetic or nuclear scattering contrast as a

function of scattering length and atomic density (inverse of molar volume in Eq. 3.6).
N(R) is the nanoprecipitate distribution as a function of particle size, Φ(𝑞, 𝑅)A is a
geometry dependent form-factor for the scattering object, and 𝑆(𝑞, 𝑅ÁÂ , 𝛾ÁÂ ) is known as
the structure factor for the scattering object population.
The form factor, Φ(𝑞, 𝑅)A , has been tabulated for a variety of shapes but for
nanoprecipitates it is usually assumed that the scattering objects are spherical in nature
[186-188]:

€•‚(Åi)HÅi ÆÇ€(Åi)

Φ(𝑞, 𝑅)A = Ä3𝑉 M

(Åi)6

A

QÈ …………………………………………… (3.8)

Conveniently, this spherical form factor is a function only of the radius of the scattering
object (R), and the scattering vector (q). The term V corresponds to the equivalent
w

spherical volume of the precipitate (𝑉 = | 𝜋𝑅| ).
Though routinely omitted from the analysis of nanoprecipitates in ODS alloys, the
structure factor (S) is sometimes included in the SANS equation to take into
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consideration multiple scattering events as a function of the distribution of scattering
objects within the material. The structure factor implemented in this work comes from
Pedersen’s local monodispersed spheres approximation described in [189]. In this study,
the structure factor was related to an equivalent hard sphere interaction radius
proportional to the radius of the nanoprecipitates of interest (𝑅ÁÂ = 𝐶𝑅) and a hard
sphere volume fraction (𝜂ÁÂ ) that is similarly related to the volume fraction of
precipitates in the material (𝑓) by [190]:

𝑓=

𝜂ÁÂ
Ì iÊË | ………………………………………………………………… (3.9)
f i k
The resulting general expression for small-angle neutron scattering results in a

multivariable expression with 5 unknowns for simultaneous non-linear least squares
fitting. SANS results are directly compared with measured APT results to provide
confidence in the APT results and to delve into the structural characteristics of the
nanoprecipitates. Referencing Eq. 3.6 above, it can be seen that the scattering contrast
obtained through the use of the generalized SANS formula is a function of both
composition (scattering length) and structure (atomic density). Thus, it is possible to
compare the magnetic and nuclear scattering contrasts to delve into the possible
structures of the nanoprecipitates. This structural analysis is performed through the
calculation of the A-ratio [191] (sometimes designated R-ratio by some authors) [192].
If a magnetic field is applied perpendicular to the incident neutron beam during
the neutron scattering experiment sufficient enough to fully saturate the material’s
magnetic moment, scattering events will be generated by both the nuclear and magnetic
scattering components from atoms. The generated magnetic field will result in a
difference in magnetic and nuclear scattering components on the detector plane as a
function of azimuthal angle (𝜙) [192], as presented in Eq. 3.10. The deconvolution of
nuclear and magnetic components of scattering intensity is a maximum as the magnetic
field is applied perpendicular to the incident neutron beam, resulting in a total scattering
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component in the vertical direction equal to the sum of the magnetic and nuclear
scattering components while the horizontal component only comprises nuclear scattering
(Figure 3.8) [188].
C¼
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The previously described A-ratio is then defined as the ratio between the total
(magnetic + nuclear) scattering intensity and the nuclear scattering intensity (Eq. 3.11).
This equation simplifies simply to unity plus the ratio of the magnetic and nuclear
scattering contrasts, which are simply a function of nanoprecipitate elemental
composition and atomic structure.
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Figure 3.8. SANS detector signals in the case of (a) a sample without an applied magnetic field
and (b) a fully saturated magnetic field applied horizontally and perpendicular to the incident
neutron beam [188]
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Using these relationships, the compositional data obtained through a detailed APT
analysis can be supplemented and compared to fitted SANS distributions for the ODS
FeCrAl system.

3.2.2. Limitations and Errors of the SANS Technique
The primary errors associated with the SANS technique result from the
assumptions made during the fitting of the generalized SANS expression and in the
interpretation of the A-ratio. Though not a substantial source of error, the accurate
normalization of the incident neutron beam intensity and the subtraction of the
background scattering from the sample holder and incoherent scattering contributions
may alter the absolute intensity of the scattering intensity curve.
The larger source of error associated with the SANS technique is the validity of
the non-magnetic precipitate assumption for the determination of contrast factors. For the
study of ODS FeCr and FeCrAl alloys, nanoprecipitates are usually visualized as nonmagnetic “holes” in a magnetic matrix, which allows for a simplification of the
previously defined A-ratio for the accurate estimation of nanoprecipitate compositions
and structures within the scattering medium [191]. Shu and colleagues have recently
developed a temperature dependent SANS methodology for the study of Cu-rich
precipitates in a magnetic ferritic matrix, and it was shown that this method is very
efficient at estimating the magnetic nature of precipitates and the resulting validity of the
non-magnetic assumptions used in the study of nanoprecipitates in Fe-based alloys [193].
Unfortunately, no temperature-dependent SANS studies to date have been performed to
verify the non-magnetic nature of precipitates in ODS FeCr or FeCrAl alloys. Instead,
many studies have simply used room-temperature SANS studies to calculate the A-ratios
for various ODS FeCr alloys using the magnetic holes assumption [115, 170, 186, 194196].
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3.3. Electron Microscopy Methods
The electron microscope is a robust instrument that allows for the analysis of both
physical and chemical properties of a material by taking advantage of the wide variety of
interactions electrons make with material specimens. Due to the wide use of electron
microscopy for the general characterization of materials, some electron microscopy tools
have been utilized to supplement the results obtained by the APT and SANS
characterization methods previously described.
The many types of interactions that can be used for microstructural evaluation
using electrons are depicted in Figure 3.9 [197]. For thin specimens transparent enough
for electrons to travel through the material, the transmitted and elastically scattered
electrons can be used for imaging using transmission electron microscopy (TEM).
Incoherently scattered electrons can be used in TEM for the measurement of electron
energy loss through the inelastic interactions, providing compositional information. The
use of scanning coils to raster the electron beam across the specimen to generate an
image is known as scanning transmission electron microscopy (STEM), which allows for
position-sensitive compositional measurements using energy dispersive X-ray
spectroscopy. Scanning electron microscopy (SEM) methods are also quite effective in
microstructural evaluations of surfaces at magnifications much higher than achievable
using optical microscopy. Images are formed in the SEM technique either using
backscattered or secondary electrons [198, 199]. Backscattered electrons (BSE) are
electrons from the incident electron beam that have made subsequent scattering
interactions within the material and are able to escape the specimen through the surface,
while secondary electrons (SE) are generated through the interaction of the incident
electrons with the orbital electrons of the material’s host atoms. When the energy
transferred to an orbital electron through the inelastic scattering event between the
incident electron and the orbital electron, the latter is ejected as a secondary electron. Due
to the higher number of electrons with increasing atomic number, the probability of
scattering also increases for a beam of incident electrons attempting to penetrate the
material. Consequently, BSE imaging can provide compositional information about the
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Figure 3.9. The various interactions in electron microscopy that can be used for microstructural
and compositional evaluations of materials [197]

microstructure through contrast variations across the specimen. In comparison, the low
energy of the secondary electrons near the surface results in a smaller surface exit depth
for these electrons, meaning that any local changes in topography could result in an
interaction that prevents these electrons from being read by the SE detector. An important
consequence of this surface dependence is that SE imaging can be readily used for the
investigation of surface topography (roughness, etched grain boundaries, etc.) for various
materials.
The dual particle-wave nature of electrons also provides diffraction capabilities
which allow for the identification of crystal structures using either transmitted or
backscattered diffraction techniques. For scanning electron microscopy, the use of
electron backscatter diffraction (EBSD) is used for crystallite sizes larger than ~50 nm to
map grain orientations and to study texture [200, 201]. Orientations and crystal structure
relies on comparing the observed diffraction pattern of Kikuchi bands with the orientation
of poles for a specific crystal structure. To visualize this, a composite Kikuchi map for a
BCC crystal is compared with the indexed diffraction bands in Figure 3.10 [197]. The
width of the Kikuchi band is related to the Bragg angle of diffraction, which can be
related to the interplanar spacing of the Kikuchi band through Bragg’s Law:
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Figure 3.10. (a) a composite Kikuchi map for a BCC material and (b) the indexed diffraction
bands from the composite image [197]

𝜆 = 2𝑑ª`[ sin (𝜃) ………………………………………………………………

(3.12)

where 𝜆 is the wavelength of the incident electron, 𝑑ª`[ is the interplanar spacing of the
reflecting plane, and 𝜃 is the angle as a function of band width. The composite map in
Figure 3.10 also conveniently is presented in the same manner as the output inverse pole
figure in EBSD outputs, showing the three major cubic poles at the vertices of the
respective triangular geometry.
In addition to the generation of diffraction patterns, the interaction of the incident
electron beam with orbital electrons also results in the excitation of the orbital electrons
in various orbital shells. The subsequent release of energy associated with the re-filling of
lower shell electrons through the jumping of electrons from higher order orbital shells
results in the generation of characteristic X-rays specific to orbitals. The detection of
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these X-rays and the correlation of the generated X-ray mass-spectra with various
elements on the periodic table is known as energy dispersive X-ray spectroscopy (EDS).
The use of both SEM and STEM have been implemented in this work with
coupled EBSD and EDS to provide supplementary microstructural analyses for both the
powders and the extruded ODS FeCrAl alloys investigated in this work. For a more
comprehensive description of electron microscopy methods, including TEM, STEM,
EBSD, and EDS described here, the reader is referred to the many texts specializing in
these techniques [197-202].
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CHAPTER 4: Experimental Materials and Methods
4.1. Process Development for Powder Experiments
A comprehensive research plan was implemented to study the nucleation, growth,
and coarsening of nanoprecipitates in ODS FeCrAl powders and consolidated alloys. The
process diagram is presented below in Figure 4.1. Gas atomized FeCrAl(Zr) powders
were mixed with nanocrystalline yttria (Y2O3) powder and mechanically alloyed to
produce a supersaturated solid solution of FeCrAlZrY. The powders were then subjected
to one of three thermomechanical treatments for the development of the nanoprecipitate
populations. First, powder was encapsulated in quartz vials and annealed ex-situ in a box
furnace for various temperatures and times. Then, either APT or room-temperature
magnetic SANS experiments were performed to investigate the compositions and
dispersions of nanoprecipitates in the powder. To complement this approach, the second
methodology was to use in-situ SANS in a high temperature vacuum furnace to capture
the initial nucleation and growth of the precipitates as a function of annealing

Figure 4.1. Process diagram for precipitate nucleation and growth studies in this work
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temperature and time. Finally, the dispersions of the annealed powders were compared
with conventional consolidated alloys through the extrusion of the remaining ball-milled
powder into rods, which were also investigated using the APT technique to assess the
validity of extrapolating the powder studies in this work with the wide variety of
consolidated ODS alloys existing in literature to supplement the current state-of-the-art.
A summary of the specimens investigated in this work are presented in Table 4.1.

4.1.1. Powder Composition and Mechanical Alloying
The precursor gas-atomized FeCrAlZr powder used in the entirety of this study was
acquired from ATI Powder Metals and had the nominal composition of Fe-10Cr-6.1Al0.3Zr by weight. The powder had a listed particle size distribution of 45-150𝜇𝑚 but also
contained many smaller particles as well in the as-received state (Figure 4.2). The gasatomized FeCrAlZr powder composition is reported later in this work in Chapter 6
(Table 6.1), and was highly pure with only 0.06 at%O, 0.02 at% C, and 0.01 at% N.
99.7% of this powder was mixed with 0.3% of nanocrystalline yttria powder by weight
(crystallite size: 25-50nm) which was procured from Alfa Aesar.

Table 4.1. Sample matrix used for the precipitate investigations in this work
Sample

Material

Ball Mill

Target Furnace Temp [°C]

Time [h]

SANS

APT

ZY40H

Powder

CM08

n/a

n/a

ZY10C15

Powder

CM08

1000

0.25

✓

ZY10C30

Powder

CM08

1000

0.5

✓

ZY10C60

Powder

CM08

1000

1

✓

106ZY10C1

Extruded

CM01

1000

1

✓

106ZY10C8

Extruded

CM08

1000

1

✓

ZY10C120

Powder

CM08

1000

2

106ZY15C

Extruded

CM01

1050

1

✓

ZY15C10h

Powder

CM08

1050

10

✓

ZY15C50h

Powder

CM08

1050

50

✓

ZY15C500h

Powder

CM08

1050

500

✓

CrAZY-H1

Extruded

CM08

1100

1

✓

✓
✓

✓

✓
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Figure 4.2. The as-received particle size distribution for the FeCrAlZr powder

The well-mixed powder was either mechanically alloyed in a high kinetic energy
Zoz Simoloyer attrition type ball mill for 40h under inert Ar atmosphere using steel
milling media with a ball-to-powder ratio of 10:1. Over the course of the experiments
presented in this study, two different Zoz Simoloyer horizontal attritor mills were used:
(1) a smaller CM01 unit with a 200g powder capacity and (2) a larger CM08 unit with a
1kg powder capacity. The two ball-mills used are housed at Oak Ridge National
Laboratory (ORNL) and are illustrated in Figure 4.3. Milling in the CM01 ball-mill was
conducted using rotational speeds alternating between 400/900rpm during the 40h
mechanical alloying cycle, while milling in the CM08 ball-mill was performed at
rotational speeds varying between 350/600rpm. The use of two milling speeds helped
guarantee the minimization of “dead-zones” where pockets of powder may have
experienced a lack of sufficient alloying. Furthermore, the use of higher rotational speeds
for the smaller unit was intentional and implemented in an attempt to narrow the
differences in milling media kinetic energy at the rotating attritor blade tip so that similar
energy deposition existed in powders milled in the two different units. Although all of the
annealed powder studies were performed on the exact same heat of milled powder
performed using the CM08 milling unit (all powders with a “ZY” prefix in Table 4.1),
two extruded alloys were created using milled powder from the smaller CM01 unit.
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Figure 4.3. The (a) CM01 and (b) CM08 high kinetic energy Zoz Simoloyer ball mills utilized
for powder mechanical alloying

Although two different mechanical alloying devices were used in these comparative
studies, a detailed analysis of similarities and differences between microstructures and
precipitate distributions is presented in the following section. This analysis shows that a
direct comparison can be made between alloys fabricated using both mechanical alloying
units without significant experimental errors.

4.1.2. Powder Packaging/Encapsulation and Annealing
The mechanically alloyed FeCrAlZrY (CrAZY) powder (sample name ZY40H
indicating 40h of milling time) was prepared for subsequent thermal annealing treatments
by either encapsulation in quartz vials, SANS powder packets, or in an extrusion can for
consolidation.
For powders prepared for ex-situ annealing treatments, 20g powder samples were
placed in quartz vials, evacuated to pressures below 10-4 Torr using a mechanical pump,
and sealed. The size of the quartz vial was purposefully designed to exceed the height
required to hold the powder volume so that the applied heat flux at the orifice of the vial
using a propane torch would not induce premature nucleation of nanoprecipitates in the
powder. The encapsulated quartz vials were then heated in either a box furnace (for
1000°C annealing treatments) or in a tube furnace (for 1050°C annealing treatments).
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Both furnaces were calibrated to ensure that heat treatment was being performed at the
target temperature. The quartz vials were placed in the furnace already at the target
temperature, left for the duration of the annealing time, and then quickly removed and
quenched in a room temperature water bath. Images of both the quartz vials and the box
furnace used for the annealing treatments are presented below in Figure 4.4.
One potential source of error in isothermal annealing treatments is the erroneous
assumption that the powder remains at the target temperature for the duration of the
annealing experiment. This is a highly erroneous assumption for shorter annealing times
due to the time required for the powder to heat to the target temperature. For alloys
extruded at ORNL, the extrusion can holding the powder charge was placed in an
identical manner in a furnace held at the target temperature. Thus, to give a better
estimation of the heating profile of both the quartz-encapsulated powders and alloys
heated for short annealing times (~1h for extrusions), 400g of the ZY40H CrAZY powder
was placed in a 2” (5cm) outer diameter (OD) extrusion can with a thermocouple placed
in the center of the compacted powder volume. The extrusion can was then placed in the
same furnace used for pre-extrusion annealing treatments at ORNL, with the furnace held
at a target temperature of 1000°C. The temperature profile was then recorded as a

Figure 4.4. (a) encapsulated CrAZY ZY40H powders in quartz vials and (b) the box furnace
utilized for ex-situ powder annealing treatments
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function of heating time to establish a more accurate powder temperature history (Figure
4.5). As can be seen from the figure, over a third of the annealing time is characterized by
powder temperatures less than the target temperature. The same thermocouple
measurement was not feasible for powder encapsulated in the quartz vials due to the
evacuated nature of the sample, and a thermocouple adhered to the outside of the sample
would provide an over-estimated heating rate for the powder. An assumption is thus
made for the current experiments that the heating profile of the ex-situ annealed powder
samples matches that of the powder packed in the extrusion can. Because of the smaller
sample charges in the quartz vials, the heating rate is expected to be slightly higher than
for the larger powder charge measured in the extrusion can, which is described in detail
using the lumped capacitance approximation for sample heating in the Appendix.
However, as will be discussed later in this work, the increase in heating rate does not
affect the subsequent discussion or the resulting conclusions presented in this work.
Nevertheless, the use of this time-dependent heating profile is a much better approach
than a simplified isothermal assumption.
Sample preparation for the ex-situ and in-situ SANS experiments required the
compaction of powder into small powder-packets (Figure 4.6) made of either aluminum
or molybdenum foil. For the ex-situ SANS experiments conducted at room temperature,
simple aluminum foil was used due to the affordability and ease of workability of the foil.
However, for the in-situ heating of ZY40H powder to 1000°C, the melting point of the
aluminum foil disqualified this packing material from being used; consequently,
molybdenum foil was used to create the powder packets. Both powder packets were
prepared using a spherical die to form a 1cm diameter indentation in the foil measuring
1mm in thickness. The cross sectional area of the circular 1cm OD packet was designed
so that the entirety of the powder was exposed to the neutron beam, since the applied
magnetic field may have shifted the ferromagnetic powder within the control volume
being analyzed.
Finally, to compare the ex-situ annealed powders to the vast ODS alloy literature
investigating nanoprecipitate dispersions and compositions, extruded alloys were
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Figure 4.5. The measured powder temperature profile (red) for ZY40H powder packed in a 2”
extrusion can heated in a box furnace used for pre-extrusion annealing treatments and (b) the
powder temperature profile experienced by the powder in the in-situ SANS experiment. [203]

Figure 4.6. (a) Aluminum and (b) Molybdenum foil packets used for powder encapsulation for
ex-situ and in-situ SANS experiments, respectively.
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prepared for a select samples. Mechanically alloyed CrAZY powder was packed into
either 2” (5cm) OD extrusion cans (for 1000°C or 1050°C consolidation temperatures) or
into 3.9” (9.9cm) OD extrusion cans (for consolidation at 1100°C). The latter larger
extrusion can was used to create a master rod for thin-walled tube production efforts on
large-batch ODS FeCrAl alloys, which is the primary reason for the change in powder
size [204]. It is also important to note that for the different extruded alloys, different heats
of ball-milled CrAZY powder were used, which influenced slightly the levels of C and N
in the resultant extruded alloys. For direct comparison with the ex-situ powder annealing
treatments (all milled in the CM08 Simoloyer unit), the exact same powder was used for
the extrusion of the 106ZY10C8 alloy extruded at 1000°C. The CrAZY_H1 alloy
extruded at 1100°C was also milled in the CM08, but was milled at a later time and
exhibited a lower N content. Alloys 106ZY10C1 and 106ZY11C extruded at 1000°C and
1050°C, respectively, were both milled in the CM01 Simoloyer unit. The chemical
compositions of the ball-milled ZY40H powder and the compositions of the extruded
alloys were all sent for chemical analysis by the company DIRATS, and a summary of
the chemical compositions are provided in Chapter 6 (Table 6.1).

4.1.3. Focused Ion Beam (FIB) Specimen Preparation
A dual beam FEI Quanta focused ion beam (FIB) at the low activation material
development and analysis (LAMBDA) laboratory at ORNL was utilized for all atom
probe atom probe tomography specimen lift-outs in this work [205]. The APT specimens
were prepared using a lift-out procedure previously developed by Miller [206], where
high energy Ga ions (20kV) are used to mill away material and allow for the removal of a
specific region of material that is subsequently “landed” on a grid of silicon micropillars
for further sharpening to the needle-shaped tips characteristic of APT specimens. The
FIB liftout procedure used to remove and land APT specimens in targeted fine-grain and
coarse-grain regions in sample ZY10C60 is illustrated in Figure 4.7. Subsequent annular
milling stages are used to mill away material in a concentric pattern with decreasing inner
diameters with increasing milling time. A final lower-energy (5kV) Ga ion
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Figure 4.7. (a) An SEM-BSE image of a targeted FIB lift-out region for coarse and fine grain
APT measurements in annealed ODS FeCrAl powder, (b) the corresponding lift-out from the
same region, and (c) the landing and sectioning procedure used to prepare each APT sample from
the coarse and fine grained regions.
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cleaning/polishing step was used to minimize Ga implantation in the APT specimen,
since Ga is strongly attracted to grain boundaries of Al-containing materials during
sample preparation [172]. The final tip sharpening was either performed on the
previously mentioned FEI Quanta at ORNL or using a FEI Helios 600 FIB housed at the
Max-Planck-Institut für Eisenforschung (MPIE) in Düsseldorf, Germany. All FIB
preparation for both APT and TEM samples (described in subsequent sections) were
performed at room temperature.

4.2. APT Data Collection and Analysis
Following the lift-out and sharpening procedures previously outlined, the APT
specimens were transferred immediately to a high-vacuum environment (10-8 Torr) to
minimize sample oxidation and degradation in air atmosphere. For APT data collection,
one of three different Cameca local electron atom probe (LEAP) models were utilized.
The 4000X HR is a reflectron-type flight path atom probe with a detection efficiency of
36%, and is housed at the Center for Nanophase Materials Science at ORNL. The model
5000 XR is also a reflectron-style LEAP but has a 52% ion detection efficiency. The
5000XR LEAP used for much of the APT work in this work was performed at MPIE in
Germany. Finally, a straight-line flight path model 4000X Si LEAP (50% detection
efficiency) was also utilized at Northwestern University.
The primary differences between the two types of atom probes are characterized
by the flight paths of ions as they traverse through the induced electric field to the
detector. The straight-line flight path detector allows for a wider field of view and a more
efficient collection of ions by the detector. In comparison, the reflectron model LEAP
allows for a longer time of flight and thus a better resolution in the mass-to-charge ratio
spectrum at the expense of a lower detection efficiency and a smaller field of view [172,
207]. A visual comparison of these aspects is presented in Figure 4.8.
Of particular interest is the effect of the varying detection efficiencies on the
compositional measurements of the nanoprecipitates in the ODS FeCrAl alloys
investigated in this work. For these ODS alloys, there are many peaks associated with the
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Figure 4.8. Visualization of the flight paths of the (a) straight line 4000X Si and (b) reflectron
model 4000X HR and 5000 XR atom probes. Also shown are example representative mass-tocharge ratio spectra for the (c) straight-line and (d) reflectron LEAP models.

various elements and molecular ions field evaporated from the tip, so the mass-resolution
must be sufficient for the identification of important peaks for accurate elemental
identifications. The detection efficiency is a direct measure of the number of ions
measured by the detector in comparison to the total number of field-evaporated ions. This
means that a detection efficiency of 36% results in the loss of 63% of all of the atoms in
the sample. Although sample reconstruction procedures and compositional analysis
procedures account for the detection efficiency deficit, compositional measurements can
be affected if certain elements are preferentially lost in a disproportionate manner in
comparison to the rest of the atoms in the control volume. Thus, multiple fine-grained
samples of the same ZY10C60 sample were measured using all three different LEAP
models previously mentioned.
All APT data collection was performed in laser-pulsing mode using a 32pJ laser
pulsed at a rate of 200 kHz. Laser mode involves applying the laser pulse atop the static
applied electric field, which is one of two methodologies to apply the pulsed energy
necessary to field-evaporate ions at the tip of the APT specimen. The other methodology
is known as high-voltage pulsing mode, which involves the high-speed fluctuation of the
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electric field at the tip to achieve the same result. For ODS materials and other materials
that are prone to premature tip fracture in high-voltage pulsing mode, the laser-pulsing
mode allows for longer run times and larger control volumes for analysis; however, the
laser pulse must be carefully chosen so that the mass-spectrum is not affected by “thermal
tails” associated with the ability of the tip to dissipate the heat applied to the sample by
the pulsed laser [172]. The APT specimens were kept at a temperature of 50K for the
collection of all data, and the target detection efficiency (the number of atoms fieldevaporated per pulse) was fixed at 5 ions per 1000 laser pulses to maximize the number
of single-ion hits on the detector. For all specimens, a minimum of 10 million collected
ions were detected to ensure accurate sample statistics. A complete list of APT specimens
that will be discussed in this work are presented in the Appendix in Table A.1.

4.2.1. Sample Reconstruction Parameters
After the initial data collection, an accurate 3D representation of the control
volume must be reconstructed so that an accurate representation of the cluster dispersion
and geometries can be assessed. This data reconstruction and analysis was performed
using Cameca’s Integrated Visualization & Analysis Software (IVAS) package (version
3.6.8) [208-211]. The technique used for sample reconstruction in IVAS utilizes the
voltage curve as a function of collected atoms (and thus time) to estimate the APT tip
radius as a function of depth in the evaporation direction. From Eq. 3.4, it was shown that
the tip radius is proportional to the applied voltage at the tip apex, assuming that the
field-factor and the evaporation field remains constant. Thus, by knowing the field factor
for the primary constituent element in the material being investigated (F = 33 V/nm for
Fe) one can determine the radius of the assumed hemispherical tip apex as a function of
specimen depth.
An example voltage curve for a ODS FeCr alloy MA957 is illustrated in Figure
4.9(a). From this voltage curve, a small region can be chosen to view the detector events
of ions that have been field evaporated in the chosen area. As shown in in Figure 4.9(b),
the detector event histogram in many cases shows the crystallographic poles for the host
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material due to the preferential field evaporation of atoms at the kinks associated with the
crystallographic structure. At these locations, the field factor (kf) can be tuned for the
reconstructed sample since the evaporation depth is proportional to the field factor and
two constants (the material’s evaporation field and the image compression factor, which
are 33 V/nm and 1.65 for the standard reconstruction parameters of an Fe matrix in
IVAS). After the interplanar spacing has been used to calibrate the field factor, the tip
radius is known as a function of voltage and the sample can be reliably reconstructed into
the final APT control volume to be further analyzed by the software. in Figure 4.9(a)
illustrates a small control volume in the reconstructed MA957 sample showing black Fe
atoms as the background matrix atoms (with (110) atomic planes highlighted). Also
shown in this figure is a nanoprecipitate enriched in Y, Ti, and O.
Unfortunately, the identification of poles can be quite difficult for ODS FeCrAl
alloys, since the addition of Al results in a deterioration of the resolution of the detector
histogram. For example, in Figure 4.10 two detector histograms are presented for a
CrAZY powder (ZY10C60) and a Fe-14Cr alloy (OFRAC). For the ODS FeCr alloy, a
clear (110) pole is noted with corresponding lines of crystal plane symmetry, while the
lines are almost invisible for an APT specimen with a highly similar orientation. Luckily,
poles were identified for all of the ODS FeCrAl alloy powders and extruded rods
investigated in this work which allowed for accurate reconstructed tip geometries for all
specimens.

4.2.2. Cluster Identification
The identification of nanoprecipitates within the reconstructed control volumes
was performed using the maximum separation method built into the IVAS software
package [208, 210, 211]. This method uses two parameters to identify statistically
significant clusters within the volume: (a) dmax, the maximum separation distance
between atoms considered to be in a given cluster, and (b) Nmin, the minimum number of
atoms in a given cluster to be considered a statistically significant precipitate.
The first step in the maximum separation method is to determine which ions are
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Figure 4.9. The basic steps for tip reconstruction using a standard voltage reconstruction
procedure using ODS FeCr alloy MA957 as an example. (a) a portion of the voltage curve is
chosen, (b) crystallographic poles are identified using the detector event histogram, (c) based on
the crystallographic pole, the interplanar distance is tuned through the tuning of the field factor
and the tip radius, which results in (d) a reconstructed control volume where the interplanar
distances at specified poles match the expected interplanar distances for the material.

Figure 4.10. Detector event histograms for (a) an ODS FeCrAl CrAZY alloy and (b) an ODS Fe14Cr alloy, showing the same type of (110) pole.
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actually clustering together to form the precipitates. Luckily for the ODS FeCrAl alloys
in this work, the ions that appear to qualitatively cluster together are Y, YO, and AlO.
Thus, the collection of these ions together were used in the maximum separation
algorithm for the remainder of the steps required for cluster identification. Next, a nearest
neighbor distribution is computed that compares the average distances between these ions
in comparison to a randomized distribution of these atoms in solution. In practice, the
intersection of these two curves is used to determine the initial value of dmax. Choosing a
value less than this will omit larger clusters later in the algorithm, but choosing a greater
dmax will instead result in the erroneous inclusion of more diffuse clusters that may not infact be statistically significant since the population will tend toward the randomized
distribution. Next, a cluster size distribution is calculated using the initial dmax value as an
input. This provides a comparison of the number of identified clusters of the given size in
comparison to the randomized distribution. The number of clusters exceeding the number
calculated in the randomized distribution provides an initial estimation of the Nmin value.
Using the dmax and Nmin values determined from steps 1 (Figure 4.11(a)) and 2 (Figure
4.11(b)), the number of clusters is calculated again in comparison to the randomized
distribution of atoms, providing a new value of dmax (Figure 4.11(c)). Finally, a second
iteration of the cluster size distribution with the new maximum separation distance is
used to establish the final value of Nmin (Figure 4.11(d)).

4.2.3. Mass-Spectrum Peak Identification
After the specimen has been accurately reconstructed and the clusters have been
identified, accurate compositional measurements must be made for the entire (global)
control volume, the matrix (without precipitates), and the clusters themselves. The
accurate compositional estimation of these parameters requires an accurate binning of the
mass-to-charge ratio spectrum. Although the APT technique is a powerful tool for
elemental quantification due to its ability to detect even the lightest elements, there are
multiple elemental isotopes with various charge states that exhibit the same peak
locations on the mass spectrum. This results in peak-overlaps in the mass spectrum that
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Figure 4.11. The (a) nearest neighbor distribution, (b) cluster size distribution, (c) cluster count
distribution, and (d) final cluster size distribution used for the optimization of the dmax and Nmin
parameters of the maximum separation method for statistically significant cluster identification.
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can lead to erroneous compositional measurements. A portion of the mass spectrum for a
ZY10C60 specimen containing both (Y,Al,O) precipitates and Zr-rich precipitates is
shown in Figure 4.12. In this figure, many peaks associated with individual and some
molecular ions are shown, with vertically listed elements indicating peaks associated with
possible peak overlaps. In the IVAS software, it is not possible to assign multiple ions
with one peak, so the user must choose one of these elements to represent all of the atoms
represented by the area under the peak curve. Luckily, the IVAS software also has a
built-in peak deconvolution algorithm that assumes natural isotopic abundances of
isotopes for each element to provide accurate bulk compositional measurements [172,
207]. However, this deconvolution algorithm is not applied when outputting 1D
concentration profiles, precipitate proxigrams, and other position-dependent
compositional measurements because it is unclear which ions in the peak area are
distributed as a function of position across the control volume. Some authors have
developed post-processing routines in MATLAB that provide more accurate peakdeconvolution algorithms for these situations [212].

Figure 4.12. A portion of the mass-to-charge ratio spectrum for a representative APT specimen
with both (Y,Al,O) and (Zr,C,N) nanoprecipitation showing instances of peak overlaps for both
the matrix and precipitates.
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For the present system, there are peak overlaps for mass-to-charge ratios of 27 Da
(27Al+1, 54Cr+2, 54Fe+2), 54 Da (54Fe+1,54Cr+1), 32 Da (16O2+1, 96Zr+3), and 14 Da (14N+1,
28

Si+2). In all of these cases, the first element listed was assigned the respective peak

since these elements have the highest isotopic abundances and are expected to dominate
the distribution of ions for the respective peak. For general compositional measurements
for the global, matrix, and cluster volumes, the peak deconvolution algorithm was
utilized for correction; however, for general 1D concentration profiles presented in this
work, no peak deconvolution was performed. When applicable, errors associated with
this approach are discussed in the following chapters.
Similarly for the case of concentration profiles, the outputted individual cluster
compositions from the maximum separation method output are also not corrected for
peak overlaps. This is a significant possible source of error due to the Al and Fe peak
overlap at 27 Da, since the amount of Al in the nanoprecipitates will directly affect
discussions pertaining to the stochiometric composition and structure. Edmondson [23]
has developed a routine for the individual correction of cluster compositions for Cr-rich
𝛼′ precipitates in FeCrAl. Edmondson’s approach uses the fact that a non-corrected
matrix composition is also outputted by the cluster file generated from the maximum
separation method. The corrected bulk matrix composition estimated from the
deconvolution algorithm in IVAS is compared to the uncorrected matrix composition in
the cluster file and a correction ratio is applied to each individual cluster composition.
This method was shown to provide comparable results between the average deconvoluted
cluster composition in IVAS to the average of the cluster compositions corrected
individually in the MATLAB algorithm [23]. Thus, this method has been used for the
correction of (Y,Al,O) nanoprecipitates in the CrAZY alloys studied in the subsequent
chapters.

4.2.4. Field-Induced Trajectory Aberrations
There are many artifacts associated with the APT technique that can lead to
erroneous compositional measurements of precipitates. The preferential evaporation of
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elements, the migration of atoms on the tip surface, the dissociation of molecular ions
after field-evaporation, and other issues can result in either erroneous position
measurements of ions on the detector or loss of ions altogether [172, 213]. By far one of
the most substantial artifacts in the study of precipitates in ODS alloys are field-induced
trajectory aberrations associated with local-magnification effects and spatial overlaps
between the matrix and the precipitate.
Consider a cylindrical control volume (25nm OD) with a depth equal to a 3nm
slicing a nanoprecipitate in a representative CrAZY ODS FeCrAl alloy presented in
Figure 4.13. In this figure it can be clearly seen that in the precipitate volume, an
abnormally high reduced density (the relative atomic density in the precipitate divided by
the surrounding matrix atomic density) is observed that approaches 2x the surrounding
matrix atomic density. This increased atomic density is a direct result of the trajectory
aberrations associated with the behavior of the precipitate/matrix interface at the
specimen apex.

Figure 4.13. The atomic fractions of (a) Y, (b) O, and (c) AlO ions represented by 2D contour
plots in a cylindrical region of interest equal to the thickness of the precipitate (3nm). In the
nanoprecipitate region, (d) a relative atomic density 𝜌> (the ratio of the atomic density in the
precipitate vs the surrounding matrix) is calculated.
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As was previously mentioned previously in Chapter 3, Williams [178] established
that the high Fe and Cr contents measured in ODS FeCr alloys were attributed to
trajectory aberrations, and he subtracted out the Fe (and Cr in proportion to the matrix
composition) to provide more realistic aberration-corrected precipitate compositions.
Hatzoglou [177] has developed a different methodology towards the correction of APT
compositions due to trajectory aberrations that involves considering the precipitate shape
and the reduced atomic density variations across the precipitates. In his formulation, the
corrected composition (𝑋iT ) of constituent element “i” is:
𝑋iT =
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In this formulation, 𝑋F
is the initial measured composition to be corrected and 𝑋FO«
is

the matrix composition surrounding the precipitate. 𝜌> is the reduced density of the
precipitate and 𝑆 is the shape factor of the spherical or cubic precipitate, where 𝑆 =
(𝑋𝑌/𝑍 A ), the product of the horizontal precipitate dimensions divided by the square of
the vertical depth dimension squared. 𝛾 is defined as the ratio between the expected
T
atomic density of the precipitate and the surrounding matrix. The terms 𝑝´Ü and 𝑝´Ü

represent the quantity of atoms of the precipitate and the element of interest lost
preferentially during the field evaporation process not related to trajectory aberrations. It
was shown for the ODS FeCr precipitates that a failure to consider the 𝑝´Ü term could
result in a 0-18% difference in corrected precipitate compositions [177], but because an
experimental evaluation of this value for the current system was not possible, this term is
neglected. The resulting equation for each element becomes:
𝑋iT =

:× Â
g

T
T
Ø𝑋F
Ù + Ø𝑋FO«
Ù ∗ f1 −

:× Â
g

k …………………………………………… (4.2)

The consequences of this equation are very important for the evaluation of the
ODS FeCrAl system due to the unknown partitioning of Al between the (Y,Al,O)
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precipitates and the surrounding matrix (where Al content is between 11-12 at.%). The
:× Â
g

term is simply a scaling value, so this equation simply is a subtraction of the matrix

composition from the precipitate composition as a function of increased atomic density
across the precipitate and the variation of shape factor with precipitate size. For FeCr
alloys containing precipitates only enriched in Y, Ti, and O, the forced removal of Fe and
Cr ions has no substantial effect on the statistically significant atomic constituents within
the precipitates. For ODS FeCrAl alloys, this is not the case. As will be shown in the later
chapters of this work, Al is a critical component in the nanoprecipitates seen in these
alloys. If the above procedure is implemented, it results in the removal of almost all Al
from the (Y,Al,O) nanoprecipitates and drives the nanoprecipitate compositions to a
composition approaching Y2O3. This is a highly problematic consequence of this
compositional correction, and is not representative of the substantial literature on the
observed precipitates in ODS FeCrAl alloys.
The potential over-correction of the Al content in the (Y,Al,O) precipitates may
be possibly alleviated by assuming that a Cr-rich shell surrounds the nanoprecipitates.
For ODS FeCr alloys, multiple authors have used a combination of techniques ranging
from electron energy-loss spectroscopy (EELS) to APT to show that a Cr-rich shell exists
around the nanoprecipitates [109-111, 178, 179, 214]. The atomic composition in the
surrounding shell has been estimated to be 80% Fe and 20% Cr [179]. In addition, it has
been previously estimated that 80% of the spatial overlaps of Fe and Cr in measured APT
compositions of the (Y,Ti,O) precipitates in FeCr alloys comes from the shell while 20%
comes from the rest of the matrix [176, 177]. In ODS FeCrAl alloys, high resolution
transmission electron microscopy techniques have shown that for many precipitates, an
amorphous shell exists at the periphery of the nanoscale precipitates within the matrix
[110, 111]. However, there have not yet been sufficient studies to determine whether this
shell is consistent over all ODS FeCrAl alloy precipitate compositions or if the shell is
depleted of Al.
One possibility is that during nucleation, since the Al in the matrix is an active
participant in the nucleation and growth of the precipitates, a Fe and Cr rich shell may
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form locally around the newly nucleated cluster of atoms. Consider the simple schematic
in Figure 4.14. Assuming that a sufficient stored energy in this local environment has
allowed nucleation to initiate, if the favored composition of the precipitate is one
enriched in Y, Al, and O then a nucleus will form and grow as atoms diffuse and
incorporate into the cluster. Assuming that atoms are incorporated into the precipitate
faster than the rate at which the Fe, Cr, and Al atoms are able to redistribute themselves
in the host matrix due to the activation energies of diffusion for each of these elements in
BCC Fe, then the local removal of Al from the immediate area surrounding the
precipitates will result in a Al-depleted shell enriched in Fe and Cr (Figure 4.14(b)).
Recent APT results on (Y,Al,O) precipitates in a Fe-12Cr-6.1Al ODS FeCrAl
alloy (125YF) by Massey et al. have not given conclusive evidence for this Al-depleted
shell [100]. 1D concentration profiles through the z-axis depth dimension of 50 (Y,Al,O)rich precipitates in the 125YF alloy in Figure 4.15 clearly show a statistically significant
increase in the Y, Al, and O atoms across the precipitates, but there does not seem to be a
local increase in Cr-concentration at the periphery of the precipitates. However, as will be
discussed later in this manuscript, the ratio of Cr/Fe in the matrix is slightly lower than
the Cr/Fe ratio of the non-corrected APT cluster compositions, which suggests that the
increased Cr may in-fact be coming from a Cr-rich shell locally around the precipitates.
The assumption of whether or not a Cr-enriched shell surrounds the FeCrAl
precipitates has significant implications on the corrected cluster compositions that will be
discussed in the subsequent chapters of this comprehensive work. Thus, for the purposes
of the experiments conducted herein, the following assumptions are made. First, a Cr-rich
shell is was not assumed to surround the precipitates. The second assumption relates to
the estimation of the reduced atomic density across the precipitate. There are three ways
that the reduced atomic density can be calculated for precipitates: (1) the total number of
solute, ranged, or total atoms in the cluster as outputted from the maximum separation
method csv file can be divided by the radius of gyration of the particle and then divided
by the detection efficiency-corrected matrix atomic density, (2) the total atomic density
across a precipitate can be measured by 1D concentration profiles across various
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Figure 4.14. Schematic representation of a local environment of atoms in (a) the supersaturated
solid solution state and (b) after a cluster has precipitated out of solution.

Figure 4.15. Average precipitate compositions as a function of normalized distance across 50
different precipitates in ODS FeCrAl alloy 125YF. Error bars indicate 95% confidence intervals
for each position-dependent composition [100].
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precipitates and then divided by the detection efficiency-corrected matrix atomic density,
or (3) the total atomic density across the precipitates measured by 1D concentration
profiles is divided by the measured atomic density in an elemental volume outside of the
precipitate. In both (1) and (2), the matrix atomic density is calculated by multiplying the
detection efficiency (Q) by the theoretical matrix density of BCC Fe (83 atoms/nm3). In
method (3) the matrix atomic density is measured directly from the raw APT data. For the
estimation of the atomic density in the precipitates, method (1) provides the highest
estimation since the estimation of spherical precipitate volume using the radius-ofgyration method results in smaller precipitate sizes than the atomic count method
described later in this work. A more commonly used method is to estimate the area under
the curve of the total atom count across precipitates measured by 1D concentration
profiles, and then dividing the total number of atoms by the volume of the region of
interest [176].
In this work, the corrected atom probe tomography compositions of the smallest
(Y,Al,O) precipitates is performed by calculating the reduced density across the
precipitates and subtracting the equivalent elemental contribution of the matrix from the
precipitate assuming that the atomic density within the precipitate should be equal to the
matrix atomic density. The assumption that the atomic density should be the same
between the precipitate and the matrix may be erroneous since the ideal atomic density of
the YAG phase is (94 atoms/nm3) exceeds the ideal atomic density for BCC Fe (83
atoms/nm3). However, the significant atomic strains associated with maintaining
coherency between these precipitates and the matrix has resulted in authors showing that
less than 2% differences in lattice spacings between the matrix and the precipitate [111].
This could decrease the atomic density of the precipitate to levels approaching the matrix.
In addition, due to the increase in lattice parameter for increasing Fe incorporated into the
YAG phase, the atomic density of the YAG phase decreases from 94 to 82 atoms/nm3 as
the Al is replaced by Fe and the phase changes from yttrium aluminum garnet (YAG) to
yttrium iron garnet (YIG) [215]. Finally, the consequences of this assumption will only
result in a 1% variation of Al compositional measurements (13% underestimation in
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matrix composition à 7% change in subtracted matrix in the precipitates à 0.77%
change in Al content subtracted from the precipitates). Thus, for the qualitative
comparisons of Y, Al, and O contents in the nanoprecipitates in this work, this
assumption is not an unreasonable one, especially since the same assumption is made for
the Y2Ti2O7 and Y2TiO5 in ODS FeCr alloys although this deviates from BCC Fe as well.
The shape factor did not significantly vary as a function of particle size, so the variation
of the local magnification effect as a function of particle size was not made part of this
investigation. Instead, for the correction of cluster compositions, the precipitates were
assumed spherical in shape (S=1). Thus, the equation for the general correction for
precipitate compositions is reduced to the following equation, where the average reduced
density for each APT control volume precipitate distribution was calculated and applied
to each precipitate:
T
T
(1 − 𝜌> ) ……………………………………………………… (4.3)
𝑋iT = 𝑋F
𝜌> + 𝑋FO«

Due to the underlying assumptions associated with the calculation of the cluster
compositions, it will be shown that a significant amount of Fe and Cr still remain in the
nanoprecipitates to preserve the Al without an assumption of an Al-depleted shell
surrounding the precipitates. Consequently, the discussion on the precipitate
compositions will primarily consider the Al, Y, and O fractions normalized to these three
elements for ternary diagram creation. The possible existence of Fe in the clusters is
discussed using the SANS results that supplement the significant APT data in this work.

4.3. SANS Data Collection
Small angle neutron scattering data was collected at the high-flux isotope reactor
(HFIR) at ORNL at the general purpose (GP-SANS) beamline [216]. An image of the
neutron scattering guide hall is presented in Figure 4.16. For neutron scattering
measurements, either ex-situ scattering at room temperature or in-situ scattering in a
vacuum furnace was implemented. For the ex-situ measurements, samples of pre102

Figure 4.16. Pictures of (a) the CG-2 beamline at the GP-SANS beamline at HFIR and (b) a
simple specimen holder for scattering without an added magnet or furnace.

annealed CrAZY powder annealed for 15-120 min. at 1000°C were packed in aluminum
foil packets and placed in an open bore superconducting magnet (MagH) and a 2T
magnetic field was applied perpendicular to the incident neutron beam to fully saturate
the magnetic moments of the ferromagnetic atoms in the powder. Due to the size of the
magnet, the accessible scattering range available was limited, but scattering curves were
measured at two detector distances of 10m and 2m, respectively. The two detector
distances allowed for the probing of scattering lengths in the range of 0.005 < Q < 0.2 Å1

. The neutrons for all scattering experiments had a neutron wavelength of 4.75 Å. The

as-collected scattering data was corrected using an empty foil packet and for background,
and the resulting curves were scaled to account for the packing density of the powders.
The resulting scattering intensities were then normalized to the intensity of the attenuated
direct beam and reduced to output the differential macroscopic scattering cross-section.
The in-situ SANS experiment was conducted using a vacuum furnace available at
the CG-2 beamline that could reach a vacuum of ~10-5 Torr, which was maintained for
the duration of the temperature ramp. As previously mentioned in the previous sections,
instead of aluminum foil, molybdenum foil packets were used to encapsulate the powders
due to the higher melting point of the molybdenum foil. The ZY40H as-milled powder
was heated from room temperature to 1000°C at a ramp rate of 20°C/min. The heating
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profile for the SANS experiment is plotted alongside the experimentally measured
extrusion furnace heating profile in Figure 4.5. The SANS heating rate is approximately
half of the profile expected during the pre-consolidation annealing treatment of the
extruded powder, but this was done purposefully to allow for greater accuracy in the
comparison of scattering data as a function of time. Scattering data was collected every
minute during the temperature ramp, which provides an error in temperature that equals
the ramp rate. With a 20°C/min ramp rate, the corresponding nucleation and growth
could be tracked with an only 20°C error for each scattering curve. The slower ramp rate
also allowed for more control over possible temperature overshoot based on the furnace’s
feedback system for temperature control. Data was collected at two detector distances
(1.5m and 5m), which required two separate in-situ tests with two identical powder
packets. The resultant scattering range covered was 0.01 < Q < 0.6 Å-1. The shorter
detector distance data was scaled to match the 5m data in the overlapping Q range
covered by both detector distances. Due to the size of the vacuum furnace, it was not
possible to also use a magnetic field to deconvolute the magnetic and nuclear scattering
components, which prevented a detailed quantitative analysis of the data in a similar
fashion to the ex-situ data, but the in-situ data provided very beneficial qualitative
visualizations of the nucleation and growth processes that occurred during powder
heating.

4.3.1. Data Fitting and Structure Identification
As was previously presented in Eq. 3.7 and 3.8, the general scattering expression
for the fitting of neutron scattering data is given by the master equation:
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The structure factor used for the scattering analysis is the same one developed by
Pedersen [189, 190]:
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Although the structure factor seems a complicated function, it is in-fact only a function of
the hard-sphere radius (𝑅ÁÂ ), the hard-sphere volume fraction (𝜂ÁÂ ), and the scattering
vector (q). Thus, the general scattering equation is a multivariable function dependent on
5 different input parameters: (1) the product of the precipitate number density and
scattering contrast (𝑁Δ𝜌A ), the terms associated with the precipitate distribution (2) 𝜇 and
(3) 𝜎, and the terms associated with the hard sphere model (4) 𝐶 and (5) 𝜂ÁÂ , where 𝐶 is
a constant relating the hard-sphere interaction radius to the actual spherical precipitate
radius (R).
One important aspect of the fitting procedure is to decide on the type of
distribution that will be fit to the population of precipitates in the material. Weibull [190]
and lognormal [186] distributions have been previously used in SANS analyses of
precipitate distributions by different authors. In addition, the use of linear or cubic splines
have also become popular due to their continuity and versatility for a variety of
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distribution shapes [189, 217]. The precipitate distribution has been assumed to follow a
lognormal distribution for the current work since this distribution more closely matches
the APT data for (Y,Al,O)-rich precipitates in the CrAZY alloys.
The scattering equation presented in Eq. 4.4 has been fit using nonlinear least
squares fitting procedures implemented in MATLAB. Since there are five unknowns, one
major difficulty in the fitting of the scattering data is that there are multiple solutions to
the equation and that erroneous initial conditions can lead to highly disparate results. For
this reason, careful attention was paid to the fitting of highly coupled parameters such as
the number density and the scattering contrast. Due to the highly coupled inverse
relationship between the number density and the scattering contrast, the first term (𝑁Δ𝜌A )
was fit as one parameter as discussed by Pedersen [189].
The fitting procedure was implemented by first subtracting a power-law
background that was fit to the low-Q portion of the scattering curve. Two different
scattering curve maxima were identified, signaling two different scattering populations of
precipitates, which were fit individually. The three functions were then summed to
provide the total fit for comparison to the raw neutron scattering data. After the
precipitate population parameters were calculated, the number density (Eq. 4.10) and the
precipitate volume fraction (Eq. 4.11) were then calculated using the relationship
between the hard sphere and the actual precipitate radii and volume fraction reported in
[190]:
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In addition to the fitting of the magnetic scattering data for precipitate dispersion

calculations, the potential structure of the smallest precipitates was investigated by
comparing the A-ratios of standard stochiometric phases to the experimentally measured
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A-ratios over the scattering range comprising the precipitate population of interest.
Recalling the definition of the A-ratio previously defined in Eq. (3.11), which is a
function of the scattering contrast (Eq. (3.6)), this factor is a function of four parameters:
the scattering lengths and atomic volumes of both the matrix and the precipitate. The
nuclear scattering length densities (the ratio of the above parameters) was calculated
using the weighted compositions of the matrix and precipitates, respectively. All of these
nuclear scattering length density calculations were performed using the scattering
contrast calculator developed by the NIST Center for Neutron Research [218]. Using the
as-measured mass density of the FeCrAl matrix (equaling ~7.2 g/cm3 using the
Archimedes principle), the resulting scattering length density for the FeCrAl matrix is
6.82x10-6 A-2. The magnetic scattering scattering contrast for the FeCrAl matrix was
estimated to be 1.26x10-11 A-4 using the FeCrAl composition of the CrAZY powder as an
input into the relations outlined in [219]. The magnetic scattering length density for each
stochiometric phase of interest was initially assumed to be zero since it is initially
assumed that no Fe content is present in the precipitates. The tabulated A-ratios for
various (Y,Al,O) nanoprecipitate compositions are provided below in Table 4.2.
In the subsequent chapter, it will be shown that the measured A-ratios from the
ratio of total (magnetic + nuclear) to the nuclear scattering contrast deviates significantly
from what is expected for the current precipitates, irrespective of the assumed
stochiometric composition. A careful consideration of the SANS and APT results are
then discussed to access reasons for the deviation in A-ratio.

Table 4.2. Theoretical A-ratios for various Y-Al-O stochiometric phases calculated from the
scattering length densities of the matrix and precipitate.
Phase
Y2O3
Y3Al5O12 (YAG)
YAlO3 (YAP)
Y4Al2O9 (YAM)

FeCrAl Matrix
?O«
𝜌V?O« (x10-6 A-2) 𝜌?
(x10-6 A-2)
6.817
6.817
6.817
6.817

3.542
3.542
3.542
3.542

Precipitate
+>eá
𝜌V+>eá (x10-6 A-2)
𝜌?
(x10-6 A-2)
4.398
5.096
5.604
4.472

0
0
0
0

A-Ratio
3.14
5.24
9.53
3.28
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4.4. Electron Microscopy Data Collection
Although this work relies heavily on the APT and SANS results described
previously, both SEM and S/TEM techniques were also selectively used to provide
microstructure and precipitate information to guide APT and SANS efforts. SEM-BSE
data collection was performed using a Hitachi S4800 field emission (FE) scanning
electron microscope operated using a 15kV accelerating voltage. In addition, EBSD data
was collected on a JEOL 6500 high resolution FE-SEM using an accelerating voltage of
20kV with a 4nA beam current. For EBSD mapping, a 50nm step size was consistently
used to resolve both the coarse and fine-grained regions. For all SEM and EBSD imaging
and data collection, the sample surface was polished first using standard metallographic
techniques to a colloidal silica finish. Post processing of ESBD data was performed using
OIM software. A grain tolerance angle of 5 degrees was applied for all grain visualization
and misorientation mapping after filtering out regions with a confidence interval less than
0.1.
TEM specimens were lifted out from extruded ODS alloys oriented in the
longitudinal direction using the same FIB lift-out methodology described for APT
specimens. After thinning the TEM lamella to electron transparency, the TEM specimens
were subjected to a final polishing step using 900eV Ar ions in a Fischione Nanomill
1040 system prior to being plasma cleaned and transferred to the S/TEM for analysis. A
FEI Talos F200X scanning/transmission electron microscope (S/TEM) [220] equipped
with an X-ray energy dispersive spectroscopy (EDS) system was used to perform
elemental mapping and nanoscale examination of the sample microstructures [221]. The
EDS data was then analyzed using multivariate statistical analysis (MVSA) to identify
potential nanoscale precipitates in the fabricated alloys [222, 223].
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CHAPTER 5: Parametric Evaluation of Processing
Parameters on Microstructure and Dispersion
Characteristics
Prior to a detailed investigation of nanoprecipitate compositions for the current
CrAZY system, it is first important to understand how the elements in the experimental
matrix change the microstructural features and precipitate dispersions in the
nanoprecipitate populations of interest. Thus, to provide an argument for parity between
the different samples investigated, this chapter focuses on the differences and similarities
between nanoprecipitate populations as a function of both processing route and analysis
route. Of particular interest are the difference between the annealed powder and extruded
microstructure, the use of different mechanical alloying devices, and the parameters
involved in the collection and binning of nanoprecipitate mass spectra using various
LEAP models.

5.1. Extruded Rod vs. Annealed Powder
The microstructures of the annealed CrAZY powders and the annealed and
extruded CrAZY rods are of particular interest because of the effects of recrystallization
and grain development on nanoprecipitate distributions. A representative EBSD map of
extruded CrAZY_H1 annealed and extruded at 1100°C is provided in Figure 5.1. The
figure clearly shows a bi-modal distribution of grain sizes within the microstructure. The
fine-grained region is comprised of a high number density of smaller grains with high
misorientation angles between the grains. In comparison, the coarser grained regions are
comprised of significant subgrain texture associated with a high density of dislocations
within the microstructure that form low-angle grain boundaries within the grains, as
discussed in detail in Chapter 2. The development of the significant networks of
dislocations within the microstructure is aided by the pinning of the generated
dislocations by precipitates as the material is consolidated via extrusion. The grain size
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Figure 5.1. The as-extruded microstructure of ODS FeCrAl alloy CrAZY_H1 extruded at
1100°C after annealing for 1h at the same temperature. Shown are the (a) grain map showing
each grain as a separate color, (b) the grain size distribution of the alloy, (c) the pole figure
orientation map of the microstructure in the longitudinal direction showing significant textures
and (d) the color coded grain boundary map showing the variation of grain boundary
misorientation angle for fine and coarse grain regions.
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distribution in Figure 5.1(b) fails to capture the larger grains due to the smaller number
of them in this frequency distribution.
In comparison to the as-extruded microstructure, the development of the same
type of bi-modal microstructure in the annealed CrAZY powder after annealing for 15
min. and 60 min. at 1000°C. However, the grains of the recrystallized powder do not
show the strong texture associated with the extruded microstructure since no significant
deformation was associated with the annealing process. Due to the significant stored
energy variations across the microstructure, the microstructure has undergone significant
abnormal grain growth at even short annealing times (Figure 5.2). An important point to
note is that based on the powder annealing profile of the powder recorded via
thermocouple, the equivalent temperature reached by the powder annealed for only 15
min. in the 1000°C box furnace is only approximately 715°C. This means that this
relatively low temperature with respect to consolidation temperatures has already resulted
in the recrystallization of the as-annealed powder. This also suggests that every single
extruded rod also had a powder microstructure similar to that of ZY10C15 prior to the
development of the extruded microstructure during consolidation.
One major point of discussion that deserves future investigation is the
development of oxide stringers in the as-extruded microstructure that is not present in the
microstructure of the as-annealed powder. Figure 5.3 shows the as-extruded
microstructure of alloy 106ZY10C8 that was extruded at 1000°C after annealing for 60
min. at the same temperature. Shown are both the longitudinal “L” orientation (defined as
the axis parallel to the extrusion direction) and the transverse “T” orientation (conversely
defined perpendicular to the extrusion direction). The oxide stringers observed in the
microstructure are aligned along specific grain boundaries oriented parallel to the L
orientation, while the stringers in the T orientation seem to decorate grain boundaries in a
circular manner encapsulating multiple grains. These oxide stringers have been identified
in previously produced ODS FeCrAl alloys [99] and in other ODS FeCr alloys with Al
impurities [134, 224].
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Figure 5.2. SEM-BSE images of the microstructures of the (a) as-milled ZY40H specimen, (b)
the ZY10C15 specimen annealed for 15 min. in a 1000°C box furnace, and (c) the ZY10C60
specimen annealed for 60 min. in a 1000°C box furnace. Also overlaid is the approximate
temperature reached by the powder in terms of the experimentally measured powder temperature
profile. [203]
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Figure 5.3. SEM-BSE images of the as-extruded microstructure of an ODS FeCrAl CrAZY alloy
extruded at 1000°C after annealing for 1h (106ZY10C8). The micrograph in the (a) longitudinal
direction and (b) the transverse orientation indicate oxide-stringers along specific grain
boundaries in the as-consolidated microstructure. [225]

Based on the lack of observed stringers in the annealed powder, but
acknowledging that the extrusion of the same annealed powder has resulted in the
preferential encapsulation of collections of grains in the as-extruded alloy, attention must
be called to the powder surface during consolidation. One possible mechanism for
stringer formation lies in the same reason Al is added to the ODS FeCrAl microstructure:
its ability to readily oxidize and form a thin oxide layer on the material’s surface. Figure
5.4 shows a visual schematic of the proposed mechanism for stringer formation in the asextruded alloy. The presence of Al in the FeCrAl powder results in a thin film of alumina
on the surface of the powder. During mechanical alloying, the alumina layer is
dissociated and re-incorporated into solid solution in the same manner that yttria is during
the mechanical alloying process; however, after mechanical alloying the powder has the
opportunity to re-form the oxide scale if the powder is handled in air atmosphere or
during the heating/degassing stage prior to thermomechanical consolidation. During
consolidation, the formation of the recrystallized grain structure within each powder
particle occurs, but at the same time the added pressure applied to sinter the powder
particles together results in the fragmentation of the oxide layer to form oxide stringers
along prior powder surface interfaces within the microstructure. Due to the low fracture
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Figure 5.4. Schematic describing the proposed mechanism for stringer formation in ODS FeCrAl
alloys. [225]

toughness of ODS alloys and the possible role in crack propagation that these oxide
stringers play in the fracture mechanics of these alloys, future work should be aimed at
finding ways to either remove the oxide layer prior to powder consolidation or through
the use of inert atmospheres throughout the powder handling process.
Because of the highly bi-modal microstructure associated with the as-annealed
powder, it is of crucial importance to understand how the nanoprecipitate dispersion is
affected by the abnormal recrystallization process associated with secondary
recrystallization. Since a majority of the experimental works in this study are focused on
specimens prepared from the as-annealed powder, the dispersion characteristics of both
the fine and coarse grains in the as-annealed powder were investigated. Using the
targeted FIB lift-out procedure presented in Chapter 3, site-specific lift-outs were
obtained for annealed CrAZY powder annealed for 60 min. at 1000°C. The resulting
nanoprecipitate dispersions for the fine and coarse grained regions are shown
qualitatively in Figure 5.5. The dispersions are highly consistent between the two
regions, with a high number density of smaller (Y,Al,O)-rich precipitates and a lower
number density of coarser Zr-rich precipitates.
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Figure 5.5. Illustration of the uniformity of the nanoprecipitate dispersions in ODS FeCrAl
CrAZY powder (ZY10C60) in both the fine grain and coarse grain regions through targeted APT
experiments. Smaller (Y,Al,O) precipitates are illustrated using red 1.5% (Y,YO,AlO)
isoconcentration surfaces and larger Zr-rich precipitates are shown as purple 10% Zr
isoconcentration surfaces. [203]
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The similarity of nanoprecipitate distributions between the fine and coarse grained
regions is an important result, especially since recent investigations of recrystallized ODS
FeCr alloys has shown a lower number density of coarser precipitates in the coarsegrained regions [141]. The disparity between the results presented in this work and the
work presented on recrystallized 14YWT can be reconciled through two major points.
First, the results presented by Aydogan et al. were conducted on recrystallized 14YWT in
already consolidated form. It is important to understand the presence of Al in the ODS
FeCrAl powder here does not affect the recrystallization kinetics of the powder
substantially. During the annealing of the ODS FeCr 14YWT powder prior to powder
consolidation, it also would have had the same bi-modal microstructure with a
homogeneous distribution of precipitates across the microstructure (otherwise the prerecrystallized as-extruded form of the 14YWT alloy that the authors investigated would
have already exhibited two distributions of fine and coarse precipitates prior to their
recrystallization studies on the as-extruded alloy). Thus, there seems to be a difference
between the recrystallization steps seen here for the annealed mechanically alloyed
powder and the recrystallization steps seen for the as-extruded ODS FeCr alloy.
The second important point in support of the current result is that 90% of the
powder microstructure is comprised of abnormally grown grains measuring tens of
microns in diameter, as shown in Figure 5.2. If the distribution of nanoprecipitates in the
90% of coarse grains in the recrystallized powder would be coarser than in the fine
grains, then it follows that the same coarser distribution of nanoprecipitates would expect
to be seen in the as-extruded microstructure, which is not the case for both ODS FeCr
alloys widely studied in literature or for the CrAZY alloys investigated in this work. The
only case where precipitate distributions would be different in the as-extruded alloy is if
there was insufficient dispersion of Y and O throughout the microstructure during the
mechanical alloying step, which was shown by West on initial heats of 14YWT that
exhibited large grains absent of nanoprecipitates due to the lack of sufficient Y content in
these regions [166]. Thus, for the purposes of this work it is assumed that comparisons of
fine and coarse grained regions of annealed CrAZY powder can be readily compared
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without doubts as to the homogeneity of nanoprecipitate dispersions across the powder
microstructure after annealing.
Although the nanoprecipitate dispersions are comparatively similar between the
coarse and fine grains, there was one APT control volume that exhibited a 50 nm region
that was surprisingly void of nanoprecipitates (Figure 5.6(e)). Although there was no
evidence of a grain boundary near this precipitate free zone, there was a line of coarser
nanoprecipitates in the control volume as well. This particular APT specimen (in the asextruded state) gives support to the mechanism of nanoprecipitate dissolution and reprecipitation in recrystallized ODS powders conjectured by Sallez [84]. During the
abnormal grain growth associated with secondary recrystallization in the as-annealed
powder, Sallez proposed a multi-step process whereby a migrating grain boundary would
cause heterogeneities in the precipitate distribution during its propagation through the
microstructure. The process is presented in Figure 5.6(a-d): due to the higher solubility
of solute elements at the grain boundary, precipitates in front of the grain boundary
recrystallization front will dissolve ahead of the grain boundary resulting in a precipitate
free zone behind the grain boundary. As the solute concentration in the grain boundary
exceeds the excess solubility of the boundary, it will no longer be able to cause
precipitate dissolution and will either be pinned by Zener pinning or will drag precipitates
as it propagates. As precipitates coarsen along the boundary due to accelerated diffusion
paths due to grain boundary diffusion, the pinning force decreases and the boundary is
able to break free and continue propagating; however, because the solubility of solutes in
a stationary grain boundary exceeds that in a migrating boundary it will eject solute
atoms in all direction and allow for the re-precipitation of precipitates on both sides of the
boundary. The experimental results in this work are overlaid with the process schematic
showing almost identical features. This result means that although the precipitate
distributions as a general rule will be identical between coarse and fine grained regions,
there will be local cases where precipitate free zones exist within both the annealed
powder and the as-extruded alloy microstructure.
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Figure 5.6. (a)-(d) present the nanoprecipitate dissolution and re-precipitation mechanism
proposed by Sallez [84], while (e) illustrates one APT control volume identified in this work
providing similar nanoprecipitate features in alloy 106ZY10C8 supporting this conjectured
mechanism.
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Since the precipitate distribution in the as-annealed powder has already been
established by the time the powder has been sintered through the consolidation process, it
is unsurprising that the nanoprecipitate distributions are equivalent in both the powder
microstructure and in the as-consolidated alloy. To show this parity between distributions
qualitatively, consider the array of APT control volumes for annealed powders and
extruded alloys shown in Figure 5.7. Two important points are made from this
comparison. First, the nanoprecipitate distributions between the powder annealed for 15
min. and 60 min. at 1000°C are identical. This is an impactful result if one considers the
heating profile of the annealed powder as a function of time. Just as the powder
microstructure has undergone recrystallization by 15 min. at an equivalent temperature of
715°C, this result also shows that the nanoprecipitates have already nucleated and grown
to stable sizes within the first 15 min. of annealing as well.

Figure 5.7. A comparative illustration of the similarity of nanoprecipitate dispersions in both
annealed powders and extruded alloys with 1000°C annealing treatments. Also shown is a
qualitative increase in precipitate size with a decreasing number density for alloys consolidated
via extrusion with increasing extrusion temperature. Red 1.5% (Y,YO,AlO) iso-concentration
surfaces are shown for all samples with overlaid background matrix atoms. The purple feature in
sample 106ZY10C1 is a Zr-rich region.
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This image also provides a second result that supports previous research on ODS
alloys, whereby precipitate sizes increase while the corresponding number density
decreases with increasing extrusion temperature [162]. Since the nanoprecipitates would
have already nucleated and grown to stable sizes during the pre-consolidation annealing
step at short annealing times, this result suggests a transition from nucleation and growth
to precipitate coarsening at higher extrusion temperatures, even for samples annealed for
only 1h prior to extrusion. This is a significant result since this change in nanoprecipitate
size affects the as-consolidated microstructure and consequently the mechanical
properties of the material. The number density and average radius of precipitates in
sample 106ZY10C1 (extruded after annealing 60 min. at 1000°C) are 1.80x1023 m-3 and
1.95 nm, respectively [113]. Conversely, the sample annealed for 60 min. at the higher
temperature of 1050°C had an average precipitate radius of 2.08 nm with a number
density of 1.11x1023 m-3.
Recalling the various strengthening mechanisms described in Chapter 2, it is
possible to compare the yield strengths of these two alloys to estimated yield strengths
using the RMS methodology in Eq. (2.3). Using the reported grain sizes of the
106ZY10C1 and 106ZY15C alloys, which are 947 and 1155 nm respectively, and a HallPetch constant of 401 MPa/𝜇m1/2, the grain boundary strengthening components of these
alloys were calculated to be 412 MPa and 373 MPa [113]. Using a Burgers vector of
0.248nm [57] and a lattice parameter of 0.287nm for the ODS FeCrAl alloys investigated
here, the grain matrix hardening was estimated to be 234 MPa for both alloys. The
dispersed barrier hardening contribution calculated using the number densities and radii
for both alloys resulted in a precipitate strengthening component of 328 MPa for
106ZY10C1 while the lower number density and larger precipitate size for 106ZY15C
translated to a lower dispersed barrier hardening component of 278 MPa. Although the
dislocation density was not able to be measured for these alloys, based on the
consolidation methodology and temperature of extrusion, the dislocation density was
assumed to be 1014 m-2 for both alloys, which is of the same order of magnitude as those
reported for ODS alloys produced in similar fashion [60].
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A hydraulic MTS tensile machine was utilized for mechanical testing using a
strain rate of 10-3 s-1 in air atmosphere. For accurate temperature measurement, a
thermocouple was adhered to the sample holder, and the specimen temperature was held
at the target temperature for at least 10 min. prior to performing the tensile test. As shown
in Figure 5.8, the strength of the sample extruded at 1000°C (106ZY10C1) exceeds that
of the sample extruded at 1050°C (106ZY15C) at temperatures less than 600°C. This is
because nanoprecipitates and grain boundaries become less effective as obstacles to
dislocation motion at elevated temperatures [56]. Both samples show significant
increases in strength in comparison with an arc-melted wrought FeCrAl alloy with Mo
and Nb addition (C35MN) but exhibit lower ductility. The increase in relative strength of
106ZY10C1 in comparison to 106ZY15C directly relates to the finer precipitate
distribution that has also refined the grain size. Comparing the differences between the
measured room temperature yield strength values for these two alloys, there exists only a
small error of ~7 MPa between the experimentally measured and modeled yield strength
for the 106ZY10C1, while the error increases to ~20 MPa for the sample extruded at
slightly higher temperature. This signifies that although the assumed dislocation density
used for dislocation strengthening calculations was a good approximation, the increase in
error for the higher extrusion temperature suggests that this sample also has a slightly
reduced dislocation density in comparison to the 106ZY10C1 sample, which is expected
since fewer pinning sites exist in this alloy.
Although a detailed discussion concerning the deformation modes and
strengthening contributions is not the primary focus of this work, this analysis reinforces
the need to develop optimized annealing treatments so that higher consolidation
temperatures can be used for ductility enhancement without significantly deteriorating the
precipitate dispersions in these alloys. This discussion is the primary focus of Chapter 7
of this study.
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Figure 5.8. The experimentally measured (a) ultimate tensile strength, (b) yield strength, and (c)
total elongation as a function of temperature for 106ZY10C1 and 106ZY15C as a function of
temperature [113]. Also shown for comparison is a non-ODS wrought FeCrAl alloy (C35MN)
[8]. In (d), room temperature yield strength values are compared with the computed yield strength
using the RMS methodology.
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5.2. Effect of Mechanical Alloying Device
The CM01 and CM08 Zoz Simoloyer ball-milling units have both been widely
used for the production of ODS FeCrAl and ODS FeCr alloys in the past decade for the
development of alloys such as 14YWT. In the current investigation, it is of interest to
determine if the use of these different mechanical alloying devices results in similar
microstructures and nanoprecipitate distributions since both of these devices has been
used over the course of this study. With a larger attrition-type ball milling device, the
spherical milling media have higher velocities in comparison to a smaller ball mill
operating at the same rotational speed (𝜔) because the velocity at the tip of the attritor
blade (𝑣) is proportional to the radial blade length (𝑟) through the relationship 𝑣 = 𝜔𝑟.
With a blade length of the CM08 unit measured as 8.3cm, the average velocity of the
milling media at rotational speeds 350/600 rpm are 3.0/5.2 m/s respectively. For the
CM01 (blade length 5.1cm), the velocities are 2.1/4.8 m/s for 400/900 rpm rotational
speeds. This means that the deposited energies may differ and the homogeneous
incorporation of yttrium and oxygen in the lattice may be affected. In this section, the
general microstructures and nanoprecipitate distributions between two identically
annealed and extruded alloys are compared.
Figure 5.9 presents SEM-BSE images of the transverse orientations of CrAZY
alloys annealed for 60 min. at 1000°C prior to extrusion at the same temperature. As
mentioned previously in the previous chapter, alloy 106ZY10C1 was milled in the CM01
unit (200g powder capacity) at rotational speeds alternating between 400 and 900 rpm for
40h, while the 106ZY10C8 specimen was milled in the CM08 unit (1kg powder capacity)
at rotational speeds of 350 and 600 rpm for the same duration. Both images show a finegrained microstructure with the existence of oxide stringers and occasional porosity. The
microstructures also show identical textures and grain size distributions through an
investigation of the alloy microstructures in both the L and T orientations using EBSD.
As referenced in Figure 5.10, the extruded microstructure shows a strong texture where
grains in the extrusion direction are aligned in the [110] direction. This is expected since
the dominant slip plane is (110) for BCC materials. Consequently, strong (001) and (111)
123

Figure 5.9. SEM-BSE micrographs of alloys 106ZY10C1 and 106ZY10C8 mechanically alloyed
in CM01 and CM08 ball-mills, respectively. Both alloys were subjected to a 1h heat treatment at
1000°C followed by extrusion at the same temperature. Oxide stringers decorating grain
boundaries are noted in both alloys, with sparse porosity also indicated.

Figure 5.10. Grain pole figure orientation maps (left) are shown for samples 106ZY10C1 and
106ZY10C8 for both (a-b) transverse (T) and (c-d) longitudinal (L) orientations. Also shown is
(e) the grain size distribution for both samples (right) with average grain size values tabulated.
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orientations exist in the L orientation that are perpendicular to the (110) slip plane. The
average grain sizes for the 106ZY10C1 and 106ZY10C8 specimens are 740±53 and
755±44 nm as measured in the L orientation, which are with all respects identical
considering the 95% confidence intervals for each distribution.
Just as the microstructures are identical between the alloys milled in both
Simoloyer units, the nanoprecipitate distributions also show highly similar dispersions.
Figure 5.11 compares two APT control volumes for 106ZY10C1 and 106ZY10C8. In
this figure, it can be seen qualitatively that the dispersions are highly similar, both with
respect to the distribution of smaller precipitates and the existence of larger Zr-rich
precipitates within the control volumes. In these specific APT specimens, the
106ZY10C1 sample has an average precipitate radius of 1.8 nm while the 106ZY10C8
specimen has a slightly lower average radius of 1.55 nm. However, for the CM01 and
CM08 specimens the corresponding number densities are highly similar and are reported
as 1.8x1023 and 2.1x1023 atoms/m3, respectively. It is unclear if the small difference in
average precipitate size is due to slight variations in annealing times during the preextrusion step or if slightly different dispersions of Y and O in the lattice have attributed
to the slight change in precipitate size.

5.3. Effect of Binning Parameters and LEAP Detection
Efficiency on Precipitate Compositions
To this point, the focus has been aimed at the effect of different processing
parameters on the dispersion of nanoprecipitates within the microstructure. Arguably
more important in the comparison of this collection of APT data is to what extent this
data can be compared between different control volumes as a function of how this data
has been systematically studied. In this section, attention is paid to one specific CrAZY
specimen type, ZY10C60, which is a powder mechanically alloyed and annealed for 60
min. at 1000°C. The smallest (Y,Al,O) nanoprecipitates in one specific control volume,
analyzed on a Cameca LEAP 5000 XR model atom probe (Figure 5.12), are analyzed in
three different binning conditions. The mass-spectrum has been binned either by the user
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Figure 5.11. APT reconstructions for CrAZY ODS FeCrAl alloys extruded at 1000°C after
annealing for 1h at the same temperature following mechanical alloying in either a CM01
(106ZY10C1) or CM08 (106ZY10C8) Zoz Simoloyer ball mill. Smaller (Y,Al,O)
nanoprecipitates are shown using 1.5% (Y,YO,AlO) iso-concentration surfaces while a second
population of Zr-rich precipitates are identified using 10% Zr iso-concentration surfaces. A
comparison of nanoprecipitates size distributions is shown in (c).

Figure 5.12. APT reconstructions of sample ZY10C60 for a fine-grained region of CrAZY
powder annealed for 60 min. in a 1000°C box furnace. Smaller (Y,Al,O) nanoprecipitates are
shown using 1.5% (Y,YO,AlO) iso-concentration surfaces while a second population of Zr-rich
precipitates are identified using 10% Zr iso-concentration surfaces. 0.1% of Fe matrix atoms are
also overlaid as black dots. Dimensional axes units are in nm.
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to encompass the observed full width of each peak, and compositional results are
compared with the cases where MATLAB has systematically binned each peak to either
full-width tenth-maximum (FWTM) or full-width half-maximum (FWHM) conditions.
Figure 5.12 illustrates the reconstructed control volume of ZY10C60 showing a
high number density of (Y,Al,O) nanoprecipitates in red with a lower number density of
Zr-rich precipitates in purple. Since the effect of Zr on nanoprecipitation is the focus of
the next chapter, a full discussion on these larger precipitates will not be addressed here.
Instead, the results of the outputted compositions of the smaller (Y,Al,O)-rich precipitates
are presented after correcting for a portion of the spatial overlaps due to the matrix using
the aforementioned aberration correction procedures implemented in this work. In Figure
5.13, three different types of graphs are presented. First, the ratio of Y atoms to Al atoms
in each precipitate are compared as a function of precipitate size. Second, the study of
oxygen content is incorporated into the discussion through the construction of Y-Al-O
ternary diagrams for each condition. Lastly, the nanoprecipitate size distributions for each
binning condition are analyzed.
Several important results can be ascertained from Figure 5.13. As will be more
fully investigated in Chapter 6, the ratio of Y to Al atoms decreases as a function of
precipitate size. This means that as precipitates increase in size, more Al is measured in
each precipitate, while for very small precipitates measuring less than 1 nm in radius Al
is depleted from the nanoprecipitates. This is likely an artifact from the application of the
maximum separation method in cluster identification. The cluster size distribution clearly
shows that only a small number of precipitates exist in this size range. As the precipitate
approaches and exceeds 1 nm, the Y/Al ratio levels out to a level slightly lower than is
expected for the YAG phase.
When oxygen is considered, it is clearly seen that the oxygen content is severely
underestimated in the nanoprecipitates even when binning the user-defined full width of
each peak of the mass-to-charge ratio spectrum. The linear trend in the ternary diagram is
another representation of the size dependence of the Y/Al ratio with increasing precipitate
size. Though not clearly shown in this particular comparison, the size of each point on the
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Figure 5.13. The effect of mass-to-charge ratio peak binning on the compositions and size
distributions for identified (Y,Al,O)-rich nanoprecipitates in the ZY10C60 specimen previously
shown in Figure 5.12. Illustrated are the Y/Al ratio, the ternary Y-Al-O diagram (point size
proportional to precipitate diameter), and the particle radius distribution for cases where the mass
spectra is binned with the perceived full width (user defined, red), the full-width tenth-maximum
(FWTM, blue), and as the full-width half-maximum (FWTM, green). [225]
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ternary diagram is proportional to the precipitate size, so many smaller points are shown
in the tail end of the linear trend.
To more effectively summarize the data presented, Figure 5.14 shows the
variation in Y/Al ratio and nanoprecipitate size as a function of decreasing binning size.
A slight variation of the Y/Al ratio is seen as the binning area decreases from the fullwidth to the FWHM value. All of these ratios are within 10% of the 0.6 value consistent
with the YAG phase. However, a more substantial variation of nanoprecipitate radius is
noted as the binning procedure changes. For the user-defined full width value, the
average nanoprecipitate diameter is over 3.2 nm, while for the FWHM binning procedure
this value decreases to less than 2.8 nm. This variation of nanoprecipitate size would
severely affect the accurate quantification of the nanoprecipitate size as a function of
processing parameters if consistency was not adhered to in the binning procedure.
Consequently, all APT results reported in these chapters have been binned using the fullwidth tenth-maximum (FWTM) binning parameters. This procedure was chosen
specifically to allow for consistency in precipitate size measurements and to ensure that
as many ions can be captured and analyzed in each control volume.
Multiple LEAP models have been used for the analysis of the substantial APT
data quantified over the course of this study. This has provided a unique opportunity to
study the variation of nanoprecipitate quantification results as a function of the type of
LEAP model used. More specifically, three Cameca LEAP models were used: a 4000X
HR atom probe with a detection efficiency of 36% at ORNL, a 4000X Si atom probe with
a detection efficiency of 50% at Northwestern University, and a 5000 XR atom probe at
MPIE. For consistency, all units were operated in laser mode with specific parameters
listed in Chapter 4. The same powder specimen ZY10C60 was studied on all three LEAP
models, with specific lift-outs of fine-grain regions.
Mass-to-charge spectra for each LEAP model are compared side-by-side in Figure
5.15 for the same region of the spectra including the major Fe, Cr, Al peaks and also

smaller peaks associated with V, Mn, Co, and Y. The small amounts of V, Mn, and Co
are common impurity elements in steels and either existed originally in the gas-atomized
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Figure 5.14. The dependence of composition and average precipitate size on binning parameters
in the ZY10C60 specimen previously shown in Figure 5.12. The Y/Al ratio shows minimal
change with decreasing binning width, while a more substantial variation in precipitate size is
noted as the width of the defined mass-to-charge ratio peak is decreased from the user-defined
full width to the full-width half-max value. [225]

Figure 5.15. Mass-to-charge ratio spectra for various Cameca LEAP models studying ZY10C60
fine-grained specimens. [225]

130

powder or were transferred to the alloy by the milling media used during mechanical
alloying. Regardless, all three spectra show similarities, although some minor differences
exist. In all modes, the peaks have tails on the right-hand side of the distribution. This is
an artifact associated with the use of laser-mode for data acquisition. After energy is
deposited to the tip by the laser pulse to field-evaporate atoms, the tip increases in
temperature. As the tip cools between pulses, it is possible for that thermal activation to
be enough for additional field-evaporation events; furthermore, the added thermal energy
shifts the energy of the field-evaporated ion, which broadens the spectrum in this
“thermal tail” region. Since all three LEAP models were used in laser mode, thermal tails
are noted on the major peaks. However, a clear increase in the peak resolution of the
reflectron (4000X HR and 5000 XR) models is noted in comparison to the 4000X Si that
uses a straight-line ion path to the detector. Specific focus is on the Y peak on the far
right of the spectrum at 29.6 Da, where the reflectron models provide a better signal to
noise ratio.
Since all three specimens were binned using the FWTM procedure, the
precipitates within each can be readily compared as a function of composition and size. A
summary of the results is presented for the three control volumes in Figure 5.16.
Illustrated are the control volumes analyzed showing red (Y,Al,O) precipitates atop the
black matrix atoms, the ternary diagrams for each LEAP model (4000X HR in purple,
4000X Si in blue, and 5000 XR in red), and the corresponding particle radius
distributions for each control volume using a bin size of 0.1 nm. The model 4000X HR
model has the lowest detection efficiency of 36%, while in comparison the straight-line
flight path version of the same unit (the 4000X Si model) has a detection efficiency of
50%. For the newer model 5000 XR, the detection efficiency increases to 52%. The radii
have been estimated using the atomic count method, which is explained in more detail in
the next section but uses the detection efficiency, the expected atomic density of the
precipitate, and the number of ranged ions in each precipitate control volume to
determine the radius of each precipitate identified by the cluster search algorithm.
Surprisingly, no significant changes in composition were noted for all three LEAP
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Figure 5.16. The effect of atom probe, and thus detection efficiency, on the composition and
nanoprecipitate distributions for CrAZY ODS FeCrAl powder (ZY10C60) annealed for 60 min.
at 1000°C. For consistency, all specimens were taken from fine-grained regions of the powder.
Compared are specimens analyzed using the Cameca LEAP models 4000X HR (36% detection
efficiency, purple), 4000X Si (50% detection efficiency, blue), and 5000 XR (52% detection
efficiency, red). [225]
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models. All three units show the same size dependency previously shown for Y and Al,
shown the distribution tail in the ternary diagram. The slight decrease in the size of the
tail in the 4000X HR model LEAP is because this control volume was smaller, which
meant that less clusters were identified to be compared. The average radii for the 4000X
HR, 4000X Si, and the 5000 XR models are 2.03±0.87 nm, 1.55±0.53 nm, and
1.80±0.63 nm with errors reported as one standard deviation from the mean.
It does not seem that the detection efficiency has a proportional impact on the
precipitate size based on the control volumes analyzed. If the efficiency was biasing the
results, and one element was preferentially lost in comparison to others, then the average
precipitate size would have decreased with decreasing detection efficiency. However,
since this linear trend was not noted, and since the ratios of the primary elements of
interest (Y,Al,O) showed no significant change as a function of detection efficiency, it
can be assumed that the precipitates in all samples, analyzed on all three LEAP models,
can be analyzed together as one population for the same processing conditions after
appropriate FWTM binning.
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CHAPTER 6: Multi-scale Characterization of
Nanoprecipitation in ODS FeCrAl Alloy Powders and
Alloys
In the previous section, parity has been established between specimens analyzed
using different APT models and for cases where powders have been either mechanical
alloyed in different milling units or consolidated into bars. A detailed characterization
was thus undertaken on the nanoprecipitate populations within each sample. For this
analysis, individual control volumes in Table A.1 were referenced to highlight pertinent
features in certain samples. For the overall comparison of nanoprecipitate populations
between samples annealed or extruded at different temperatures and times, all precipitates
in all control volumes for the respective processing condition were analyzed together as
one population to provide a more accurate representation of cluster compositions and
sizes.
Prior to the APT and SANS analyses provided in this chapter, it is first important
to understand how compositional variations within each sample will potentially affect the
observed nanoprecipitate populations. Table 6.1 presents the global compositions of the
various samples investigated in this work. All samples beginning with “ZY” in Table 4.1
represent ZY40H powder milled in the CM08 unit that were then annealed for various
times and temperatures ex-situ. Each of their global compositions should thus average to
be the same as that listed in Table 6.1 for ZY40H-CM08. In addition, the aforementioned
106ZY10C1 and 106ZY10C8 specimens are the extruded alloy forms of the ZY40HCM01 and ZY40H-CM08 milled powders, which is why the compositions between these
specimens are highly similar. Of importance for all samples is the non-trivial C (0.08-0.3
at.%) and N (0.04-0.25 at.%), which will be shown in this chapter to fundamentally shift
the precipitate populations seen within these alloys.
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Table 6.1. Chemical compositions of powders (at.%) and alloys provided by DIRATS.
Sample

Form

Fe

Cr

Al

Zr

Y

O

C

N

Gas Atomized Powder

Powder

77.40

10.00

12.34

0.17

0.00

0.06

0.02

0.01

Milling Media

n/a

93.40

1.62

0.02

0.00

0.00

0.00

4.17

0.01

ZY40H-CM01

Powder

77.32

9.91

11.56

0.16

0.12

0.49

0.10

0.23

ZY40H-CM08

Powder

77.42

9.73

11.78

0.15

0.13

0.43

0.25

0.04

106ZY10C1

Extruded

77.55

9.73

11.58

0.16

0.13

0.42

0.08

0.21

106ZY10C8

Extruded

78.00

9.55

11.33

0.15

0.12

0.38

0.26

0.12

106ZY15C

Extruded

77.80

9.58

11.33

0.15

0.12

0.61

0.07

0.25

CrAZY_H1

Extruded

77.66

9.70

11.61

0.15

0.13

0.37

0.30

0.06

Table 6.2. Corrected nanoprecipitate compositions measured by APT. Errors are reported as one
standard deviation from the mean. Compositions are reported in at.%.
Sample

R [nm]

Np x1023 [m-3]

𝒇 [%]

Fe

Cr

Al

Y

O

C

N

ZY10C15

1.56±0.64

4.77±1.47

1.14±0.01

57.90

6.62

11.76

11.62

11.43

0.10

0.02

ZY10C60

1.58±0.61

4.19±1.21

1.12±0.22

55.58

7.54

11.55

11.70

12.92

0.13

0.01

Y10C60

1.64±0.75

3.55±1.26

0.79±0.11

59.53

7.78

11.19

10.04

10.80

0.05

0.01

106ZY15C

2.08±0.75

1.11±0.18

0.86±0.21

57.01

8.41

11.73

9.59

12.51

0.18

0.01

ZY15C10h

2.16±0.65

1.79±0.01

0.95±0.05

58.53

8.87

11.41

10.60

9.35

0.29

0.04

ZY15C50h

2.82±1.16

0.58±0.01

0.83±0.02

51.24

7.77

11.07

13.43

15.38

0.25

0.02

ZY15C500h

4.07±1.21

0.12±0.03

0.47±0.04

60.89

7.11

8.39

9.40

11.88

0.18

0.01

CRAZY-H1

2.58±0.85

0.79±0.05

0.71±0.12

54.63

7.84

11.16

12.92

12.48

0.17

0.01
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Throughout this chapter, the nanoprecipitate populations are compared, as are the
compositions of the smallest nanoprecipitates within the microstructure. Thus, Table 6.2
is referenced here at the beginning of the chapter summarizing the populations of each
collection of APT specimens for each processing condition. Presented in this chapter is a
comprehensive examination of the compositions and possible structures of these
precipitates, while the thermal stability of these clusters is the focus of discussion in
Chapter 7.

6.1. Effect of Added Zr on Observed Precipitate Populations
Due to the low number density and larger size distributions for precipitates in
legacy recrystallized ODS FeCrAl alloys MA956 and PM2000 [88, 115, 156, 159, 169],
much of the focus was turned away from these ODS FeCrAl alloys for nuclear
applications and instead concentrated on the development of the ODS FeCr alloys that
had a much finer dispersion of nanoclusters within the matrix. In-fact, some authors
coined the term nanostructured ferritic alloys (NFAs) to distinguish the “superior” ODS
FeCr alloys from the simply dispersion strengthened FeCrAl variants. It was not until
enhanced oxidation resistance demands were sought for LWR accident tolerance or for
compatibility with advanced reactor coolants that the ODS FeCrAl concept was
reinvestigated. Dou and colleagues were able to refine the particle size of a Fe-16Cr-4Al
ODS alloy of 6-7 nm diameter particles to 3.2 nm diameter particles simply by lowering
the extrusion temperature from 1150°C to 1050°C [162]. However, the authors also
found that by adding other elements with a strong affinity for O into the lattice like Zr or
Hf, the particle size similarly shifted down to 4.8 nm and 4.3 nm diameter particles,
respectively [105, 112]. However, for Fe-12Cr-6Al alloys developed at ORNL with
similarly added Zr and Hf, the authors found that the nanoprecipitates appeared to be
absent of Zr and enriched only in (Y,Al,O) with particle sizes comparable to those found
for the Zr and Hf bearing alloys by Dou [99, 106]. Thus, for the ODS Fe-10Cr-6Al
alloys developed in this study it is of interest to answer (1) what are the compositions of
the smallest nanoprecipitates and (2) what is the role of Zr in these alloys.
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In the as-milled ZY40H powder, all elements are uniformly distributed within the
matrix. After the powder has been annealed, nanoprecipitates nucleate in both
homogeneous and heterogeneous fashion accelerated by the high affinity of the
constituent elements Cr, Al, Y, and Zr for impurity elements such as O, C, and N within
the material. Figure 6.1 clearly shows that the elements Y, Zr, and Al are all uniformly
distributed within the matrix prior to annealing, as shown by the atom maps of these
elements showing no significant clustering in the as-milled state. However, afterwards
there is significant clustering, which is spatially correlated for the elements Y, Al, and the
YO/AlO molecular ions associated with proximity to O during the field-evaporation
process. Also shown in this figure is a coarser precipitate that has nucleated that is
enriched in Zr, although the Zr is not associated with the fine clusters.
A closer look at a representative cluster in an annealed CrAZY alloy is presented
in Figure 6.2, showing both the atom locations for each respective molecular species and
a 1D concentration profile through a cylindrical region of interest (ROI) spanning the
width of the cluster. The stacked bar graph in Figure 6.2(b) shows that the primary
constituent elements within the cluster are Y, Al and O. Although there are a few Zr
atoms in the surrounding control volume, these atoms appear to be dispersed uniformly
throughout the region and are not statistically significant with respect to the clustering
behavior shown for the other elements of interest.
To provide more evidence for the lack of Zr present in the fine-scale nanoprecipitate
distributions measured for the numerous APT control volumes listed in CrAZY alloys
and powders presented in Table A.1, a total of 3644 nanoprecipitates were
simultaneously analyzed with specific interest in the reactive elements Y, Al, and Zr with
impurity elements O and C.
Figure 6.3 presents this summarized data organized in two different graphs with
atom percentages of Y, Al, Zr, O, and C normalized to the sum of these five atomic
species. The first graph is organized as a function of nanoprecipitate radius. This image
clearly shows that for these 5 elements only Y, Al, and O are the dominant clustering
elements within the cumulative population of nanoprecipitates. To identify possible Zr
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Figure 6.1. Atom maps showing atom maps in two representative control volumes for the Asmilled powder (ZY40H) and for the extruded CrAZY alloy (106ZY10C1). Atom maps for (a)
Y+YO, (b) Zr, and (c) Al+AlO are shown. [225]

Figure 6.2. (a) A representative (Y,Al,O) nanocluster in the CrAZY ODS FeCrAl alloy is
highlighted using atom maps of the constituent elements atop a matrix of black Fe matrix atoms.
In (b) a 1D concentration profile through the precipitate is graphed showing increases in Y, YO,
AlO, and O through the precipitate, but not Zr.
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Figure 6.3. Stacked bar graphs illustrate the ratio of Y, Al, O, Zr, and C within each
nanoprecipitate (normalized to these 5 elements) in the total population of 3644 total precipitates
identified in the CrAZY APT control volumes in this work. In (a) the precipitates are arranged
along the x-axis as a function of increasing measured precipitate radius. In (b), the precipitates are
arranged as a function of increasing Zr content.
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enrichments in these precipitates, these 3644 precipitates were then sorted by the Zrenrichment within each cluster. The first ~1000 precipitates contained no Zr atoms,
which is the reason why the cluster radius plot is smooth for the first third of the cluster
population. For cases where Zr appears to have a non-zero enrichment, a magnified
portion of the stacked bar plot shows that in cases where Zr appears to exist within the
precipitates, C also shows an increasing enrichment trend. As is shown in the subsequent
images, this Zr and C enrichment for these smallest precipitates is an artifact associated
with the co-precipitation of smaller (Y,Al,O) clusters with larger Zr and C-rich
precipitates within the reconstructed APT samples.
Although APT provides a mechanism for the detailed investigation of smaller
control volumes, electron microscopy methods allow for a broader visual inspection of
coarser nanoprecipitate populations in these CrAZY alloys. STEM+EDS was thus
coupled with the APT data collected in this work to provide compositional information
for larger fields-of-view for comparison. The high angle angular dark field (HAADF)
STEM image of a region of sample 106ZY10C8 along with EDS maps of elements Al, N,
Zr, and C are illustrated in Figure 6.4(a-e). Two populations of coarser precipitates are
identified this is region: Al-rich precipitates (darker precipitates in the HAADF-STEM
image) and lighter precipitates enriched primarily in Zr. A MVSA analysis allows for the
discretization of the elemental maps as a function of position, which is possible for
STEM due to the ability of the electron beam to raster across the specimen surface. Three
different discretized regions were identified by the MVSA algorithm: (1) the background
FeCrAl matrix illustrated in black, (2) the Al-rich precipitate population depicted in
green, and the Zr-rich precipitates shown in red. The deconvoluted EDS spectra for these
three regions and the overlaid EDS maps are shown in Figure 6.4(f-g). From the EDS
spectra results, the Zr-rich precipitates appear to be enriched in either N, C, or both, with
possibly some Cr also being higher in enrichment in comparison to the surrounding
matrix. For the Al-rich precipitates, C does not appear to be a constituent in the
precipitates; instead, Al seems to also be associated with Fe and N. The fact that there
exists a significant Fe peak in the Al-precipitates but not in the Zr precipitates provides
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Figure 6.4. STEM+EDS results for the larger populations of precipitates in the ODS FeCrAl
alloy 106ZY10C8. Multivariate statistical analysis results show two populations of precipitates
(Al,Fe,N) + (Zr,C,N) and the background FeCrAl matrix. [225]

credence to the possible enrichment of the Al precipitates with Fe in addition to the
observed increase in N.
The precipitation of these multiple populations of Al-rich and Zr-rich precipitates
has been verified in an APT control volume for sample 106ZY15C. Although the
extrusion temperature for this sample is 50°C higher than for the sample investigated by
STEM+EDS, the types of nanoprecipitates are not expected to be affected by the small
relative change in extrusion temperature. In addition to the fine-scale nanoprecipitates
shown by Y and YO atom maps in the Fe matrix (Figure 6.5(a)), there exist larger
precipitates in this control volume that have been highlighted by Zr and Al
isoconcentration surfaces. A 1D concentration profile through the Zr-rich (purple)
precipitate showed simultaneous enrichments in both C and N in equal proportions.
The ratio of Zr to the sum of the C and N contents indicate that this precipitate is
of a composition equivalent to the Zr(C,N) phase. The concentration profile through the
Al-rich precipitate shows an unexpected result. The ratio of Al to Fe is 3:1 within the Alrich region, which is consistent with the Al13Fe4 iron aluminide phase. Although there
appears to be a slight enrichment of N, it is unclear if this increase is due to the peak
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Figure 6.5. APT reconstruction of CrAZY alloy (106ZY15C) showing three types of precipitates
within the control volume: (a) the smallest (Y,Al,O) precipitates shown using red atom maps of
Y, (b) a (Zr,C,N) rich precipitate shown using the Zr, C, and N atom maps and a corresponding
1D concentration profile, and (c) a (Al,Fe)-rich nanoprecipitate highlighted using a green 25% Al
iso-concentration surface and a 1D concentration profile into the precipitate. In (d), overlaid Y
and YO atom maps indicate segregation to Al-rich precipitate boundaries. [225]
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overlaps of Si and Al for the 14 Da peak in the mass-spectrum or if there is a N
enrichment in the peak consistent with the STEM+EDS results. The precipitation of this
Al13Fe4 phase is unexpected since the Fe and Al would have been uniformly dispersed
throughout the matrix even in the gas atomized powder prior to mechanical alloying in a
ratio of 1:7 for Al:Fe. Thus, the nucleation of this iron aluminide phase would have been
the least likely with respect to the Al-Fe binary phase diagram. The enrichment of Fe in
these Al-precipitates is consistent with the STEM+EDS results.
The initial dispersion of the alloying elements and the impurity elements in the asmechanically alloyed powder also strongly affects the local precipitation in each control
volume. Consider the APT control volume for sample 106ZY10C8 highlighted in Figure
6.6. In this reconstructed specimen, the Zr-rich precipitates are again identified, but there
also appear to be Cr-rich precipitates also enriched in C. Thus, it appears that while Zr
appears to be competing with Al for N within the matrix, Zr is also competing with Cr for
the formation of C-rich precipitates within the matrix. One precipitate enriched in Zr
shows enrichment in only C with an equal stochiometric ratio, suggesting that the ZrC
phase as formed (Figure 6.6(a)); however, for the other Zr-rich precipitate noted in this
control volume, there appears to be a core/shell structure (Figure 6.6(b)). The core is
enriched in C and N in equal ratios, while the shell of the Zr-rich precipitate is only
enriched in C. It thus appears that Zr(C,N) initially nucleated due to the local
concentration of C and N in proximity to the Zr atoms within the matrix, but as the N
atoms were ultimately sequestered, the remaining C atoms continued to react with
available Zr within the lattice, forming a ZrC shell on the outside of the Zr(C,N)
precipitate. Finally, there appear to be two Cr-rich precipitates also enriched in C. Due to
the higher affinity of Zr for C in comparison to Cr [103], this suggests that the local Zr
concentration was fully consumed and the remaining C atoms reacted with the matrix Cr
and Fe atoms. The ratio of the Fe and Cr concentration to the C content in this precipitate
matches what would be expected for an M23C6 type carbide (Figure 6.6(c)).
One interesting phenomenon in the precipitation of the coarser Al-rich nanoprecipitates is
highlighted both in Figure 6.5 and also in Figure 6.7. Though arguably less important
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Figure 6.6. APT reconstruction of CrAZY powder (ZY10C60) showing a variety of different
precipitates. The reconstructed control volume contains (a) a precipitate with composition
matching ZrC, (b) a (Zr,C,N)-rich precipitate with a core/shell type structure, and (c) a (Fe,Cr,C)rich precipitate highlighted as a brown 5% C isoconcentration surface. The smallest (Y,Al,O)-rich
precipitates are respresented as red 1.5% (Y,YO,AlO) isoconcentration surfaces. [225]

Figure 6.7. (a) a reconstructed APT specimen for ZY10C60 showing the high-density of red
(Y,Al,O) precipitates in red and the co-precipitation of an (Al,O)-rich and a (Zr,C) rich
precipitate. In (b), a semi-transparent 25% Al iso-concentration surface in blue and a 10% Zr isoconcentration surface in purple are overlaid with an atom map of Y and YO, showing a Y-rich
shell surrounding the Al-bearing precipitate. A 1D concentration profile through the two
precipitates in (c) highlights the Y-rich shell and the corresponding increases constituent elements
for the two precipitates. [225]
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from a processing perspective, there appears to be a strong attraction between Y atoms
and coarser Al-rich precipitates noted in the APT control volumes. Consider the (Al,O)rich precipitate that has co-precipitated alongside a precipitate enriched in (Zr,C)
visualized using blue Al and purple Zr isoconcentration surfaces in Figure 6.7.
Overlaying the Y and YO atom maps and the two isoconcentration surfaces in Figure
6.7(b) appears to show a Y and O-rich shell surrounding the Al-rich precipitate. The 1D
concentration profiles in Figure 6.7(c) indicate that these two precipitates are in-fact
Al2O3 and ZrC. The atom map and the concentration profile indicate increases in Y
concentration at the periphery of the alumina precipitate in the form of an Y-rich shell. In
addition, the previously identified Al13Fe4 precipitate in Figure 6.5(d) also shows the
same Y and YO-rich shell surrounding the Al-rich phase. It appears that in Figure 6.5,
there at least four co-precipitated iron aluminide precipitates, with precipitate boundaries
highlighted by this Y-rich shell. This nucleation of the Y-rich shell suggests that the high
affinity of Y for reaction with Al and O in the matrix for the formation of the smallest
(Y,Al,O) precipitates has resulted in the local attraction of Y and O atoms to the surface
of coarser Al-rich precipitates within the matrix as well.
The role of Zr in precipitation in these alloys is summarized as follows: when C and N
are present within the microstructure, Zr will preferentially sequester impurity C and N
within the microstructure for the formation of MX type carbides, where M = Zr and X =
C, N, or both. When impurity elements are removed from the microstructure, Zr may
compete with Al and preferentially react with Y and O instead of Al to form the fluorite
(Zr-Y-O) phase previously identified by Dou et al. [105]. This is an important result,
because the addition of Zr can be tuned based on the impurity compositions expected
based on the mechanical alloying and processing route. It has been previously shown that
the presence of coarse M23C6 type particles in the ODS matrix can deteriorate the
mechanical properties of the alloy, specifically with regards to fracture toughness [226].
As for the competition between Al and Zr for oxide nanoprecipitation in the absence of C
and N in solution, although adding Zr has been shown to refine the oxide-distribution, it
has also been shown that the (Y,Zr,O)-rich oxides exhibit faster coarsening kinetics at
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high temperature in comparison to (Y,Al,O)-rich precipitates [79]. Since nano-oxide
dispersions have been proven for CrAZY alloys in this work that rival and arguably
surpass the number densities reported for the previously reported (Y,Zr,O) oxides, it
appears that a careful control of the temperature dependent consolidation methodologies
used for the production of these ODS FeCrAl alloys is a more important factor for the
development of high sink-strength alloys for nuclear applications than alloying additions
for the purpose of changing nanoprecipitate dispersions.

6.2. Compositional Measurements using APT
To this point, the compositional variation of the smallest nanoprecipitates has
been presented in a qualitative manner for general comparisons between different APT
reconstructions. In this section, a more detailed compositional investigation of the
smallest nanoprecipitates is undertaken for the purposes of identifying the phase of these
fine-scale dispersions. Since Zr has been shown not to play a role in the formation of the
smallest nanoprecipitates only the ratios of Y, Al, and O will be considered in the current
discussion.
The measured Y, Al, and O contents in the smallest nanoprecipitates is a strong
function of the methodology used to correct for possible spatial overlaps and local
magnification effects associated with the APT technique. As discussed previously in
Chapter 4, the correction of nanoprecipitate compositions in ODS FeCr alloys is a bit
simpler since the matrix constituents (Fe and Cr) are different than the elements
comprising the nanoscale precipitates (Y, Ti, and O). However, in the case of these ODS
FeCrAl alloys without Zr interaction with O, Al is in both the matrix and in the
precipitates. The current literature on nanoscale precipitation has not yet tackled the
challenge of attempting to describe the Al partitioning between the matrix and the
precipitates. Depending on the differences in clustering kinetics in comparison to the
kinetics of Al diffusion through the Fe matrix, there is a chance that the local depletion of
Al from the surrounding matrix during nucleation and growth of the (Y,Al,O)-rich
clusters results in a Al-depleted, (Fe,Cr)-rich shell surrounding the precipitates. However,
146

the averaging of 50 1D concentration profiles through the analysis “z” direction for these
precipitates (Figure 4.15) did not show a clear Cr peak at the matrix/precipitate interface
in comparison to the work London et al. performed on ODS FeCr alloy 14YWT [179].
Since the Al-partitioning between the nanoscale precipitates and the matrix is
unknown for the ODS FeCrAl precipitates, four different cluster composition corrections
were implemented to decide on a method to apply to all nanoprecipitates in this study. All
of these methods were applied using the output file for the clusters identified using the
maximum separation method. The first correction is the simplest and most erroneous, and
involves only correcting for peak overlaps through the comparison of the peakdeconvolution bulk composition in IVAS with the matrix composition provided by the
cluster output file. Of course, this results in almost 80% of the cluster atoms being
represented by Fe and Cr atoms, which is not representative of reality for clusters in ODS
alloys. The cluster compositions associated with this method are considered the “Original
Compositions” in the subsequent comparison of methodologies. The second composition
correction method accounts only for the increases in reduced atomic point density across
the nanoprecipitate in Chapter 4. This method assumes that the decrease in point density
across the precipitates is minimal due to local magnification effects and that the
compositions can be corrected by simply removing the predicted number of matrix atoms
due to spatial overlaps from the clusters in proportion to the matrix. The compositions of
the nanoprecipitates measured using this method are referred to as “density corrected”
compositions.
The last two methods for cluster correction implemented are based on the
chemical composition correction (CCC) model proposed by Hatzoglou, where the
compositions are corrected for the reduced density, the cluster’s geometric shape factor
(due to local magnification effects), and due to differences between the ideal atomic
density of the precipitates and the ideal atomic density of the matrix [177]. In the
implementation of this state-of-the-art model for cluster composition correction, two
scenarios were assumed: (1) there exists no-shell surrounding the (Y,Al,O) precipitates,
and the compositions were corrected simply from equivalent matrix compositions and (2)
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there exists a (80% Fe, 20%Cr)-rich shell surrounding the nanoprecipitates that
contributes to 80% of the spatial overlaps associated with the APT trajectory aberrations
in comparison to 20% for the FeCrAl matrix. The assumption that the shell contributes
for 80% of the spatial overlaps was made to provide consistency between these results on
ODS FeCrAl alloys and the procedure used by Hatzoglou for the analysis of ODS FeCr
alloys [177], and the assumption that this shell is 20% enriched in Cr relies on the
compositional results obtained by London [179].
Figure 6.8 provides stacked bar graph comparisons for the elements Fe, Cr, Al,
Y, and O measured within each precipitate based on each of the four methods for
analyzing the cluster data. The original cluster compositions show the substantial Fe and
Cr contents measured in most precipitates, suggesting the need for additional correction.
The density corrected cluster compositions in Figure 6.8(b) shows slight decreases in Fe
and Cr, but the significant remaining matrix atoms illustrates that this method is not a
perfect method to target the physical cluster compositions. The use of the CCC method
provides cluster compositions that have erased essentially all of the Fe and Cr within the
precipitates, but the constituent Y, Al, and O contents vary substantially as a function of
the assumption used about the surrounding local environment of matrix atoms. For the
case where a shell is not assumed, the subtraction of the equivalent matrix FeCrAl
composition results in the subtraction of almost all of the Al within the clusters. For the
case where a (Fe,Cr)-rich shell is assumed to contribute to 80% of the spatial overlaps,
the cluster compositions show a more realistic distribution of Y-Al-O percentages.
Comparing these cluster compositions with expected stochiometric compositions,
each cluster for each of these methods is plotted on a ternary diagram in Figure 6.9 with
the diameter proportional to the nanoprecipitate size. Furthermore, only the Y-Al-O
contributions for each cluster is considered. The reduced density approach narrows the
spread of the cluster composition distribution slightly in comparison to the original
cluster compositions. What is more interesting is the distribution of precipitate
compositions when the CCC method is applied with the shell or no-shell assumption.
Because the Al contents in the no-shell approach were largely subtracted from the
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Figure 6.8. (a) the average uncorrected (as-measured APT) cluster compositions for 1141 clusters
analyzed in the ZY10C60 specimens showing an abnormally large Fe+Cr content. The (b)
reduced density corrected cluster compositions showing insufficient subtraction of Fe and Cr
from the matrix. The application of the CCC (reduced density and shape factor) methodology has
also been applied for (c) the case where FeCrAl matrix is erroneously measured in the
precipitates and (d) the case where an Al-depleted, (Fe,Cr)-rich shell exists locally around the
precipitates. [225]
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Figure 6.9. Ternary diagrams for 1141 ZY10C60 clusters are illustrated for four compared
conditions: (a) the uncorrected normalized Y, Al, and O contents measured in each cluster, with
point diameters plotted proportional to the precipitate size, (b) the cluster compositions after
density-correction, (c) the cluster compositions corrected using the CCC method assuming no Crrich shell surrounding the precipitates, and (d) the applied CCC method assuming that a (Fe,Cr)
rich shell exists that is responsible for 80% of the trajectory abberations.
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precipitates using this CCC model, the nanoprecipitates shift to a stochiometric phase that
would be consistent with Y2O3. This is a non-physical result since it is clearly shown in
the APT atom maps (Figure 6.1) and concentration profiles (Figure 4.15) that Al
concentration increases across the nanoprecipitates. For this reason, the no-shell CCC
approach, and the approach presented previously by Williams [178] for ODS FeCr
nanoprecipitate compositional corrections, is invalid for the current system with Al
addition. In the case where an Al-depleted shell is assumed, the density corrected cluster
compositions match well to those measured using the CCC model with the shell applied.
It is important to note that this agreement between the density corrected model and the
CCC-shell model does not give validity to either of the approaches. Instead, the
agreement between these two approaches only comes from the preferential subtraction of
the Fe and Cr measured through the density correction model.
To preserve the Al-content within the nanoprecipitates, and because the presence
of an Al-depleted shell has not been proven for these precipitates, for the corrected
precipitate compositions reported in Table 6.2 the reduced density approach has been
used for all specimens measured in this work. This results in a high Fe and Cr level
measured in all precipitates, but does not result in erroneous Y, Al, and O ratios, which
are the more important factors in the estimation of the potential stochiometric phases for
these precipitates. Irrespective of the cluster composition correction algorithm used, the
large spread in precipitate compositions shows that none of the correction methods yield
compositions equal to stoichiometric line compounds.
Now that a methodology has been chosen to systematically compare the cluster
compositions of each APT sample, the next step in the compositional comparison is to
determine the relative Y-Al-O composition as a function of cluster size. Figure 6.10
presents three different plots that provide a substantial amount of compositional
information for 1141 nanoprecipitates measured in multiple APT specimens for CrAZY
powder annealed for 60 min. at 1000°C (ZY10C60). This sample was chosen due to the
high number of samples analyzed for this particular set of experimental conditions,
although a similar distribution of results has been noted for different annealing times and
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Figure 6.10. For the ZY10C60 specimens investigated in this work, shown are (a) the frequency
hit map for the Y/Al ratio as a function of precipitate size and (b) the corresponding size
dependency of the ternary Y-Al-O diagram (bottom). Finally, the size dependency of the
nanoprecipitates for the ternary diagram is shown in addition to the expected stochiometric
(Y,Al,O) compositions as a function of omitted measured oxygen content are overlaid, showing
substantial underestimations of oxygen content in all nanoprecipitates at for all sizes. [225]
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extrusion temperatures (although some possible variations exist as a function of these
processing variables, which are discussed later in this work). First, the relative ratios of Y
to Al were analyzed as a function of nanoprecipitate size, which is presented in Figure
6.10(a). There appears to be a strong dependence on the Y/Al ratio as a function of
increasing precipitate size at small cluster radii. For precipitates with an average radius
measuring lower than 1 nm, the amount of Y measured in each precipitate is much
greater than the measured Al content. This is most likely an APT artifact associated with
the envelope applied to the cluster in the maximum separation method due to the small
sizes of these precipitates. This region of precipitates in the size distribution only
accounts for 12.8% of the total cluster population, and is not representative of the average
cluster. To illustrate this, a frequency hit map is presented in the same image, with the
number of overlapping instances illustrated in the color bar on the right of the image. The
highest hit frequency corresponds to a Y/Al ratio around 0.6, which is consistent with the
Y3Al5O12 (YAG) phase.
If O is added to the discussion, the same trend is noticed on the ternary Y-Al-O
diagram. To better illustrate the trend, Figure 6.10(b) shows the average measured and
density corrected cluster composition for cluster radii ranging from 0.5-4 nm in size.
Again, as the size increases, shown in the corresponding color bar, the composition
moves linearly through the ternary diagram, but minimal shifts in the measured
composition are noted as the precipitate size increases beyond 2 nm in radius. In
comparison to the stochiometric cluster compositions shown in the figure, the oxygen
content is severely underestimated for these (Y,Al,O) precipitates. Figure 6.10(c) adds
this last layer of complexity to the ternary plot. In this image, not only is each cluster
shown and color coded as a function of hit frequency, but tie-lines are drawn from the
expected stochiometric compositions as a decreasing function of O content. It is readily
shown that these precipitates are underestimating the O content by over 60%, which is
well above the loss of oxygen commonly seen using the APT technique for ODS FeCr
alloys. One possible reason for this abnormally low O content in the clusters is due to
more diffuse detector hits of O atoms in comparison to the Y or Al atoms [178]. This
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larger geometric spread in O atoms is shown for a variety of clusters in Figure 6.11. In
addition to the visualization of the cluster distribution in Figure 6.11(a), in Figure
6.11(b) illustrates the distribution of atoms for Y, YO, AlO, and O ions, respectively. In
comparison to the localized hits of the other atoms in the clusters, the O atoms are quite
diffuse. It has previously been shown in Al-alloys that for small precipitates <10 nm, the
local variations in evaporation fields between precipitates and the surrounding matrix can
create chromatic aberrations that affect the lateral positions of cluster ions [227]. Thus, in
addition to the possible molecular ion dissociation of the O2+ molecular ion near the fieldemitter [213] and other local magnification effects, it also appears that chromatic
aberrations may be affecting the lateral locations of O atoms in the vicinity of the
precipitates. Thus, with the current envelopes identifying clusters using the Y, YO, and
AlO ions, a substantial amount of O appears to be selectively omitted from the
nanoprecipitate compositions Figure 6.10(c).
The variation of nanoprecipitate compositions with varying annealing/extrusion
temperatures and increasing annealing times are reported for each sample in Table 6.2
using the previously described density correction methodology. Relatively consistent
compositional results are noted for all specimens, but there does appear to be a transition
in nanoprecipitate compositions at very long annealing times. To visually show the
variation of nanoprecipitate distributions as a function of temperature and annealing time,
consider Figure 6.10, which compares ternary diagrams for each collection of APT
specimens as a function of temperature (in color) at each annealing time. Figure 6.12
shows that in all samples, a significant deviation from expected stochiometric oxides
exist due to the underestimation of O content due to aberrations previously described;
however, trends can still be noticed as a function of temperature and time. For specimens
annealed for 60 min. at increasing temperature, the composition appears to shift toward
greater Y/Al contents, which suggests that there may be an attempted transition from the
Y3Al5O12 (YAG) to YAlO3 (YAP) with increasing powder annealing temperature.
Furthermore, with increasing annealing time at 1050°C, a similar shift in nanoprecipitate
hit maps on the ternary diagram shows the same transition from YAG to YAP. This will
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Figure 6.11. (Y,Al,O) precipitates in a CrAZY_H1 control volume shown by (a) 1.5%
(Y,YO,AlO) isoconcentration surfaces and (b) through identification through the maximum
separation method. In (b), the atom maps for Y, YO, AlO, and O atoms are shown. Similarly for
one representative precipitate, the Y, YO, AlO, and O atoms are illustrated in (c) while 1%
atomic isoconcentration surfaces are overlaid for Y and O atoms in (d).
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Figure 6.12. Ternary diagrams for CrAZY powders annealed at either 1000°C (red), 1050°C
(orange), or 1100°C (purple), for various times. Highly consistent clustering is found for all
samples, and subtle compositional trends as a function of temperature at 60 min. or as a function
of time at 1050°C are noted.
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be later discussed in Chapter 7 when quantifying the nanoprecipitate coarsening kinetics
for these clusters.

6.3. Structure Identification using SANS
Due to the significant artifacts associated with the APT investigation of the
smallest (Y,Al,O) nanoprecipitates identified in these CrAZY alloys, a magnetic SANS
measurements were made on as-milled CrAZY (ZY40H-CM08) powder annealed for 15120 min. in a box furnace. Prior to the magnetic SANS measurements, non-magnetic exsitu SANS measurements were performed as a proof-of-concept to ensure that the
nanoprecipitate dispersions within these ODS FeCrAl alloys could be resolved using the
SANS technique. This was performed because Alinger was previously unable to resolve
the nanoprecipitates in ODS FeCrAl alloy PM2000 in his neutron scattering studies [115,
186]. After the successful non-magnetic ex-situ experiment, the magnetic SANS
measurements were taken on the five powder samples, including the as-milled powder
and the four powder samples annealed ex-situ for 15-120 min. 1000°C. The magnetic
component of the SANS intensities for the samples are provided in Figure 6.13. In this
image, it can be clearly seen that the magnetic scattering intensities have increased in
comparison to the as-milled powder due to the nucleation of precipitates during the high
temperature heat treatment at 1000°C. The intensities of all four annealed powders are
qualitatively identical with respect to both magnetic and nuclear scattering, which
suggests that at this annealing temperature, the nanoprecipitates have nucleated and
grown to stable sizes with negligible coarsening in the time frames studied at the heat
treatment temperature of 1000°C. This result is in agreement with the APT results
previously presented for the same samples (ZY10C15 and ZY10C60). In contrast to the
APT results, the SANS curves show two distinct humps in scattering vector regions 0.02
< q < 0.05 A-1 (larger precipitates) and 0.05 < q < 0.2 A-1 (smaller precipitates).
Due to the size of the magnet used for these experimental results, the largest Qvalue that was accessible was 0.2 A-1. However, it seems that the intensity drop-off for
the nuclear scattering component occurred at 0.1 A-1. This resulted in experimental A157

Figure 6.13. (a) The as-measured magnetic and nuclear scattering intensities as a function of
increasing scattering vector. From these two intensity curves, the (b) A-ratio as a function of
scattering vector is computed.
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ratio results that were subject to potential errors in their interpretation. If one interpreted
the A-ratio as-recorded, it would seem that the ratio approached 5 at higher Q-values,
which would be consistent with the smallest precipitates being of the YAG phase;
however, based on the ratio of the as-measured magnetic to nuclear scattering intensities,
it appears that this increase is an artifact associated with the premature drop-off in the
nuclear SANS intensity at the 0.1 A-1 value, driving the A-ratio to infinity at larger Qvalues. Consequently, the analyzed A-ratio in the Q-range corresponding to the smallest
precipitates was only considered in the region corresponding to 0.05 < q < 0.1 A-1.
Using the nonlinear least squares fitting (lscurvefit) package available in
MATLAB, the precipitate distributions for the precipitates in the larger and smaller Qranges of interest were quantified using the local monodispersed approximation
previously described in Chapter 4. To implement this procedure, a power-law
background fit (Constant x Q-4) was fit to the low-Q portion of the scattering intensity
data and was subtracted from the as-measured magnetic scattering data. This highlighted
the two precipitate populations, as shown in Figure 6.14. Since intensity overlaps existed
between the intermediate Q-rage at the intersection of both the larger and smaller
precipitate populations but not in the larger Q-range of the smaller precipitates, the
precipitate population for the Q-range of 0.05 < q < 0.2 A-1 was then extracted using the
MATLAB lscurvefit procedure. Once the smaller precipitate population was quantified,
the corresponding intensity was subtracted from the intermediate Q-range and curve
fitting was applied to the final larger precipitate population. The summary of precipitate
distribution parameters (assuming log-normal precipitate distributions) is tabulated for
both precipitate populations (Table 6.3).
In all four samples, a high number density of nanoscale (Y-Al-O) precipitates
ranging from 2-4 nm in diameter were identified. In addition, a lower number density of
slightly larger precipitates (8-20 nm in diameter) were also quantified. However, the
number density of these coarser precipitates is three-orders of magnitude lower than for
the smallest nanoprecipitates and is not of specific interest in the current analysis since
the smallest precipitates are of the most importance in the design of these ODS alloys
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Figure 6.14. Background-subtracted magnetic scattering data for the ZY10C15 sample with
respective least-squares fits for both precipitate populations.

Table 6.3. Magnetic SANS fitting results through nonlinear least squares curve fitting for two
distributions of precipitates in the two specified Q-ranges of interest. Also reported are the asmeasured A-ratios averaged over the Q-range of interest. Reproduced from [203].
Sample
ZY10C15

Q range [Å-1]
0.05 < q < 0.2
0.02 < q < 0.05

ZY10C30

0.05 < q < 0.2
0.02 < q < 0.05

ZY10C60

0.05 < q < 0.2
0.02 < q < 0.05

ZY10C120

0.05 < q < 0.2
0.02 < q < 0.05

R [nm]
1.47
7.9
1.46
8.3
1.45
8.6
1.54
10.1

𝚫𝝆𝒎 [Å-4]
-11

2.03x10

-11

1.45x10

-11

2.15x10

-11

1.01x10

-11

2.75x10

-11

0.45x10

-11

2.01x10

-11

0.52x10

Np [m-3]

𝒇 [%]

𝝁

𝝈

A-Ratio

24

1.64

2.7

0.2

2.2±0.3

21

0.38

4.3

0.1

1.9±0.2

24

1.41

2.7

0.2

2.2±0.4

21

0.26

4.4

0.1

1.7±0.1

24

1.33

2.6

0.2

2.2±0.3

21

0.60

4.4

0.1

1.5±0.1

24

1.54

2.7

0.2

2.1±0.4

21

0.70

4.6

0.1

1.4±0.1

1.24x10
1.83x10
1.09x10
1.06x10
1.06x10
2.25x10
1.00x10
1.60x10
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with high sink strength for nuclear environments. Consistent with the similarity between
the as-measured nuclear and magnetic scattering intensities measured between the four
samples, all specimens indicated almost identical size distributions for the smallest
nanoclusters within the matrix. Since the precipitate distributions were essentially
identical for all four samples, only the results for the ZY10C15 and ZY10C60 specimens
are highlighted in Figure 6.15. Shown in Figure 6.15(a) for ZY10C15 and Figure
6.15(c) for ZY10C60 are the as-measured ex-situ magnetic SANS intensities, the powerlaw background fit, the two individual precipitate distribution fits, and the total
summation of these intensities for direct comparison. The use of these two precipitate
populations show good agreement between the experimentally measured intensities and
the fits from the local monodispersed approximation. Also illustrated in this figure are the
normalized log-normal size distributions for the smallest nanoprecipitate populations in
ZY10C15 (Figure 6.15(b)) and ZY10C60 (Figure 6.15(d)) in comparison with APT
results for the same specimens. Also shown in Figure 6.15(b) is the larger distribution of
precipitates measured using SANS for the ZY10C15 sample, but this population is
essentially negligible in comparison to the large number of nanoscale (Y,Al,O)
precipitates within the matrix. The size distributions measured by SANS are narrower
than those measured by APT, which could be due to either (a) higher specimen-tospecimen variation in the APT technique or (b) due to the discretization of particle size
distributions using the fitting procedure used for SANS analysis. Since the SANS
technique provides the macro-scale average distributions of nanoscale precipitates, this
result verifies the scaling accuracy of the nanoprecipitate distributions measured via APT.
The number densities measured by the ex-situ magnetic SANS technique are
higher than those measured using the APT technique. Though this may be attributed to
the two previously identified differences between APT and SANS techniques, it may also
be due to the presence of a non-zero oxygen content in the encapsulated quartz vials
during the ex-situ furnace anneals. Recalling that the vacuum in the quartz vials was on
the order of 10-4 Torr, this means that there are still many oxygen atoms within the free
volume of the quartz vials. Since the number density of air molecules in the quartz vials
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Figure 6.15. Results of SANS nonlinear least squares fits for CrAZY powder annealed for 15
min. (ZY10C15) and 60 min. (ZY10C60) in a 1000°C box furnace. (a) and (c) show the raw
SANS data for ZY10C15 and ZY10C60 overlaid with the three functions representing the powerlaw background and the two populations of nanoprecipitates. For the same specimens, (b) and (d)
show the comparison between the nanoprecipitate profiles identified by the APT and SANS
technique, respectively. [203]
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is proportional to the pressure inside of the quartz tubes through an observation of the
ideal gas law (P = nkT), where P is the pressure inside of the tube, n is the number
density of molecules, k is the Boltzmann constant, and T is the absolute temperature, the
number of air molecules at atmospheric pressure is on the order of 2.4x1019 cm-3 inside of
the vial. When the pressure decreases to 10-4 Torr, there still remains a number density of
air molecules equating to approximately 1.8x109 cm-3 and 20% of these molecules are
diatomic oxygen. Thus, during annealing it is expected that these oxygen atoms will
attempt to diffuse into the powder and enhance precipitation kinetics, although most of
this oxygen will simply react with the powder surface to create a passive alumina layer
on the powder surface preventing the further diffusion of oxygen into the powder. Even
with this potential source of error in the SANS data, there exists qualitative agreement
between the APT and SANS precipitate distributions presented in Figure 6.15.
The SANS technique was utilized not only to quantify the precipitate populations
for comparison with the APT results, but to also provide information about the possible
structure of the nanoscale precipitates through the comparison of the magnetic nature of
these precipitates with stochiometric (Y,Al,O) phases through the comparison of the
measured A-ratios with those of these expected phases. The measured A-ratios (~2.2 for
the smallest precipitates) deviate significantly with those expected for the YAG (5.24),
YAP (9.53), or YAM (3.28) phases. The possible reasons for the significant deviations
from these expected phases must be discussed. For the present comparison, only the
YAG or YAP phases will be compared since all of the APT results indicate that the Y/Al
ratios for all identified (Y,Al,O) precipitates deviate significantly from the 2:1 ratio
expected for the YAM phase.
Recalling the definition of the A-ratio, the function is dependent on the magnetic
and nuclear scattering contrasts between the matrix and the precipitates, which are
themselves dependent on the magnetic and nuclear scattering length densities for the
matrix and the precipitates, respectively. Since the magnetic and nuclear scattering length
densities of the matrix have been calculated and are constant, the A-ratio becomes only a
function of the magnetic and nuclear scattering length densities of the precipitate, which
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will change as a function of composition and structure. In-fact, the A-ratio can be rewritten as:
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As the composition of the precipitate changes, so does the magnetic (ρµ>eá
" ) and
nuclear (ρµ>eá
) scattering length density. To quantify these changes and to estimate the
‚
resulting effects on the A-ratio, the various parameters comprising these two scattering
length density values are varied based on assumptions about the character of the
precipitates. First and foremost, these nanoscale precipitates are quite small, with an
average diameter of only ~3 nm. The average lattice parameters for cubic YAG and
orthorhombic YAP unit cells are 1.195 nm [228] and (0.521-0.743 nm) [229],
respectively. This means for the equivalent spherical volume of the average precipitate, it
would only comprise ~9 and ~69 unit cells of the YAG and YAP unit cells, respectively.
For YAG specifically, the low number of equivalent stable unit cells coupled with the
significant strains associated with the observed coherency of these nanoscale (Y,Al,O)
precipitates with the surrounding matrix may mean that the local atomic density within
these precipitates (Ω#$%Æ in Eq. 6.1) may deviate from the ideal precipitate value (94
atoms/nm3) to the atomic density within the matrix (83 atoms/nm3). In-fact, the Fe and Cr
matrix atoms may be present within the precipitates to stabilize the structure as it
nucleates and grows to stable sizes [230]. In addition, it may be possible that Fe may be
occupying tetrahedral or octahedral Al sites in the YAG structure or Y sites in the YAP
structure [231]. In the event that the atomic density decreases within the precipitates to
approach that of the matrix, this decreases the scattering length density of the precipitate
and consequently decreases the A-ratio (Eq. 6.1). Musa et al. calculated the lattice
parameter change for Y3AlxFe5-xO12 for increasing Al concentrations. Based on this
lattice parameter and the 160 atoms per unit cell for the YAG phase, the atomic density
of the Y3AlxFe5-xO12 phase is as an increasing function of Al content is plotted in Figure
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6.16. The structure shows a linear change in atomic density as a function of Fe vs. Al site
occupancy in the YAG lattice, but it does also indicate that the un-strained atomic density
only approaches that of the FeCrAl matrix as Fe completely displaces all of the Al sites,
which is not what has been noted through APT. Assuming that there may be at least some
matrix atoms stabilizing the small structure, and assuming that coherent strains may be
artificially reducing the local atomic density across the nanoprecipitates, a re-calculation
of the A-ratios with the assumption that (Ω#$%Æ = Ω&'( ) results in corresponding values
of 3.5 for YAG and 3.9 for YAP, which are still well above the measured A-ratios in this
work.
The aforementioned discussion has to this point only focused on the change in Aratio as a function of precipitate atomic density. As potential matrix atoms are included in
the precipitate composition, both the magnetic and nuclear scattering lengths will also
change as an increasing function of increasing precipitate matrix atom fraction. Thus, the
magnetic and nuclear scattering length densities were calculated as a function of

Atomic Density [atoms/nm3]
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Figure 6.16. The variation of the theoretical atomic density of the cubic garnet Y3AlxFe5-xO12
phase, where x is the stochiometric composition of Al, data produced using lattice parameter data
from Musa et al. [215].
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increasing matrix content within the precipitates. For this approximation, the FeCrAl
matrix composition was assumed instead of calculating simply increased Fe contributions
(since Fe will be the predominant culprit for the magnetic scattering length density
variations). This assumption was made because again, no Cr-rich shell surrounded the
precipitates in APT, and if only Fe and Al were preferentially separated from the matrix,
one would have expected a Cr-rich shell due to a higher enrichment of this element along
the precipitate boundary. Even so, since the Fe in the matrix is ~80%, the differences
between using the FeCrAl matrix and a pure Fe magnetic scattering contribution will not
substantially affect the outcome of the magnetic scattering analysis. Using the assumption
that FeCrAl matrix atoms may be constituent atoms within the (Y,Al,O) crystal lattice for
crystal structure stabilization, the nuclear and magnetic scattering length densities were
calculated for an increasing atomic fraction of matrix measured within the precipitates.
For the magnetic scattering length density estimation, a rule of mixtures approach
was utilized so that a linearly increasing fraction of the matrix magnetic scattering length
density was added to the initial magnetic scattering length density of the precipitates
(assumed zero for non-magnetic “holes” in the FeCrAl matrix). Thus, for 100% FeCrAl
matrix, there would be no difference between the precipitates and the matrix and
consequently no magnetic contrast to be able to see the precipitates. For the estimation of
the nuclear scattering length density as a function of FeCrAl matrix fraction in the
precipitates, the NIST Center for Neutron Research scattering contrast calculator was
used by adding the desired FeCrAl matrix and either YAG or YAP compositions together
in terms of atom percent [218]. This calculator requires an input of the mass density for
the calculation, by which the atomic density is calculated. Instead of using the ideal mass
densities of the YAG and YAP phases, reduced mass density of 4.09 g/cm3 and 4.52
g/cm3 were calculated for each of these respective phases using the molecular weight of
each phase and the atomic density of the FeCrAl matrix since the expected atomic density
would be expected to decrease with matrix atoms within the microstructure. Figure 6.17
shows the decrease in both the magnetic contrast between the precipitates and the matrix
as well as the decrease in A-ratios for YAG and YAP as an increasing function of FeCrAl
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Figure 6.17. The variation of the magnetic scattering contrast (Eq. 3.6) as a function of matrix
composition in the precipitates, assuming either ideal or matrix atom densities in the precipitates
[203].

in the nanoscale precipitates for both corrected and uncorrected precipitate atomic
densities for the YAP and YAG phases, respectively. For an A-ratio around 2.1-2.2 for
the smallest nanoscale precipitates, a required matrix (and thus Fe) content within the
precipitates must approach ~30%, which would help explain the high Fe and Cr contents
measured via APT.
However, this much matrix content in the precipitates is doubtful when comparing
the magnetic scattering contrast measured through the SANS fitting procedure to the plot
in Figure 6.17. Although the shape of the neutron scattering distribution is a function of
the form factor and the type of distribution (lognormal in this case), the magnitude of the
scattering curve is proportional to the product of the product of the scattering contrast and
the number density, which were fit as one parameter during the least squares fitting
procedure. The corresponding number densities measured by SANS for ZY10C15 and
ZY10C60 in Table 6.3 are similar but slightly higher than those measured by APT Table
6.2. The corresponding magnetic scattering contrast measured by SANS is on the order of
2x10-11 A-4 for the ex-situ annealed samples. Comparing this value with the change in
magnetic scattering contrast as a function of matrix composition in the precipitates
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(Figure 6.17), this would indicate non-magnetic precipitates in the ODS FeCrAl matrix,
suggesting that there is no Fe and Cr inside of the precipitates from the matrix. Due to the
inverse relationship between the scattering contrast and the precipitate number density in
the least-squares fitting procedures, to decrease the contrast by an order of magnitude to
match the measured A-ratio would drive the precipitate number density to unrealistic
values on the order of 1025 m-3, which haven’t been measured even for ODS FeCr alloys
like the SM10 heat of 14YWT with the highest number densities measured for this type
of alloy (Table 2.3). It can be concluded then that the nanoprecipitates are most likely
non-magnetic and have little to no Fe and Cr within them, and that the lower measured
A-ratios are artifacts associated with the limitation in Q-ranges available for probing with
the large magnet used for the SANS investigations in this work.

6.4. Comparison with Computational Thermodynamics
The detailed ex-situ APT and SANS investigations presented in this chapter show
that the smallest precipitates are enriched only in Y, Al, and O, and that Zr is not
competing with Al for the formation of these clusters. This is in direct conflict with
previously reported results by Dou et al. whereby Zr additions were shown to shift the
measured precipitate compositions from (Y,Al,O)-rich precipitates to the Zr3Y4O12 phase
[105]. A fundamental understanding of the thermodynamic reasons why this is not
observed is thus required for the development of ODS FeCrAl alloys with tailored
precipitate distributions for high-sink strength applications, since it has previously been
shown that the coarsening kinetics of (Y,Al,O) precipitates differs from (Y,Zr,O)
precipitates.
In Chapter 2, Ellingham diagrams were presented for various binary oxides,
carbides, and nitrides. These diagrams were all produced through reactions of elements
with either O2, N2, or graphitic C, and represent the Gibbs free energies of reaction using
standard reference states for each element. Although many authors have used either these
reaction energies or the standard Gibbs free energies of formation for various
stochiometric phases in an attempt to argue for what phases will form in ODS FeCrAl
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alloys, a discussion limited to these simplified Ellingham diagrams is problematic
because it does not take into consideration the compositional variations of these elements
in solid solution for the as-milled ODS FeCrAl powders.
A more realistic approach is to use the CALPHAD methodology to model
precipitation in these alloys. CALPHAD originally stood for the CALculation of PHAse
Diagrams, but has been expanded to include the Computer Coupling of Phase Diagrams
and Thermochemistry [232]. The CALPHAD approach is a semi-empirical model that
incorporates all of the available thermodynamic data and experimental phase diagrams in
literature are used to describe multi-component systems in an attempt to predict stable
thermodynamic phases that may exist for a given sample composition. Although this
work is not intended to delve into the specifics of the CALPHAD approach, the
ThermoCalc program was used to apply the CALPHAD model for the prediction of
various phases that may exist within the ODS FeCrAl matrix as a function of
temperature. For detailed description about the CALPHAD approach, the reader is
referred to more comprehensive reviews elsewhere in the literature [232, 233]. With the
help of Dr. Ying Yang at ORNL, the ThermoCalc program was used to predict the molar
fractions of various phases and to output the driving energies for formation of these
various phases as a function of increasing annealing temperature. The database used for
the computational thermodynamic calculations was the TCFE9 database, which is a
commercial database that included properties for all elements of interest in this system.
The results of these simulations are presented in this section with the aim of explaining
the discrepancies between observed nanoprecipitate distributions in the ODS FeCrAl
alloys investigated in this work and those fabricated by Dou with Zr addition.
Using the TCFE9 database within the ThermoCalc software and the atomic
concentrations of elements within the as-milled CrAZY powder, the mole fractions of
various phases expected in the ODS FeCrAl alloy were simulated as a function of
increasing processing temperature using a solid-solution model approach for a BCC Fe
matrix. The results of the thermodynamic calculations are summarized (courtesy of Dr.
Ying Yang at ORNL) in Figure 6.18. Three different ODS FeCrAl compositions were
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Figure 6.18. Simulated mole fractions of various stochiometric phases in ODS FeCrAl alloys
with various inputted compositions using Thermocalc (Courtesy of Dr. Ying Yang at ORNL)
[225]. The mole fractions as a function of consolidation temperature are reported for (a) the
106ZY10C8 alloy with C and N impurity elements as reported in Table 6.1, (b) the 106ZY10C8
alloy omitting C and N impurities, and (c) the SOC-14 (FeCrAlZrY) ODS FeCrAl alloy
developed by Dou et al. [105].
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used for these simulations: (1) the as-measured elemental compositions of the
106ZY10C8 alloy with C and N as listed in Table 6.1, (2) the 106ZY10C8 composition
without C and N within the matrix, and (3) the nominal composition of the SOC-14 ODS
FeCrAl alloy with Zr addition (without C and N) by Dou [105]. For the simulation of the
106ZY10C8 extruded CrAZY alloy with C and N addition (Figure 6.18(a)), the aspredicted phases show that (Y,Al,O) phases such as YAP and YAG should exist in the
matrix, while the Zr preferentially forms Zr(C,N). In addition, Al appears to also interact
with N to form AlN at the target temperature of 1000°C. At lower temperatures, it
appears that the M7C3 and M23C6 type carbides are formed from Fe and Cr in the matrix
as well, although at the target temperature there does not appear to be a driving force
sufficient for the nucleation of these phases.
If C and N are omitted from the matrix, the carbide and nitride phases are of
course omitted from the diagrams, which shifts the types of precipitates noted at the
target temperature of 1000°C. In this case, Zr does appear to compete with Al for the Y
and O within the lattice. Comparing this simulation (Figure 6.18(b)) with that for the
SOC-14 ((Figure 6.18(c)) shows the importance of Zr in the formation of the expected
oxide phases in these alloys. For the SOC-14 alloy, the amount of Zr addition is more
than double in comparison to what was added for the CrAZY alloy investigated in this
work. This increased Zr addition resulted in the prevention of the (Y,Al,O)-rich phases
from forming and instead both Y2O3 and Zr3Y4O12 are preferentially formed.
To better understand the reasons for the differences in nucleation between these
alloys, the driving forces for nucleation, specifically the Gibbs free energies of mixing for
each stochiometric phase, were also outputted from the ThemoCalc software. A major
challenge in the interpretation of this data is the establishment of a “reference state” so
that each stochiometric phase can be compared side-by-side. For the current ODS FeCrAl
system, the driving forces for nucleation for each phase “X” is presented in reference to
y
9ááH)e
the BCC-Fe matrix phase, where Δ𝐺? = Δ𝐺?
− Δ𝐺?
, which is based upon the

method outlined by Hillert [234] presented graphically in Figure 6.19.
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Figure 6.19. Schematic representation of the calculation of the driving force for nucleation for
various phases 𝛽 and 𝛾 with respect to a reference phase 𝛼, from [234]

The driving forces for nucleation for various expected phases for the 106ZY10C8
composition are plotted as a function of increasing temperature in Figure 6.20. Positive
values indicate higher affinities for each of the respective phases to nucleate, while
negative values indicate that the phase is unstable at the respective temperature.
Important conclusions can be drawn from this respective plot based on the driving
energies for nucleation for each phase. What is readily apparent from the plot is that the
(Y,Al,O) and (Zr,Y,O) oxide phases are the most stable and have the highest driving
forces for nucleation.
Surprisingly, the driving force for nucleation for the YAM (Y4Al2O9) phase is
actually higher than those for YAP or YAG, although this phase was not observed in the
outputted molar fraction phase diagrams in Figure 6.18. It is important to note that these
driving forces do not consider the local atomic concentrations of atoms in the matrix. In
previous studies on the Al2O3-Y2O3 system, it has been asserted that YAM phase forms at
lower temperatures (900-1100°C), the YAP phase forms in the range of 1100-1250°C,
and the YAG phase forms at higher temperatures (>1250°C) [235]. However, this data
was first generated using Al2O3-Y2O3 diffusion couples and the growth of these oxide
layers was limited by the rate of Al diffusion into the yttria phase [236]. In-fact, previous
authors investigating (Y,Al,O) nanoprecipitates in ODS FeCrAl alloys have used this
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Figure 6.20. A comparison of simulated driving forces for nucleation for various noted
stochiometric phases in the ODS FeCrAlZrY alloy system using Thermocalc (Courtesy of Dr.
Ying Yang at ORNL). [225]

data as support for their assertions that the YAM phase is the primary type of cluster
formed in these alloys [111]. However, this is an erroneous argument because in the
diffusion-couple experiment, the reason why these phases formed in this order is
primarily due to the fact that due to the lower atomic radius of Al in comparison to Y, the
rate limiting step for the formation of these phases was the rate at which Al diffused into
Y2O3. This would mean that the type of phase being formed was a result of the local
atomic ratio between Y/Al at any point in time. Initially as Al diffused into yttria, the
ratio of Y/Al would be high, and thus it is not surprising that the phase with the highest
Y/Al ratio (YAM) would preferentially form first, followed by YAP and then YAG as
more Al was allowed to diffuse through the diffusion couple. It has been shown that for
ball milled Al2O3-Y2O3 powder mixtures, increasing the ratio of Al2O3 to Y2O3 in the
powder mixture above Y:Al (3:5) resulted in the preferential precipitation of the YAG
phase in comparison to the YAP phase after annealing [237]. Since the ODS FeCrAl
matrix is a solid-solution of the solute elements within the matrix and is not
representative of the diffusion-couple previously discussed, this result suggests that the
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local atomic concentration of Al and Y, and not the processing temperature, is the
primary indicator for the type of (Y,Al,O) phase nucleated in this alloy system. Since the
Al concentration is so high in these ODS FeCrAl alloys, the local concentration of Al:Y
in the matrix at any position will be much higher than the ratio of Al:Y in the YAG
phase, which explains why the current APT and SANS results indicate that YAG is
preferentially formed in these alloys.
Since Zr has a higher affinity for oxide formation in comparison to Al, with the
higher local concentration of Zr in the matrix for the SOC-14 alloy, it is not surprising
that (Zr,Y,O) oxides are preferentially formed in this alloy in comparison to the CrAZY
alloys investigated in this work. Even though the Al content greatly exceeds the Zr
content, Zr will want to react with whatever impurity element exists in the matrix. So, if
no C and N are present in the microstructure, Zr will preferentially react with O and form
the Zr3Y4O12 phase. However, with the large amount of Al in the CrAZY matrix and
assuming that C and N exist within the microstructure, two factors must be considered.
First, although Zr has a higher affinity for O, C and N have a much higher affinity for Zr
than either Al or Cr. Thus, C and N will preferentially interact with any Zr in the matrix
first prior to interaction with Al or Cr (and therefore relatively low levels of free Zr
would be available for interaction with Al or Cr). Then, the O in the matrix will then
react with whatever element has not already interacted with the C and N in the matrix,
which is in this case Al since all of the Zr would have already interacted with C and N to
form carbonitrides. This combination of computational thermodynamics with the
observed experimental results fully explains the discrepancy between differences in
nucleation in the current alloy system in comparison with the results obtained by Dou
with both Zr and Hf additions in ODS FeCrAl alloys [105, 112].
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CHAPTER 7: Nanoprecipitate Nucleation, Growth, and
Coarsening Kinetics
Until this point, the focus of this work has been to evaluate the types of
precipitates that have nucleated within the matrix, with a specific focus on the evaluation
of the compositions and structures of the various identified precipitates to optimize the
nanoprecipitate populations within the microstructure. As presented in Chapter 5,
although the nanoprecipitates had nucleated and grown to stable sizes at annealing times
as low as 15 min. in ex-situ annealed samples, the size of the precipitates had also
increased as a function of annealing temperature while the number density had decreased
for temperatures exceeding 1000°C. This chapter aims to quantify the nucleation, growth,
and coarsening kinetics for these precipitates so that processing parameters maximizing
the distribution of the smallest (Y,Al,O) nanoprecipitates can be optimized to ensure the
maximum sink strength possible for application in advanced fission or fusion reactors. Insitu SANS results have captured the initial nucleation and growth of these precipitates at
low temperatures, while long-term ageing experiments have quantified the coarsening
kinetics of these alloys.

7.1. In-situ Observation of Precipitate Nucleation and Growth
The ex-situ APT and SANS results provide strong evidence that the
nanoprecipitate nucleation kinetics are quite fast, and that nanoprecipitates nucleate at
temperatures much lower than the normal target temperatures used for the consolidation
of ODS FeCr and FeCrAl alloys. In an attempt to capture the nucleation and growth of
these precipitates and to identify pre-consolidation temperatures that will maximize the
nanoprecipitate distributions in these alloys, in-situ SANS measurements were performed
on as-milled CrAZY powders. In this experiment, as-milled powders encapsulated in
molybdenum foil packets were heated in a vacuum furnace to 1000°C at a heating rate of
20°C/min, with scattering curves recorded in 1 min. intervals. Unfortunately, the size of
the vacuum furnace did not permit the application of an applied magnetic field for the
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deconvolution of the magnetic and nuclear scattering curves during the course of the
experiment. Since the magnetic scattering has been shown to decrease as a function of
temperature up to the Curie temperature of the ferromagnetic matrix [193], this means
that the corresponding SANS intensity curves were unable to be accurately fit using postprocessing nonlinear least squares procedures. Instead, the qualitative shapes of the
scattering curves will be used to facilitate a discussion on the nucleation and growth
kinetics of the precipitates as a function of increasing time/temperature.
Changes in the as-measured SANS intensities as a function of increasing temperature are
presented in Figure 7.1. In the plot on the left, the individual SANS intensity curves are
presented, while the corresponding temperatures associated with these curves are
presented as points on the time-temperature profile. In the low-Q portion of the scattering
curve, the background power-law decrease in SANS intensity as a function of Q-4 is
observed, while the higher-Q portion of the scattering curve shows an increase in
scattering intensity with increasing temperature and time. Five different snapshots are
provided in the figure to show the qualitative increase in scattering intensity in the same
Q-range previously identified in the ex-situ results that correlate to the size range
corresponding with the smallest nanoprecipitate population. The secondary larger
precipitate distribution was not able to be visually captured due to variations in the lowerQ portion of the curve associated with changes in the magnetic scattering component as a
function of temperature.
A significant result from Figure 7.1 is that the nanoprecipitates appear to nucleate
and grow to stable temperatures at temperatures between 500 and 600°C. Although the
absolute intensity of the 900°C scattering curve appears to be slightly less than the 600°C
curve, this is only because at temperatures exceeding ~700°C the magnetic component of
the magnetic scattering was completely lost after exceeding the Curie temperature of the
FeCrAl alloy, which can be seen through the corresponding loss in low-Q scattering
intensity as well for the 900°C specimen. So, for all comparative purposes, the intensity
curve for the 600°C distribution of precipitates is qualitatively identical to the distribution
of precipitates at 900°C. The scattering curves for temperatures exceeding 900°C (up to
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1000°C through the holding period at the same temperature) are not shown since no
change in scattering intensity was observed at these temperatures in comparison to the
900°C value.
One aspect that makes the interpretation of Figure 7.1 difficult is the inability to
deconvolute the contributions from nucleating and growing Zr-rich carbonitrides and
other second phase particles in comparison to the smallest (Y,Al,O)-rich precipitates of
interest. From the APT results presented on powders and alloys annealed for 60 min. at
various temperatures exceeding 1000°C, the Zr-rich precipitates are shown to have sizes
ranging from 50-100 nm, which shows that these precipitates nucleate and grow much
faster than the more stable Y- and Al-rich oxides. This means that at in some portion of
this low-temperature nucleation and growth regime, there may be contributions to the
scattering intensity from both the Zr-rich and (Y,Al)-rich precipitates when the particles
overlap in size. As the temperature increases and the Zr-rich precipitates continue to
coarsen at a faster rate, these larger inclusions eventually become lost in the low-Q region
of the scattering curve, so at higher temperatures it can be readily assumed that the
entirety of the scattering intensity is attributed only to the smaller population of (Y,Al,O)rich precipitates. Since the scattering intensity profiles at and above 600°C show no
significant changes, the results suggest that at temperatures exceeding 600°C only the
(Y,Al,O)-rich precipitates are contributing to the in-situ scattering curve. To deconvolute
the onset of nucleation and growth between the two precipitate distributions in the 200600°C temperature range, advanced magnetic temperature dependent SANS
measurements are recommended for future studies.
From this in-situ SANS experiment, the nanoprecipitates are shown to nucleate
and grow to stable sizes at temperatures less than 600°C. Since the nanoprecipitate
distributions do not significantly change at temperatures exceeding this temperature, it
can be readily assumed that the nanoprecipitate distribution for ex-situ annealed sample
ZY10C15 (equivalent sample temperature of 715°C) is representative for this in-situ
nanoprecipitate population. The number density for ZY10C15 ranged from 0.5-1.2x1024
m-3 when comparing APT and SANS results. Assuming an equivalent number density of
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1x1024 m-3, the equivalent distance between a distribution of homogeneously dispersed
spheres is ~6 nm. The using the diffusion parameters for Y, Al, and O estimated from
literature [238-240], the total integrated diffusion distance for each element was
estimated using the SANS time-temperature profile as the input.
From Figure 7.2, although O diffuses quickly through the matrix, Y and Al are able to
reach the threshold diffusion distance by 600-700°C. It is not surprising then that the
nanoprecipitates have finished nucleated and growing by around 600°C in the in-situ
SANS results. However, the significant increases in the SANS intensity at temperatures
between 200-500°C are inconsistent with these calculations of diffusion distances in
BCC-Fe. The in-situ results instead support a defect-assisted heterogeneous nucleation
method whereby the initial nucleation and growth of nanoprecipitates is assisted by the
significant amount of annihilating and mobile vacancies introduced into the
microstructure by the mechanical alloying process. The significant number of
dislocations and vacancies can accelerate the diffusion of the larger Al and Y atoms that
are forced to diffuse through the lattice since each vacancy is associated with a vacant
substitutional lattice site. Accelerated nucleation is also expected if some solute atoms are
originally in the lattice with shorter nearest neighbor distances than the average
nucleating interparticle spacing. In either case, these results indicate that nanoprecipitates
nucleate and grow to stable sizes well below what has previously been conjectured by
previous authors [241], which allows for the tuning of alloy annealing temperatures for
optimal nanoprecipitate distributions depending on the consolidating methodology.

7.2. Long-term Nanoprecipitate Coarsening Kinetics
As was previously presented in Chapter 6, the nanoprecipitate sizes and
compositions showed a slight change in average precipitate composition as a function of
increasing extrusion temperature and annealing time. Thus, changes in size and
composition are quantified in this chapter in an attempt to predict the distribution of
nanoprecipitates with a variety of thermomechanical processing parameters. Although
previously shown qualitatively in Figure 6.12, the quantitative changes in
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nanoprecipitate compositions as a function of increasing temperature and time are shown
using the ratio of Y to Al atoms in Figure 7.3. For alloys extruded at 1000°C, 1050°C,
and 1100°C for 60 min., the average Y/Al ratio for precipitates as a function of
precipitate radius appears to tend toward the YAG composition. Though small changes
exist, for the average radius (~2 nm) all three samples extruded after 1h anneals at
increasing extrusion temperature do not deviate significantly from the YAG composition
within the margin of error. For the larger precipitates in the distribution, it appears that as
temperature increases any sub-stochiometric compositions deviating from the
stochiometric YAG composition are able to shift to match the ratio of 3:5 (Y:Al). More
interesting is the trend of larger nanoprecipitate compositions as a function of extended
annealing times from 1-500h for samples annealed at 1050°C in Figure 7.3(b). As the
annealing time increases, there appears to be a transition for the larger coarsening
precipitates to transition from a Y/Al ratio of 0.6 towards a ratio of 1, which signals a
compositional shift from YAG to YAP for the larger precipitates. Based on the
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Figure 7.3. (a) the dependence of the Y/Al ratio measured in the precipitates in annealed CrAZY
powders/alloys as a function of precipitate radius for 1h heat treatments at 1000°C, 1050°C, and
1100°C. (b) the dependence on the size dependent Y/Al ratio as a function of increasing
annealing time for extended heat treatments at 1050°C. Error bars indicate 95% confidence
intervals for each sample population. [203]

thermodynamic calculations in Chapter 6, it was predicted that the YAP phase was
preferred thermodynamically in comparison to the YAG phase. With the long-term
annealing treatment, the high number density of YAG nanoprecipitates may be
thermodynamically unstable and prefer to transition to the YAP composition as the
precipitates are provided the sufficient time and temperature to coarsen.
To investigate the coarsening kinetics of these nanoscale precipitates, powders
were annealed ex-situ at 1050°C up to 500h. APT reconstructions of these CrAZY
powders annealed for 10h (ZY15C10h), 50h (ZY15C50h), and 500h (ZY15C500h) are
illustrated below in Figure 7.4. The nanoscale precipitates within these specimens are
highlighted using red 1.5% (Y,YO,AlO) isoconcentration surfaces with matrix Fe atoms
in the background. As the annealing time increases, the average size of these
nanoprecipitates increases from 4.32 nm in diameter to 8.14 nm while the corresponding
nanoprecipitate number density decreases from 1.8 to 0.1x1023 m-3. This increase in
nanoprecipitate diameter with decreasing number density is consistent with
nanoprecipitate coarsening through a conventional Ostwald ripening process that is
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Figure 7.4. (a) APT reconstructions of CrAZY powders annealed at 1050°C for 10-500h. 0.1% of
the matrix Fe atoms are shown in black dots while the (Y,Al,O)-rich nanoprecipitates are shown
using red 1.5% (Y,YO,AlO) isoconcentration surfaces. Also shown in (b) are atom maps of
respective clusters normalized to the same dimensional scale. [203]
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characterized by larger precipitates growing at the expense of the dissolution of smaller
precipitates, as previously outlined in Chapter 2. In Figure 7.4(b), representative atom
maps of Y, YO, AlO, and O show precipitates normalized to the same scale bar, showing
more clearly the increasing nanoprecipitate radius as a function of annealing time.
To identify the mechanism by which these precipitates are coarsening, the
methodology previously used by Oono for the quantification of coarsening in ODS FeCr
and FeCrAl alloys is applied to the current system [78, 79]. Taking the natural logarithm
of both sides of the power law relationship in Eq. 2.11 provides the following result:
ln (𝑟 V − 𝑟=V ) = ln (𝐾V ) + ln (𝑡) ………………………………………………… (7.1)
Ü

Where 𝐾V = 𝑘 ∗ exp f− ijk is the temperature dependent coarsening constant, t is the
annealing time, 𝑟 is the precipitate radius, and 𝑟= is the initial precipitate radius. The
initial precipitate radius is assumed to be the same as for the ZY10C15 sample (𝑟= = 1.56
nm) due to the rapid nucleation and growth kinetics and the assumed stable precipitate
size distribution prior to precipitate coarsening at higher temperatures. Since 𝐾V is
independent of temperature for isothermal annealing treatments at 1050°C, taking the
natural logarithm of 𝐾V results in the following simplified expression:
ln (𝑟 V − 𝑟=V ) = ln (𝑘) − (𝑄/𝑅𝑇) + ln (𝑡) = 𝐶 + ln (𝑡) ………………………

(7.2)

For a given power law exponent “n”, the dependence on the natural logarithm of
the difference in radii raised to the power law exponent should result in a linear
relationship with the natural logarithm of time with a slope of m=1. Thus, the power law
exponent that describes the coarsening mechanism for this system should theoretically be
the value of n that provides a slope that most closely results in a linear fit with a slope of
unity for these precipitates. The corresponding linear plots for increasing values of n from
2-6 are plotted in Figure 7.5(a). As the figure indicates, the value that gives the closest
value for m=1 is that of n=6, where the corresponding slope is equal to 1.01. This would
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Figure 7.5. (a) the comparison of power law coarsening exponents for CrAZY powders annealed
for 10-500h at 1050°C, showing the best linear correlation for an exponent of n=6. The activation
energy for coarsening is estimated through the slope calculated in (b) through the linear
regression of the natural logarithm of the coarsening curves vs. inverse temperature. In (c) the
long term n=6 coarsening model is overlaid with 95% confidence intervals for measured APT
precipitate sizes as a function of annealing time at 1050°C. [203]
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suggest that the coarsening of these precipitates is dominated by the diffusion of solute
atoms along 1D dislocation pipes intersecting the precipitates [76].
Assuming that the coarsening mechanism is the same for temperatures in the
range of 1000°C-1100°C, it is possible to estimate the activation energy of this
coarsening process. Considering again Eq. 2.11, the slope of (𝑟 V − 𝑟=V ) vs. t provides the
temperature dependent constant 𝐾V . Since long-term coarsening data was not able to be
recorded for 1000°C and 1100°C, it is assumed in this work that the coarsening of radii
from the initial precipitate size (𝑟 = 1.56 nm) to the average radii for 1h anneals at
1000°C (𝑟 = 1.58 nm) and 1100°C (𝑟 = 2.58 nm) also follows the same linear trend
matching n=6 coarsening kinetics. For these data points from all three annealing
temperatures, the coarsening constants 𝐾v at each temperature were estimated through
linear regressions of (𝑟 v − 𝑟=v ) vs. t. Considering the temperature dependence of this
coarsening exponent (Eq. 7.3), taking the natural logarithm of both sides of the equation
results in:
Ü

3

ln (𝐾v ) = ln(𝑘) + f− i k fjk ……………………………………………………. (7.3)
The slope of the linear regression between ln (𝐾v ) vs. 1/𝑇 results in the ratio between the
activation energy for coarsening for the n=6 pipe-diffusion mechanism divided by the
universal gas constant (R). The slope of this linear fit in Figure 7.5(b) corresponds to an
activation energy for coarsening of 𝑄 = 880 𝑘𝐽/𝑚𝑜𝑙 with an estimated pre-exponential
constant of 𝑘 = 9.6 × 10|‰ ℎH3 . This activation energy is within the range of previously
estimated (Y,Al,O) precipitate activation energies for pipe diffusion previously reported
by Oono in ODS FeCrAl alloy SOC-9 (480 kJ/mol) and SOC-14 (747 kJ/mol) and is less
than the activation energy for pipe-diffusion estimated by the same author for (Y,Ti,O)
precipitates in a 9Cr ODS FeCr alloy (891 kJ/mol). A corresponding plot of the
coarsening data estimated for the 1050°C anneals and the n=6 coarsening model are
overlaid together in Figure 7.5(c).
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In the previously presented coarsening kinetics modeling, only powders annealed
for 10-500h were used for fitting. This is because all of these were in powder form and
more careful control over the time/temperature profile was possible. The sample annealed
for 1h at 1050°C is of the form of an extruded bar, and it is unclear the control that was
kept for the time/temperature profile for this sample when this alloy was consolidated in
the machine shop. Thus, to supplement the previous analysis, Figure 7.6 shows
deviations that exist in the power law coarsening behavior with extruded alloy
106ZY15C added to the linear regression. This figure shows three linear regressions
through various points in the plot (1-50h), (1-500h), and (10-500h). When sample
106ZY15C with less control of the time/temperature profile is added to the linear
regression analysis, the coarsening exponent deviates significantly to higher values and
the linear fit decreases significantly in confidence. Irrespective of the change, higher
coarsening exponents would only shift the coarsening behavior to more sluggish kinetics
with significant decreases in the fit of the regression due to the outlying nature of this
data point. Due to the short annealing time, and the sluggish coarsening kinetics, it is
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Figure 7.6. Kinetic exponent calculations using linear regressions through various sets of 1-500h
annealed samples at 1050°C. The outlying nature of extruded sample 106ZY15C (1h) in
comparison to annealed powder samples 10-50h is noted.
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unlikely that such a high order coarsening exponent exists for the current system, and it
will be shown that the current model fits well with the experimental data for the
time/temperature regimes studied in this work.
Although quantifying the long-term coarsening behavior is important for
estimating the viability of precipitate distributions to resist coarsening after long term
reactor exposures, for this scope of this study it is more important to accurately estimate
how the nanoprecipitate coarsening kinetics affect the as-consolidated precipitate
distributions. It is therefore of importance to apply the long-term coarsening model to the
short-term annealing temperature profiles experienced by the powder prior to
consolidation via extrusion with increasing extrusion temperature in an attempt to be able
to predict the sink strength of ODS FeCrAl alloys as a function of thermomechanical
processing history. To approach this challenge, consider the annealing temperature
profile of powder heated to 1000°C measured via thermocouple in a representative 2”
extrusion can in Figure 4.5. Using this temperature profile, a scaling procedure was
implemented in MATLAB to simulate the expected temperature profiles for samples
extruded at 1000°C, 1050°C, and 1100°C. Using the simulated temperature profiles as
input time-temperature curves, the n=6 coarsening model was applied to estimate the
extent to which the nanoprecipitate populations would coarsen during pre-extrusion
annealing treatments at each target extrusion temperature. The results of this simulation
are presented in Figure 7.7. Even for short-term anneals at temperatures greater than
1000°C the nanoprecipitates begin to increase in size. With only a 50°C increase in
temperature, the average size of the nanoprecipitates increases by 27%, while a
temperature increase of 100°C results in a simulated 78% increase in precipitate size in
comparison to the 1000°C extrusion temperature. Considering that the nanoprecipitate
number density measured via APT for the ZY10C60 sample is 4.19x1023 m-3 in
comparison to 0.79x1023 m-3 for CrAZY_H1 extruded at an extrusion temperature 100°C
higher, this coarsening during alloy consolidation must be avoided if a high number of
nanoprecipitates are desired for increased radiation resistance in reactor environments.
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Figure 7.7. The simulation of precipitate size increases during pre-extrusion annealing treatments
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Although the coarsening model applied in this study appears to capture the
coarsening of the nanoscale (Y,Al,O) nanoprecipitate population as extrusion temperature
increases, there are multiple important observations that are associated with the observed
coarsening behavior in comparison to the literature data. In comparison with the higher
order (n=6) coarsening kinetics observed here, comprehensive evaluations of
nanoprecipitate coarsening kinetics in ODS FeCr alloy MA957 performed by Alinger and
Cunningham showed either n=5 or n=6 (dislocation pipe-diffusion) coarsening kinetics
for the smallest (Y,Ti,O) precipitates [77, 115, 167, 186]. Oono’s previous investigations
of a 9Cr ODS alloy coarsened at 1200-1350°C also indicated that dislocation pipe
diffusion (n=5) kinetics dominated precipitate coarsening [78], and the team’s later work
on SOC-14 and SOC-9 alloys (ODS FeCrAl with and without Zr, respectively) in the
same temperature range indicated coarsening kinetics dominated by either grain boundary
(n=4) or dislocation pipe diffusion (n=5) mechanisms [79]. Earlier works on particle
coarsening in legacy ODS FeCrAl alloy MA956 showed particle coarsening kinetics
varying between n=4 and n=6 [160]. Thus, it would appear that the rate at which the
nanoprecipitates coarsen in the current ODS FeCrAl alloy system are highly similar to
the results previously presented in the ODS literature.
An unique attribute of the current CrAZY system is that the nanoprecipitate sizes
are much smaller in comparison to other ODS FeCrAl alloys. Figure 7.8 shows the
variation of the natural logarithm of precipitate radius with the natural logarithm of
annealing time for the ODS FeCr and FeCrAl alloys in literature. As a general trend, the
ODS FeCrAl alloys exhibit precipitate sizes that are much larger than those for ODS
FeCr alloys. A part of the reason why this is the case is because the alloy MA956 used
for precipitate coarsening studies was recrystallized at high temperature (1350°C for 1h)
prior to the start of the coarsening study, which resulted in a higher starting precipitate
size. However, alloys SOC-9 and SOC-14 were only extruded at 1150°C, which is an
identical temperature to the 3h HIP treatment used on 14YWT by Alinger. Even with
thermomechanical processing at the same temperature, the precipitate sizes for SOC-14
and SOC-9 were 2-3x the initial precipitate size for the 14YWT alloy. While the
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coarsening kinetics of ODS FeCrAl alloys and FeCr alloys both follow higher-order
power law kinetics, the activation energies for precipitate coarsening in the ODS FeCrAl
alloys are therefore lower than those for FeCr variants, which results in less thermal
stability for (Y,Al,O) precipitate populations in comparison to (Y,Ti,O) precipitates. The
CrAZY alloy system investigated in this study used a lower consolidation temperature
than any of the previously studied ODS FeCrAl alloys where coarsening data exists. This
lower thermomechanical processing temperature (1000°C) resulted in nanoprecipitate
sizes rivaling those for ODS FeCr alloys. This means that it is possible to develop ODS
FeCrAl alloys with competitive sink strengths in comparison to best-practice heats of
FeCr alloys 14YWT or MA957.
Even though the current model is sufficient for the purposes of optimizing the
processing parameters for ODS FeCrAl alloys for short annealing times, future work
should be performed on both ODS FeCr and FeCrAl alloys due to the complexities
associated with the alloy microstructures. To better illustrate the need for future
investigations, consider the annealed CrAZY powder microstructures ZY10C15 and
ZY10C60 analyzed by SEM-BSE previously in Figure 5.2. These microstructures are
almost fully recrystallized, with only a small fraction of the powder retaining nanometer
scale fine-grained regions. The powders coarsened at 1050°C for up to 500h all have the
same type of recrystallized microstructure. As mentioned in Chapter 2, during the
recrystallization process, the recrystallization front sweeps away the high number of
dislocations previously accumulated within the microstructure during the mechanical
alloying process. Because there was no externally applied force to deform the powder and
re-develop the high number of dislocations usually within the ODS alloy, the powders
should only have a small number of large grain boundaries and few dislocations within
the grains. Thus, for the representative particle in the matrix, there should not be a grain
boundary nearby, nor should there be any number of dislocations intersecting the particle
by which accelerated paths for solute diffusion would exist. This would suggest that the
n=6 coarsening mechanism noted for this CrAZY alloy should not be governing the
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coarsening kinetics, and instead a volumetric diffusion (n=3) or interface incorporation
(n=2) limiting condition should have been more appropriate.
Taking closer look at the theoretical power law derivations shows that simply
comparing the power law exponent may be an erroneous way to estimate the mechanisms
by which these precipitates are coarsening, even for the consolidated versions of the ODS
alloys. For example, in Speight and Ardell’s approach to the derivation of grain boundary
precipitate coarsening kinetics (n=4), it is assumed that the precipitates all lie on the grain
boundaries, and that the grain boundary diameter is sufficiently large in comparison to
the precipitate diameter [71, 75]. Although it is well known in the ODS literature that
larger precipitates preferentially exist along grain boundaries, these are only a small
fraction of the total number of precipitates. Grain boundaries are already sinks for
radiation induced defects, which is why there are defect free zones near grain boundaries
after irradiation experiments. Framing the coarsening discussion just for these grain
boundary precipitates omits the smaller precipitate distribution homogeneously
distributed throughout the grains.
Neglecting the grain boundary coarsening of the smallest precipitates, there does
exist a high density of dislocations (1013-1015 m-2) in consolidated ODS FeCr and FeCrAl
alloys [60]. This high density of dislocations means that there may in fact be some
evidence for the pipe-diffusion approximation; however, TEM investigations have shown
that the density of dislocations varies widely between grains in as-extruded ODS alloys,
with some grains being free of dislocations altogether [59]. Assuming that the dislocation
density is high and on the order of 1015 m-2, and assuming that this dislocation density is
dispersed homogeneously with a corresponding number density of precipitates of 1024 m3

, the average distance between the dislocations is ~31 nm while the average distance

between precipitates is only ~6 nm. This would imply that only 20% are associated with
dislocations at any point in time. In Vengrenovich’s model (n=6), it is assumed that as
precipitates coarsen, the pinning force decreases as coherency begins to be lost between
the precipitate and the surrounding matrix, allowing the dislocation to detach and then
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propagate to surrounding precipitates [76]. Consequently, it is not a faulty assumption
that in the extruded ODS alloys, n=6 coarsening kinetics may dominate.
It is nevertheless intriguing that in both recrystallized powders (essentially
dislocation-free) and in the consolidated alloys the n=6 power law is applicable. There is
thus a possibility that the attribution of coarsening in all of these studies may be due to a
different higher-order mechanism that has not yet been formulated. The possibility of a
different mechanism is reinforced by derivations by Hoyt that has shown that in the event
that either grain boundary or dislocation pipe diffusion is supplemented by volumetric
diffusion, the coarsening power law exponent simplifies to n=3 irrespective of the higherorder coarsening mechanism [242]. Since solute atoms in the ODS matrix are expected to
diffuse in a manner that combines all of these mechanisms, it is surprising that such
sluggish (n=6) coarsening behavior exists for precipitate populations in both ODS
FeCrAl and FeCr alloys. Although beyond the scope of the current work, the dependence
of coarsening kinetics on microstructure should be a topic of continued interest in future
studies.

7.3. Applied Kinetics to the Design of ODS FeCrAl with high
Sink Strength and Ductility
Using the knowledge obtained about the compositions and coarsening kinetics of
the smallest (Y,Al,O) nanoprecipitates in the CrAZY alloy system, an innovative twostep annealing treatment has been used for the development of an extruded alloy with an
optimized nanoprecipitate number density while maintaining alloy ductility. Using the
conventional processing route for extruded ODS alloys in Figure 2.7, CrAZY powder
(ZY40H-CM08) was subjected to two different types of pre-extrusion annealing
treatments. First, the as-milled powder was heated for 1h at 1050°C prior to extrusion at
the same temperature. The nanoprecipitate distribution for this alloy (106ZY15C) has
already been evaluated and presented previously in Table 6.2. The second annealing
treatment involved utilizing a lower-temperature 850°C heat treatment for 1h to allow for
nanoprecipitate nucleation and growth without substantial coarsening followed by
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extrusion at 1050°C. The alloy was held at 1050°C for only a short time to allow the
sample to reach a homogeneous temperature prior to extrusion to minimize subsequent
coarsening. This new alloy was given the name designation 105ZYA15C for the
following comparison of microstructures, precipitate distributions, and mechanical
properties.
The microstructures of alloys 106ZY15C and 106ZYA15C are illustrated in
Figure 7.9 for both the longitudinal and transverse orientations. Similarly to the other
extruded ODS alloys presented in this work, the grains in these CrAZY have significant
textures in both orientations. In the transverse orientation, the grains indicate a strong
orientation in the [110] orientation, which is consistent with the preferred sip plane of
(110) for the BCC microstructure. The grain textures in the longitudinal plane show
strong (111) and (001) orientations, both perpendicular to the [110] preferred grain
alignment along the extrusion axis. The primary difference associated with the use of the
two-step pre-extrusion annealing process for 106ZYA15C is readily apparent through the
comparison of the grain size distributions of the two alloys. Figure 7.10 shows that the
average grain size for the 106ZYA15C is only 538 nm, while the average grain size for
the 106ZY15C alloy measures more than twice this value (1.154 𝜇𝑚). Since identical
extrusion cans, extrusion aspect ratios, die sizes, and extrusion temperatures were
identical, the same amount of deformation was experienced by both samples, so the only
difference that could explain this refinement of grain size is the way by which
dislocations propagate through the microstructure and develop the grain and sub-grain
network structures within the microstructure. Assuming that the same bi-modal annealed
powder microstructure exists for both powders (although the effect of heating rate on the
fraction and size of abnormally grown grains has not fully been investigated), the refined
grain size of 106ZYA15C can be explained through the increased pinning of dislocations
by the higher number density of precipitates within this alloy.
APT measurements conducted on both the 106ZY15C and 106ZYA15C illustrate
the differences in precipitation achieved by the two-stage annealing procedure. As
illustrated by Figure 7.11, the nanoprecipitate distribution in the 106ZYA15C specimen
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Figure 7.9. EBSD orientation maps for a CrAZY ODS FeCrAl alloy annealed at 850°C for 1h
followed by extrusion at 1050°C (106ZYA15C) in comparison to alloy annealed for 1h at 1050°C
followed by extrusion at the same temperature (106ZY15C)

Figure 7.10. EBSD grain maps representing each grain as a unique color for a CrAZY ODS
FeCrAl alloy annealed at 850°C for 1h followed by extrusion at 1050°C (106ZYA15C) in
comparison to alloy annealed for 1h at 1050°C followed by extrusion at the same temperature
(106ZY15C). Also shown are the respective grain size distributions measured by EBSD for both
alloys.
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Figure 7.11. APT reconstructed control volumes for 106ZYA15C (annealed 1h at 850°C) vs.
106ZY15C (annealed 1h at 1050°C) showing red (Y,Al,O) nanoprecipitates in red with black Fe
matrix atoms in the background. Also illustrated is the shift in nanoprecipitate size distributions
due to the difference in pre-extrusion annealing temperatures.

is finer than for the 106ZY15C sample. In the figure, identical 1.5% (Y,YO,AlO)
isoconcentration surfaces are illustrated atop a matrix of Fe atoms. The average
nanoprecipitate size and number density increase from 1.58 nm and 4.3x1023 m-3 to 2.08
nm and 1.1x1023 m-3 for samples 106ZYA15C and 106ZY15C, respectively. Although
not shown, the compositions of the precipitates in the 106ZYA15C match those measured
and presented previously for the ZY10C15 and ZY10C60 specimens.
This shift in nanoprecipitate compositions and grain size has a significant impact
on the predicted irradiation resistance of the CrAZY alloy in radiation environments. The
types of irradiation-induced degradation phenomena were previously described in
Chapter 1 and are both a strong function of irradiation dose and irradiation temperature,
but it has been shown that to mitigate many of these phenomena (irradiation-induced
hardening, void swelling, etc.) it is important to quantify the intrinsic resistance of each
material to the accumulation of defects within the microstructure. One measure that can
be evaluated is the cumulative sink-strength (S) of features within the microstructure that
serve to preferentially remove excess defects from the microstructure. The sink strength
for ODS materials largely comes from the high number density of nanoscale precipitates
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within the microstructure, but grain boundaries and dislocation networks also contribute
to this cumulative sink strength term [1]. The sink strength for precipitates with a given
radius (𝑟+ ) and number density (𝑁+ ) is calculated as 𝑆+ = 4𝜋𝑟+ 𝑁+ . For grain boundaries,
A
𝑆DE = 60/𝑑DE
, where 𝑑DE is the grain boundary diameter, although this term decreases

as the total sink strength increases due to overlaps between interaction fields between
different sinks [243]. For dislocations, the sink strength is approximately equal to the
dislocation density (𝑆C = 𝜌C 𝑍C ), where 𝑍C ~1 is a capture efficiency for the dislocations.
The dislocation densities for both of these alloys were not able to be measured explicitly,
but the as-extruded dislocation density is expected to be on the order of 1014 m-2 for these
alloys [60]. Although the total sink-strength will vary slightly due to the aforementioned
interrelation of the different sink strengths, as a first approximation the sum of these three
components can be compared to access the difference in radiation resistance as a function
of processing path.
For alloys 106ZYA15C and 106ZY15C, the values of these sink strengths for the
measured grain sizes and precipitate distributions are presented in Table 7.1. As can be
clearly seen from the sink-strength calculations, the refinement of the precipitate
distribution using the two-step annealing approach has tripled the precipitate sink
strength for alloy 106ZYA15C in comparison to alloy 106ZY15C. The resulting decrease
in grain size due to the refined precipitate population likewise resulted in an order of
magnitude greater grain boundary sink-strength term. Although the dislocation densities
Table 7.1. Calculated sink strengths for 106ZYA15C and 106ZY15C
Average Precipitate Radius (rp)
Precipitate Number Density (Np)
Average Grain Diameter (dGB)

106ZYA15C

106ZY15C

1.58

2.08

23

-3

4.3x10 m

1.1x1023 m-3

538 nm

1154 nm

10 m

1014 m-2

Precipitate Sink Strength (Sp)

8.54x1015 m-2

2.88x1015 m-2

Grain Boundary Sink Strength (SGB)

2.07x1014 m-2

4.51x1013 m-2

Dislocation Sink Strength (SGB)

1.00x1014 m-2

1.00x1014 m-2

Total Sink Strength

8.84x1015 m-2

3.02x1015 m-2

Representative Dislocation Density (𝝆𝒅 )

14

-2
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were assumed to be on the same order of magnitude, it would actually be expected for
there to be a slightly higher dislocation density with a smaller grain size and a higher
number of precipitates for the 106ZYA15C sample as well. The result is striking in terms
of irradiation resistance. Zinkle previously established that for resistance to irradiation
induced hardening or void swelling in the presence of He-stabilized cavities, a total sink
strength on the order of 1016 m-2 is desired [1]. Thus, alloy 106ZY15C annealed and
extruded at 1050°C would not be expected to be as resistant to both of these irradiation
degradation phenomena in comparison to the higher sink-strength of 106ZYA15C that
approaches this threshold value.
Also important for actual application as a structural material is the mechanical
response of each alloy as a function of temperature. Although this study has not focused
substantially on the effects of various processing parameters on the mechanical properties
of as-fabricated ODS FeCrAl alloys, some preliminary results are presented here to
illustrate the benefits of the two-step annealing process utilized for the development of
106ZYA15C. Miniature SS-J3 tensile specimens were machined along the longitudinal
orientations of both of the alloys in their as-extruded state, and an MTS hydraulic tensile
testing machine was used to perform mechanical property evaluations as a function of
temperature from 23-800°C in ambient air atmosphere. The temperature of the specimens
at each target test temperature were measured using an attached thermocouple to the
sample holder, and each sample was held at the desired test temperature for at least 10
min. to ensure a homogeneous sample temperature. Three different plots are presented in
Figure 7.12 for each specimen: (1) the ultimate tensile strength, (2) the yield strength,
and (3) the total elongation of each specimen. The ultimate tensile strength (UTS) is the
maximum stress the alloy is able to resist prior to the onset of plastic instability, or in
other words the maximum work hardening limit of the alloy prior to the onset of necking
and subsequent fracture. The yield strength (YS) measures the resistance of the alloy
microstructure to the onset of dislocation motion (plastic deformation), which can be
modeled based on the different strengthening contributions of the matrix, the precipitates,
the grain boundaries, and the dislocation networks established during thermomechanical
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Figure 7.12. The variation of (a) ultimate tensile strength, (b) yield strength, and (c) plastic
deformation for alloys 106ZY15C and 106ZYA15C as a function of increasing test temperature.
Also shown are an ODS FeCrAl alloy 125YZ [99] and a non-ODS wrought FeCrAl alloy C35MN
[8] for comparison.
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consolidation and deformation treatments. The total plastic deformation is simply the
measure of the total elongation at the point of fracture minus the specimen length at the
onset of yielding.
With these definitions in mind, the mechanical properties of these two alloys are
compared directly with two model alloys available in the literature. The first, with the
name designation 125YZ, is a 1st Generation ODS Fe-12Cr-5.6Al alloy with Zr addition
that was milled using identical mechanical alloying parameters. The only difference
between this alloy and the CrAZY alloys presented here is the manner by which Zr was
added to the matrix (as ZrO2 powder instead of gas-atomization) and a lower annealing
and extrusion temperature of 850°C [99]. Thus, this alloy provides a good reference to
the alloy 106ZYA15C that was annealed at the same temperature but extruded at the
same 1050°C temperature of 106ZY15C. In addition to this model ODS FeCrAl alloy, a
high-strength non-ODS wrought model FeCrAl alloy C35MN with nominal composition
(Fe-13Cr-4.5Al-2Mo-1Nb) fabricated through a combination of arc-melting and hot
rolling is also included in the comparison [8].
A comparison of the tensile strengths and total deformations of all four alloys
illustrates important trends. The alloy 125YZ annealed and extruded at low temperature
(850°C) exhibits higher strength than the other variants, but this increase in strength has
resulted in a significant deterioration in the alloy’s ductility. If the annealing and
extrusion temperature is increased to (1050°C), the YS and UTS decrease 300 MPa for
room-temperature tensile tests, but the ductility is improved over the entire temperature
range. The non-ODS wrought FeCrAl alloy C35MN exhibits the lowest strength, but the
ductility is far superior to all of the ODS FeCrAl alloys due to the larger grain size and
the lack of obstacles for dislocation motion within the matrix. The use of the two-step
annealing process for the 106ZYA15C specimen achieves the same levels of ductility due
to the higher extrusion temperature while simultaneously increasing the tensile strengths
at lower temperatures (T < 400°C) in comparison to the 106ZY15C sample. The higher
precipitate number density coupled with a grain size in between that measured for 125YZ
(270 nm) and 106ZY15C can be attributed to this optimization of strength and ductility.
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Of course, this alloy still exhibits lower ductility in comparison to the non-ODS FeCrAl
variant because the high number density of obstacles to dislocation motion and the
smaller grain size also inhibits the work-hardening capacity of the ODS alloy in
comparison to the wrought FeCrAl alloy.
Through a better understanding of the nanoprecipitate compositions and
coarsening kinetics of the smallest (Y,Al,O)-rich nanoprecipitates in these CrAZY ODS
FeCrAl alloys, the use of a two-step annealing procedure prior to alloy consolidation has
resulted in the development of an ODS FeCrAl alloy that has both a high sink strength for
irradiation resistance and an arguably superior mechanical response as a structural
material in fission and fusion reactor conditions. These best-practice processing
parameters should be extended to the development of both ODS FeCrAl and FeCr alloys
for future alloy development efforts.
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CHAPTER 8: Conclusions

8.1. Summary of Experimental Findings
In this comprehensive work, it has been found that in the CrAZY alloys
developed at ORNL for nuclear applications, fine distributions of (Y,Al,O)-rich
precipitates and coarser distributions of precipitates with various compositions comprise
the distribution of dispersed second phase particles in these ODS FeCrAl alloys. Through
a detailed multiscale approach combining fine-scale APT measurements and macroscale
magnetic SANS powder measurements, the smallest nanoprecipitates have been shown to
be nonmagnetic and most likely either YAG or YAP depending on precipitate size,
processing temperature, and annealing time. It has been shown that impurity C and N
contamination within the FeCrAlZr matrix results in the precipitation of Zr(C,N)
precipitates with occasional AlN and MxCy carbides comprised of Fe and Cr. The
impurity sequestration ability of added Zr in the matrix has been quantified through a
combination of APT and thermodynamic calculations, which has successfully explained
discrepancies in the ODS FeCrAl literature pertaining to the identities of nanoprecipitates
as a function of alloy composition.
Coarsening kinetics have been evaluated for the CraZY ODS FeCrAl system, and
it has been found that higher-order coarsening kinetics dominate precipitate growth
during prolonged annealing treatments at high temperatures. By knowing the thermal
processing history of the given ODS FeCrAl alloy, it has been proven that long-term
coarsening models can be applied to pre-consolidation annealing treatments to optimize
nanoprecipitate distributions in as-fabricated ODS FeCrAl alloys. Through the use of
innovative muti-step pre-consolidation annealing treatments, ODS FeCrAl alloys with a
high sink strength and optimized mechanical properties can be fabricated that are
competitive with ODS FeCr alloys in literature.
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8.2. Contributions to the State-of-the-Art
This comprehensive work has provided many insights into the precipitation of
various nanoprecipitate populations in ODS FeCrAl alloys, specifically with respect to
the roles of alloying elements and impurities on the types of nanoprecipitates that exist
within the alloy microstructure. In addition, a detailed analysis of the nanoscale (Y,Al,O)rich precipitates has highlighted shortcomings in APT compositional correction models
widely applied to the nanoscale precipitates in ODS alloys. However, these shortcomings
of the APT technique were at least partially offset by magnetic SANS results that
highlighted the non-magnetic and defective nature of the nanoprecipitates. The still
unknown partitioning of Al between the matrix and precipitates provides significant
challenges for the accurate determination of nanoprecipitate compositions.
This work has also highlighted important differences between nanoprecipitate
distributions within recrystallized powders and the variety of literature data on
recrystallized ODS alloys after cold work and subsequent thermal treatments. The parity
between nanoprecipitate distributions in fine and coarse-grained regions in the ball-milled
recrystallized powders is in stark contrast to differences in nanoprecipitate distributions
in coarse-grained regions in deformed and recrystallized ODS FeCr alloys in the
literature. Thus, this study has highlighted the need to better understand possible
precipitate dissolution and re-precipitation phenomena as a function of thermomechanical
processing history.
Finally, and most importantly, the discussion of ODS FeCrAl alloys has largely
been limited to legacy alloys such as PM2000 and MA956 that have distributions of
coarser nanoprecipitates and often fully recrystallized microstructures. Thus, in most
experimental comparisons between ODS FeCrAl and ODS FeCr alloys in literature, the
lack of parity between processing conditions between these alloys has resulted in the
discounting of ODS FeCrAl alloys as viable candidates for nuclear applications requiring
high sink strength and beneficial low and high temperature strength. However, in the
current work it has been shown that although the (Y,Al,O)-rich precipitates exhibit faster
coarsening kinetics than the (Y,Ti,O)-rich nanoprecipitates comprising ODS FeCr alloys,
203

through careful control of the thermomechanical processing history of these CrAZY
alloys can result in as-fabricated variants that are competitive with popular ODS FeCr
alloys such as 14YWT and MA957. This work has presented a multi-step consolidation
procedure whereby nanoprecipitates can first be nucleated without significant coarsening,
followed by a short-duration high temperature extrusion step to minimize particle
coarsening while simultaneously allowing for improved ductility for these ODS alloys.

8.3. Future Work
There are many aspects to this work that necessitate further investigation. First,
the study of (Y,Al,O) precipitates in ODS FeCrAl alloys using SANS techniques has
been established as a viable path forward for the analysis of particle compositions and
structures. For these fine-scale precipitates in the current CrAZY alloy system, the SANS
technique was able to resolve these precipitates, which is in disagreement with previous
work by Alinger on the ODS FeCrAl legacy alloy PM2000, which would be expected to
have similar precipitate compositions as those seen in this work. Future neutronscattering work should be performed on these ODS FeCrAl alloys to access the extent to
which these precipitates can be resolved and quantified. Furthermore, the scattering
vector range that this work was able to cover was limited by the magnet and/or furnace
size used to manipulate the sample environment. More advanced studies using in-situ
temperature dependent magnetic scattering or the use of polarized neutrons on ex-situ
annealed samples may prove more accurate at quantifying the nuclear and magnetic
scattering contributions of these nanoscale precipitate populations as they nucleate and
grow to stable sizes.
For the APT results presented in this work, it has been routinely shown that there
does not exist a sufficient methodology available in the current literature for the accurate
estimation of the nanoprecipitate compositions without more knowledge about the local
environment at the matrix/precipitate interface. Future work should involve using highresolution electron microscopy techniques such as electron energy loss spectroscopy
(EELS) to investigate whether an Al-deplete and Cr-rich shell exists at the precipitate
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boundary. If this is the case, then the compositions of the smallest (Y,Al,O)
nanoprecipitates can be corrected using the state-of-the-art chemical composition
correction model first presented by Hatzoglou and applied in this work for the ODS
FeCrAl system.
The estimation of nanoprecipitate coarsening during thermomechanical
consolidation treatments should be carefully considered for future alloy production
efforts. In particular, when attempting to compare consolidation methodologies such as
extrusion, hot-isostatic pressing, and spark plasma sintering, careful attention should be
paid to the temperature profiles for each of these methods instead of the target
temperature used for each. Although the grain morphologies, and the corresponding
ductility and mechanical response, will be different due to differences in grain size
between alloys processed at different temperatures, these differences in microstructure
are already expected through these different processing methodologies. For a detailed
comparison of alloy properties, instead the user should be targeting processing
parameters that create parity between nanoprecipitate dispersion characteristics between
alloys developed using different methods. For example, for an ODS FeCrAl alloy
extruded at 1100°C, the sample is only at this temperature for approximately 30 min. for
the current extrusion procedure investigated in this work. When attempting to compare
this extruded alloy with one developed using HIP, the temperature should be lowered
because the hold times for HIP treatments at the target temperature are usually multiple
hours, which would result in coarser precipitate distributions that are not reasonable to
compare.
While this work provided some tensile data for general comparisons between
processing conditions, more mechanical property data is needed on these alloys,
including comprehensive fracture toughness data. The stringers and wide variety of
precipitates in the microstructure may deteriorate alloy mechanical properties and must
be compared as a function of temperature and specimen orientation. Finally, ion and
neutron irradiations should be performed on these various alloys to access the potential
sink-strength benefit for this novel multi-stage processing method.
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Reconstructed Control Volumes
Table A.1. Visualization of Reconstructed Sample Volumes
Sample

Processing
Condition

Ball
Mill

Furnace
Temp
[°C]

Time
[h]

LEAP

ZY40H

Powder

CM08

n/a

n/a

4000X
HR

ZY10C15

Powder

CM08

1000

0.25

5000
XR

CM08

1000

1

4000X
Si

Reconstruction(s)

Powder
ZY10C60

(Fine
Grained
Region)

30 $%

30 $%

Powder
ZY10C60

(Fine
Grained
Region)

CM08

1000

1

4000X
HR
30 $%

30 $%
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Table A.1 Continued. Visualization of Reconstructed Sample Volumes
Sample

Processing
Condition

Ball
Mill

Furnace
Temp
[°C]

Time
[h]

LEAP

CM08

1000

1

5000
XR

CM08

1000

1

5000
XR

CM08

1000

1

4000X
Si

Reconstruction(s)

Powder
ZY10C60

(Fine
Grained
Region)

Powder
ZY10C60

(Coarse
Grained
Region)

Powder
Y10C60

(Fine
Grained
Region)
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Table A.1 Continued. Visualization of Reconstructed Sample Volumes
Sample

Processing
Condition

Ball
Mill

Furnace
Temp
[°C]

Time
[h]

LEAP

106ZY10C1

Extruded

CM01

1000

1

4000X
Si

106ZY10C8

Extruded

CM08

1000

1

5000
XR

106ZYA15C

Extruded

CM01

850
1050

1
0.5

5000
XR

106ZY15C

Extruded

CM01

1050

1

5000
XR

Reconstruction(s)
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Table A.1 Continued. Visualization of Reconstructed Sample Volumes
Sample

Processing
Condition

Ball
Mill

Furnace
Temp
[°C]

Time
[h]

LEAP

ZY15C10h

Powder

CM08

1050

10

4000X
HR

ZY15C50h

Powder

CM08

1050

50

4000X
HR

ZY15C500h

Powder

CM08

1050

500

4000X
HR

CrAZY-H1

Extruded

CM08

1100

1

4000X
HR

Reconstruction(s)
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Lumped Capacitance Comparison of Temperature Profiles
One of the major points of comparison in this work was the difference between
precipitation in powders annealed for 15 min. and 60 min. in a box furnace within quartz
vials. As mentioned in the experimental methods, the sealed and evacuated nature of the
quartz vials made accurate estimations of the internal powder temperature impossible; to
estimate the powder temperature, and to simultaneously obtain a representative powder
temperature profile for later extrusion simulations for particle coarsening, a thermocouple
was used to measure the powder temperature in the same extrusion can used for the
106ZY10C1, 106ZY10C8, and 106ZY15C samples with a 200g powder mass. The vials
that held the annealed powders for precipitation studies were smaller, with only a few
inches in height and a 3cm OD. This section highlights differences in the two heating
profiles by fitting the experimentally measured temperature profile using the lumped
capacitance method for both conditions.
The lumped capacitance method is a simplified heat transfer model that assumes
that the material is being heated so fast by the surrounding environment that there is
essentially no temperature gradient being developed across the sample volume. Although

Figure A.1. Visual schematic of the lumped capacitance problem
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the scientific implication of this assumption is that the material has an infinite thermal
conductivity, practically this model is quite accurate for quenching studies and high
heating rates, which is representative of the high temperature furnace heating in this
work. The model thus depends only on the convection coefficient (h), the material’s
density (𝜌) and heat capacity (cp), and the dimensions of the material being heated (R and
H for the radius and height of a cylindrical specimen). The lumped capacitance (LC)
model takes the following form relating the specimen temperature and time [244]:
ª

Z

𝑇(𝑡) = (𝑇= − 𝑇Ã ) ∗ exp 4− 4:á 5 4³ø6® 5 𝑡5 + 𝑇Ã ……………………………… (A.1)
•

ø6®

where Acyl and Vcyl are the surface area and volume of the assumed cylindrical control
volume occupied by the powder. A visual representation of the current setup is provided
in Figure A.1. In this simplified comparison, it is assumed that the density of the powder
(including the compaction density), the convection coefficient, and the heat capacity are
both constant. Although the heat capacity for quartz (~3.5 W/m/K) is 10x lower than that
for steel (~30 W/m/K), due to the small thickness of the vial and extrusion can walls in
comparison to the powder control volume it is expected that the current assumptions will
provide a conservative estimation of temperature differences. The extrusion can has
powder dimensions of 4.83cm OD x 5.4cm while the quartz vial volume occupied by
powder is 3cm OD x 3.81cm in height.
Using the experimental temperature profile previously provided in Figure 4.5,
Eq. (A.1) was used to fit the experimental data using MATLAB’s curve fitting toolbox.
The value of the initial temperature (𝑇= =23°C) and target temperature (𝑇Ã =23°C) are
known inputs, as well as the surface area and volume of the extrusion can. Thus, the term
ª

4:á 5 was fit as one constant using the nonlinear least squares procedures available in the
•

curve fitting MATLAB procedure. Once this constant was found, it was plugged back
into Eq. (A.1), this time using the area and volume of the vial powder volume. The result
are two LC temperature profiles for the can and vial, respectively for direct comparison
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Figure A.2. The comparison of the LC curve fits for the extrusion can and quartz vial with the
experimentally measured extrusion can temperature profile.

with the experimental profile. Due to the ~5 min. interval at the initial tail of the curve
caused by the loss of furnace heat when the door was opened, the curve fitting was
conducted only on the experimental data excluding this tail.
The resulting LC model predictions are illustrated in Figure A.2. At times less
than 17 min., the LC model for the extrusion can approximated the experimental data
fairly well, while above this time the experimental data overshoots the 1000°C target,
which provided less agreement until longer annealing times (>40 min.). Due to the
smaller sample size, the quartz vial is expected to have a higher temperature than the
experimentally measured extrusion can by ~170°C. However, this result does not affect
any of the aforementioned results or conclusions in this work since significant precipitate
coarsening was not observed until temperatures >1000°C and for longer periods of time.
In addition, the good agreement between the in-situ SANS, ex-situ SANS, and ex-situ
APT results still suggests a low temperature (400-600°C) nucleation and growth regime
with an intermediate temperature regime (600°C < T < 1000°C) where precipitates are
stable Thus, the use of the ZY10C15 specimen, irrespective of whether or not it is 715,
760, or 885°C for comparison with specimens that have later coarsened in this study is
not an erroneous methodology based on this LC modelling approach.
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