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Abstract

The thermal analytical properties of gel-spun ultra-high molar mass polyethylene

(UHMMPE) fibers were studied with differential scanning calorimetry (DSC),

thermo-optical analysis (TOA), and thermo-mechanical analytical (IMA)

methods. The thermal analysis data were combined with the results from full-

pattern x-ray diffraction analysis, small-angle x-ray scattering, powder x-ray

diffraction, and solid state nuclear magnetic resonance experiments. At room

temperature, these fibers show mainly the common orthorhombic and a small

amount of monoclinic crystals, in addition to an intermediate, oriented fraction

and a minimal amount of amorphous phase. The structure parameters of the

orthorhombic phase change slightly with the processing history. The chains of

the intermediate phase have a largely frans-conformation and are oriented

preferentially parallel to the fiber axis, but are disordered laterally. The mobility

(correlation time) of the carbon atoms of the intermediate phase is higher than

that of the crystalline phase by one order of magnitude, but lower than that of the

amorphous phase by one order of magnitude. The intermediate phase can

contribute significantly to the meridional x-ray diffraction peaks 00/, but not to the

equatorial peaks >U0. A simple structural model is proposed to reconcile the

experimental results.

This dissertation contains the first published account of heat capacities of

UHMMPE fibers. The results from these heat capacity measurements show that
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the post-drawing of the gel-spun fibers creates structures which have the same

heat capacity, Cp throughout the range of 175 to 400 K The non-post-drawn

fiber, in contrast, shows a step-increase in heat capacity in the temperature

range from 260 to 290 K. Comparisons with the vibrations-only and the

experimental, 100%-crystalline, extended-chain polyethylene heat capacities

lead to the conclusion that the intermediate, non-crystalline material has a steady

increase of Op from 180 to 290 K. This increase is interpreted as the mesophase

glass transition. The increase from 290 to 360 K is solely due to the increase in

gauche conformations. At 360 K the locally reversible melting of the non-

crystalline intermediate starts. The mass dependent DSC experiments revealed

that melting occurred in one step at 412 K, opposed to the often cited multiple-

stage melting. The one-step melting was confirmed by optical observation of the

melting of UHMMPE fibers in a microscopy hot-stage and thermomechanical

analysis. This one-step melting behavior combines the isotropization of the

crystalline and the mesophase material into one transition. The two phases are

therefore highly connected and interdependent. It is concluded that such

behavior requires a nano-phase separation of the mesophase and the crystalline

phase.

The mesophase model suggested by the experimental data allows a

correlation of the structure to properties.
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"liVkere skall I kegin, please your Majesty?" ke asked.

"Begiu at tke kegimiiug," tke King said gravely, "and go on till you
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Chapter 1

Introduction

The research described in this thesis was designed to establish the thermal

properties of ultra-high molar mass polyethylene fibers. Standard and novel

thermal analysis techniques are used in their characterization. Both, NMR and x-

ray techniques were used to add microscopic information about fiber structure

and molecular motion. These analyses were carried out in cooperation with Drs.

Y. Fu, W. Chen, A. Habenschuss and 8. Annis at The University of Tennessee,

Knoxville, and the Oak Ridge National Laboratory (ORNL). All data were used to

arrive at a better understanding of the fiber structure, properties and processing.

The experiments performed during this thesis lead to the first published values of

heat capacities of fibers. The existence of an intermediate non-crystalline phase

was further established and supporting evidence to the fact of nano-phase

separation of the crystalline and non-crystalline phases was collected.

1.1 Justification & Goal

Heat capacity values of polyethylene fibers are required for the link between

experimentally determined properties and the thermodynamic functions. Until

this work, no heat capacity data on polyethylene fibers were available. With the

heat capacity reported in this thesis, this key element is provided.



The goal of this thesis is to establish the thermal properties of UHMMPE

fibers and to compare the thermal properties with the physical properties as

established by structural (X-ray, NMR) and mobility analysis (NMR). The

discussion is extended to the relationship between the mechanical behavior and

morphology by combining mechanical and structural data from gel-spun

UHMMPE fibers.

The structure of polyethylene (PE) fibers has been widely studied [1-3].

Considerable evidence has been accumulated for oriented, noncrystalline chains

in some PE fibers. These oriented, noncrystalline chains play an important role

in the understanding of fiber properties. Extensive efforts have been devoted to

the development of mathematical modeling or simulation of polymer processes to

develop sophisticated manufacturing methods. However, according to the

National Research Council [4], much remains to be done.

The sophistication of the models used and the accuracy of the input data

are always the major issues. In spite of their computational complexity, such

models answer only simple process questions. Molecular-based models of flow

behavior are emerging which, if properly combined with a process model, are

likely to be able to answer more subtle questions about both the process and the

product. For example, beyond simply determining the filling of the mold,

predicting the crystallinity and molecular orientation (and thus the mechanical

properties of the product) would be useful. Many of the current efforts focus on

the basic understanding of the effects of phase transitions and anisotropy. For

the modeling of fiber properties, many models require several phases (see Ref.
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[5] p. 315ff). In this research, the properties of the individual phases and their

transitions are investigated with the model of a nano-phase separated multi

phase material.

The relationship between processing and properties, particularly for

complex polymer systems, is not fully developed. New probes for the

determination of structure during processing would be of immense value. Until

that day, however, analysis of the final product is in order. Of course, a linkage

must be made between the structure generated during processing and the

performance of the product.

Over the past 40 years, the semicrystalline state of flexible polymers has

been the subject of many investigations. Some theoretical understanding has

been generated concerning the thermodynamics and kinetics of crystallization.

However, this area still has many unanswered questions. For example, the

structure and properties of the crystal-amorphous interphase and their

dependence on chemical structures need more attention because of their

technological importance for high-performance materials. Also needed is a

better understanding of chain topology, such as chain entanglements and tie-

chains interconnecting crystals in the intercrystalline region. The variation of

entanglement and intercrystalline structure with crystallization conditions, and its
%

influence on final material properties needs to be established. Theoretical and

simulation studies should aid in improving the properties of polyethylene and

many other synthetic fibers and films [4].



1.2 Polyethylene

Expressed by the smallest repeating unit (CH2-)n, polyethylene (PE, source

based name) has the same structural formula as poly(methylene) (structure-

based name). Polyethylene is one of the world's most used polymers. Despite

much research, open questions about the thermodynamic properties of the

material in its anisotropic forms still exist. The results of this thesis resolve the

problem of unavailable heat capacity data and the question of the multiple

melting peaks in the DSC experiments. Ultra high molar mass polyethylene

(UHMMPE) is the material used for the formation of high performance fibers

through a gel-spinning and post-stretching process. The resulting fibers are used

in many applications. These range from the manufacturing of low density,

high-performance composites to bulletproof vests. All these properties are the

result of the structure generated by the specific manufacturing process. Only a

combination of methods can lead to the understanding of the structure of the

UHMMPE fibers. The collection of all the parameters from the processing and

analysis is expected to yield further insight into the processing-structure-property

relationship.

1.3 Three-Phase Treatment for Highly Anisotropic

Polymeric Materials

Polymer fibers are traditionally considered a two-phase system frozen in a

nonequilibrium structure. These phases are the crystalline and amorphous



material. If more than one crystal form is present, each of these is treated

independently as a crystalline phase. The amorphous phases below and above

its glass transition exhibits different properties, each of which need to be

accounted for. In this connection the term "phase" must be understood as micro

phase because typical crystalline and amorphous phases in a semicrystalline

polymer are usually only 5-50 nm in one or more dimensions. The smallest

crystals and amorphous areas may even be nanophases, i.e., they are not only

influenced by surfaces and interfaces but also experience interactions between

surfaces on opposite sides of the crystal. The molecular segments immediately

surrounding the crystals, with strained connections to them, are thought to be the

major part of the intermediate phase.

The three-phase approach to polymers with highly anisotropic features

requires the introduction of an "intermediate phase" or mesophase. It is assumed

that at a point between the glass transition of the amorphous and the melting

transition, this "third phase" or "rigid amorphous phase" gains mobility and

therefore shows a transition in the thermal analysis experiments. The

mesophase may have both a mesophase glass transition and one or more

disordering transitions. Thermal analysis techniques are therefore most likely

able to confirm the existence of such a phase. Such an attempt is presented in

the results section of this thesis.

The highly anisotropic ultra-high molar mass polyethylene (UHMMPE)

fibers cannot be treated in a satisfactory way by the standard two-phase model.

Experiments done by X-ray, NMR, RAMAN, IR and thermal analysis point to the
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need for a more elaborate model (Chapter 2). The measurements presented

are interpreted with an improved multi-phase approach, which will be discussed

in Chapter 6.

1.4 Thermal Properties

The thermodynamic properties of polj^ethylene will be briefly described. A more

detailed treatment of the general thermodynamic principles involved in the

determination and evaluation of heat capacity data by differential scanning

calorimetry (DSC) will be given in Chapter 3.

1.4.1 Heat Capacity

Analysis of the heat capacity offers a way to establish the relative stabilities of

various metastable forms of chemically identical, but morphologically and

conformationally different, polymeric materials. The analysis of heat capacity

and transition enthalpies, permit to derive values of enthalpy, entropy, and Gibbs

free energy, integral functions which are the basis of the thermodynamic

characterization of any material. Heat capacities and enthalpies of transition are

preferably obtained in separate calorimetry experiments with instrument

parameters adjusted for optimum results. In principle, both experiments allow

obtaining the crystallinity of a particular sample. In the heat capacity

measurement, the crystallinity can be regarded as a function of temperature,

while the determination of the transition enthalpy gives the crystallinity only at the



transition temperature. The results of the temperature dependent crystallinity are

compared with the crystallinity from transition enthalpy measurements. An

attempt is also made to link the temperature-dependent crystallinity to the

multi-phase approach for anisotropic polymeric material.

1.4.2 Glass Transition

The glass transition is a universal phenomenon of all matter that solidifies as a

fully or partially disordered structure. The temperature at which the material

solidifies on cooling, as well as the temperature at which this transition occurs on

heating, is characteristic for the loss or gain of large amplitude molecular

mobility. The macroscopic (or engineering) properties and the utility of the

material change drastically at the glass transition. The glass transition is

characterized by a step-increase in heat capacity. The glass transition

temperature is defined as the temperature at half of the step of the heat capacity.

The heat capacity increases from the heat capacity of the vibration-only solid to

the heat capacity of the liquid. Glass transitions exist both for amorphous and

mesophase glasses.

1.4.3 Melting

First order phase changes occur in materials with well-defined phases before and

after the change particularly in the melting of small molecules which have sharp

phase transitions. The mesophases (liquid crystals, plastic crystals and condis



crystals) also show often first order phase changes. A more detailed discussion

of the first order transition is given in Chapter 3.

1.4.4 Polymer Melting

The melting of a metastable, polymeric material involves often not a simple first

order phase change but is complicated by simultaneous effects, such as lamellar

thickening, annealing, and melting of smaller crystals and subsequent

crystallization onto larger crystals. Caution has to be taken to extract the

analysis of the first order phase transition which characterizes the melting of the

polymer from these multiple processes. In the course of this thesis, the melting

behavior of the UHMMPE fibers was investigated.

1.4.5 Multiple Melting Peaks

Research on UHMMPE fibers must answer the question of multiple melting

peaks in UHMMPE fibers. Several solutions have been proposed without

conclusive answers. The origin of the multiple melting peaks will be shown to be

inherent to the packing of the sample and in part due to thermal gradients within

the sample pan, using experiments with variable mass. Doing experiments with

as small a mass as is possible will be shown to be one solution for the problem.

Another solution to eliminate these gradient problems is the use of a mixture with

sufficient thermal conductivity (e.g., a mixture with anhydrous aluminum oxide),

as will be presented in Chapter 5.
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1.4.6 Shrinkage

The shrinkage of polymers needs to be linked to the microscopic mobility of the

individual C-C bonds. The gain of mobility in the segments causes

macroscopically observable shrinkage. Thermo-mechanical analysis (TMA) of

the polymer fibers is expected to display shrinkage in two distinct temperature

regions, the glass transition and the melting/crystallization region. In the case of

a substantial presence of rigid amorphous material, the shrinkage is expected to

be occurring between the glass and the melting transition. For the fibers in this

study, the shrinkage only occurs simultaneously with the melting transition. This

is an indication of the tight link between the crystalline and the non-crystalline

material in the fiber, for which the only plausible explanation is a nano-phase

separation. Nano-phase separation has a particularly strong effect when the

individual macromolecules reach over many phase boundaries.

1.5 Processing Structure Property Relationship

The application of academic research to the applied engineering sciences has

formed the basis for many discussions. With the results from the research

presented here, it is hoped that a link can be made from basic science to the

application of materials science. Future research in open cooperation with

manufacturers of polymeric fibers is proposed to achieve maximum benefit

(Chapter 8). Defining the processing-structure-property relationship is the

ultimate goal, but it is hardly possible without the free exchange of information.



Overall, this thesis deals with the integration of basic research and applied

fiber science. The findings are expected to be directly applicable to the

understanding of the processing-property relationship.

In the present work, the thermal analysis methods of differential scanning

calorimetry (DSC), thermo-mechanical analysis (TMA) and thermomicroscopy

(TOA) were used for characterization of the fibers. In addition, the full-pattern

wide-angle X-ray diffraction (FPWAXD), small-angle X-ray scattering (SAXS),

and solid-state nuclear magnetic resonance (NMR) provided information on

structure and mobility. Only the combination of all methods will give a complete

answer to the question of how processing, structure, and ultimate properties are

related.
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Chapter 2

Review of Materials Properties of Polyethylene

2.1 General Information

2.1.1 Historical

Commercial production of polyethylene commenced in England during the early

1940s using a free radical process operating at very high pressures (200 -350

MPa). The structure was far more complex than the simple textbook repeat unit,

-CH2-, would suggest. The backbone has short- and long-chain branches. The

short-chain branches, four carbons long, interfere with the ability of the chain to

crystallize, thus affecting solid-state properties. The long-chain branches

(comparable in length to half the backbone), on the other hand, mainly affect the

melt rheological or flow properties that influence processing behavior. Because

the short-chain branches reduce crystallinity and, thus, density, this material is

called low-density polyethylene (LORE).

In the late 1950's, a linear or unbranched form of polyethylene was

developed because of advances in coordination polymerization catalysis. An

accidental finding by K. Ziegler in the early 1950s at the Max Planck Institute of

Mulheim, Germany, resulted in a new approach to polyolefins [6]. It was found

that transition metal complexes could catalyze the polymerization of ethylene to
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produce linear chains with more controlled structures at atmospheric pressure.

As a result, this polymer is more crystalline with higher density and known as

high-density polyethylene (HDPE). Similar procedures were used by G. Natta [7]

to produce crystalline polypropylene. The properties of this polymer are a result

of unprecedented control of the stereochemistry of polymerization.

Because of the effects of molecular structure on crystallinity, HDPE is as

much as five times stronger and one order of magnitude stiffer than LOPE. The

newer material did not replace the older one; it was used for different purposes.

In the 1970s, the high-pressure LOPE process became increasingly expensive

compared with the lower-pressure HDPE process. The cost factor plus

innovations in catalysts and process technology led to a new material that had

most of the attributes of LDPE but was produced by a more economical low-

pressure process similar to that used for HDPE. It is a copolymer of ethylene

and an alpha-olefin (like 1-butene, 1-hexene). Therefore, short-chain branches

of controlled length and number are introduced into the chain without long-chain

branches, and the material is called linear low-density polyethylene (LLDPE).

Production of this material grew at a rate of 20% per year during the

1980s to a current usage of more than 10® kilograms per year. As a result, the

production of LDPE initially declined, but its production has been growing again

since 1986. Construction of new high-pressure production facilities may be

required in the next decade to meet demands. Currently, this is the only process

by which copolymers can be made with polar monomers such as vinyl acetate or

acrylic acid. The HDPE is fabricated primarily by molding. Blow-molded food
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bottles and gasoline tanks are major markets. Very large containers made by

rotational molding, represent a specialized growth area.

A process known as 'gel-spinning' has been commercialized, which

produces fibers of ultrahigh molar mass polyethylene. Polymers with ultrahigh

molar mass are defined as having molar masses greater than 10® Da. The less

crystalline LORE and LLDRE are primarily extruded into thin film products with

each having specialized uses. New technology based on single-site

metallocenes holds promise for the production of a new range of products.

2.1.2 Rrocessing of UHMMRE into Fibers

The extraordinary properties of fibers are based on the extension of the individual

molecules along the fiber axis. This is achieved by drawing the extruded fiber in

a second step. The ultimate draw ratios for ultra high molar mass polyethylene

are in the order of 5-1 Ox for melt spun fibers. The process of gel-spinning [8]

greatly reduces the entanglements between the polymer molecules and therefore

allows draw ratios exceeding 150x.

Gel-spinning technology represents a major breakthrough in fiber

processing because it succeeds in preparing ultra strong fibers from flexible

molecules such as polyethylene, poly(vinyl alcohol) and polyacrylonitrile.

The formation of high-tenacity fibers through gel spinning and drawing of

UHMMRE is a prime example for realizing the theoretical potential of polymers as

high-performance materials [9]. The gel spinning starts with a solution of

UHMMRE. The solvents used in industrial processes are paraffin oil, wax, or
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decalin. The dissolution temperature is approximately 420 K. This solution is

extruded in air, (approx. 408 K) where the solvent and the polymer phase

separate and a transformation into a gel takes place. Then the high boiling

solvent is extracted with a low-boiling nonsolvent for PE, such as n-hexane, and

the porous fiber is, next, hot drawn at 390 K to draw ratios from 40 to SOx, free of

solvent. The stretching of a molecular network with controlled amounts of

entanglements, due to the gel-precipitation, to such a high extent forms the

highly aligned spatial architecture. A careful balance of entanglements and

molecular length is believed to be the basis of successful gel spinning. This is in

contrast to melt-extruded fibers where entanglements prevent extensions beyond

5-1 Ox [9]. The special properties of these very strong fibers are attributed to the

high orientation of the macromolecules in the gel.

2.1.3 PE Properties

Polyethylene is a macromolecule containing only one chain atom per repeat unit.

The only stable crystal form for PE is orthorhombic [2]. It has a packing density

of 0.70. The crystal system is orthogonal with the space group Pnam and a

1*2/1 helix. The unit cell axes are a = 0.742, b = 0.495 and c = 0.254 nm, with 4

repeat units per unit cell. The resulting crystal density is 0.9972 Mg/m^. The

monoclinic unit cell is: a = 0.809, b = 0.479, c = 2.53 nm, y = 107.9® [10], in early

analyses the monoclinic phase is sometimes described by its primitive triclinic

unit cell [2].
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In addition, a hexagonal phase [11-13], which has also been called a

rotator phase, corresponds to the definition of a conformationally disordered

(CONDIS) phase [13]. This metastable phase has great significance for the

crystal perfection, and its implications for the fiber properties will be discussed in

Chapter 6.

The C-H bond length is 0.1069 nm, the C-C bond length is 0.153 nm, the

H-C-H bonding angle is 107°, and the C-C-C bond-angle is 112°.

2.2 Results by analysis technique

2.2.1 x-ray

Fiber x-ray diffraction patterns record the diffraction intensities of all components

of a fiber. The presence of the oriented, noncrystalline chains may, because of

their similarity to the crystalline chains, contribute to the intensities of some

crystal diffraction peaks. Only if the diffraction intensities of the crystalline phase

can be deconvoluted from those of the oriented, non-crystalline chains can a

more detailed structure information of the latter be obtained. This process

involves a full-pattern (two-dimensional profile) fitting to first determine and then

remove the diffraction intensity of the crystalline phase [14,15]. The fiber x-ray

diffraction method where each reflection is treated as a single point cannot

accomplish this task. This is one reason for the limited progress in
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understanding of fibers, despite the solution of the PE crystal structure more than

50 years ago [16].

The recent development of the full-pattern (two-dimensional Rietveld) fiber

x-ray diffraction refinement method [14,15,17-23] overcomes the disadvantage of

the traditional x-ray fiber diffraction method. Each reflection peak is fully

characterized. The positions, the maximum intensities, and the two-dimensional

profiles of all measurable diffraction peaks are used to derive crystal structure

morphological parameters. Besides a more detailed and accurate crystal

structure, the full-pattern x-ray diffraction method permits the quantitative

separation of the non-crystalline scattering from the overall scattering pattern for

further structure analysis. Details will be given in the experimental section.

In an earlier study of semicrystalline poly(ethylene terephthalate) (PET)

fibers, the advantages of the full-pattern method were shown [14,15,17]. It was

found that two types of oriented chains, a crystalline and an intermediate phase,

exist. Removal of the crystalline diffraction by the full-pattern method revealed

the noncrystalline scattering. Further removal of the azimuthally isotropic

scattering of the amorphous phase revealed the anisotropic scattering of the

intermediate phase. The chains of the intermediate phase have some degree of

preferential orientation parallel to the fiber axis and are the main load-bearing

fraction in the PET fiber [14].

In a first attempt, the full-pattern method had previously been applied in a

study of a UHMMPE fiber [23]. In this study an attempt was made to fit the

intensities of diffraction peaks in two dimensions to a single, disordered crystal

16



structure. For this attempt one had to assume multiple equivalent positions for

the asymmetric unit of the crystal. These positions had to be randomly and

fractionally occupied. About 20% of the carbon atoms had to be assigned to

positions of disorder. The present interpretation suggests a much more plausible

structure and brings the x-ray results into agreement with the interpretation of

other analysis methods.

Kavesh and Schultz [24] reported on the development of an x-ray

diffraction method for the simultaneous determination of crystallinity (including

intra-crystalline defects), effective Debye-Waller factors, and atomic positions.

They applied this method to semicrystalline polyethylene. According to their

interpretation this material is a two-phase system. They measured intra-

crystalline lattice disorder in the chain direction and perpendicular to the chain

direction in the ratio 1:2.5. Paracrystalline disorder in the [110] direction was less

than 2.4% at all experimental conditions. Their results include measurements of

degree of crystallinity, particle size, space group, and unit cell parameters and

variation of these quantities with crystallization temperature, ambient (storage)

temperature, and time. The results of the present study are in contrast to this

assessment and studies need to be performed on the identical samples.

2.2.2 NMR

An oriented, noncrystalline phase with predominantly frans-conformations, i.e.,

the intermediate phase, has been proposed in a previous publication of a solid

state NMR study of an ultra-high-molecular-mass (UHMMPE fiber [25]. The
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chemical shift of the NMR resonance peak is the same for carbon atoms of both

the orthorhombic and the intermediate phases. The mobility of the carbon atoms

of the intermediate phase is, however, much higher than in the orthorhombic

phase. Similar results have been reported by other researchers [26-28] who

separated three oriented phases of different mobility. The relaxation times are

known to change considerably from fiber to fiber. Their conformation is that of a

trans zig-zag-chain, as in the crystalline phases, but their lateral packing is less

perfect. Presence of two oriented components has also been reported in a two-

dimensional NMR study of other UHMMPE samples [28].

The separation of the proton NMR signal into a Lorentzian function

(corresponding to spins in regions that are motionally narrowed) and a Gaussian

function (corresponding to spins in regions that are not motionally narrowed) has

been performed by Kauffman and Dybowski [29]. They therefore conclude that

domains of different mobility exist. These domains are isolated for NMR

spectroscopy which allows a quantitative analysis of the amount of non-

crystalline material. Spin diffusion between domains would make it difficult to

determine the crystalline content accurately through a proton line shape study.

According to Cheng et al. [30], the observation of chain conformation and

mobility in polyethylene by solid state ̂ ^0 magic-angle-spinning (MAS) nuclear

magnetic resonance (NMR) permits identification and quantitative analysis of an

intermediate phase. On average, the carbon-carbon bonds in the intermediate

phase adopt an aW-trans conformation and are more mobile than in the crystalline

state (room temperature rate of reorientation approx. 10^ Hz). Comparisons of
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crystallinities by differential scanning calorimetry, wide angle x-ray diffraction, and

NMR support the high orientation of the intermediate phase and suggest a lower

heat of fusion than for the crystals. Results from "C spin-lattice relaxation and

spin diffusion show that the mass fractions are approx. 20% and the domain

size about 3.6 nm (36 Angstrom). Both change with crystallization and annealing

conditions.

A system with some similarities to the intermediate non-crystalline or

oriented mobile phase, is the polyethylene chain in the urea-polyethylene

inclusion complex. These urea-polyethylene inclusion complexes (UPEC) are

discussed by Kashiwabara et al. [31]. The UPEC is an interesting material

because a single polyethylene chain is located in a hexagonal canal of urea

molecules, and it must be expected that the polyethylene chain can behave

differently from the bulk system like solution-grown crystals or material

recrystallized from the melt. Their results showed no mobility in bulk

polyethylene below 180 K. While the amorphous part develops mobility in the

range from 200 to 300 K, the crystalline part remains immobile. The crystalline

part develops mobility in the range above 330 K due to the introduction of gauche

defects. For extended chain crystals of polyethylene, the situation seems similar

to that for bulk polyethylene, though the mobile fraction is smaller than that of

bulk polyethylene.

On the other hand, the second moment of d-UPEC (a system with

polyethylene in channels of deuterated urea molecules) determined by broad

band NMR is completely different from normal polyethylene. The second
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moment is smaller than that of solution-grown material or extended chain crystals

throughout the temperature range of observation. This means that the

polyethylene chain in d-UPEC is much more mobile than in the other two

materials which are rigid below 150 K. The observed second moment reaches a

maximum value at 295 K and then remains constant at higher temperatures.

This constant value is very close to the value calculated for free rotation, 5.94 x

10'®T^[31]. Therefore, the second moment at 125 K was interpreted as reflecting

the vibration around the chain axis with an amplitude of 30°; i.e. these two

features, vibration at low temperature and free rotation at high temperature, are

thought to be consistent with the broad band NMR results. The urea-

polyethylene inclusion complex may be of use as a model for some of the

molecules in the UHMMPE fibers.

2.2.3 Thermal Properties

2.2.3.1 Heat Capacity

Based on the collected data in the ATHAS Data Bank, the heat capacity of

polyethylene is well established. A table of the data is available from the ATHAS

Data Bank. The calculations of the limiting amorphous and crystalline heat

capacities will be discussed in the results section. The heat capacities of

polyethylene fibers can however not to be found in the literature, yet the

suggestion to measure the heat capacity and the intention to use such data,

whenever available, was published by Peterlin and Meinel [32] in 1965.
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2.2.3.2 Melting

The isotroplzation temperature was and still is the origin of some controversy,

although extended chain crystals have been grown and the melting temperature

of those samples under slow heating conditions [33] in a dilatometer has been

determined. The melting of poly(methylene) is extremely sharp with no evidence

of premelting up to 410 K.

Polymer crystals of large chain extension exhibit an inherently slow

melting that often leads to superheating of larger crystals before fusion is

complete [1], Reorganization and recrystallization as well as relaxation of

strained tie molecules may further obscure the melting process. Only well-

crystallized, extended-chain crystals of polymers melt slowly enough so that the

melting kinetics can be followed via microscopy. These experimental methods

were, however, limited to heating through conduction from the outside of the

crystal and provide no atomistic details of the structural and dynamic changes

that occur during melting from the superheated state. A summary of the

equilibrium melting data on polyethylene is given by Wunderlich and Czornyj [34].

Polyethylene (PE) and n-paraffins form a homologous series of

hydrocarbons, and their crystal structures and dynamic properties are related. In

addition, the study of paraffins and PE [31,35-39] offers a model for other

polymers. A detailed knowledge of dynamic and structural properties of paraffins

and PE is thus fundamental to the understanding of the behavior of many

systems that contain linear paraffinic sequences, such as biomembranes and

micelles, liquid crystals, and mesophases in general. Currently, details of the
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dynamics are still not fully understood as they apply to processes such as

polymorphic phase transitions, defect formation, and melting.

Thermodynamically, the melting point is the temperature at which there is

no difference in free energy between the crystal and the melt. Consequently:

AG = - T„ aS„ = 0 (1)

or

^
AS

m

m

(2)

where A refers to the differences between the states, G is the Gibbs free energy,

H is the enthalpy, S is the entropy and is the melting temperature. The

subscript m indicates melting. (Table 2.1)

Table 2.1: Melting parameters of polyethylene [1]

T "' m 414.6 K

AH 4.11 kJ moM

AS 9.91 J K-' moM

The description of irreversible melting is based on the two-phase model of

semicrystalline, linear macromolecules. When permitting defects in the

crystalline portions and order in the amorphous portion of the sample, the

crystallinity model has been most successful in describing the melting
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phenomena. As the samples become less crystalline and the total fraction of

molecules involved in interfaces and interphases becomes more significant, a

special treatment of the surface region may be necessary [1].

2.2.3.3 Melting of UHMMPE Fibers

The sample preparation for the melting of UHMMPE fibers in a DSC is described

by Bastiaansen and Lemstra [40]. They used chopped fibers, 1 -2 mm long, and

added a few droplets of silicon-oil to improve the heat contact and to allow

friction-free shrinkage upon melting.

The onset temperatures of unconstrained melting of UHMMPE fibers were

reported as 415 K by Bastiaansen and Lemstra [40]. In the same article, they

show DSC experiments of UHMMPE fibers with only one melting peak, while the

unconstrained melting as visually observed consists of only one step as well.

The unconstrained melting of a macrofiber, submerged in silicon oil inside a glass

capillary, as described by Pennings and Zwijnenburg [41] shows only a single

step, while their "free shrinkage" melting in DSC shows three and even four

peaks.

Many variations exist in the preparation of constrained fiber samples. On

one hand, the physical constraints are spools, frames, or clamps holding the

fiber. While spools keep the sample in a constant volume and clamps assure

constant length, the frames keep some fibers in a constant length environment,

(the innermost layer), while the outer layers are in a constant volume

environment. Constant length experiments in the thesis work were performed
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with a plate of aluminum where the fibers were wound parallel to ensure constant

length.

Another form of constant volume melting is achieved by embedding the

fiber in an epoxy matrix. The hardening of the matrix by crosslinking results in a

rigid environment for the individual fiber. The cavity occupied by the fiber is

assumed to be of constant dimensions. With insufficient hardening, where post

cure effects are observed during the melting of the UHMMPE fibers, the matrix

can however not be assumed to be rigid. A complete cure is therefore the first

necessity for such experiments.

Pennings and Zwijnenburg [41] assigned the peaks in constrained melting

experiments in the following manner. The unconstrained parts of the sample and

lamellar overgrowth on the shish-kebab fibrils correspond to the first melting

peak, which occurs at 414 K after extrapolation to zero heating rate. The second

peak at 423 K is attributed to the transformation of the orthorhombic into the

hexagonal lattice, while the third peak at 468.5 K is assigned to the melting of

this hexagonal lattice. Pennings and Zwijnenburg [41] overlook that in their

measurements the end of the third melting peak is never higher than 438 K, while

the WAXS reflection of the hexagonal phase is still recognizable well above 450

K. This is even observable at the low heating rate of 0.35 K/min. Such

discrepancies need to be addressed with full knowledge of the specific

manufacturing and measurement parameters. Since all the details are not

known to the researchers unless full cooperation with the manufacturer has

been established, this has to be done in the future.
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The effect of the constraining geometry and fiber diameter on the melting

behavior was studied by van Mele and Verdonck [42]. The effect of the epoxy

matrix on the melting is attributed to the inability of the fiber to expand laterally on

melting, which is possible in the cases of the fiber being wound on a frame or a

spool.

The melting temperature as a function of the draw ratio was studied by

Kanamoto et al. [43]. Sample sizes of 40 pg show single peaks except for the

cases of melting constrained in an epoxy matrix where the sample is constrained

to its initial volume and may show interaction between the matrix and the fiber.

All of the experimental findings are done in one specific set of conditions,

individually believed to be the best possible condition. It is noteworthy to mention

that only the analysis of all different conditions will lead to the answer to the

question of the processing-structure-property relationship. In the experimental

results presented in this dissertation, the inherent problems of variable sample

mass and self generated constraint in a DSC experiment were addressed. This

study is the first to investigate the sample mass dependence of the multiple

melting peaks in the DSC experiments of UHMMPE fibers. The findings of the

study support the model of a nanophase separated multi-phase material in the

UHMMPE fibers.
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2.2.4 IR/RAMAN

Micro-Raman spectroscopy on deformation of high-modulus, UHMMPE fibers

also revealed at least two types of strain in the oriented C-C bonds with trans-

conformation [44-47], attributed to extended chains in the crystalline and a non-

crystalline domain. The differences in the strained bonds are as much as an

order of magnitude [45]. The two types of oriented chains are largely parallel to

each other. Using different fitting methods and different fiber samples, the mass

fraction of the highly strained chains is 18% in one study [45], and 40% in

another [47].

Based on IR/Raman studies Kip et al. [46] suggest that the fibers can be

described by two crystalline fractions mixed on the molecular level and an

additional small amount of a third fraction with a low Young's modulus. It will be

shown in this thesis that the mixing cannot occur on a molecular level but that a

minimum domain size is required for both the x-ray scattering of the non-

crystalline mesophase and the mesophase glass transition.

2.2.5 Mechanical Properties

Polymer fibers with tensile moduli (stiffness) approaching 300 GPa and strengths

of up to 4 GPa have been produced and are called high performance fibers. The

commercially available fibers produced in the gel-spinning process and analyzed

during this thesis typically have a modulus in the order of 100 to 170 GPa and a

strength of 3.5 to 3.5 GPa [48].
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The alignment of the molecules in the fiber direction creates highly

anisotropic materials. Ultra strong PE fibers exhibit, in addition to very high

strength and modulus, high-strain-rate effects [9] that are absent in other

reinforcing fibers such as aramid, glass, or carbon. Therefore, ultra strong PE

fibers are particularly suitable for applications involving the high deformation

rates encountered in explosions and ballistic impacts. The reasons for the

damage tolerance of the fibers are explained based on their nanoscale structure.

Several structure models have been proposed to interpret the processing-

structure-property relationship [49-53]. These fiber structure models have one

most frequent feature to reconcile the mechanical properties with the structure,

namely that there exist oriented, noncrystalline chains besides the crystalline and

amorphous phases. These chains are usually called taut tie molecules (TTM).

The TTM concept was introduced to explain mechanical properties of fibers, but

it lacks a connection to the molecular level. The TTM mass fraction is then

calculated from the mechanical properties. For the initial modulus one can use,

for example, the series-parallel model of Takayanagi [50,54,55]. The TTM are

usually assumed to be oriented exactly parallel to the fiber axis and are given the

crystalline strength and modulus. The concept of TTM's is based on isolated

chains. None of the results, presented in the following, can be explained

satisfactorily by this concept. Only a phase of significant size can have an x-ray

scattering and a mesophase glass transition.
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Chapter 3

Thermodynamics and Thermal Analysis

3.1 Thermodynamic Principles

3.1.1 Equilibrium Thermodynamics

A system can be described [56] in terms of its functions of state, such as total

energy, U, temperature, T, volume, V, pressure, P, number of moles, N, and

mass, M. The functions of state can be divided into two classes, extensive and

intensive. Extensive functions of state are proportional to the amount of matter

(such as U, V, N, and M), and intensive functions of state do not change with

changing amount of matter (7, P). If the system is in equilibrium, the

interrelations between the functions of state are given in equilibrium

thermodynamics. The basis of equilibrium thermodynamics is given in three

experimental laws, the laws of thermodynamics. The first law will be discussed in

the following. The second law states that, "in an isolated system, spontaneous

processes occur in the direction of increasing entropy," and according to the third

law "all perfect crystals have zero entropy at absolute zero."

The first law of thermodynamics describes the fact that energy is

conserved in all experiments. In other words, the total energy, U, of a system in
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equilibrium is a function of state, and its value is fixed for a given set of variables

of state. For a change of U one can vi^ite:

dU = 6Q + 6i/v (1)

where Q and w represent the two forms of energy, heat and work, respectively.

The symbols 5 are to indicate that although dU is independent of the path, 5Q

and 5w are not. Furthermore, one can always write for a function of state that its

change is given by

dU = idUldT\j^dT + {dU/dV)j^dV + {dU/dN )^^dN + ... (2)

The change dil is the sum over all partial changes. The subscripts indicate the

variables that are being kept constant. If additional variables are necessary, the

equation must be expanded. The first partial differential coefficient on the right,

(dU/dT)V, N is given the name heat capacity at constant volume. It cannot be

easily determined by differential scanning calorimetry, since the condition of

constant volume is experimentally impossible in a DSC experiment.

3.1.2 Calorimetry

The central function of state of calorimetry without chemical or phase changes is

the heat capacity. It is the heat absorbed by a system (which is assumed to be

close to constant in composition) on raising the temperature by 1 K:

C = Q/A7 (3)
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According to equation (1), a closed system can exchange only heat and work.

Assuming volume work, -P6V, as the only possible work, makes both right hand

terms in Eq. (1) functions of state.

dt; = dQ - PdV (4)

Combining Eqs. (2) and (4), one obtains;

dQ = {dU/dT)^^dT + [{dUldV\^ + P](iV (5)

Measuring the heat capacity at constant volume, dV^= 0, leads to a simple

correlation of the measured quantity dQ/dTand the change in internal energy:

dQ/dT = {dUldT)^^^C^ (6)

Unfortunately, this type of measurement is quite impossible for condensed matter

because of the large thermal pressure coefficients.

The description of thermal analysis is greatly simplified by thermodynamic

functions that can be used at constant (atmospheric) pressure. The internal

energy, U, is not such a function. Expressing U as a function of the independent

variables P and T, instead of V and T (assuming again a closed system of

constant composition), one obtains:

dU = {dUldT)p^dT + {dUldP)j^dP (7)
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an equation similar to Eq. (2). The combination of Eqs. (6) and (7), needed for an

expression of dQ must now, however, take into account that d\/ is dependent on

changes in pressure, Eq. (8).

dV= {dVldT)pdT+ (awaP)7.dP

Combining all these equations leads to:

STjp;, [dTjp^ Upj.w \dP)r.
dQ = dP

(8)

(9)

and at constant pressure:

dQ _ 'dU'
+ P

'dV'
dT Ut-J '  /

P,N P,N

(10)

Eq. (10) states that at constant pressure, the heat capacity dQ/dT is not sufficient

to measure U. The change of V must also be known.

Introducing a new function of state, the enthalpy.

H ̂ U ̂  PV (11)

simplifies matters considerably. In the case of tensile extensions work, it is

convenient to define enthalpy as H=U + PV + f I, where f is force and / equals the

length. Since H is made up of other functions of state, it must itself be a function

of state. Enthalpy is the internal energy to which one adds the work for

expansion at experimental pressure from volume zero to the actual volume of the
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system. For the condensed state, the system volume is small. Accordingly, the

difference between H and U is small, and H is still an approximate measure of U.

The simplification becomes clear on insertion of Eq. (11) into Eq. (10):

dQ _ 'dH'
d7 .dTjp/j

dPV]
— I P — I '

/P,N / P.N

(dv
H

^
 ̂ U + PV (12)

Since the last two terms in Eq. (12) are equal at constant R.

dQ

dT .dT)P.N
(13)

The heat capacity at constant pressure, Cp, is the calorimetrically measured

quantity. It is connected to the free enthalpy (Gibbs free energy, or Gibbs

function), G:

G ̂  H -TS (14)

through the definition of enthalpy, Eq. (13)

H{T) = H{T^) ̂  fCpdT (15)

Measurement of heat capacity as a function of temperature also permits the

evaluation of entropy. Commonly, the following equation is used for the entropy

calculation:
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T Q
S{T)'S{TJ* ̂ -^dT ,16)

To

and equation (14) is used for the free enthalpy calculation. The plot of H, IS and

G of polyethylene is shown in Fig. 3.1-1'. The free enthalpy diagrams are also

used to characterize different phase transitions.

3.1.3 Transitions

According to Ehrenfest [57], one can distinguish the phase transition types

according to the free enthalpy. On traversing a first order transition, the free

enthalpy G is a continuous function of the variables T, and P, but it suffers a

change of slope at the transition temperature. Consequently at least one, or

both, of the first derivatives of G show a discontinuous change on going through

the transition.

{dGldT)p = -S or {dGldP)^= V (17)

The main example of a first order transition is the melting transition. It can be

defined as the intersection of the free enthalpies Ga and Gb (Fig. 3.1-2). The

systems corresponding to the branches of higher free enthalpy lose their stability

at T„, the melting temperature. Only at 7„, both phases coexist in equilibrium, so

' All figures may be found in Appendix A; all tables may be found in Appendix B.
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that AG, the change in free enthalpy is zero and the equilibrium melting

temperature becomes:

7", = AH,/AS, (18)

where AH, is the heat effusion and AS, is the entropy effusion.

For a second order transition, both G and the first derivatives are

continuous functions of T and P. But, at least one of the first derivatives has a

break at the transition temperature. Accordingly, discontinuities appear in the

second derivation of G, i.e. in the heat capacity, Cp, thermal expansivity, a,

and/or in p, the isothermal compressibility:

id^GldT^) = -CpIT [d^G/{dPdT)] = l/a [d^G/{dP^] = -Vp (19)

Note that on both sides of the transition, phase b is the phase with the lower free

enthalpy, i.e., the more stable phase. Thus, a second-order transition is possible

only if the continuations of phases a and b, beyond the transition temperature,

are not physically realizable states.

3.2 Differential Scanning Calorimetry

A brief review of standard DSC experiments with a listing of all the assumptions

is presented. The development of the standard DSC technique towards

Alternating Heating Rate DSC (ADSC), and the benefit for the measurement of

fiber heat capacities conclude this section.
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3.2.1 Review of Standard DSC

For the understanding of DSC, the principle on which it is based needs to be

known. Figure 3.2-1 shows the set-up of a DSC cell and indicates the locations

at which the temperatures of Block (1^), Sample (Tj) and Reference (T^) are

determined.

In Figure 3.2-2, the profiles of the three temperatures are presented as a

function of time. The relation between the temperature profile and the heat

capacity is possible with the calculations as indicated in figure 3.2-3.

The Figures 3.2-4 and 3.2-5 show the temperature profiles through a first

order transition. The heating diagram (Figure 3.2-4) shows that as long as the

substance has not completely gone through the phase transition, the temperature

of the sample stays constant. This is a direct consequence of the phase rule.

On cooling (Figure 3.2-5), this rule should hold true as well. However, only

samples without supercooling display ideal symmetrical behavior with constant

temperature throughout the transition. Depending on the degree of supercooling,

the cooling rate, the crystallization kinetics, and a variety of other factors, the

temperature profile follows the dotted or dashed lines. Both heating and cooling

curves with their respective temperature difference signals are presented in

Figure 3.2-6. The temperature difference signal is transformed into a heat flow

signal, dQ/dt, using Newton's law of cooling . With proper calibration, it can be

used to calculate heat capacity. For the calculation of heat capacity, the

instrument has to be calibrated for temperature deviations, theoretical onset
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slope, and "zero mass difference heat flow". This "zero mass difference heat

flow" (also called baseline) is a measure for the imbalance of the DSC cell. Only

after these calibrations is the heat flow signal proportional to heat capacity. The

proportionality factor is determined by measuring a standard material of known

heat capacity. Sapphire is most often used for this purpose.

The heat capacity, Cp, based on a standard heat-conduction DSC as

shown in Figure 3.2-1 under linear heating or cooling conditions is expressed as

follows:

Cp = KAT/q + [(Cp' -H K^T/q){dLT/dTJ (20)

where AT is the temperature difference between reference and sample, K \sa

temperature-dependent constant (determined by heat capacity comparison with a

calibration standard like sapphire), and Cp is the heat capacity of the empty

reference pan (equal weight reference and sample pans). The term in brackets

is small for Cp measurement (about 1%) and often omitted. The heat capacity is

then only approximately proportional to the temperature difference between

sample and reference or heat flow measured by DSC:

Cp = KAT/q = K'AHF/q (21)
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3.2.2 Alternating Heating Rate DSC

The measurement of heat capacity depends on a number of factors, such as

establishment of a steady state, negligible thermal gradients within the sample,

and different calibrations for measurements on heating and on cooling. Due to

this, only limited attempts have been made to measure heat capacity on heating

and on cooling.

To avoid difficulties assigning the different potential features in the

measurement of the heat capacity of fibers, a method was developed which

involved measurement of heat capacity both on heating and on cooling. This

method was chosen after extensive experimentation with a new Temperature

Modulated DSC (TMDSC) technique. The results of these experiments have

been published and the abstracts of these papers are collected in the appendix.

3.2.3 Benefits of the Short Ramp DSC Measurement

Step-wise measurement of heat capacity (Cp) permits the measurement of Cp in

short intervals. In this manner, the stability of the baseline does not need to be

extrapolated over a large range. The correction for baseline changes (performed

by the instrument software for each individual segment) improves the quality of

the heat capacity data. Such an improvement was essential for the

measurement of the fiber samples.
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3.2.4 Procedure

The determination of heat capacity depends on a set of measurement

parameters. The following list was developed in the ATHAS laboratory and is

followed in the present research:

•  Correct for contributions due to sample pan weight differences.

The combination of sample pan and measuring cell

asymmetries was studied and presented at an

international thermal analysis conference:

"Determination of Cell Asymmetry in Temperature

Modulated Differential Scanning Calorimetry"

submitted for publication J. Thermal Analysis, 1996

•  Correct for instrument baseline.

The instrument zero-line is a function of the laboratory environment, power

fluctuations, and factors with limited control. The accurate determination of this

zero-line is essential for the quality of the heat capacity determination. In the

present research, it is taken into account by shortening the time for each heating

and cooling segment by inserting the intermediate isotherms into the overall

heating and cooling ramp. In this way, the fluctuations of the instrument zero-line

are easily detected and accounted for.

•  Use the actual heating or cooling rate for the heat capacity

calculation.
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The differences between the indicated heating rates to the actual sample heating

rates are minimal for the case of slow transitions. For the heat capacity

measurements in the present research this condition was fulfilled.

•  Calculate the calibration constant for each data point using NISI

sapphire standard values or an operator-selected reference

material.

The calibration with the sapphire was performed with the exact same heating and

cooling profile, and each point was individually corrected on heating as well as on

cooling.

•  Calculate the heat capacity at each temperature.

With the determination of the heat capacity calibration constant at each point this

condition is fulfilled.

3.3 General Scheme of Classification of Materials and

Transitions

The properties of most materials change drastically at their phase transitions. A

general scheme for the condensed phases and the intermediate, mesophases

has been presented by Wunderlich and Grebowicz [58]. The basis of the

discussion was the operational definition of solids and liquids: "A solid is defined

as either a crystal or a glass, which changes at its melting or glass transition

temperature to a liquid." The glass is an amorphous solid, metastable relative to
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the crystalline state. Both the melting transition T„ and the glass transition Tg are

easily detected by thermal analysis.

In mesophases, order is in between the perfection found in crystals and

the disorder typical for liquids and glasses. To classify the mesophases it is

useful to subdivide the order gained by a crystal on fusion in three categories:

positional, orientational, and conformational. If on fusion these types of disorder

are not gained in one step, mesophases result. For materials with special

molecular properties, mesophases (such as liquid crystals, plastic crystals and

condis crystals) can exist.

The glass transition separates corresponding solid and mobile states of a

given amount of disorder. In solids, small-amplitude vibrations are the dominant

thermal motion. In the mobile states, additional large-amplitude motion, such as

translation, rotation, and internal rotation (conformational motion) cause the

typical macroscopic properties. Figure 3.3-1 shows a schematic of the basic

condensed phases [58]. Between the melt (liquid) and the crystal, three

mesophases are located. The liquid crystal is distinguished from the liquid by

some orientational order (and reduced rotational motion) due to the presence of

rod-, board-, or disc-like mesogens [59]. The plastic crystal shows long-range

crystalline order, but orientational motion (rotation) is possible within the crystal,

due to a close-to-spherical shape of the molecules [60]. Conformationally

disordered crystals (condis crystals) have some or complete conformational

disorder and mobility but long-range orientational and positional order [13]. The

crystals, melt, and the mesophases are linked by first-order transitions during
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which they change their order and mobility, as indicated on the right side of

Figure 3.3-1. Also shown are typical entropies connected with the various types

of order.

Besides the crystalline state, there are four glassy solids indicated. Each

glass is linked to the corresponding mobile phase through a glass transition, as

shown on the left side of Figure 3.3-1. Each fully mobile part of the molecule

(bead) contributes the indicated change to the heat capacity at the glass

transition. The basic glass transition has been known for many years [61]. It is

seen on vitrification of a liquid that is unable to crystallize for kinetic or structural

reasons. As is indicated in Fig. 3.3-1, mesophases may also show glass

transitions because they carry out some large-amplitude motion. These and

other glass transitions of partially ordered materials were also reviewed recently

[62]. The first observation of glasses of liquid crystals is credited to Vorlaender

[63]. Considerable progress in the understanding of glass transitions of the

mesophase crystals was achieved by Suga and Seki, who calorimetrically

analyzed the glass transitions in several liquid crystals with rod-like mesogens,

such as cholesteryl hydrogen phthalate [64] and N-(o-hydroxy-p-

methoxybenzylidine)-p-butylaniline [65] and disc-like benzene hexa-/?-alkanoate

mesogens [66-68], as well as plastic crystals, such as cyclohexanol,

cyclohexene, and 2,3-dimethyl butane [69-72]. The glass transitions in condis

crystals were reviewed in Ref. [13].

A simplified classification scheme with only one mesophase is presented

in Fig. 3.3-2. The solid phases, crystal, mesophase glass, and glass, are shown
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on the bottom of the graph in order of decreasing thermodynamic stability. The

transitions, indicated on the left side, have an associated heat of transition and

therefore a step change in entropy. The glass transitions of mesophase and the

amorphous glass, indicated on the right hand side, show only a step increase in

the heat capacity. Both the glass transition and the enthalpy of isotropization are

detectable with thermal analysis methods, as will be shown in Chapter 5.

It will be shown in the following that the results of this thesis are consistent

with the existence of a conformationally disordered mesophase in the UHMMPE

fibers. The existence of this mesophase and the nano-phase structure of

crystalline, mesophase and glassy fractions are responsible for the special

properties of these fibers.

3.3.1 Application to Fibers

The nomenclature developed previously on PET fibers [15,17] is used in this

thesis. The crystalline phase has long-range, three-dimensional ordering. The

structure, and morphology of the crystal is derived from the full-pattern x-ray

diffraction refinement method. There may be more than one polymorph

contributing to the crystalline phase. In PE fibers, for example, the crystalline

phase may consist of orthorhombic and monoclinic (formerly called triclinic)

crystals. All material not contributing to the crystalline diffraction is considered

noncrystalline. The mesophase can however produce a distinctly anisotropic

diffraction pattern in the cases where the mesophase domains are of adequate

size. If the noncrystalline material is liquid- or glass-like, a two-phase model with
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an amorphous and a crystalline phase is sufficient to describe the structure-

insensitive properties of the fiber (such as density, modulus, and thermal

properties). If the noncrystalline material shows additional anisotropic scattering,

one or more intermediate phases are present and needed to model the fiber.

The polymer chains of the intermediate phases have a certain degree of

orientation parallel to the fiber axis but have no long-range crystal ordering,

particularly at right angles to the fiber axis. The chain segments surrounding the

crystals with strained connections to them are thought to be an important part of

the intermediate phase [9].

In this connection, the term phase must be understood as microphases,

since typical crystalline and amorphous phases in semicrystalline polymers are

less than one micrometer in dimension. The smallest crystals, intermediate and

amorphous areas, may even be nanophases, i.e. of the order of one nanometer

in size. Such small phase areas are not only influenced by surfaces and

interfaces, as microphases are but also experience interactions between

opposing surfaces. The presence of such small phase areas makes it difficult to

find a simple model for the fiber description [73].

The multiple phases just described coexist in the one-component PE

fibers at various mass fractions over a wide temperature and pressure range (two

degrees of freedom). This can only be true if the fibers are not in equilibrium {i.e.

are metastable). In equilibrium, the phase rule forbids more than one condensed

phase outside the transition regions:
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(permitted # of phases, P) = (# of components, C) - (# of degrees of freedom, F) * 2

It is experimentally well established that the properties of oriented

semicrystalline polymers depend both on crystallinity and on the arrangement of

the chains in the noncrystalline part. This is particularly valid for fibers. It will be

shown that the properties of polymer fibers cannot be explained unless one

admits the existence of two noncrystalline kinds of domains that differ in density

and orientation. In the three-phase model, besides a crystalline and a mobile

amorphous phase, there is a third phase, variously called oriented, anisotropic,

mesomorphic, intermediate, third fraction, or rigid amorphous phase. These

three phases exist in the semicrystalline polymer in bulk, in fiber, as well as in

film. Experiments with different instruments have in the past been interpreted to

show either high-temperature relaxations between 7g and 7„, two glass

transitions, or more than one average interchain distance in the fiber samples.

The relevant references have been presented in Chapter 2.

While fusion is an endothermic transition with an increase in disorder

(entropy) and may occur in more than one process, glasses undergo the solid-

liquid transition at the glass transition temperature without change in enthalpy

and entropy [56]. Studying the increase in heat capacity at the glass transition, it

was found empirically to be a materials constant of about 11 J/(K mol) for each

mole of mobile part in the molecule (bead or bond) [56]. Applying this concept to

semicrystalline polymers revealed that some of the amorphous glass, most likely

the part closely attached to the crystal surface, may not become mobile at the
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observed glass transition temperature. The measured change in heat capacity at

the glass transition is less than expected from a fully amorphous sample reduced

by the fraction of crystallinity. This deficit was asaibed to a rigid amorphous

fraction.

In many cases thermal analysis is able to decide quickly between the various

types of mesophases, and for many samples, the rigid amorphous fraction can at

present only be quantitatively identified by thermal analysis.
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Chapter 4

Experimental

4.1 Samples

4.1.1 Fiber Samples

This study included a total of five drawn PE fiber samples. All of these were

UHMMPE fibers and were provided by Allied-Signal Inc., all with similarly high

molar masses (M, > 10®). Three of them (PE-I, PE-IV and PE-VI) are research

samples which were made from the same polymer. Different processing

conditions make these two fibers have different properties. All available

mechanical properties are listed in Table 4.1-1. The others are commercial

Spectra 2000 and 900 fibers (PE-II and PE-III, respectively). Unfortunately

details of the processing history were not available to us. PE VI was obtained as

a sample from Dr. Bhat (University of Tennessee, Textiles Department). It is a

research sample from Allied-Signal Inc. According to information from Dr. S.

Kavesh, of Allied-Signal Inc., it is not hot stretched but otherwise identical to PE-

I, II and III. This makes PE-IV and PE-VI have very similar properties. All fibers

were prepared by gel-spinning [8,74,75].

46



4.1.2 Temperature Calibration Sampies

The samples for the temperature calibration of the DSC were acetone (T„ =

177.9 K), cyclohexane (T^ = 186.1 K, T„ = 279.7 K), cycloheptane (T^ =134.8 K,

T„ = 265.1 K), cyclooctane (T^ = 166.5 K, T„ = 288.0 K), 1-chlorobutane (T„ =

150.1 K), 2-chlorobutane (T„ = 141.9 K), n-octane (T„ = 216.4 K), naphthalene

(T„ = 353.4 K), indium (T„ = 429.8 K), tin (T„ = 505.1 K), KNO3 (T„ = 607 K), and

tin (K). All of the samples were used over an extended period in the ATHAS

laboratories and have different origins.

4.1.3 Heat Capacity and Heat of Transition Caiibration

Sampies

The heat capacity calibration was performed using sapphire as standard

materials. The sapphire (AI203) is traceable to the NIST (former NBS) heat

capacity standard material [76,77]. The temperature program was identical for all

measurements, including the empty pan measurement and the sapphire

calibration run.

The calibration of the heat of transition [78-80] was done with indium as a

standard. The sample was obtained from the instrument manufacturer. Its

enthalpy of transition is 28.45 J/g [56].
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4.1.4 Sample Preparation

All mass determinations were carried out on a Cahn C-33 electrobalance with a

sensitivity of 1 iig and an overall accuracy of ±0.001% of the overall load. Special

care was taken to match the sample pans on all the measurements while leaving

the same pan on the reference position. The sample pans for all the heat

capacity determination measurements weighed 49.050 +/- 0.020 mg.

4.1.4.1 Cut Fibers

Either the fibers were encapsulated in a 40 nL standard aluminum crucible

without a center pin and with the cover lid cold welded, or the fibers were placed

in an open pan for ease of visual observation of the appearance after melting. In

separate experiments, fiber samples were embedded in anhydrous aluminum

oxide for enhanced thermal conductivity. Sample masses varied from 24 pg to 4

mg. The reference pan was identical for all measurements. The optimal

arrangement was obtained when each fiber made direct contact with the bottom

of the pan. This requires sample preparation under the microscope and leads to

much smaller masses that range from 0.02 to 0.10 mg.

The cut fibers were prepared in the following manner. The fiber strands

were unrolled and taped to a cutting board. Three pieces of approximately 15 cm

length were cut and put into a confined space inside a doubly folded weighing

paper. This weighing paper and the fibers inside were then cut into about 3 mm

wide pieces with a single-edged razor. The fibers were transferred to the DSC

pan with the help of the weighing paper. This procedure had the benefit of
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avoiding the need to touch the individual fibers with the tweezers. This leaves

the fibers largely parallel, which allowed, in turn, maximum sample masses with

cut fibers. The maximum mass for cut fibers, depending on the individual fiber

properties, was about 8 mg.

4.1.4.2 Fibers on a Spool

In order to achieve maximum sample size for heat capacity measurements, the

fibers were wound onto a spool as shown in Fig. 4.1-1. The assembly consisted

of a bottom part (A) into which the central rod (B) (diameter 1.0 mm) was fixed

with a set screw (C). The other parts from bottom to top are: washer (D), sample

(E), pierced sample pan (F) and top part (G) with another set screw (C). For a

uniform sample height, the distance between the bottom and the top was

adjusted with the help of two DSC sample pans. The pierced sample pan in the

assembly assured a uniform sample diameter. The washer at the bottom was

used to push the finished sample off of the central rod.

The preparation of the sample involved the assembling of the spool to the

desired specifications and the winding of the fibers onto the spool with as small a

force as possible to achieve tight winding. Both ends were tied into a knot before

loosening the set screw and pushing the sample off of the central rod with the

washer. The sample of 5mm diameter and 2 mm thickness, was immediately put

into a precisely weighed DSC sample pan to avoid the unraveling of the sample

and sealed with a lid. The maximum achievable sample mass, depending on the

individual fiber properties, is in the order of 16 to 30 mg.
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4.1.4.3 Fibers on an Aluminum Frame

The preparation of a sample for measurement with constant length involved the

use of a piece of aluminum which was produced from a DSC pan-cover. The

approximate dimensions were 3.5 x 5.0 x 0.25 mm. A single fiber was carefully

wound onto this frame to keep the fibers parallel and possibly fully extended

without putting too much stress onto the fiber in the process. The ends were tied

to a knot and the loose ends cut off with a knife. The final frame-fiber assembly

was put into a standard DSC pan. In order to check for the temperature

gradients within the sample pan, a piece of indium was put on top of the metal

frame. No difference in melting temperature of indium was observed.

4.2 DSC Instrumentation

A commercially available Mettler-Toledo DSC820 module, equipped with a

ceramic sensor and sample changer, was used in the research. Dry nitrogen gas

with a flow rate of 10 mL/min was purged through the cell. The gas flow rate was

monitored and adjusted with a gas controller. The error in the heat capacity

calculation is estimated to be <1% above 300 K and <3% below 200 K and <2%

between 200 and 300 K. All heat capacities were measured at 10 K/min heating

rate. All sample placement was done with the autosampler for increased repeat

ability.
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4.2.1 Calibrations

The instrument needed to be calibrated for the different modes. All the

parameters which needed to be calibrated for are:

A: temperature calibration and heating rate dependence of the

calibration

Both the temperature and the lag calibration were performed with the procedure

recommended by the manufacturer. The different samples are measured with

different heating rate, and the linear dependence of the onset is used to correct

according to the heating rate of the individual experiment. The slight mass

dependence of the lag calibration did not have any significant effects on the

presented measurements. The onset of melting was determined by the

extrapolation of the melting peak to the baseline. The end of the melting peak is

defined by the extrapolation of the high-temperature side of the peak to the

baseline. The instrument software carried out the correction of the temperature

signal automatically which permitted an unlimited amount of transitions for the

calibration. A periodic check, before and after a measurement series, revealed

no significant deviations of the temperature calibration (less than ±0.1 K)

[79,81-87].

B: heat flow (transition) calibration

The heat flow calibration for sharp transitions was performed with a standard

indium sample.
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C; cell asymmetry calibration

The effects of cell asymmetry, as discussed In [88], had no effect on the

measurements of the heat capacity of UHMMPE fibers because they were

measured with standard DSC techniques.

D: heat capacity calibration as a function of heating rate.

The heat capacity calibration as a function of the heating rate was performed

automatically by using the same heating and a cooling segments for the sample,

empty pan, and sapphire measurements.

4.2.2 Heat Capacity Measurement

For the heat capacity determination, the range from 173 to 403 K was used in

order to avoid problems associated with shrinkage in the calorimeter pan. The

temperature profile and the resulting heat flow for one of the fiber spool samples

is shown in Fig. 4.2-1. The measurement started at 173 K with an isotherm of 5

minutes. During this time, the instrument and sample equilibrated and the initial

isothermal heat flow could be established. The temperature range from the start

temperature to the end temperature at 393 K was subdivided into 20 K steps.

Each of the steps was measured with a heating rate of 10 K/min. The time for

equilibration at each isothermal temperature was one minute. The first heating

ramp started at 173 K and ended at 393 K. The isotherm at this temperature was

5 minutes. In the following overall cooling ramp, the same isothermal

temperatures were used to establish the baseline of the measurement. The

second overall heating ramp was started from 183 K. In this way, the approach
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to the steady state of the individual segments shifted from the first to the second

overall heating ramp. The second overall cooling segment concluded the

experiment.

The sample, empty pan, and sapphire measurements were performed

with this temperature program. The heat capacity calibration was performed with

sapphire standards. Special care was taken to match the sample pans on all the

measurements while leaving the same pan on the reference position. The

sample pans for all the heat capacity determination measurements weighed

49.050 +/- 0.020 mg.

4.2.3 Heat Capacity Calculation

For the calculation of the heat capacities, the empty pan measurement was

subtracted from both the sapphire and the sample measurement. The instrument

software was then used to calculate the heat capacities. For the calculation of

averages, standard deviations, and standard error, the data was exported as

ASCII files to SigmaPlot.

4.3 TMA

Thermal mechanical properties of PET fibers were measured with a TA Instru

ments 943 Thermomechanical Analyzer with a fiber-tension accessory which is

designed to examine dimension changes of fibers under tension. The fiber was

attached to a probe with two crimped aluminum balls on the ends of the fiber.
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Unless indicated, a minimum weight of 50 mg was applied on single fibers to

monitor the shrinking or expansion. The dimensions were calibrated with

aluminum. The temperature was calibrated with the phase transition of indium.

The heating rates were 10 K/min.

The shrinkage at a given temperature or time is calculated based on the

following equation:

S(%) = 100x(1-///J (1)

where S is the shrinkage in percent, is the fiber length at the beginning and / is

the length at given temperature or time. Note here S > 0 is shrinking and S < 0 is

expansion.

4.4 Microscopy

The shrinkage behavior was also examined by heating the unconstrained fibers

on a hot-stage under a polarizing stereo miaoscope of the type Olympus SZH,

equipped with a coaxial vertical illumination, Intralux® 6000 VOLPI, and operated

at a magnification of 20-60x. The dimensions of the sample were observed by

video, photography, and the naked eye.

4.5 NMR

The solid state NMR work was performed in cooperation with Dr. W. Chen of our

laboratory.
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The solid state NMR spectra were measured with a Nicolet NT-200

NMR spectrometer equipped with a Doty Scientific magic-angle spinning (MAS)

probe, operating at 50.31 MHz and 200.07MH2 for "C and ̂ H, respectively.

Temperature control was obtained using the standard Nicolet controller. Rotors

(cylindrical sample container, 5 mm in diameter) were supplied by Doty Scientific

and machined from single crystals of AI2O3 (sapphire). The end caps used for

the rotor were made from brown plastic Vespel® (Registered trademark for a

DuPont polyimide). The sample was rotated with nitrogen gas at 4.5 kHz at the

magic angle. Prior to each measurement, probe tuning and matching are

performed to minimize the reflected radio frequency power.

The conventional one-pulse of "C with two-level decoupling of protons

(BILEV) was performed primarily to obtain the spectra of the mobile molecules,

such as that in the isotropic melt and in the amorphous fraction above the glass

transition temperature. The pulse width used for was 3.9 ps, corresponding

to an 80® flip angle. The recycle delay between two successive pulse

sequences was 1 s. These conditions ensure the elimination of resonances from

rigid carbon atoms in the well-ordered region having long spin-lattice relaxation

times (Ti). Carbon atoms in the oriented mobile component, having intermediate

mobility, may well become detectable because their spin-lattice relaxation times

fall into the order of seconds. The distinction between a liquid-like amorphous

and the oriented mobile component in our case can be made by the difference of

their chemical shifts and the measurements of spin-lattice relaxation times

described in the following.
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The "C spectra of the rigid materials, including those of the oriented

mobile component, were obtained using the methods of cross-polarization, high-

power proton decoupling, and magic-angle sample spinning (CP-MAS). The

signals from the liquid-like amorphous phase will be, in this case, suppressed

because the dipolar interaction between protons and carbons is diminished by

the fast molecular motion so that no cross-polarization can occur. The CP-MAS

experimental parameters were as follows: contact time, 2.0 ms; proton 90®

pulse, 5.1 ps; recycle time 3 s; number of transients, 500.

A dephasing experiment at room temperature allowed the measurement of

the crystallinities [89]. The dipolar-dephasing pulse sequence was changed from

standard CP-MAS to suppress the signals from the more rigid carbons that have

strong dipolar coupling with nearby protons. The change involves the insertion of

a dephasing delay, x, following C-H cross-polarization, and prior to signal

acquisition (when x = 0 ps, the dephasing experiment is identical to the standard

CP-MAS) [104].

The spin-lattice relaxation times (T,) were measured at room temperature

by using magic-angle spinning and high-power proton decoupling. Both the

inversion-recovery (IR) and progressive saturation (PS) methods [90] were

carried out. Delay times of 0.1 to 45 s were used. The number of transients was

typically 400. Proton saturation was applied during the variable delay time. The

^^C 90® and 180® flip angles occur at 4.1 and 8.2 ps, respectively. The recycle

time of IR was 10 s. The spectra for relaxation measurements were obtained by
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repeatedly cycling through the different delay times, each time adding in a few

free induction decays. This method of experiment interleaving eliminates

possible errors from long-term changes, such as spinner instability, amplifier

drop, etc. When plots of the data can be represented by a single exponential,

the Ti values were taken from a least-squares fit. In general, T, decreases with

increasing temperature. Thus, one expects the crystalline to have the

longest 7,, such as 1,000 s; "C in mesophases as represented by condis,

plastic, and liquid crystals have intermediate values for 7,, ranging from 1 to 20 s;

and in liquids have a 7^ between lO"* and 10^ ms. In the liquid state, in

contrast to the solid state, 7^ increases with increasing temperature or mobility

(extreme narrowing condition). The difference in 7, can thus help to assess the

nature of the different phases.

In addition, the proton spin-diffusion experiment was carried out to

estimate the domain size of the crystalline and the oriented mobile components.

A double resonance extension of the Goldman-Shen pulse sequence was used

[91,92], and the homonuclear proton dipolar dephasing time was chosen to be 35

|is, which is long enough to eliminate the magnetization of the spins in the

ordered domains. The variable spin-diffusion time ranges from 10 ps to 1.5 s.

The chemical-shift reference was set using hexamethylbenzene

(17.36 ppm for the methyl carbon relative to tetramethylsilane) prior to the

experiment. The field drifting of the spectrometer was estimated to be less than

0.05 ppm during an experiment.
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Cross-polarization, high-power proton decoupling, and magic-angle

spinning (CP-MAS) were applied to determine the mass fractions of the

components of the fibers. Temperature-dependent NMR experiments were

carried out on PE-I to observe the changes in morphology. The standard

deviation of the temperature controller is about 2 K. The mobility of the carbon

atoms was determined by measuring of the spin-lattice relaxation times (T,). A

proton spin-diffusion experiment was carried out to estimate the domain size of

the crystalline and the oriented mobile components.

4.6 X-ray

4.6.1 Full Pattern Wide Angle X-ray Diffraction

The full-pattern wide angle X-ray studies were done in cooperation with Dr. Y.

Fu of our laboratory at the Oak Ridge National Laboratory.

The four samples, PE-I-IV, were included in the structure analysis by full-

pattern x-ray diffraction. The data on sample PE-I were already collected in the

previous study [23] and are included in the present study for reinterpretation.

The data collection was carried out in the a)/20 mode, described earlier [23].

Individual fibers were glued with a dilute Collodion solution to form bundles with

diameters of 0.8-1.0 mm. The sample bundles were mounted on a Huber four-

circle diffractometer and aligned with the fiber axis along the diffractometer (J) axis

(meridian). The x-rays employed were Mo K,,, made monochromatic with a
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graphite monochromator. A square counter aperture of 4.0 mm width was

located 28 cm from the sample. All data were collected at room temperature.

For PE-II and PE-III, a total of 50 scans were made parallel to the 00/

layer lines, eleven centered on each layer (in steps of 0.0785 nm"^ in reciprocal

space). For each scan, individual counts were measured for 48 seconds at steps

of 0.05 nm \ The limit of data collection was 2® ̂  20 ̂ 86®. Every 80 counts a

count was made at a reference position to verify that the beam intensity had not

varied significantly. For sample PE-IV, a total of 78 scans were made parallel to

the 00/layer line, at steps of 0.02 nm'^ in reciprocal space, centered on each

layer.

The full-pattern refinement was based on an orthorhombic crystal

structure model, i.e. there is only one equivalent position for each atom in the

asymmetric unit of the crystal. The crystal structure and morphology of these

four fiber samples were determined by full-pattern refinement, using the program

FIBLS that was written by Busing [23]. FIBLS uses as its observations the

counts measured at specified positions in two-dimensional reciprocal space

corresponding to a particular setting of the diffractometer. Usually these

observations are grouped into scans made either parallel to the layer lines or

parallel to the fiber-axis or meridional direction. Variables can be categorized as

those which primarily affect the peak positions, the peak shapes, or the peak

intensities. Peak positions depend on the crystal lattice parameters and on the

fiber-axis direction vector. A model of the structure of the crystallites is first used

to calculate a three-dimensional diffraction pattern. The three-dimensional,
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calculated diffraction pattern is then rotated to produce a two-dimensional,

calculated diffraction pattern which is compared to the two-dimensional,

observed fiber diffraction pattern at each point of the data collection.

The structure model chosen includes parameters which define the

morphology and the crystal structure of the crystallites. The full complement of

fitting parameters used in the refinement is the average size of the crystallites in

three dimensions, the distribution of disorientation of the crystallites relative to

each other (the mosaic distribution), the average orientation of the crystallites

with respect to the fiber axis, a scale factor, the unit-cell parameters, the atomic

positions (usually determined using a rigid body model), a temperature factor, a

paracrystallinity matrix for the defects, and the parameters of the diffractometer.

The crystalline diffraction was separated as outlined in the introduction

from the noncrystalline background-scattering using the iterative Fourier filter

method [15]. The computer program FIBLS (written by Busing [23]) was

employed for the full-pattern refinement of the crystallite structure. The

procedure of the refinement was similar to that described in the previous paper

[15]. The variables include parameters of the crystal unit-cell, tilting angle,

anisotropic crystallite size, disorientation, and paracrystallinity. A constrained

molecular structure model was employed in the refinement. The bond lengths

were fixed at the corresponding values of similar, small molecular compounds.

The results of the crystal structure analyses are summarized in Table 4.4-1.

Peak shapes are determined by anisotropic particle size parameters and

by the fiber mosaic spread or disorientation that measures the width of the
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distribution of crystallite orientations from the fiber axis. Paracrystallinity

parameters cause the peaks to broaden anisotropically as a function of their axial

or radial distance from the origin. The width of the observed peaks may also

depend on the size of the counter aperture. All these parameters were fitted in

the first step of the crystal structure determination and the back-calculation of the

crystalline diffraction pattern.

An iterative Fourier-filter method separates the crystal diffraction from the

noncrystalline scattering. The background scattering needs to be removed

before the fitting of the crystalline pattern. This removal of the background

scattering is based on the characteristics of the scattering. The background

scattering, due to mesophase and amorphous material, has less sharp peaks.

The Fourier transforms of the background and the crystalline diffraction peak

scattering are therefore significantly different to allow for the separation.

Overall the procedure of full-pattern refinement was similar to that

described earlier [15,23]. The distortions of the first kind and paracrystallinity

effects (distortions of the second kind) [93] are included in the fit of the two-

dimensional profile of the diffraction peaks [15].

4.6.2 Powder X-ray Diffraction

Powder x-ray diffraction measurements were done on a Scintag PAD-X

diffractometer, using nickel-filtered Cu radiation (A = 0.15406 nm) operating at

45 kV and 40 mA. These experiments were done in cooperation with Dr. A.

Habenschuss at the Oak Ridge National Laboratory (ORNL). The diffractometer
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was equipped with Seller slits in both incident and reflected beam. Data were

collected between 20 range of 16-28°, in step of 0.1 degrees and at a scanning

rate of 10 seconds per point.

Powder x-ray diffraction as a function of temperature was measured with

the PE-I fibers, cut into short pieces (millimeter sizes). The short fibers were

then packed into an aluminum sample container (20x12x1 mm) with a beryllium

cover to provide a flat sample surface for reflection geometry. The container was

mounted on a sample stage consisting of a tantalum heating strip (Buhler high

temperature chamber). Temperature was recorded by a Chromel-Alumel

thermocouple inside the sample container. Temperature was controlled by

another thermocouple, welded on the back of the tantalum strip. The

temperature error was estimated to be about ±1 K at 298 K.

The powder x-ray diffraction patterns were also collected on two

compressed pellets made from the cut pieces of PE-I fibers. One of the

compressed samples (PE-IP1) was pressed into a pellet at 0.1 GPa for 10

minutes at room temperature. The other, PE-IP2, was pressed into a pellet at

0.7 GPa for 60 minutes at room temperature. Since the cut fibers segments are

still considerably longer than the diameter of the fibers (in the order of 10

micrometers), most of the fibers are likely to orient with the long side

perpendicular to the applied force, i.e., most fibers are compressed laterally. The

pellets were not enclosed in a container but directly placed on the tantalum strip.

Only room temperature powder data were taken with the compressed samples.
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4.6.3 Small-angle X-ray Scattering

The small angle x-ray scattering (SAXS) experiments were carried out at the Oak

Ridge National Laboratory SAXS [94]. In cooperation with Dr. B. Annis, the

expert in this characterization at the facility. The instrument makes use of a

rotating anode x-ray source (Cu Ka) with pinhole collimation of 2 mm diameter at

the sample (chosen to get maximum intensity for the chosen range of Q at

sufficient precision), and a two-dimensional, position-sensitive detector of 20x20

cm dimensions. Various angular ranges were used for data collection by

changing the sample-to-detector position. The principal results presented in this

paper were obtained at a five meter distance for samples PE-II, PE-III, and PE-

IV, and two and one meter distances for samples PE-I and PE-V. These

correspond to momentum transfers Q of 0.05-0.8, 0.1-2, and 0.2-4 nm'\

respectively [Q = (4n/X) sin (6scat/2)].

4.7 Density

The densities of the PE fibers were measured in a density gradient column [95]

using carbon tetrachloride (1.584 Mg/m^) and toluene (0.867 Mg/m^) at 293 K.

The data are given in Table 4.1-1. The density of the crystals was computed

from the lattice parameters and is shown in Table 4.6-2.
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Chapter 5

Results

The results of the first heat capacity measurements on PE fibers are given in this

chapter. The existence of a single melting peak for gel-spun UHMMPE is proven

and the multiple peaks are shown to be an artifact. The results of fiber shrinkage

experiments will be described. All these thermal analysis data are done on the

same samples as the full pattern wide angle x-ray diffraction analysis, powder x-

ray diffraction, small angle x-ray analysis and NMR. These analysis were done in

cooperation with Drs. Fu, Habenschuss, Annis and Chen. The latter data were

documented in the following papers and will be summarized here;

1  Fu Y, Chen W, Pyda M, Londono D, Annis B, Boiler A, Habenschuss A, Cheng J,

Wunderlich B. Structure-property analysis for gel-spun ultrahigh molecular mass

polyethylene fibers. J Macromol Sci -Phys 1996:B35(1):37-87.

2  Boiler A, Wunderlich B. Thermal Analysis of Gel-Spun Ultra-High Molar Mass

Polyethylene. J Thermal Anal 1996;to be submitted:

Account of Additional Work

Extensive work was done to find the best conditions for the measurement of the

heat capacity of the polyethylene fibers. The mostly instrumental aspects of this

work have been published elsewhere.
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1  B. Wunderlich, I. Okazaki, K. Ishikiriyama, and A. Boiler, Specific Heat Capacity

Determination by Temperature Modulated DSC and its Separation from

Transition Effects. Submitted to Thermochim. Acta (1996).

2  A. Boiler, I. Okazaki, K. Ishikiriyama, G. Zhang and B. Wunderlich, Determination of Cell

Asymmetry in Temperature Modulated DSC. To l)e published in the Proc.11th

Int. Conf. Thermal Analysis and Calorimetry (ICTAC) in Philadelphia, PA, August

11 15,1996, Full version, submitted to J. Thermal Analysis, (1996).

3  L. C. Thomas, A. Boiler, I. Okazaki, and B. Wunderlich, Modulated Differential Scanning

Calorimetry in the Glass Transition Region, IV. Pseudo-Isothermal Analysis of

the Polystyrene Glass Transition. To be published Thermochim. Acta , (1996).

4  B. Wunderlich, A. Boiler, I Okazaki, and S. Kreitmeier, Modulated Differential Scanning

Calorimetry in the Glass Transition Region II. The Mathematical Treatment of the

Kinetics of the Glass Transition. In print J. Thermal Analysis for publication in

(1996).

5  B. Wunderlich, A. Boiler, I. Okazaki and S. Kreitmeier, Linearity, Steady State, and

Complex Heat Capacity In Modulated Differential Scanning Calorimetry. To l)e

published, Thermochim. Acta (1996).

6  B. Wunderlich and A. Boiler, Modulated Differential Scanning Calorimetry Capabilities and

Limits. Proc. 24th NATAS Conf., in San Francisco, CA, Sept. 1013,1995,

Editor, Shaheer A. Mikhail, pgs. 136-141. Full version by A. Boiler, I. Okazaki,

and B. Wunderlich, Modulated Differential Scanning Calorimetry in the Glass
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Transition Region, III. Evaluation of Polystyrene and Poly(ettiylene terephthalate).

Thermochim. Acta 284,1,1-19,(1996).

7  A. Boiler, C. Schick, and 8. Wunderlicti, Modulated Differential Thermal Analysis in the

Glass Transition Range. Proc. 23rd NATAS Conf., in Toronto, Canada, Sept. 25

28,1994, Editor, John B. Enns, pgs. 464 469. Modulated Differential Scanning

Calorimetry in the Glass Transition Region, Thermochim. Acta, 266, 97 -111

(1995).

8  B. Wunderlich, Y. Jin, and A. Boiler, Mathematical Description of Differential Scanning

Calorimetry Based on Periodic Temperature Modulation, Thermochim. Acta 238,

277 293 (1994).

9  Y. Jin, A. Boiler, and B. Wunderlich, Heat Capacity Measurement by Modulated DSC at

constant Temperature, Proc. 22nd NATAS Conf., Denver September 19-22,

1993, Editor K. R. Williams, pgs. 59 64. Full paper published by: A. Boiler, Y. Jin

and B. Wunderlich, J. Thermal Analysis 42, 307 330 (1994).

5.1 Heat Capacity of PE

In order to analyze the heat capacity of any material the expected and

experimental values need to be compared. For a one-phase, crystalllne-low-

molar mass material In equilibrium, there is a definite value for the heat capacity

at all temperatures. For macromolecular materials, a variety of macroconfor-

mations with different physical properties can exist. The two limiting macroconfor-
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mations of the amorphous and the crystalline, extended chain macroconfor-

mation have significantly different heat capacities in some temperature ranges.

In order to classify a material under investigation, these two limiting values need

to be determined as a function of temperature.

5.1.1 The Limiting Values For Heat Capacity

The limiting values for the heat capacity of amorphous and crystalline

polyethylene are determined from the crystallinity-dependent heat capacity. A

series of 67 published heat capacities with known crystallinity was already

collected and interpreted in an earlier publication of this laboratory [96]. A

literature search for newer publications showed no additions, so that these

values were analyzed in more detail than originally. The literature research was

performed electronically on the database of the chemical abstracts with the time

restrictions of 1980 to present. The keywords included 'heat capacity', 'heat

content', 'specific heat' and 'polyethylene'.

Fig. 5.1-1 contains all the data collected in the earlier studies together

with the recommended ATHAS Data Bank values for the limiting heat capacities

of the glassy and the crystalline material. For the details of the individual

measurements, such as method of crystallinity determination and temperature

range of the measurement, the original literature should be consulted. The

transition temperatures, 237 K for the glass transition and 414.6 K for the

equilibrium melting transition are marked with solid vertical lines. Between the

glass transition and the melting transition, the extrapolation of the liquid heat
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capacity is used as the amorphous reference heat capacity due to the fact that

the apparent heat capacity of the semicrystailine samples in this range is

dominated by an increase in gauche conformations and the premelting effects of

small crystals. Below the glass transition, a recommended experimental heat

capacity for the 100 % amorphous state, which will be derived in the following, is

also shown.

Figures 5.1-2A-D show the crystallinity dependent heat capacities at 1, 10,

150 and 250 K with their linear regression. In order to become familiar with the

error associated with the extrapolation the 95% prediction interval and the

confidence interval are shown. The dashed lines are the limits within which 95%

of the predicted regression lines fall. The dotted lines are the limits within which

95% of the individual points fall. In Figs. 5.1-2B-D, the open squares represent

values which are obviously outside the confidence interval and are therefore

excluded from the linear regression. These values are associated with samples

of high molar mass at low crystallinities. It is unknovm whether the error is in the

determination of the heat capacity, the crystallinity, or a systematic error of the

particular measurement. Unpublished results by Y. Jin in the ATHAS

Laboratories confirm that the heat capacity of UHMMPE can be determined with

the same accuracy as for low molar mass PE. It is therefore suspected that the

error is in the crystallinity determinations.

All extrapolated heat capacity values for the fully amorphous and the

100% crystalline case are plotted as a function of temperature in Fig. 5.1-3A.

The recommended ATHAS Data Bank values are drawn as solid lines. The
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100% amorphous Data Bank values are extrapolated from the melt heat capacity

measured over a 200 K range above the melting temperature. The heat capacity

for the 100% vibration-only case is derived from the extrapolated experimental

values fitted to the vibrational spectrum with the appropriate equations [97-102].

In Fig. 5.1 -38, the r^ values of the linear fit are plotted as a function of

temperature. The differences between the extrapolated amorphous and

crystalline heat capacities, which correspond to the slopes of the curve fit in Fig.

5.1-2, are drawn as a function of temperature in Fig. 5.1-4A (filled circles). These

values, when divided by the limiting amorphous and crystalline heat capacities at

the same temperature are shown in Fig. 5.1-48. The r^ and the %ACp curve

have a number of distinct features. These features are labeled A-F in Fig. 5.1-38

and in Fig. 5.1-48. The meaning of each temperature region is as follows: The

low temperature heat capacities in the range of 10 to 25 K (A) are of high quality

with a significant percentage difference in the limiting heat capacities. The r^

value is therefore close to one. In the range from 25 to 175 K (8), a ̂  value

ranging from 0.7 to 0.95 indicates that the flatness of the crystallinity dependence

prevents an accurate connection between the crystallinity of a sample and its

heat capacity. Significant differences in the crystalline and amorphous heat

capacity, starting at 175 K, however, do not improve the quality of the fit. The

drop in r^ values at 175 K (C) is an indication of increased uncertainty of the heat

capacity to crystallinity correlation. It falls into the area of the glass transition.

The determination of the heat capacity in the glass transition is a time dependent
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phenomena and also reflects the thermal history of the sample. In addition, it is a

function of the heating rate of the measurement. Since the data were collected

from many researchers and a multitude of thermal treatments of the samples

were involved, it is not surprising that in the glass transition the heat capacities

show only a limited correlation with the crystallinity. The drop in the r^ values can

therefore be directly linked to the glass transition. It is important to note that to

date this method has not been applied. It may, however, be used in the future for

the determination of the glass transition in special cases.

The drop and recovery in the r^ value (C) is followed by a region of almost

perfect correlation between heat capacity and crystallinity (D). In the range from

250 to 330 K, values > 0.95 for r^ are observed. The drop in r^ from greater than

0.95 to 0.9 in the range above 330 K may be caused by a change in crystallinity

due to partial melting of small crystals in semicrystalline material.

Fig. 5.1-3A also shows the recommended ATHAS Data Bank values as

solid lines in the range above 170 K. The value of 237 does correspond to the

intersection of the extrapolated 100% amorphous heat capacity (Fig. 5.1-3) and

the 50% line between the extrapolated melt heat capacity and the extrapolation

of the 100% amorphous heat capacity in the range of 170 to 200 K.

The values for the percentage difference between the limiting values in

Fig. 5.1-4B with the same features as the r^ values plotted as a function of

temperature shows two step increases in region (C) and (D). These two

separate regions will be used in the interpretation of the fiber heat capacities to
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5.1.2 Heat Capacity of UHMMPE Fibers

The heat capacity of any polymeric material Is basic Information for the analysis

of Its phase transitions, degree of crystalllnlty and the temperature range of end

use. It Is therefore surprising to find that there Is no literature on the heat

capacity of ultra-high molar mass PE fibers. The measurements presented In

this dissertation are therefore the first published data of the heat capacity of

UHMMPE fibers.

The lack of results may be due to the fact that, In the measurement of heat

capacity of fibers, errors In the range of greater than 10% are commonly

observed when applying standard techniques. The problems of sufficient sample

mass, non-reproducible settling of the sample Inside the sample pan, annealing

effects, and other variables have discouraged many people from even attempting

to measure precision fiber heat capacity.

The use of multiple samples, measured on heating as well as on cooling,

and the use of special sample preparation techniques did however lead to

standard errors In the order of 1-3%. These values are comparable to commonly

achieved precision In heat capacity measurements by DSC for far less critical

samples. In order to have reproducible sample preparation with a maximized

sample mass, a winding device was developed as described In the experimental

section. The sample masses achievable In this manner were In the order of 20 to

30 mg, which Is sufficient for precision heat capacity measurements. Of each

material, a number of samples was prepared and measured a minimum of six
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times. Each experiment consisted of two heating and two cooling segments.

Each of the overall heating or cooling segments had isothermal holds at every 20

K to ensure a optimal correction of the baseline drift. In addition, the heat

capacity calibration, including the measurement of the empty pan and the

sapphire standard, were performed before and after each measurements series

of no more than five experiments. No improvement of the heat capacity data

could be detected for the cases where the empty pan and the sapphire

measurement were performed before and after each measurement.

The results of the heat capacity measurements for the samples PE-I, PE-

II, PE-III, and PE-VI are shown in Fig. 5.1-5. The ATHAS Data Bank values for

solid and liquid PE are given as a reference. To eliminate minor systematic

errors, the results for all materials were shifted to fit to the vibration-only heat

capacity at 180 K, a temperature where only negligible deviations between the

samples are expected. Figure 5.1-6 shows the so-corrected data. The post-

stretch annealed samples (PE-I, II and III) have identical heat capacities after the

correction. The sample PE-VI, which is not post-stretch-annealed shows a step

increase in heat capacity over the other samples in the range from 260 to 290 K.

In Fig. 5.1-6, the experimentally determined heat capacity of an extended chain

polyethylene, measured by Wunderlich (1965) [103] is included as well. The

heat capacity of the fully crystalline material falls below the vibration-only heat

capacity in the range 250 to 340 K. This was suggested earlier to be due to

anharmonicity effects, which are not included in the vibration-only heat capacity

calculation. Above this temperature, the increasing number of gauche
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conformations in the polyethylene chains increases the heat capacity of the fully

crystalline, extended chain material.

The differences between the experimentally determined and the vibration-

only heat capacity of the ATHAS Data Bank are plotted in Fig. 5.1-7. The step

increase of the heat capacity of PE-VI over the heat capacity of all other fibers

between 260 and 290 K is 1.4 J/(mol K). The difference between the

experimental fiber heat capacities and the experimental heat capacity of the fully

crystalline extended-chain polyethylene in Fig. 5.1-8 shows three distinct regions.

The first region between 190 and 290 K shows a continuous increase in the heat

capacity of the fibers over the heat capacity of the extended-chain material.

Please note that the increase of approx. 3 J/(mol K) is in part due to the

simultaneous drop in the extended chain heat capacity. At the end of this region,

PE-VI shows the additional 1.4 J/(mol K) increase as already desaibed. The

temperature range from 290 to 360 K is dominated by a plateau in the heat

capacity for all fibers. The existence of this plateau shows that the increase in

heat capacity due to the gauche conformations occurs at the same rate in the

fibers as in the fully crystalline extended-chain polyethylene. For PE-VI, this

plateau shows a slight increase starting at about 350 K. All other fibers show the

start in increased heat capacity after the plateau at 370 K. This increase in heat

capacity occurs reversibly. It is regarded as the start of the isotropization of the

intermediate non-crystalline fraction.

The results of gel-spun heat-set ultra-high molar mass polyethylene fiber

heat capacities revealed a series of interesting results:
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•  The heat capacities of all different heat-set fibers are identical after the

correction for deviations below the glass transition.

•  The comparison of heat-set and gel-spun fibers without heat setting is

possible due to the increase in heat capacity between 260 and 290 K. The

implications of this will have to be found by more detailed studies of the

temperature dependence of the mechanical properties.

•  Comparison of the fiber heat capacity with 100% crystalline PE material

allows the separation of A) a glass transition of the intermediate non-

crystalline phase below 290 K, B) a plateau region with no additional cp

increase from 290 to 370 K and 0) the start of premelting over the gauche

contribution to the cp increase above 370 K.

5.2 PE Melting

5.2.1 Melting of Bulk PE

The melting of a polymer is a complex affair. Due to the metastability of the

semi-crystalline polymer, a series of events can take place prior to melting and

during the melting transition itself. These effects are A) melting of small crystals

much earlier than the equilibrium melting temperature, B) recrystallization of the

molten material and 0) melting into a strained rather than an isotropic melt state.

The melting temperature is also a function of the heating rate at which it is

measured. For slow heating rates the pre-melting and reorganization has more
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time and therefore leads to higher melting temperatures for poorly crystalline

material. The initially poorest crystals therefore can have the highest melting

temperatures.

The melting of extended chain material is also heating rate dependent.

The effect is however opposite to the poor crystals. The heat transfer from the

oven into the sample and the rate of crystal melting lead to higher than expected

melting points for faster heating rates. Only at very low heating rates can the

equilibrium melting temperatures be detected [33,105-108]. For the small

heating rates of a dilatometric experiment, the extended chain polyethylene melts

to 80% within 1.6 K at a melting temperature of 414.6 K.

5.2.2 Melting Behavior of UHMMPE Fibers

The interpretation of differential scanning calorimetry (DSC) on melting of ultra

high molar mass polyethylene (UHMMPE) fibers has been the focus of much

research [42,105,109-116]. Multiple melting peaks were described for such

fibers in many of the cited papers. The multitude of different polyethylenes has

led to the publication of many different, often conflicting reports on the shape and

position of one or more melting peaks. For the understanding of material

properties and the correlation of DSC with other experimental methods, it is

important to clarify the true nature of the transition for any given sample.

The first endothermic peak is usually assigned to the melting of the

orthorhombic phase [12,41]. An alternative assignment is that the first peak is

the orthorhombic-hexagonal phase transformation and the second, the melting of
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the hexagonal phase [117]. The majority of the orthorhombic crystals can,

however, only transform to the hexagonal phase when the fiber is constrained

[41,117] or irradiated [38,41,118,119], Under both conditions, the longitudinal

mobility of the polymer chains is hindered. When the temperature exceeds about

350 K, the chains become conformationally mobile. If the chains are hindered to

form random coils, the orthorhombic phase transforms at somewhat higher

temperature into a condis phase [58], i.e. the hexagonal phase. The melting

behavior of these fibers is to be discussed further by combining results of several

techniques.

The multiple melting peaks observed on differential scanning calorimetry

(DSC) of ultra-high molar-mass polyethylene fibers (UHMMPE) are analyzed as

a function of sample mass. Using modem DSC capable of recognizing single

fibers of microgram size, it is shown that the multiple peaks are in part or

completely due to sample packing. Loosely packed fibers fill the entire volume of

the pan with rather large thermal resistance to heat flow. On melting, the fibers

contract and flow to collect ultimately at the bottom of the pan. This process

seems to be able to cause an artifact of multistage melting which is dependent

on the properties of the fibers. This method has shown to greatly reduce, or

even eliminate, errors of this type. The crucial elements of the analysis of

melting behavior and melting temperature are decreasing the sample size and

packing the individual fibers in a proper geometry, or introducing inert media to

enhance heat transport.

76



Double melting peaks that were characteristic of the processing conditions

of the fibers were observed as were reported before for similar samples [120].

Since no significant amounts of monoclinic or hexagonal crystals were found,

polymorphism could not be at the root of the double peak. Since no lamellae

were present, this could also not be a reason for the double peak. Finally, since

the melting peak areas did not change with heating rate, and it was possible to

separate the melting peaks by partial melting, no dynamic recrystallization could

be the cause for the double peak. Therefore, the two melting peaks were

assigned to orthorhombic crystals with different degrees of restraint to the

surrounding intermediate, oriented phase [120]. This solution is not fully

satisfying since no clear evidence of a bimodal distribution of crystal sizes could

be found from the wide- and small-angle X-ray data. It will be shown in the

following that a much simpler interpretation is possible. The double melting peak

is an instrumental effect and can be made to disappear by changing the

experimental conditions.

Multiple peaks as an effect of instrumental conditions have been studied

earlier [80] using a Perkin-Elmer power-compensation DSC. It was shown that

the horizontal alignment of small indium pieces along the diameter of the sample

pan could produce multiple melting peaks. The one- dimensional non-uniform

distribution of the sample inside the pan in such an experiment may well

correspond to the three-dimensional, non-uniformity of fibrous samples. The

effects of such non- uniform sample arrangement with respect to the DSC

sensors has to be considered in special cases. They can be minimized with
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different instrumental designs. Both a multiple thermocouple design

(Mettler-Toledo) or a sensor larger than the sample pan (TA Instruments) are

self- averaging and lessen the effects of the horizontal non-uniformity. It was

shown, that in addition to the horizontal positioning of the sample, one also

needs to analyze the vertical change in packing within the sample pan, when

dealing with the melting behavior of fibrous UHMMPE. Some of the findings of

earlier studies are possibly in need of reevaluation in the light of the presented

research.

Figure 5.2-1 shows the melting of UHMMPE fibers measured with

parameters such as those commonly used in the literature [112,113,121,122],

namely 3 to 5 mg mass and a heating rate of 10 K/min in crimped aluminum

pans. These data were measured with a standard TA Instruments 912 DSC as

described in Ref. [120]. The melting shows clear double peaks and the

temperature range is rather broad. The difference between onset of melting and

the end of the peak is of the order of 10 to 25 K. The new results of DSC

experiments on PE-III in uncrimped pans as a function of sample mass are

shown in Fig. 5.2-2. The peak shape at the lowest mass of 24 micrograms has

no double melting peak. The increase in mass gradually introduces two effects,

first a broadening of the melting peak, then the development of shoulders and

secondary peaks. At masses over 3 mg, the shapes shown in Fig. 5.2-1 are

reached. None of these effects are visible in the second and third melting. The

measurement curves of these runs are therefore omitted. However, a graphic

representation of the temperatures of onset, peak, and end of the peak is shown
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in Figs. 5.2-3A and B for the first melting and on second and third heating, after

cooling from the melt at about 40 K/min. It is clearly visible that, in the first

heating runs, the onset temperature varies only within the experimental

repeatability. The peak temperature and the end of the peak are, however, much

smaller for the 24 microgram sample, as can also be seen in Fig. 5.2-2. Its

melting range is only about 3 K. In contrast, the second and third runs show a

much lower onset of melting and little change in melting range with sample size,

an indication of inherent broadness of melting. The melting peak areas are

shown in Figs. 5.2-3C and D. They indicate a trend toward smaller values for

smaller masses. The 100% value was taken from the heat of fusion of

completely crystalline polyethylene (293 J/g) [34]. At the smaller masses,

weighing errors start to be significant. Therefore, the absolute values for the

transition enthalpies are less accurate for the smaller samples, and only the peak

shapes should be used to discuss the melting kinetics.

In order to determine whether the differences between the smaller and

larger sample are caused by insufficient heat conduction, a test was performed in

which a sample of approximately 1 mg of PE IV fiber was packed into the sample

pan with layers of powdered, anhydrous aluminum oxide. By utilizing this

method, the thermal conduction to the top of the fiber sample is assured. Figure

5.2-4 is the result. Only one single peak is observed on both first and second

heating. As for the small sample of PE III in Fig. 5.2-2, the melting peak on first

heating is much narrower than in Fig. 5.2-1, and the second run corresponds to

Fig. 5.2-3B.
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The analysis of the melting behavior of UHMMPE fiber samples in Figs.

5.2-1 to 5.2-4 shows that sample preparation is crucial. Both the placement of

single layers of fibers at the bottom of the pan and the filling of the spaces

between the fibers with powdered alumina makes the double melting peaks

disappear. This is a strong suggestion that the double melting peaks for

UHMMPE gel-spun fibers are artifacts. The rather poor contact of the thin fibers

with the pan, their unique contraction on melting, and their slow flow seem to

provide not only the reason for an interrupted melting and broader melting peak

but also the reproducible differences for the different types of fibers.

Further differences can be introduced by restraining the fibers. The

differences between the melting curves in Figs. 5.2-1 and 5.2-2 for about equal

masses are probably due to compression and partial fixing of the fibers after

crimping of the pans in the runs shown in Fig. 5.2-1. Most examples in the

literature were similarly crimped. It is well known that melting of fibers held at

constant length have considerably sharper melting peaks [1],

The single, rather sharp melting peak of the fibers is much more in line

with the structural picture developed earlier. The nanophase-separated,

intermediate phase keeps its orientation because of its connection to the crystals

by tie molecules. In turn, the tie molecules also cause the superheating of the

crystals. In the beginning of melting, they hinder the molten molecules to reach

a random-coil macroconformation and thus to gain a lesser amount of entropy,

which in turn, causes the higher, local melting temperature. As soon as the
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network of crystals collapses, however, the local melting temperature drops and

the melting accelerates, i.e. the peak sharpens.

5.3 Shrinkage

Shrinkage is a structure-sensitive property. It needs, for its description,

knowledge about the orientation frozen into the fiber and its relaxation

mechanism. Shrinkage is caused mainly by randomization of strained, oriented,

noncrystalline chains. The glass transition and fusion temperatures determine

the onset of shrinkage and reveal the type of hindrance that keeps the orientation

from relaxing.

One can distinguish at least three different stages of shrinkage. The first

begins close to the glass transition temperature of the amorphous part. In the

presence of rigid-amorphous fractions, there may be further shrinkage in the

temperature range where the rigid-amorphous fraction becomes mobile (second

stage). These glass transitions of rigid-amorphous material are often broad and

not monotonous and may occur anywhere between Tg and T„. The continuous

rearrangement of molecules from a metastable highly oriented state into a

thermodynamically favored crystalline state occurs simultaneously with the

melting of crystalline regions of very small size. A randomization of the

intermediate oriented fraction in the x-y plane due to higher mobility leads to a

slow continuous shrinkage in the z-axis (fiber direction). Some of the crystalline
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regions are so small that the destabilizing surface energy is greater than the

stabilizing enthalpy of crystallization.

The third cause of the beginning of shrinkage is fusion of crystals. In the

region of increased crystal melting, the material becomes too weak to support the

forces necessary to measure the expansion, and catastrophic failure is the result.

Before the failure of the sample, a shrinkage can be observed, due to the

molecules achieving the liquid state and losing the anisotropic character.

Complications are expected in this case, due to the broad and often bimodal

crystallite size-distributions. To sort out the different, often overlapping

mechanisms is only possible by combining several analysis techniques, such as

DSC, NMR, and the structure analysis concentrated on in this research.

The shrinkage behavior of PE fibers was investigated using Thermal-

mechanical analysis (TMA) at a heating rate of 10 K/min, hot stage microscopy

with continuous heating rates of 2-5 K/min as well as the observation of a

macroscopic fiber in a thermostated oil bath, where the temperature was

increased in small steps.

5.3.1 TMA

Thermal-mechanical analysis (TMA) can be used to investigate the dimensional

changes of the sample under investigation. The measurement can be performed

in either the compression, the bending, or the extension mode. Importantly, the

fibers can only be measured in the extension mode with a special fiber extension
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measurement head. During linear heating, the main feature of a TMA analysis is

shrinkage due to randomization of the chains.

Sample PE-I shows its shrinkage in a very narrow temperature range.

This is the relaxation, probably first due to relaxation of rigid-amorphous [123],

followed by the beginning of melting. A comparison with the heat capacity

analysis shows that the onset of the shrinkage occurs after the onset of the

isotropization of the intermediate non-crystalline material. It is probable that a

considerable amount of cooperativity among the non-crystalline material is

required for the shrinkage.

More information on the stages of the breakdown of the network of crystal,

intermediate phase, and rigid-amorphous fraction and the subsequent relaxation

of the oriented chain segments that gained mobility is needed. Presently, it is

only possible to qualitatively assign release mechanisms for shrinkage and

deduce from the magnitude of the observed shrinkage the existing strain. There

is some hope that solid state NMR may yield further information on mobility and

domain sizes of the various parts of the molecules.

The shrinkage curves for the samples of the present analysis are more

similar: the fibers do not shrink at the bulk Tg but then start to shrink smoothly

until melting. Based on the samples PE-I and PE-IV, one expects that the initial

or all of the shrinkage is linked to mobilization of rigid-amorphous material.

Typical TMA curves on two single, gel-spun UHMMPE fibers are shown in

Fig. 5.3-1 and 5.3-2 (PE I and PE IV). The reproducibility of single fiber TMA

experiments for each of the samples can be seen within the figure. Each curve
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corresponds to one experiment. All TMA shrinkage curves show a series of

characteristic features. Until the melting region, only a small amount of

shrinkage is observed. This is followed by a substantial shrinkage in the first

melting region with a sharpness that mirrors the DSC melting peak. Next, one

observes a plateau. Finally, the complete failure of the fiber is obvious as all

crystals are molten, and viscous flow makes the fibers extend and ultimately fail.

The differences in the samples PE-I and PE-IV are significant for the case

of single filament TMA measurements. Due to the insufficient control on the

force acting on the individual fiber, it is however not possible to perform any

quantitative calculations on expansivity. The temperatures determined in a TMA

on the other hand, are significant and detected with good precision. In Fig. 5.3-3,

two examples of the insufficient control on the force acting on the sample are

given. Curve A represents a measurement on a single filament with the applied

force being slightly larger than in the examples in Fig. 5.3-1 and 5.3-2. Curve B

shows a measurement on a fiber bundle. The same temperature for maximum

change in dimension is found in the latter case only. In the measurement with

the excessive force on the fiber, a failure of irreproducible nature occurs. The

fiber bundle experiment shows a shrinkage behavior much like the PE-I fibers in

the single filament measurement. Due to the distribution of the forces on the

individual filaments, the shrinkage behavior before melting cannot be seen. Due

to the additional problem of aligning all 150 filaments in a strand and the

possibility of slippage in the aluminum ball fixture, the fiber bundle measurement

was not further pursued.
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The results from the TMA experiments show distinct differences for the

samples PE-I and PE IV. The high modulus fiber PE-I shows only a very small

shrinkage until 410 K and catastrophic failure occurring at 428-429 K. Presently,

there is no explanation for the peculiar peak shape between the initial shrinkage

and the plateau.

The low modulus PE-IV on the other hand shows a broad shrinkage

increase from 320 to 410 K with an "onset" of rapid shrinkage at 404 K. The

plateau shrinkage values depend on the individual handling of the fiber during the

preparation and cannot be used for comparison. The maximum shrinkage value

for PE-IV was confirmed with a measurement of a strand of about 170 filaments.

The shrinkage features before the steep increase at 404 K are lost, but the

maximum shrinkage agrees with the measurement of a single fiber, when the

force on the fiber was optimal.

5.3.2 Fiber Shrinkage in a Glass Capillary

To reduce the force on the fiber to zero, direct observation of a PE-I fiber in a

glass capillary was done. No significant isothermal shrinkage was observed up

to 417 K proving that most of the TMA experiments are dependent on the force

applied. At 418.2 K, the fibers shrink, but the birefringence is not zero for the

contracted fiber. Other researchers reported that under nonisothermal condition

on heating at 10 K/min UHMMPE fibers shrink at about 428 K and initial stress

develops at temperatures above 393 K [124].
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5.3.3 Shrinkage Without Force In Microscope

The observation of fiber shrinkage on a microscopy slide in a hot-stage was done

in order to observe the behavior of PE fibers from room temperature to 430 K.

Fig. 5.4-1 gives the results of one such experiment with 60x magnification. Fig.

5.4-1 A shows the arrangement of the individual PE-I fibers of approximately 1

mm length and 0.03 mm in diameter at room temperature. Fig. 5.4-1 B shows the

same fibers at the end-temperature of 430 K. The fibers shrink in a very narrow

temperature range of 0.5 K. Before reaching this temperature, the shrinkage of

the fibers is not noticeable. The one-stage shrinkage observed for PE-I reduces

the fiber length by a ratio of approximately 14:1. This results in final end-to-end

distances of 7% (min 6, max 14%) of the original length. In Fig. 5.4-2, the results

of PE-III fibers are displayed in the same manner. The final longitudinal

dimension corresponds to 14% (16,12,14,14,14,15%). The final diameter is

250% (275, 236 , 254, 256, 236, 254%) of the original diameter.

The findings of the thermo-optical observations confirm a one-stage

shrinkage. The result is that at the temperature of 420 K, the fibers are not

flowing significantly. Further studies with regard to the viscosity of the melt of

high molar mass polyethylene might give insight into this phenomenon.

In summary, it can be said that the absence of a shrinkage prior to the

temperature of melting in the DSC, is one more indication of the proposed fiber

model, where the intermediate non-crystalline and the crystalline material form a

two-phase nano-phase separated entity. In all shrinkage experiments without the

application of an external force, the fibers shrink far less than what would be
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needed to reverse the total extension of the fiber experienced during

manufacturing. The maximum drawing of up to 200x in the manufacturing of

fibers would correspond to a shrinkage of 99.5 % (I).

5.4 Optical Microscopy

Optical microscopy is considered a relatively useful means by which theories can

be supported or discredited. The observation of the physical shape of a sample

is unrefutable evidence and can be performed without great effort. A microscopy

hot stage was used for the direct observation of fiber shrinkage without force.

For the documentation of sample preparation and the analysis of sample shape

after the DSC experiment, no special equipment other than the microscope is

needed.

The optical microscopy was performed on the various fibers to directly

observe the shrinkage effects without any forces on the fibers. The distance

from control thermocouple to the position of the fiber did not allow for the perfect

calibration of the temperature at which the shrinkage occurred. Direct

observation of the heating process did however confirm that the shrinkage of the

fiber was instantaneous. Moreover, the shrinkage in the individual fibers on the

microscopy slide occurred at various instants. This effect was attributed to the

various positions of the fibers which were due to thermal gradients on the slide.
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5.4.1 Documentation of Sample Preparation

The analysis of multiple melting in DSC experiments required samples of rather

small masses. In this part of the dissertation, the figures are an indication of the

reasons for multiple melting at larger sample masses and show the amount of

material typically used in the sub-milligram measurements. Fig. 5.4-3A&B

represent the 25x magnification of a typical 1.5 mg sample of PE fibers with the

polarization filter in two positions. The filter position (crossed polarization filters)

in Fig. 5.4-3A enhances the visibility of the fibers giving the impression of a full

sample pan. The illumination (parallel polarization filters) in Fig. 5.4-3B

enhances the aluminum pan and shows the loose packing of the fibers. This

loose packing and the various distances of the sample from the bottom of the

pan are thought to be responsible for the multiple melting of PE fiber samples in

standard DSC experiments.

The sub-milligram sample sizes are represented by the two pictures in

Figs. 5.4-4A&B. The sample in Fig. 5.4-4A has a mass of less than 0.1 mg.

Such samples are used for the analysis of the melting temperature for PE fiber

samples. Fig. 5.4-4B shows a sample mass of about 0.5 mg. The picture

illustrates that even at this relatively low mass not all of the individual fibers

touch the aluminum pan. As a consequence, a minor effect on the shape of the

melting peak is already expected at this sample mass.

Another sample of 1.5 mg was prepared to demonstrate the influence of

the thermal resistance from the bottom of the pan to the fibers. Figures 5.4-

5A&B show a 20x magnification of the preparation of the fiber sample. In Fig.
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5.4-5A, the fibers and the bottom of the pan are still visible while Fig. 5.4-5B

shows the final sample with all the fibers embedded and covered in anhydrous,

aluminum oxide powder. The results of this experiment (Section 5.2) showed

only one single peak, confirming that the heat transfer from the bottom of the pan

to the top of the fiber sample is of prime importance to the generation of multiple

melting peaks.

5.4.2 Observation of Fixed Length Shrinkage

The experiments performed under fixed length involved the use of a piece of

aluminum as the central core of a one-layer fiber spool. A 20x magnification of

one such experimental set-up is displayed in the top picture of Fig. 5.4-6 before

the DSC experiment, and after the DSC experiment, in the bottom figure. The

maximum temperature in this experiment was 440 K. Complete melting appears

to have occurred.

5.5 Fiber X-ray Diffraction Method

5.5.1 Full-pattern X-ray Fiber Diffraction Refinement

The two-dimensional diffraction pattern of PE-III is shown in Fig. 5.5-1 (after

corrections for absorption and polarization). The results of the full-pattern

refinements are listed in Table 5.5-2. All structure and morphology parameters

known to describe crystals have been included in the structure model. The
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refined crystal structure model is, hence, the most complete one that has ever

been made to describe the crystal structure of PE fibers. The comparison of the

observed and calculated fiber diffraction intensities on the layer lines (00^, (-

0-4) of the four samples is given in Fig. 5.5-2.

The small peak at 2.20 nm"" on the equator is the 010 reflection of the

monoclinic phase Qust before the much stronger orthorhombic 110 reflection, see

Fig. 5.5-2D, for example; the monoclinic unit cell is: a = 0.809, b = 0.479, c =

2.53 nm, y = 107.9® [10], in early analyses the monoclinic phase is sometimes

described by its primitive triclinic unit cell [2]). Since there is much less

monoclinic than orthorhombic PE, only the structure of the latter could be refined

by the full-pattern method. More information about the monoclinic phase was

gained from the powder patterns.

The positions of the calculated diffraction peaks in Fig. 5.5-2 agree well

with the observations. The unit-cell parameters that are linked to the positions of

the reflections are thus accurate. However, the intensity fitting is not always

satisfactory. Only for sample PE-IV does most of the observed diffraction peaks

agree with the calculation. For PE-I-III, some of the peaks deviate. For

example, PE-I has a 25-30% lower calculated intensity for the strong 002

reflection. The fitting of this single peak could be improved by adjusting some of

the crystal structure parameters, such as axial crystallite size. Nevertheless, the

results of the full-pattern refinement must be judged by the overall fit and not any

single reflection. It is not possible to improve the fitting of the 002 reflection by

changing the values of the parameters without worsening the overall fit.
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Introduction of an anisotropic temperature factor was attempted but could not

significantly improve the fit. Neglecting the correction for the diffuse thermal

scattering (TDS) [125] may cause lower calculated intensities at a high diffraction

angle (0) but may not be the main factor for a poorer fit at a low angle. The

nearly perfect fitting for sample PE-IV also implies that the poorer fit of PE-I-III is

due to structural differences and not instrument problems or omission of some

correction within the calculation.

In the earlier study of PE-I, it was found that the fitting can be significantly

improved by introducing major disorder to the crystal structure [23]. Such

analysis assumes that the fiber consists of only two phases (crystalline and

amorphous). In addition to the ideal orthorhombic position for the carbon atom,

one had to assume three additional positions that were fractionally and randomly

occupied by 20% of the carbon atoms. All these disorder positions were still

observed in the (004) layers. The temperature factors of the hypothetical atoms

{U = 0.002 nm^) were considerably larger than those in the ideal positions =

= 0.001 nm^, = 0.0005 nm^). The overall fitting of the intensities of the

two-phase structure model (Fig. 1 in Ref. [23]) is better than that for the ordered

crystal shown in Fig. 5.5-2A. In addition, this two-phase model was tested with

the PE-III of the present study. The overall fitting, as well as the fitting of the 002

reflection, was also improved by using the disorder model.

The structure determined by x-ray diffraction is the position and time

average over all crystals and noncrystalline material that scatters x-rays. For a

fiber with multiple phases, an apparent disorder does not necessarily imply that
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the structure of the crystalline phase is disordered. Importantly, the question to

be resolved is whether there exist only disordered orthorhombic crystals, as

assumed in Ref. [23], or the observed disorder results from the average of more

than one oriented structure, as assumed in the present paper.

In the orthorhombic crystal, the carbon and hydrogen atoms are located

on the z = 1/4 layers with spacings of c/2. As long as some disordered C and H

atoms are found on (004) layers, regardless of their order in the lateral directions,

their scattering contributes to the 00{ ({ = 2/7) reflections. Presence of the added

intermediate phase with largely frans-conformations of closely similar CHj-

spacing to the crystal is the alternate explanation for the poor fit of the observed

intensities of Fig. 5.5-2. If neighboring chains of the intermediate phase do not

locate exactly on the same layer as the crystal, the averaging over all atoms of

the intermediate phase is equivalent to atoms added on the (004) layer, but with

a significant temperature factor along the fiber direction. The greater the

deviations of the atomic positions from the (004) layers, the larger the

temperature factor is, and the weaker the intensity contributed to the 00? (? = 2n)

reflections is. In the lateral direction, the ab plane of the crystal, the arrangement

of the chains of the intermediate phase no longer have crystalline ordering, so

that the atoms of the intermediate phase are not located coherently in the lateral

directions, such as crystal direction [110]. Such a one-dimensional, oriented

intermediate phase can contribute unevenly to different diffraction peaks and is

easy to visualize. For example, the 002 peak may result from both the crystalline

and the intermediate phase, while the 110 peak results only from the crystals.
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The ratios of the integrated intensities of 002 and 110 for PE-I and PE-IV are 3.0

and 1.1, respectively, and characterize their structural differences.

The size of the crystals of sample PE-III had been determined previously

[126,127]. The axial crystallite size of 5.8 nm of Table 2 agrees well with the

value of 6 nm found in one of the previous studies [126]. Both values are

obtained with the assumption that the broadening due to size and the distribution

of the disorientation are Gaussian. Both these values are, however, significantly

smaller in the third study (13.9 nm) [127]. The lateral crystallite size of 7.7 nm in

Table 2 is smaller than in both previous papers. The crystallite sizes of this

study, especially the axial sizes, are also smaller than reported in most earlier

studies of other UHMMPE fibers.

The crystallite size which is estimated by x-ray diffraction is based on the

width of diffraction peaks, using the Scherrer equation [125]. With the traditional

evaluation method, the crystallite size in one direction is estimated based on the

peak width of a single diffraction peak. For example, the axial size is usually

estimated from the 002 peak. It has been reported, however, that the axial

crystallite size of highly drawn PE estimated from the 002 reflection is larger than

when estimated from the 004 reflection, which, in turn, is greater than that from

006 [128]. With the full-pattern method, the crystallite size is determined from the

best overall fit of all peak widths and by separating the effects of paracrystallinity

and disorientation on the peak widths [129]. These differences in data treatment

may well explain the differences between the various reports. The influence of

the presence of a considerable fraction of a highly oriented intermediate phase is
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another possible source of error for the evaluation of size that will be discussed

below.

The disorientation parameter measures the angular distribution of the

crystallites with respect to the fiber axis. The distribution is assumed to be

Gaussian [23]. The value of the disorientation for PE-III (1.15°) is smaller than

that found before (2.1°) [126]. Again this discrepancy may be caused by the

removal of the sharper background scattering and the inclusion of the

paracrystallinity correction in the present study. The second-order polynomial

used in Ref. [126] led probably to the removal of a flatter background.

5.5.2 Powder X-ray Diffraction

The powder diffraction of the unpressed PE-I sample is shown in Fig. 5.5-3. The

room-temperature patterns of the two compressed samples (PE-IP1 and PE-IP2)

are presented in Fig. 5.5-4. The small peak in Fig. 5.5-3, centered at about 20 =

19.5°, is the 010 reflection of the monoclinic phase of PE [10,41,113]. The

intensities of the monoclinic peaks are considerably larger in the compressed

sample PE-IP1 (see Fig. 5.5-4). However, the increasing of the pressure from

0.1 GPa to 0.7 GPa and prolonging the compression time from 10 to 60 minutes

does not bring any further increase (sample PE-IP2, shown in Fig. 5.5-4). Even

with the uncompressed fiber, the monoclinic peak is more visible in the powder

pattern than in the fiber pattern (compare Figs. 2 and 3). The powder intensity

(/p) at a given reciprocal distance r is the azimuthal average of the two-

dimensional fiber intensities (/,), and the relationship between /p and /, is given by:
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2n^  1

0

(2)

and:

r = {s^+z^y^, (3)

where s and z are equatorial and meridional reciprocal distances, respectively.

The powder diffraction intensities are (relatively) stronger for peaks that are

closer to the reciprocal center (small r) and broader azimuthally. Moreover, the

resolution of the powder diffraction is better than the fiber diffraction.

It was reported earlier [41] that the monoclinic peak starts decreasing in

intensity at about 363 K. The shape of the orthorhombic peak 200 which

overlaps the monoclinic peaks 200 and 210 becomes more perfect (see Fig. 5.5-

3) as the monoclinic peaks weaken. In addition, the perfection of the

orthorhombic peak shape and their increase in intensity are due to the perfection

of the crystals as temperature increases.

Figure 5.5-5 illustrates the powder patterns of PE-I on heating, melting,

and after recrystallization. Optical microscopy revealed that the fibers undergo

shrinkage at 418 K (curve A). Most of the orthorhombic diffraction has

disappeared at this temperature and a weak, broad, hexagonal 100 reflection,

centered at 26 = 20.5° appears, as the intensity of the amorphous halo has

increased. At 423 K (curve B), the intensities of the orthorhombic 110 and 200

peaks have further decreased. At 429 K, only the amorphous halo remains
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(curve C). The much stronger hexagonal diffraction that has been reported when

heating constrained UHMMPE fibers [41] is, thus, not observed in this

experiment without constraint. On slow cooling of the molten PE-I, only the

orthorhombic diffraction returns, superimposed on a remaining amorphous halo

(curve D). The mechanisms of these phase transformations are discussed

below.

5.5.3 Small-angle X-ray Scattering

The SAXS patterns of samples PE-II, PE-III, and PE-IV are shown in Fig. 5.5-6.

There are weak peaks at the positions equivalent to a long period about 35 nm

for PE-II and PE-IV samples, in the typical range of long periods in PE fibers

[26,130-133]. Sample PE-III shows practically no long period. Usually, the long

period results from the alternating of lamellar crystals and noncrystalline domains

[131 ]. The intensity of the SAXS peak of PE fibers usually decreases with an

increase of draw ratio, while the long period stays approximately constant

because an increasing draw ratio leads to an increase of extended chains as a

result of the unfolding of lamellar crystals [131,134].

The SAXS patterns of PE-I and PE-V are shown in Fig. 5.5-7. There are

two SAXS peaks for these fibers. They are located at long periods of about 6.0

and 4.2 nm in PE-I, and of about 5.0 and 2.5 nm in PE-V (the latter is the second

order peak of the former). These long periods are extremely short for PE fibers.

Such small values of long period have only once been reported before for a

commercial high-modulus Tekmilon PE fiber [127,135] (made by Mitsui
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Petrochemical Co., initial modulus 100 GPa, tensile strength 2.5 GPa) which may

be similar to sample PE-V of this study (compare Fig. 5.5-7B and Figs. 1 and 2 of

reference [133]). Five orders of the 5 nm SAXS peaks were observed for this

fiber [135] with intensities of the odd order peaks being stronger than that of the

even order peaks. It was suggested that the small values of the long period

result from a shish-kebab structure [127]. This explanation was challenged since

shish-kebab structures are not observed in high-draw-ratio PE fibers [135]. It

was then proposed that the long period may result from an inclusion of crystalline

calcium stearate (used as stabilizer):for the SAXS pattern of the fiber is similar to

that of the stearate, and there is 0.076% of Ca, w/w in the Tekmilon PE fibers

that could yield 1.3% stearate. It is, however, not clear why the small long period

is not observed for any of the other PE fibers. They contain aluminum stearate

and are also highly extended [135].

The SAXS pattern of PE-I (Fig. 5.5-7A) is different from that of PE-V (Fig.

5.5-7B). The intensity of the second SAXS peak of PE-I is stronger than the first

peak. The position of the second peak, (4.2 nm) is not at half the value of the

first (at 6.0 nm). Furthermore, the shape of the second peak is not symmetric,

implying that the peak may result from an overlap of more than one peak. There

may be at least two sets of long periods in PE-I. The causes for the SAXS peaks

of PE-I and PE-V may be different. Consequently, the SAXS peaks of the PE-I

fibers cannot be caused by added stearates since it was confirmed by the

manufacturer that there is no calcium stearate in sample PE-I [136]. The

stabilizer added is a mixture of Irganox® 1010 (CIBA-GEIGY) [2,2-bis[[3-[3,5-
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bis(1,1-dimethylethyl)-4-hydroxy phenyl]-1-oxopropoxy]methyl]-1,3-propanoate

propanediyl]3,5-bis(1,1-dimethylethyl)-4-hydroxybenzene] and Irgafos® 168

(CIBA-GEIGY) [2,4-bis(1,1-dimethylethyl) phenyl-phosphite (3:1)]. The longest

dimension of the molecules of these antioxidants is shorter than 3 nm.

Furthermore, SAXS experiments were performed with the pure stabilizer in a

powdery state and showed no low-angle peak.

Figure 5.5-8 shows SAXS patterns of two annealed PE-I samples at 393 K

(a) and 421 K (b) for 10 minutes with fixed ends. Their SAXS peaks appear still

at the same positions, but the peaks are sharper. Annealing usually enhances

the SAXS of semicrystalline fibers by perfection and further growth of the

crystallites. Fast quenching by using liquid nitrogen or slow cooling does not

make any significant difference on the SAXS patterns. If the SAXS peaks of PE-I

fibers result from the alternative arrangement of small crystallites and amorphous

phase along the fiber axis, such small crystallites should have melted during the

annealing. The melting point of crystallites of a size smaller than 6.0 and even

more so of 4.2 nm is less than 392 K [2], and crystallites that form on cooling are

not likely to have such a small size [137]. It is interesting to note that for PE-IV a

weak SAXS peak appears at 6 nm on annealing, although it had no such peak

before annealing (Fig. 5.5-6).

Figure 5.5-9 shows the SAXS patterns from the pellets of randomly

oriented short pieces of PE-I and the recrystallized PE-I and PE-V. The SAXS

peaks can still be recognized with the randomly oriented PE-I and the

recrystallized PE-V, although no SAXS peak exists for the recrystallized PE-I.
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This indicates that the SAXS peaks of PE-I are specific to the fiber, while the

SAXS peaks of the PE-VI are not necessarily specific to the fibrous state.

It was shown that the crystals of the fibers were orthorhombic with only

small amounts of the monoclinic polymorph. The minimal contribution to

small-angle X-ray diffraction peaks could only be interpreted as a very small

fraction of lamellae of unique thicknesses. In addition to the crystals, an

intermediate phase could be identified. The intermediate phase is highly oriented

and between the mobility of crystalline and amorphous polyethylene. Finally, a

small amount of random amorphous material was detected.

In the traditional analysis method, one makes use of a single point to

represent a diffraction peak. In the full-pattern method, each reflection is treated

as a complete two-dimensional peak. The positions, intensities, and two-

dimensional profiles of the reflections are used to characterize the parameters of

the crystal structure and its defects, as well as the crystallite morphology. Thus,

difficulties such as overlap of reflections are resolved and permit an accurate

description of the structure of the crystalline phase. More importantly, the full-

pattern fitting of the crystalline diffraction makes it possible to also study the

noncrystalline material. By subtraction of the crystal scattering from the total

fiber-diffraction pattern, the remaining noncrystalline scattering pattern is found.

It is not that of an isotropic, amorphous phase that would be expected from the

two-phase model. This observation led to a second separation by removing all

liquid-like scattering. The remaining diffraction pattern is that of the intermediate

phase. Its molecules are partially oriented in direction of the fiber axis.
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The full-pattern analysis of fiber X-ray experiments yields, thus, a

quantitative structure resolution into crystals, oriented intermediate phase, and

amorphous isotropic phase.

5.6 NMR

The CP-MAS NMR spectra of samples PE-I and PE-IV are shown in Fig. 5.6-

10. Three components can be directly recognized. The major peak at 32.0 ppm

has been assigned to the orthorhombic crystals [30]. The resonance at 33.3

ppm, about 1.5 ppm down-field, has been identified as the contribution from the

monoclinic phase [138,139]. It is characteristic of aW-trans chains with parallel

zig-zag planes. The amorphous resonance phase appears at 30.2 ppm, but it is

very weak for sample PE-I. A three-peak fitting of the ̂ ^0 CP-MAS spectrum for

PE-I is illustrated in Fig. 5.6-1.

Spin-lattice relaxation times 7, were determined for PE-I and PE-IV. The

peak at 32.0 ppm has two components of largely different mobility [25,30]. It is,

therefore, not suitable to assign this peak solely to the orthorhombic phase. Only

the part of lesser mobility results from the orthorhombic phase. The higher-

mobility part is contributed by the intermediate phase with a similar chain

conformation. The mass fractions for two phases could be separated by fitting

the relaxation time 7^ by a sum of two exponentials as discussed in Ref. [25].

The mass fractions of all four components are given in Table 3 and their
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relaxation times, in Table 5.6-4. A T, analysis of the monoclinic peak is not

possible because of the small mass fraction.

Multiple-temperature NMR CP-MAS spectra of PE-I are shown in Fig.

5.6-2. The monoclinic resonance at 33.3 ppm becomes weaker at 363 K, while

the orthorhombic peak (32.0 ppm) still exists with an up-field shift of 0.2 ppm due

to an intermolecular packing change with temperature. At 423 K, a strong, sharp

peak appears at 29.3 ppm due to melting. It is interesting to see that there is still

a peak at 31.5 ppm (corresponding to an aW-trans chain) at 423 K. The intensity

of this peak is comparable to the isotropic peak. At 433 K, only the isotropic

peak remains.

As it has been reported previously [140,141], the relaxation times of the

intermediate phase may be further separated into two or more components. For

example, 80% of the intermediate phase of the PE-I fiber has a T, of 61.4 s and

the remaining 20% have a T, of 2.3 s. It is, however, difficult to fix the number of

components based on fitting of the relaxation decay curves alone. More

components naturally lead to better fitting. In addition, each component may also

have a distribution of relaxation times, further complicating the analysis. From

the NMR experiment one can, however, conclude with certainty that the peak

found at the position of the orthorhombic crystalline phase has at least two

oriented components with different relaxation times. The details of the structures

of these components, and their arrangement in the fiber can only be understood

by combining the NMR results with those from the other techniques.
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5.7 Density

The densities of the four UHMMPE fiber samples (p) are listed in Table 1,

together with the mechanical properties, provided by the supplier of the samples.

The crystallinity, also listed in Table 1, is computed from the standard two-phase

model [2];

u, - Pc, P-Pa,= —( ). (4)
P Pc-Pa

in which the crystal density and the amorphous density are treated as

constants (crystal density 0.997 Mg/m^ amorphous density 0.854 Mg/m^) [2]. As

expected, the density crystallinities do not correlate with the mechanical and

thermal properties of the fibers. The main reason for this disagreement is the

incorrect assumption that all of the noncrystalline material of the PE fiber is

amorphous. It is well known that the density of the noncrystalline material of PE

changes with the processing history [142].

102



Chapter 6

Discussion

The discussion of the experimental results focuses on a new model for the phase

behavior of gel-spun UHMMPE fibers. The combination of the thermal analysis,

x-ray scattering, and NMR data shows conclusive evidence for a phase structure

with a minimum of three phases. The crystalline phase with three dimensional

long range order, an intermediate, oriented, mobile phase and a small amount of

amorphous material are nano-phase separated to form one of the strongest and

most versatile fibers.

The discussion will offer a general assessment of the two-phase model,

the improvements by the three-phase descriptions, and some remaining open

questions. First, the limits of the two phase model are briefly summarized. This

is followed with analyses of the crystal structure parameters, crystallinities,

orientation functions, fractions of taut tie molecules, and SAXS results. Then a

new fiber-structure model is proposed and some structure-property relations are

presented.

6.1 Heat Capacity of Fibers

The heat capacities of the fibers show a glass transition between 180 and 290 K,

and a region of increased heat capacity prior to melting which is reversible. This

reversible increase in heat capacity may be due to the fact, that the large number
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of non-crystalline but oriented molecules have a higher mobility, yet are not free

to rotate about their entire axis. The motion has to be of an oscillatory nature,

which is associated with an increase in heat capacity due to large amplitude

vibrational motion. Measurements of heat capacity on drawn and undrawn PE

fiber samples were recommended already by Peterlin [32] in 1965 in order to

understand the energetic origin of the discrepancies in properties of drawn from

undrawn PE samples.

The increase in heat capacity of the fibers in the temperature range of 175

to 400 K, going ultimately beyond the extrapolated liquid/melt PE heat capacity is

an indication that the events occur reversibly. Whether this is due to a latent

heat effect, occurring reversibly, or a gain in heat capacity is not easy to

determine. However, it is clear that no non-reversible effects such as annealing

to larger crystals can happen. If this were the case, the perfected crystals would

have a higher melting point, which in turn would lead to an overall decrease of

the heat capacity in the following experiments on the same sample. No such

effect was observed however.

The possibility of a reversible melting (local melting of a crystal) and

recrystallization of the very same, randomized PE material into a crystal with the

identical properties is however questionable. At this moment, it looks as if the

intermediate non-crystalline fraction of the gel-spun UHMMPE fiber had a

continuous gain in mobility in the range of 200 to 300 K similarly to the

amorphous PE but with much smaller amplitude. The end of this increase at 300

K is followed by an increase in heat capacity similar to the increase in heat
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capacity of the crystal. At 370 K the increase in heat capacity for the intermediate

non-crystalline material is again larger than the increase in heat capacity for the

fully crystalline, thereby indicating an early disordering for the intermediate

fraction.

With these findings a glass transition as well as a heat of disordering for

the intermediate non-crystalline fraction have to be assumed. The glass

transition corresponds cooperative gain in mobility of the (-CHj)- beads in the

plane perpendicular to the fiber axis. Since the order in the fiber axis is only

partially destroyed, the disordering of the intermediate non-crystalline fraction

needs to be associated with an entropy, and hence enthalpy, of isotropization.

For this reason, any report of a crystallinity value for the UHMMPE fibers is

questionable. The heat of isotropization of the mesophase must be established

first.

6.2 Melting

The sharpness of melting has been explored with the use of heating rates of 10

K/min for the very small samples. The experiments indicate a very sharp melting

at 416 ±1 K for the onset and a peak width of about 2 K at half of the peak height

(FWHM) for all the sub-microgram samples. The sharpness of this transition is

contrary to most of the published data on the first order phase transition of

UHMMPE fibers. However, it does correspond well with the concept of the

melting of a metastable state. The oriented intermediate material is held only by
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the "hard segments" of the crystallites. As soon as these crystallites melt, the

release of the stored energy further contributes to the collapse of the system. It

should be noted that the onset of isotropization occurs above the equilibrium

melting point of the extended chain polyethylene crystal. The influence of

superheating has to be investigated for a definitive answer. In addition, the

persistence of birefringence in the fiber and the detection of residual order by x-

ray measurements beyond this transition requires further work.

6.3 Fiber structure

Many of the seven methods of fiber analysis and a considerable number of

reports in the literature are in agreement with the existence of two crystalline

phases (orthorhombic and monoclinic) and two noncrystalline phases

(intermediate and amorphous) in the UHMMPE fibers at room temperature. The

division between the crystalline and noncrystalline phases rests with the criterion

of three-dimensional ordering. In this discussion, an attempt is made to reach a

unique structure model for UHMMPE fibers that is in accord with all

measurements.

6.3.1 Orthorhombic crystals

The orthorhombic crystals are the major component for all analyzed samples

(see Table 3). The structure and the morphology of this phase is accurately

determined by the full-pattern fiber x-ray diffraction method (see Table 2). There
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are two basic macroconformations for the orthorhombic crystals, one is the

folded-chain, the other the extended-chain macroconformation [2]. For high-

modulus fibers most of the orthorhombic crystals need to be in the extended-

chain macroconformation. The appearance of the weak SAXS peak of a regular

long-period of 35 nm indicates that there may still be some fraction of folded-

chain crystals in samples PE-II and PE-IV.

The orthorhombic crystals show small changes with processing history

(Table 1). A similar change in crystal parameters with processing was also

discovered in PET fibers [14,17,129],. The crystals were not grown under

equilibrium conditions and remain metastable. The strains that keep the crystals

metastable should ultimately be assessable by the variation in lattice parameters.

It is interesting that the most perfect crystal (PE-IV) does not yield a better fiber

when considering the mechanical properties. The crystals of PE-IV are more

closely packed (smaller unit-cell volume. Table 1) and have a much lower

mobility (Table 4) than those of sample PE-I. Nevertheless, the mechanical

properties of PE-IV are worse than those of the PE-I fibers (see Table 1). It may

even be generally valid for this type of PE fibers that the better mechanical

properties are obtained from less perfect crystals. The reason behind this

correlation is that one has to apply more external stress to reach a higher draw

ratio, and a higher draw ratio leads to less perfect crystals.

The mass fraction of the orthorhombic phase can be estimated from the

ratio of the integrated intensities of the crystalline diffraction pattern and the total

observed fiber pattern. The intensity ratios for samples PE-I and PE-IV lead to
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67% and 75% crystals, respectively, this is the same magnitude as found by

NMR, but in reverse order (see Table 3). The crystallinities calculated from the

fiber densities (Table 1) and the heats of fusion are, however, distinctly higher.

They are based on the two-phase model and signify a higher density and lower

enthalpy of the intermediate phase than the amorphous phase.

Despite the possibility of tracing the fiber processing history through

differences in the orthorhombic crystal structure, fiber properties do not parallel

the crystal structure. This lack of functional relationship of orthorhombic crystal

structure and two-phase crystallinity with fiber properties has been the biggest

hindrance in the application of x-ray diffraction and many of the other analytic

techniques when applied to fiber characterization and quality control.

6.3.2 Monoclinic Crystalline Phase

The amount of monoclinic crystals is much smaller than the amount of

orthorhombic crystals (Table 3). The monoclinic structure is, however, not

distributed as a thin layer on or between the surfaces of orthorhombic crystallites.

This would cause broader monoclinic reflections than observed. The powder

diffraction and solid state NMR show that the intensity of the monoclinic signals

in the original fibers decreases above 360 K (Figs. 5.5-3 and 5.6-3). This

heating behavior agrees with the earlier reports [10,41,143]. Once the

monoclinic crystals disappears, either by annealing at 421 K or by complete

melting of the fiber, they cannot be brought back by recrystallization. It is clear

that the monoclinic phase of PE is not thermodynamically stable. Calculations
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based on intermolecular energetics also suggest less stability of the monoclinic

phase at almost the same packing density as the orthorhombic crystals [2],

although opposite results were also reported [144].

Since the amorphous phase signals in both, powder x-ray diffraction and

solid state NMR do not show an observable increase on disappearance of the

monoclinic phase, and no endotherm is visible by DSC (Fig. 5.2-1), the

monoclinic phase appears not to melt. Usually it is assumed that the monoclinic

domains transform to the orthorhombic phase by rotation of the chains [10,143].

The disappearance does however correspond to the onset of the isotropization at

about 370 K of the intermediate phase as determined from the precision heat

capacity data.

Even though the monoclinic crystalline phase is not stable, it is often

detected in PE fibers. Compression of the UHMMPE fibers laterally, furthermore,

increases the mass fraction of the monoclinic phase (see Figs. 5.5-3 and 5.5-4).

The transformation of the orthorhombic to monoclinic phase by lateral pressure

to the molecular axis has been observed frequently [10,113,114,143-147]. The

compression experiment of this study shows that only a limited fraction of the

fiber can transform. The mass fraction of the monoclinic phase is approximately

doubled after the compression. Also it is reported that even higher pressures

cause only partial conversion of the orthorhombic phase [144]. It is not fully clear

which part of the fiber transforms into the monoclinic phase. In the present

examples, the ultimate mass fraction of the monoclinic phase is about 20-25%,

i.e. it reaches the combined initial monoclinic and intermediate phase fraction. A
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further study of the initial and compressed samples by multiple-temperature

powder x-ray diffraction, and solid state NMR is necessary to find the influence of

the intermediate phase in the transformation to and from the monoclinic phase.

6.3.3 Intermediate Phase

To clarify the nature of the intermediate phase, it is necessary to summarize the

structural features obtained from the various experiments: 1.) The molecular

chains of the intermediate phase have a trans-conformation and are oriented

preferentially parallel to the fiber axis. 2.) Since the observed x-ray scattering

(Figs. 5.5-2) and the NMR signal (Fig. 5.6-2) cannot be produced by isolated

chains, its chains must be collected in domains (micro- or nano-phases). 3.) The

axial distances between layers of neighboring C-atoms of the intermediate phase

are sufficiently similar to the crystal to cause the overlap with the 002 crystal

diffraction. 4.) The lateral packing, on the other hand, is not that of a crystal. A

reliable full intermediate phase diffraction pattern as could be established for PET

[17] was, however, not obtained because of the additional presence of the

monoclinic crystals. 5.) The mobility of the chains in the intermediate phase is

much higher than in the orthorhombic crystals but less than in the amorphous

phase (see Table 4). 6.) A possible heat effusion of the intermediate phase

must be rather small. The weight fractions of monoclinic and orthorhombic

crystals are expected to be equal to the crystallinity by DSC. With the need for a

transition enthalpy for the intermediate non-crystalline fraction, the entire

concept of fiber crystallinity needs further analysis. This is especially true since a
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compensation of endothermic effects expected from randomizing trans chains

(intramolecular heat of fusion) and exothermic strains necessary to maintain a

mobile, metastable state may cancel each other out.

The concept of the intermediate phase is different from that of a taut tie-

molecule. TTM, although both contain oriented, noncrystalline chains. The main

difference is that the intermediate phase is an assembly with coherent axial

atomic positions, while TTMs are believed to consist of individual, uncorrelated

chains. The mass fraction of the former can be determined by x-ray structure

analysis by the full-pattern method and solid state NMR, while the mass fraction

of the latter has only been derived from the calculation of mechanical properties.

The intermediate phase contributes significantly to some of the crystal diffraction,

while scattering of a TTM could not contribute to any sharp diffraction peak.

The structure of the intermediate phase of the UHMMPE fibers is

somewhat different from that of the earlier analyzed, less drawn PET fibers

[14,17]. In contrast to PE, the intermediate phase of PET is far from fully

oriented parallel to the fiber axis, and its orientation increases with draw ratio. In

fact, the degree of orientation was the major factor determining modulus and

tensile strength of the PET fiber [14]. The phenylene rings of the neighboring

chains of the intermediate phase of PET fibers were orienting parallel to each

other. It was thus possible to produce also strong equatorial scattering peaks.

The planes of the neighboring chains of the intermediate phase of PE fibers

seem not to be parallel to each other nor do they have a regular spacing, so that

there are no visible equatorial scattering peaks.
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Since the polymer chains of the intermediate phase can orient well along

the fiber axis, the intermediate phase may be considered to be a disordered

crystal with large atomic temperature factors. This was the reason for the

significant improvement in fitting of the x-ray pattern with the earlier disorder

model in PE-I [23]. The large temperature factor does, however, not only result

from the positional disorder, assumed before, but also from the higher mobility of

the atoms in the intermediate phase found by NMR. Due to the fact that all the

experiments were performed at room temperature, where the glass transition of

the intermediate fraction is already complete and the introduction of gauche

defects dominates the increase in heat capacity, further x-ray diffraction and

NMR studies in the low temperature range (preferably below 200 K) are

recommended.

In the light of the additional experiments, the new multi-phase model is

capable of a better explanation of the fiber properties. The mass fraction of the

intermediate phase is difficult to estimate by x-ray diffraction. The sums of the

fractions of the intermediate phase, the monoclinic phase, and the amorphous

phase are 25 and 33% for samples PE-I and PE-VI, respectively, agreeing

approximately with solid state NMR (see Table 3). Strong intermediate phase

scattering peaks are, however, only observed with PE-I. This suggests that the

intermediate phase in sample PE-I is better oriented. The mass fraction of the

intermediate phase could, thus, not be separated from the fiber diffraction data of

this study. It should also be pointed out that the separation made between

crystalline and the intermediate phases is somewhat different for the two
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methods. The x-ray diffraction is based on three-dimensional ordering, while

NMR is based on mobility. If the mobility of some of the intermediate phase as

defined by x-ray becomes as low as in the orthorhombic phase, the intermediate

phase appears crystalline in NMR, and vice versa. The estimate of the true

mass fraction of the intermediate phase is thus still in doubt, At the moment the

use of the heat capacity data for the quantification of the different mass fractions

is not possible since neither the heat of isotropization nor an increase in heat

capacity due to the mesophase glass transition has been established.

Additional information can often be derived from the Bragg peaks of SAXS

that develop when there are regularly alternating domains of higher and lower

electron density. This long period is assumed to be the sum of the lengths of

these two domains. For PE-III there is no low-angle peak (see Fig. 5.5-6), i.e.

the electron density shows no regular fluctuations. For PE-I and PE-V, the weak

low angle spacing (see Fig. 5.5-7) is less than the axial coherence length of the

orthorhombic crystals (see Table 2). For these fibers, the usual assumption that

the low angle spacing indicates regular, alternating orthorhombic crystalline and

amorphous phases can not be valid. Other density- fluctuations must cause the

scattering. An estimate of the amount of material in the sample that contributes

to the small angle peaks is only about 1% (by evaluation of the invariant integral

[148]). For PE-II and PE-IV, the low angle spacings of about 35 nm are

sufficiently above L3 (see Table 2) not in contradiction to regular interruptions of

orthorhombic crystals by the amorphous phase (see Table 2 and Fig. 5.5-6), but

the amount of material contributing to the low-angle pattern is only 10%, i.e. this
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structure feature could also arise from the monoclinic phase (see Table 3). The

correlation of the 1 % material contributing to the small angle peaks, and the

maximum of 3% amorphous detected from NMR experiments needs to be

investigated.

A long period of several hundred nm was observed for fibers similar to PE-

I and PE-III [126,149] and other high-modulus PE fibers [126], This long period

may be related to the length of the intermediate phase.

Overall, the SAXS patterns of the fibers are, at present, less informative

than for bulk samples. Due to the high draw-ratio in the present samples the

regular alternation of dense crystals and of the less dense amorphous phase is

lost. The remaining pattern may be processing dependent, but it is not fully

resolved in that which component of the fiber gives rise to which SAXS peak.

6.3.4 Amorphous Phase

With respect to the x-ray diffraction technique, the amorphous phase is defined

as an assembly of randomly oriented chains. None of the four UHMMPE

samples which are studied by the full-pattern method show any significant

intensity of the amorphous halo at room temperature (see Fig. 5.5.1). This

agrees with the small fractions of the amorphous phase determined by solid state

NMR (see Table 3). The 3% amorphous phase found in PE-I may be mainly

located on the surface of the fiber or in sites of defects. For PE-IV, some of the

10% amorphous phase may form amorphous domains between the (not as well)

oriented intermediate phase, reducing the mechanical properties of the fiber.
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The interpretation of the fiber heat capacity measurements supports the evidence

of negligible amorphous contribution. For PE-IV / PE-VI, the distinction between

the glass transition of the intermediate and of a truly amorphous material is

however questionable.

The amorphous phase defined by solid state NMR and x-ray analysis is

different from the amorphous phase calculated from density using the two-phase

model. For example, the mass fraction of the amorphous phase based on fiber

density of PE-I is much higher, about 20%. The over-estimate is caused by

ignoring the presence of the intermediate phase.

6.3.5 Fiber Structure Model

Based on the analysis of the structures of the various phases and the experience

with the much less drawn PET [14], a structure model for the polyethylene fibers

is proposed in an attempt to reconcile the experimental results. The schematic of

this structure model is shown in Fig.6.1-1. In PET, the C-domain represents

most of the crystalline phase, periodically interrupted by amorphous area A. The

interface between C and A contains all chain folds, chain ends, and tie

molecules, and the amorphous area is, in total, less oriented than the

intermediate phase. Area B is representative of the intermediate phase, which is

held in its metastable state by connections to the crystals in phase C and

additional, imbedded crystals. Some amorphous inclusions are also in area B,

but without regular spacing. Because the whole structure is kept in the

metastable state by the crystals, the other phases (nanophases) can be
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considered to be three-dimensional defects (also called amorphous defects in

unoriented systems) [2]. The geometry of partition of the fiber shown in Fig. 6.1-

1 is chosen for the estimation of mechanical properties and needs further

information for the expansion to fiber dimensions. Also the mass fractions are at

present only approximate.

In the gel-spun UHMMPE fibers the overall orientation is considerably

higher than in melt-spun fibers. The amount of chain folding is much less, but

some of the regular stacking of A/B remains. Phase A is more oriented than for

PET but still less oriented than B. The very small amount of truly random PE

detected by NMR is distributed between A and B. It is not clear at present where

the monoclinic crystals are located (B or C, or both). The axial length and

perfection of the B area may span several A/B sequences and depend on the

original amount of entanglement and processing condition. The lateral packing

of the intermediate phase in B is largely incoherent, but crystals with coherent

lateral packing exist in the overall area B to maintain the metastable structure.

The intermediate phase has, as in PET, a mesophase structure.

6.3.6 Mechanical Properties

The mechanical properties of PE fibers can be discussed on hand of the

structure model shown in Fig. 6.1-1 and are described by the scheme of

Takayanagi [22,23]. The modulus of the fiber is given by:
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E  — w E +'-fib
Wr^ W,0 ̂  (5)

^A

with w representing the weight fractions and E the moduli of the appropriate

domains A, B, and C. The modulus of the B-domains can be approximately

represented by:

^ ~ ̂ cryst ̂ nt' (6)

where 's the orientation function of the B-domain, and is the PE crystal

modulus, approximating the modulus of the fully oriented intermediate phase in

the present case. The modulus of the domain A, can also be approximated by:

^A = (7)

where is the orientation function over the chains in the A-domain, ZPc is the

fiber elongation, and Ax^a^ 's the maximum elongation of the domain A at break.

Since the intermediate phase of PE-I sample is highly oriented, may be

close to 1. The ff, of PE-I is also expected to be high since there is almost no

randomly oriented amorphous phase in the domain A. This makes the initial

modulus of PE-I fiber (179 GPa) close to the theoretical limit of the crystal that is

reported to fall between 210 and 350 GPa [86-90]. The orientation of the

intermediate phase of PE-IV is lower than that of PE-I, and it also contains more
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amorphous phase which reduces the orientation (lower value of ff). The initial

modulus of PE-IV (59 GPa) is thus much lower.

Even though the initial modulus of PE-I approaches the maximum

possible, the tensile strength of the fiber (3.9 GPa) is much less than the

theoretical strength of about 35 GPa [91,92]. The of the A-domain of high

may not be reached simultaneously by the whole domain which leads to

sequential breaking of chains. After elongation beyond Ax^, the B-domain

becomes the major load-bearing component in the fiber. The tensile strength is,

therefore, determined largely by the B-domain. For PE-I the mass fraction of the

B-domain is only about 13%, resulting in the much weaker fiber. The tensile

strength of the B-domain was shown when analyzing PET [25] to depend also on

the orientation. The better the initial orientation, the greater is the number of the

fully extended chain molecules at break. As is discussed above, the intensity

ratio of the central layer of 002 and 110 diffraction peaks of the WAXS pattern

can be used to approximate the average orientation function of the B-domain.

For the fibers of this study, the order of the intensity ratios is 3.0,1.4, and 1.1 for

PE-I, PE-III, and PE-IV. This agrees with the order of the corresponding

tenacities (see Table 1). The intensity ratio for PE-V is 1.4, similar to that of PE-

III. The fiber tensile strength of PE-V is, thus, expected to be also similar to that

of PE-III.

Importantly, a small and well oriented A-domain is, therefore, necessary in

order for a fiber to have a high initial modulus. It is reported that on annealing

with fixed ends at temperatures close to the first endotherm the initial modulus
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decreases, but the tensile strength stays almost constant [93]. Annealing at such

temperatures can increase the size and reduce the orientation of the A-domain

by melting and recrystallization, avoiding strained A-domains. This would explain

the decrease of the initial modulus, and as long as the mass fraction and

orientation of the B-domain is not affected, the fiber tensile strength can stay

constant.

The splitting of the 002 diffraction peak after certain percentage of strain

[7,8] can also be explained by the proposed structure model. In the initial stage

the stress applied on both C-domain and B-domain is the same, which results in

one 002 diffraction peaks. As the fiber elongates, starts to decrease and the

B-domain becomes the primary load-bearing component. The strain of the B-

domain becomes greater than the strain of the C-domain, which leads to larger

(004) distances of the B-domain than in the C-domain. This results in the

splitting of the 002 diffraction peak. A similar mechanism can also be used to

interpret the two load-bearing components detected by spectroscopic studies

[5-7]. The polymer chains of the B-domain have bigger molecular strain, while

the polymer chains of the C-domain have a smaller strain. Since the lateral

diffractions 110 and 200 result mainly from the C-domain, and since the

deformation of domain C is less than that of the domain B, the lengths of crystal

a and b axes do not change much on inaeasing fiber deformation.
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6.4 The Model of Takayanagi

The model of Takayanagi uses the taut tie-molecule concept and requires only

that there are noncrystalline, interfibrillar chains with some preferential order in

direction of the fiber axis. Our new, intermediate phase is defined as just such

noncrystalline material and avoids the inconsistencies of requiring an amorphous

phase with orientation.

The structure of the intermediate phase is not the same as that assumed

for the taut tie molecules. The orientation functions of the intermediate phases of

the four analyzed samples are considerably smaller than those of the crystalline

phases {i.e. the molecules are far from taut). The mean-square cosines of the

angles between the chains of the intermediate phase and the fiber axis, <cos^(t)>,

are 0.64-0.70. There should also be some isotropic (amorphous) material

between the intermediate phase domains of different orientations to permit

space-filling packing. Similar to the average orientation function of the fiber, an

average orientation function of the intermediate phase is defined by:

^av.h=//''inMn- (8)

The length of the molecules of the intermediate phase is probably also of

importance for the evaluation of the ultimate strength, but is not considered in Eq.

(8).
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The new, three-phase structure analysis can detect differences not seen by the

two-phase model. The ultimate goal is to combine all the information, from

manufacturer and polymer physicists, to finally understand all the steps in the

processing-structure-property relationship.
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Chapter 7

Conclusion

At room temperature, the UHMMPE fibers consist of orthorhombic and some

monoclinic crystals, intermediate and amorphous phases. In the melting range,

the hexagonal phase of PE may become of importance. The orthorhombic

crystal parameters give an indication of fiber processing history. The

intermediate phase has crystalline ordering along the fiber axis, but not laterally.

It is held in its metastable mesophase structure by lateral attachment to stacks of

crystals (A/C) and imbedded, uncorrelated crystals. The mobility of the chains of

the intermediate phase is higher than that of the orthorhombic crystals by about

one order of magnitude, and lower than that of the amorphous phase, also by

about one order of magnitude. Under pressure more monoclinic crystals are

formed, perhaps from the intermediate phase. On annealing above 360 K, the

monoclinic phase converts to orthorhombic. This transition occurs at the same

temperature at which the onset of isotropization can be seen in the heat capacity.

The thermal analysis of shrinkage, heat capacity, and melting transition confirms

the nano-phase separated nature of the UHMMPE fibers. Only a nano-phase

separated structure breaks down simultaneously in both the crystalline and the

non-crystalline phase. This property is due to the connectivity of

macromolecules crossing the phase boundaries.
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In combination with the NMR and x-ray results, the determination of heat

capacities, melting behavior, and the fiber shrinkage allows to arrive at an overall

model for the UHMMPE fibers.
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Chapter 8

Proposed Continuation Of The Research

The results presented in this thesis indicate that a new model needs to be

developed to replace the determination of crystallinity from the equilibrium

melting of polyethylene. Therefore, the determination of the theoretical enthalpy

of transition for the mesophase isotropization should be undertaken.

Since heat capacity measurements of the UHMMPE fibers have been

shown to be measurable with sufficient precision. The next step has to be the

application of this knowledge towards the ultimate goal of establishing the

processing - structure - property relationship. To achieve this goal, a closer

collaboration between manufacturers, textile science, materials science and

basic polymer physics is required.
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Fig. 5.4-1 PE-I fibers (60x) before (A) and after (B) shrinkage.
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Fig. 5.4-2 PE-III fibers (60x) before (A) and after (B) shrinkage.
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Fig. 5.4-3 Sample preparation documentation for 1.5 mg sample (25x). (A)
crossed polars enhance "full" sample pan, (B) reflection on the
aluminum enhances the "empty" sample pan impression.
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Fig. 5.4-4 Sample preparation documentation for (A) 24 pg and (B) 0.5 mg
sample (25x).
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Fig. 5.4-5 Sample preparation documentation for PE-IV sample with
aluminum oxide powder (25x). (A) partially covered fibers, (B)
finished sample.
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Fig. 5.4-6 Documentation of constrained melting effects (A) Before melting (B)
after melting.
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I. Curves A are the computer simulations of the orthorhombic,
monoclinic, and amorphous phases; curve M is the sum of the
three components of A; curve X represents the experimental
spectrum; curve D is the difference between X and M.
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Table 2. PE Crystal Structure from Full-Pattern Refinement

PE-I PE-II PE-III PE-IV

a, nm 0.7410 0.7388 0.7422 0.7379

b. nm 0.4950 0.4923 0.4944 0.4924

c, nm 0.2551 0.2550 0.2548 0.2544

Density, Mg/m'^ 0.996 1.004 0.996 1.008

Disorientation, deg. 0.73 1.29 1.15 1.88

Crystallite size, nm

Li = Lj, (lateral) 17.6 9.4 7.7 6.3

L3, (axial) 10.8 5.8 5.8 5.8

C-C Bond, nm 0.151 0.151 0.152 0.152

C-C-C angle, deg. 115.5 114.9 114.0 113.8

Setting angle, deg. 44.9 44.7 44.7 45.0

Paracrystaliinity, 10" nm^

^11 ~ ̂22 ~ ̂12 ~ ̂21 -2.26 2.81 2.53 -2.86

^31 ~ ̂32 -0.84 0.84 0.71 -1.13

^13 ~ ̂23 -0.19 0.27 0.02 0.15

7-33 0.18 -0.06 -0.03 0.01
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Table 5; Fiber heat capacities

T

/K

PE-I

/J mol"^ K-^

PE-II

Cp, ^
/J mo|-' K-^

PE-lli

Cp^ ^
/J mo|-^ K"^

PE-VI

Cp^ ,
/J mol"^ K"^

175 14.25 14.32 14.18 14.27

180 14.75 14.75 14.75 14.75

185 14.98 15.08 15.07 15.07

190 15.46 15.50 15.46 15.46

195 15.57 15.76 15.60 15.69

200 16.06 16.16 16.11 16.18

205 16.27 16.43 16.33 16.39

210 16.79 16.80 16.69 16.81

215 16.96 17.13 16.94 17.07

220 17.46 17.50 17.35 17.55

225 17.67 17.72 17.69 17.81

230 18.19 18.12 18.07 18.30

235 18.40 18.47 18.36 18.57

240 18.93 18.94 18.86 19.06

245 19.15 19.23 19.18 19.47

250 19.73 19.73 19.58 19.94

255 20.00 20.18 19.93 20.27

260 20.56 20.60 20.43 20.88

265 20.86 20.93 20.84 21.30

270 21.46 21.52 21.26 21.89

275 21.77 21.93 21.55 22.40

280 22.28 22.45 21.98 23.09

285 22.52 22.79 22.42 23.70

290 23.13 23.27 22.92 24.34

295 23.37 23.64 23.26 24.85
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Table 5; Fiber heat capacities (contd.)

T

/K

PE-I

Cp
/J mo|-^ K"^

PE-II

/J moM K-^

PE-II!

Cp
/J mo|-^ K-'

PE-VI

Cp
/J mo|-^ K"^

300 23.95 24.12 23.79 25.43

305 24.19 24.34 24.22 25.69

310 24.84 24.86 24.76 26.22

315 25.22 25.35 25.24 26.68

320 25.73 25.85 25.69 27.31

325 26.04 26.21 26.15 27.72

330 26.67 26.79 26.76 28.32

335 27.17 27.30 27.19 28.86

340 27.74 27.87 27.72 29.61

345 28.18 28.43 28.39 30.24

350 28.90 29.11 28.99 30.92

355 29.44 29.61 29.60 31.62

360 30.12 30.38 30.33 32.46

365 30.84 31.05 31.10 33.45

370 31.57 31.86 31.84 34.29

375 32.62 32.77 32.84 35.90

380 33.49 33.75 33.77 37.08

385 34.89 35.03 35.16 39.54

390 36.04 36.17 36.32 40.35
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