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ABSTRACT 

Recently, exceptional properties that are continuously found in an intriguing new 

class of metallic structural materials, high-entropy alloys (HEAs), demonstrate their great 

potential for engineering applications particularly in extreme environments where 

conventional alloys reach their limits. The attractive properties in HEAs are mainly 

attributed to HEAs exhibited special effects, such as, vast compositional space, 

heterogeneous local atomic environments, tunable stacking-fault energy (SFE), ductile 

multicomponent intermetallic precipitates, and integrated various engineering concerns.  

Therefore, the concept of HEAs opens up new avenues to develop advanced high-

performance alloys for overcoming some drawbacks appeared in traditional alloys. In this 

work, two main tasks are studied for developing advanced precipitation-strengthened 

alloys by the HEA concept through integrated experimental and theoretical methods. 

In the first task, to develop significantly cheaper and lighter high-temperature 

alloys than Ni-base superalloys, precipitation-strengthened body-centered-cubic (BCC) 

HEAs, which possess a microstructure analogous to that of the γ/γ′ Ni-base superalloys, 

are designed, using the CALPHAD-based high-throughput computational method 

(HTCM). The fundamental understanding of the phase stability, precipitation 

strengthening, and order-disorder transition in the newly-designed lightweight HEAs are 

revealed by in-situ neutron scattering, advanced microcopies, ab initio molecular 

dynamics (AIMD), and Monte-Carlo (MC) simulations. The insights obtained in this 

study offer a paradigm to develop high-performance lightweight HEAs via the high-

throughput method.  
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In the second task, in order to develop advanced fatigue-resistant HEAs, a B2 

precipitation-strengthened Al0.5CoCrFeNi HEA is designed, which exhibits the 

outperforming fatigue life at low strain amplitudes compared with traditional materials. 

Its real-time cyclic-deformation mechanisms are revealed by in-situ neutron diffraction 

and advanced microscopy experiments. The present work indicates that various beneficial 

cyclic-deformation mechanisms, such as the multicomponent-precipitation strengthening, 

deformation twinning, and reversible stress-induced martensitic phase transformation can 

be synergistically integrated into HEAs together. Guided by this design idea, fatigue-

resistant precipitation-strengthened HEAs can be developed, which can be generalized to 

other alloys systems. 
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CHAPTER I 

INTRODUCTION 

High-entropy alloy (HEA) as a new concept has been proposed to extend the field 

of research in the area of alloys [1-5]. The concept of HEA has revolutionized the strategy 

of the traditional alloy design by using multi-principal components (≥ 5) instead of one or 

two key components [1-5]. HEAs have exhibits many special effects that are barely found 

in traditional alloys, such as vast compositional space [3-5], high configurational entropy 

[3, 4], heterogeneous local atomic environments [6], tunable stacking-fault energy (SFE) 

[7], ductile multicomponent intermetallic precipitates [8], biased sluggish diffusion [9], 

and integrated various engineering concerns [3, 4]. Due to these unique effects, HEAs 

have exhibited high strength [10, 11], good ductility [12], excellent fracture toughness 

[13], high fatigue resistance [14-17], great corrosion resistance [18, 19], etc. These 

continuously found exceptional properties in HEAs demonstrate their great potential for 

engineering applications particularly in extreme environments where conventional alloys 

reach their limits. Therefore, the HEA-design concept opens a vast unexplored 

compositional region for developing advanced high-performance materials, which can 

replace some conventional materials with the drawbacks that cannot be simply overcome 

by traditional alloying process. Motivated by this concern, the purpose of the present work 

is to experimentally and theoretically design advanced high-performance materials by the 

HEA concept. 
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1.1 Development of Advanced Precipitation-strengthened Lightweight 

HEAs  

It is well known that material performance at elevated temperatures is pivotal in 

many industrial practices from material production and processing to transportation and 

power generation [20]. Continuously improving the performance of materials for high-

temperature applications is essential for industrial companies to stay competitive since the 

operational efficiency of a fuel conversion system requires higher operating temperature 

and pressure [20]. For example, as one of the most widely studied and most sophisticated 

high-temperature structural materials, the Ni-base superalloys have been developed and 

continuously improved to meet the specific requirements of aircraft jet engines for ever 

greater efficiency and thrust in the past few decades [21]. However, the development and 

improvement of Nickel-base superalloys have been evolutionary rather than revolutionary. 

Their operating temperatures (Tuse) almost approach 0.8Tm and reach their application 

limits. Moreover, the raw materials of Ni-base superalloys are expensive and heavy. All 

these issues pose a high and urgent demand for people to develop advanced lightweight 

and low-cost structural materials for high-temperature applications. Recently, HEAs have 

shown great chances to possess outstanding high-temperature performances even with a 

relatively-low density [22-25]. Therefore, a critical question becomes to rise in mind: 

Could we develop advanced lightweight precipitation-strengthened alloys for high-

temperature and cost-effective applications? Considering the special effects exhibited in 

HEAs, our alloy-design strategy is to use the HEA concept to mimic the γ/γ′ 

microstructure in Nickel-base superalloys for pursuing outstanding high-temperature 
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performance. At the same time, practical engineering application concerns, such as low 

density, low cost, corrosion and oxidation resistance, etc., are considered in the alloy 

design by adding targeted elements. For example, aluminum and titanium are added for 

lowering the density of designed alloys. The addition of reasonable content of chromium 

into designed alloys can be utilized for corrosion and oxidation resistance in the high-

temperature service environment. Moreover, a large amount of iron is added for the cost 

concern. Therefore, in the first part of the dissertation (Chapters III, IV, and V), we will 

focus on the development of advanced lightweight precipitation-strengthened structural 

materials for extreme environmental applications designed by the HEA concept. 

Specifically, the first part of the dissertation is composed of the following chapters. 

In Chapter III, phase-formation rules are assessed from empirical rules and 

CALPHAD (acronym of the calculation of phase diagrams) method, based on a series of 

literature reported lightweight HEAs (LWHEAs) and our newly-designed Al-Cr-Fe-Mn-Ti 

LWHEAs. Future perspectives on the design of LWHEAs are discussed in light of 

CALPHAD modeling and physical metallurgy principles.  

In Chapter IV, an Al-Cr-Fe-Mn-Ti LWHEA with coherent L21 precipitation within 

the body-centered-cubic (BCC) matrix is selected for the detailed study of its phase 

stability and transformation behaviors, which help to build a relatively-reliable 

CALPHAD thermodynamic database.  

In Chapter V, aided by the built CALPHAD database on the Al-Cr-Fe-Mn-Ti 

multi-component system, the high-throughput CALPHAD-based method is used to 

efficiently screen out the coherent L21 precipitates-strengthened BCC LWHEAs for high-

temperature and cost-effective applications. 
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Therefore, the objective of the first part of the present work is to (1) study the 

fundamental phase stability and transformation behaviors of newly-designed precipitation 

strengthened LWHEAs; (2) optimize the alloy-design strategies by integrated high-

throughput theoretical and experimental methods; (3) understand order-disorder-transition 

and deformation behaviors of the optimized LWHEAs at room and elevated temperatures 

with theoretical models, which are verified through focused experimental efforts; and (4) 

provide fundamental understandings of developing next-generation lightweight advanced 

structural materials with high-performance properties. 

1.2 Development of Advanced Precipitation-strengthened Fatigue-

resistant HEAs  

It has been widely demonstrated that HEAs exhibit exceptional mechanical 

properties, such as, extremely high tensile strength [8, 11], excellent ductility [12, 26], 

combined with good corrosion [18, 19], fatigue resistance [14-16, 27], and radiation 

tolerance [28, 29]. Some HEAs process all of the above properties simultaneously, making 

them promising candidates as structural materials in contemporary industries; e.g., turbo-

pumps for rocket engines and advanced gas turbines. For these long-term applications, the 

fatigue properties of HEAs must be examined carefully. However, to our knowledge, very 

limited studies have been done for HEAs on their long-term fatigue behavior. Several 

works on the high-cycle fatigue (HCF) have been reported [14, 15, 27, 30], but very 

limited works have been published on the low-cycle fatigue (LCF) behavior of HEAs [31, 

32]. HCF covers the accumulated damage caused by low-amplitude high-frequency elastic 

strains, while LCF characterizes the materials degradation subjected to plastic strains, 
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which is critical for the assessment of engineering components with stress-concentrated 

regions, such as the "dovetail" or "fir tree" for turbine blades. These regions will raise the 

local stress level, leading to plastic deformation, and will fail in only several hundreds and 

thousands cycles. Therefore, for the practical applications of HEAs in the future, it is of 

great significance to investigate the fundamental LCF behavior of HEAs.  More recently, 

it has been reported that multicomponent intermetallic precipitates in HEAs can be 

plastically deformable [8, 33], which can bring out remarkable precipitation strengthening, 

and meanwhile, without much loss of ductility due to the load redistribution and strain 

partitioning between precipitates and matrix followed by co-deformation. Therefore, in the 

second part of the present work, multicomponent intermetallic precipitates will be 

introduced into the FCC matrix for improving fatigue performance. At the same time, 

corresponding cyclic responses and roles of the multicomponent precipitates and matrix 

will be probed using the advanced real-time in-situ neutron diffraction and electron 

microscopy methods. Ultimately, insightful alloy-design strategies for developing 

advanced fatigue-resistant precipitation-strengthened structural HEAs can be provided. 

Thus, the goal of the second part of this work is to (1) design a precipitation-

strengthened  HEA for LCF study; (2) conduct a fundamental study of the LCF behavior 

of this HEA; (3) clarify the cyclic deformation mechanism of HEAs during LCF using 

state-of-the-art characterization methods, e.g., advanced microscopy and in-situ neutron 

diffraction; and (4) based on the fundamental understanding of deformation characteristics 

obtained from the present work, design and develop innovative HEAs with excellent LCF 

properties. 
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1.3 Framework 

To efficiently realize the goals in both parts, a systematic research plan that 

integrates experimental and theoretical efforts is proposed, as shown in the framework of 

Figure 1.1.  The present research mainly focuses on the design and study of advanced 

precipitation-strengthened HEAs from four aspects, including (1) Task I: Alloy design and 

processing to design targeted precipitation-strengthened HEAs based on the 

thermodynamic predictions; (2) Task II: Microstructural Characterizations to 

experimentally investigate the microstructure, transformation, deformation, and fracture 

failure behaviors; (3) Task III: Deformation Mechanisms to reveal the underlying 

fundamental deformation behaviors of the studied precipitation-strengthened HEAs; and 

(4) Task IV: Theoretical Modeling to establish a basic understanding of the phase 

stability, phase transformation,  and deformation mechanisms of the studied precipitation-

strengthened HEAs. 

In summary, the overall goal of the present work is to (1) promote the development 

of advanced precipitation-strengthened lightweight HEAs for high-temperature and cost-

effective applications, and (2) stimulate the basic research on the fatigue behavior of 

HEAs, and contribute to the fundamental understanding of LCF deformation behavior in 

precipitation-strengthened HEAs, and, consequently, further optimize the fatigue-resistant 

HEAs. Ultimately, the real engineering applications of HEAs can be accelerated based on 

the proposed research. 
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Figure 1.1 The framework of the present integrated experimental and theoretical work. 

(The abbreviations shown in the framework stand for:  SEM - Scanning-electron 

microscopy; EBSD - Backscattered-electron diffraction; XRD - X-ray diffraction; ND - 

Neutron diffraction; (HR) TEM - (High-resolution) Transmission-electron microscopy; 

APT - Atomic-probe tomography; CALPHAD - CALculation of PHAse Diagrams; AIMD 

- Ab initio molecular dynamics; DFT - Density functional theory; CPFEM - Crystal-

Plasticity Finite-Element Modeling). 
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CHAPTER II 

LITERATURE REVIEW 

2.1 High-entropy Alloys  

Over the past fifteen years, a newly-emerging intriguing alloy system, called high-

entropy alloys (HEAs), has experienced a huge development because of their increasingly 

found exceptional properties compared with traditional alloys [1-4, 34, 35], such as the 

outstanding high-temperature strength [10], good thermal stability [36], enhanced fatigue 

and fracture resistance [14, 15], great wear and corrosion resistance [37, 38], high 

strength-to-weight ratio [22, 25], improved radiation resistance [28, 29, 39], etc. Unlike 

the conventional alloys with a one and barely two principal elements, HEAs are composed 

of five or more principal elements, and each principal element usually lies in the range of 

5 ~ 35 at.% (atomic percent) [2]. Although containing multi-principal elements, HEAs can 

form simple face-centered cubic (FCC), body-centered cubic (BCC), or hexagonal close-

packed (HCP) solid-solution phases. The formation of simple solid-solution phases can be 

attributed to the increasing configurational entropy in HEAs, which makes it is possible to 

have lower Gibbs free energies of solid-solution phases than those of intermetallic phases 

[3, 4].  

By mixing together multiple principal elements in high concentrations, HEAs 

possess some unique effects that are barely found in traditional alloys. The most famous 

effects are HEAs’ four ‘core effects’, including the high entropy effect, the lattice 

distortion effect, sluggish diffusion, and the ‘cocktail’ effect [40]. The high-entropy effect 
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is the signature effect of HEAs, proposing that multi-principal elements (≥ 5) lead to an 

increase of configurational entropy, which may favor solid-solution phases over 

competing intermetallic compounds. The lattice distortion effect stems from the different 

atom sizes that lead to the crystal lattices distorted from the perfect lattices. The severely 

distorted lattice in HEAs may interact with dislocation motions, which could have 

significant impacts on mechanical properties [41, 42]. The sluggish diffusion effect is 

proposed in HEAs because the heterogeneous lattice environments could lead to the 

difficulty in substitutional diffusion and high diffusional activation energies [9]. It is worth 

noting that whether the sluggish diffusion is a substantial HEA effect is still under debate 

recently, because sluggish diffusion in some HEAs is indeed not obvious [4, 9, 43, 44]. 

The cocktail effect in HEAs is proposed since exceptional materials properties could be 

found due to unexpected synergies. Besides the four core effects, other notable effects are 

also found in HEAs, such as the vast compositional space [3-5], tunable stacking-fault 

energy (SFE) [7], ductile multicomponent intermetallic precipitates [8], concentration 

waves [6], and integrated various engineering concerns [3, 4]. All these effects in HEAs 

could be controllably utilized for developing high-performance materials. 

2.2 Precipitation-strengthened HEAs   

Although the initial motivation for HEAs was to avoid the intermetallic phases 

because of their brittle features, the intermetallic phases are not always the detrimental 

factor. If a proper design strategy can rationally control the structure, morphology, size, 

and volume ratio of an intermetallic phase, the difficulty of balancing the strength and 

ductility could be conquered. In fact, the role of intermetallic phases in optimizing the 
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strength-ductility combination has been extensively found in the conventional alloys. The 

pearlite structure in steels is a good paradigm, in which the alternating layers of soft ferrite 

and hard cementite (Fe3C) joint together. This unique arrangement of ferrite and cementite 

layers offers the steels an outstanding strength-ductility combination. Another example is 

the Ni-based superalloys, in which the cuboidal ordered FCC γ′ phase (Ni3Al) coherently 

precipitates in the FCC γ matrix [21]. The coherent two-phase microstructure renders the 

Ni-base superalloys have exceptional creep resistance. In fact, most reported HEAs are 

composed of multiphase structures rather than the expected single-phase solid solutions. 

The main reason is that the Gibbs free energies of solid solutions (ΔGSS) cannot compete 

with the Gibbs free energies of intermetallic phases (ΔGIM) over the entire composition 

ranges, structural scales, and temperatures in many HEA systems [4, 45]. From this 

standpoint, many works have already started to introduce beneficial secondary phases into 

HEAs to enhance their mechanical properties. For example, the eutectic alloy concept has 

been considered to design the composite structure. Y.P. Lu et al [46-48] designed eutectic 

HEAs (EHEAs) with a mixture of soft FCC and hard BCC phases, and an enhanced 

balance of fracture strength and ductility was obtained. In order to mimic the γ/γ′ 

microstructure in Ni-base superalloys, J.Y. He et al [46] induced the coherent nano-size 

L12 precipitates via the minor alloy addition of Ti and Al, which drastically increased the 

strength of the single-phase FCC-CoCrFeNi HEA. More recently, T. Yang et al. [8] used 

the HEA-design concept successfully break the strength and ductility trade-off by 

controllably introducing high-density ductile multicomponent intermetallic nanoparticles 

(MCINPs) in complex alloy systems (Figure 2.1). It demonstrates that precipitation 

hardening has become an effective way to improve the strength of HEAs without losing  
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Figure 2.1 Exceptional strength-ductility combination achieved in the MCINPS alloys at 

ambient temperature. (a) Engineering stress-strain curves of the MCINPS alloys compared 

with the FeCoNi base alloy, showing a significant increase of strength without ductility 

reduction. The Al7Ti7 alloy exhibits ductile dimpled structures without macroscopic 

necking. (b) Yield strength versus the product of strength and ductility of the MCINPS 

alloys compared with those of other high-performing materials [8]. 
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much plasticity [46-48]. Above all, HEA-design strategy for developing precipitation-

strengthened materials can be utilized to improve performance unattainable by the pure 

single-phase HEAs. 

 
It is well known that precipitation hardening is a very effective way to improve the 

strengths of materials without apparently sacrificing ductilities, such as the cases in γ′-L12 

strengthened Ni-based and Co-based superalloys [21, 49]. As such, coherent or incoherent 

precipitates have been extensively applied to HEAs to enhance their strengths, especially 

for those alloys with low strengths or targeting outstanding high-temperature performance 

[50-54]. Generally, for coherent precipitates, they have a similar crystal structure and a 

lattice parameter to the parent matrix so that the total free energy contributing from the 

coherency elastic-strain energy and the interfacial energy be minimized [55]. The interplay 

between elastic-strain energy and interfacial energy determines the equilibrium shape of 

the precipitates. The common shapes of coherent precipitates observed in HEAs are 

uniformly distributed spherical and cuboidal. Spherical coherent precipitates are mostly 

found in the HEAs with γ′-L12/γ-FCC microstructures. For instance, nanosized spherical 

coherent precipitates, i.e., L12-Ni3(TiAl), are formed in the soft FCC-FeCoNiCr HEA via 

the minor additions of Ti and Al [50, 56].  

The formation of spherical shape is ascribed to negligible lattice misfit δ between 

the precipitates and the matrix phases [57, 58]. δ is expressed by the following equation: 

 2
a a
a a

β a

β a

δ
−

= ×
+

  (2.1) 

where aa and aβ are the lattice parameters of α matrix and β precipitate, respectively. 
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As a result, the interfacial energy will play a dominated role in determining the 

equilibrium shape of precipitates. At a fixed volume, the spherical shape has the minimum 

interfacial energy, compared with other shapes. Thus, with the favorable total free energy, 

spherical precipitates are commonly formed in the systems with near-zero lattice misfit 

[21, 55]. 

Cuboidal coherent precipitates are generally found in the BCC-type HEAs with 

B2/BCC or L21/BCC microstructures [51-53, 59, 60]. Wang et al. reported the formation 

of cuboidal B2 nanoprecipitates in Al0.7CoCrFe2Ni HEA, which are coherently distributed 

in the BCC matrix [51]. Except for cuboidal ordered phase formed in disordered matrix, 

Senkov et al. also found that coherent BCC nanoscale precipitates are present in the 

ordered B2 matrix [53]. 

The formation of cuboidal shape is the result of increasing lattice misfit and 

different elastic stiffness between precipitates and matrix phases, leading to the dominant 

role from elastic-strain energy in determining the morphologies of precipitates. Due to the 

dominant elastic-strain energy, the precipitates shape tends to take a form that can 

accommodate the increasing elastic strain. Therefore, a cuboidal shape with elastic 

stiffness anisotropy will be formed in this case. Moreover, the formed cuboidal 

precipitates mostly align unique crystallographic orientations in the matrix, such as 100  

directions, a soft direction in most cubic metals [55].  

As the lattice misfit increases to an extent that the elastic strain energy is too high 

to be burdened by the materials system, the interfaces between precipitates and matrix 

tend to become incoherent so that the elastic strain energy can be released [55]. 
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Precipitates with incoherent interfaces will have higher interfacial energy but the 

coherency strain energy will be absent [55]. When two phases have completely different 

crystal structures, it is unlikely that any coherent or semicoherent interfaces form between 

the interfaces between the precipitates and the matrix, that is, the precipitate is said to be 

incoherent [55]. For example, the precipitated needle-like NiAl-rich B2 phase within the 

FCC matrix in an Al0.3CoCrFeNi HEA after aging treatment at intermediate temperatures 

displays the incoherent interfaces with the matrix [61]. 

In a word, the morphology of the coherent and incoherent precipitates appeared in 

HEAs strongly depends on the interplay of elastic and interfacial energies and the 

structures of the precipitates and the matrix, similar to the situations in conventional alloys. 

As known, the precipitation strengthening can be divided into two categories, 

particle shearing or Orowan bowing. For the coherent precipitation, possible strengthening 

effects could be produced from coherency strengthening, modulus mismatch strengthening, 

and order strengthening when dislocation cut through the nanoscaled precipitates [62]. On 

the other hand, when the precipitate size is large enough, the dislocation shearing becomes 

difficult, so that dislocation bypass mechanism, i.e, Orowano bowing mechanism, will 

play a key role in contributing to the strengthening. The detailed coherent precipitation 

strengthening mechanism will be discussed in CHAPTER V.  
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CHAPTER III 

DESIGN OF LIGHTWEIGHT HIGH-ENTROPY ALLOYS 

3.1 Introduction  

Due to the demand from transportation and defense industries, the development of 

a new generation of lightweight alloys has also brought widespread interest in HEAs to 

the materials science and engineering communities, expressly, for the purpose of saving 

energy and raw materials [24, 25, 63-69]. The trial-and-error approach that has been used 

for the traditional alloys design is costly and time-consuming for the discovery of new 

HEAs because of the vast compositional space that they occupy. As a consequence, efforts 

have been made to study HEA phase-formation rules to accelerate the discovery process 

[35, 70-83]. Taking advantage of the phase-formation rules, the constitutive phases in 

HEAs can be controlled and adjusted to improve mechanical properties. In recently-

developed lightweight HEAs (the densities of lightweight HEAs are defined as less than 

7.00 g·cm-3 here, considering that most HEAs studied in the literature have densities more 

than 7.00 g·cm-3). A majority of them are composed of solid solutions (SS) and 

intermetallics (IM), with only a few compositions forming single-phase solid solutions [24, 

25, 64, 67, 69]. Most of the lightweight HEAs contain Al and/or Ti in high concentrations 

in order to lower the density. However, Al (and Ti) tends to form very stable intermetallic 

compounds with (late) transition-metal elements (TMs) due to the apparent differences in 

atomic radii and electronegativity. Although Li- and Mg-containing HEAs are reported 

[84-86], their microstructures show a mixture of various intermetallic compounds. 
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In order to explore advanced lightweight HEAs, it is essential to adjust the alloy 

composition, and, thus, the resulting constitutive phases in the microstructure in order to 

achieve the desired physical and mechanical properties, while keeping the density as low 

as possible. Therefore, it is important to investigate these empirical phase-formation rules, 

as applied to lightweight HEAs. Meanwhile, the CALPHAD (the acronym of the 

calculation of phase diagrams) method has been used here to compare the effectiveness of 

predicting the single-phase solid solutions versus the empirical parameters. 

In this regard, many developed formation rules have been summarized and 

discussed section. The corresponding parameters are also calculated, using these rules, by 

applying them to a series of developed HEAs and our newly-designed lightweight HEAs, 

aiming to provide more available experimental data for the assessment of the phase-

formation rules in this study. Moreover, the CALPHAD modeling is performed for several 

equimolar lightweight HEAs. Combined with the experimental results, the phase-

prediction effectiveness of the phase-formation rules and CALPHAD method for 

lightweight HEAs are studied as a way to accelerate the design of new lightweight HEAs 

with targeted properties. 

3.2 Materials and Methods 

Several new lightweight HEAs, containing five elements: Al, Cr, Fe, Mn and Ti 

have been designed. To examine the compositional effect on the density and phase 

formation, the Al molar ratio is allowed to vary from 1 to 4. To minimize the formation of 

detrimental intermetallic compounds, the Ti molar ratio is kept at 1 or 0.25. Strictly 

speaking, Al2CrFeMnTi0.25, Al3CrFeMnTi0.25, and Al4CrFeMnTi0.25 alloys do not meet the 
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HEA definition [HEAs consist of 5 or more elements between 5 and 35 atomic percent 

(at.%).] proposed by Yeh et al. [2]. They were designed to explore the lower-density 

compositional space. In consideration of the possible high-temperature applications, these 

newly-developed alloys contain Al and Cr in large amounts. The addition of Al (or Cr) 

holds the potential to form a protective dense surface scale of Al2O3 (or Cr2O3). 

The AlxCrFeMnTiy alloys (where the x and y values are in molar ratios: x = 1, 1.5, 

2, 3, and 4; and y = 0.25 and 1, respectively) were prepared by arc-melting the constituent 

elements (element purity > 99.9 weight percentage). To achieve a homogeneous 

distribution of elements in the alloy, the melting and solidification processes were 

repeated five times. 

The chemical composition and estimated density, ρ, of the alloys are listed in 

Table 3.1. Note that the densities of these alloys were estimated, using a rule of mixtures 

assumption, based on a disordered solid solution, as given by: 

 i i

i i

i

c A
c Aρ

ρ

= ∑
∑

  (3.1) 

where ci,  Ai, and ρi are the atomic percentage, atomic weight, and density of the ith 

constituent element. 

The alloys studied here are in the as-cast state. The crystal structures were 

identified on the well-polished bulk samples by X-ray diffraction (XRD, Bruker, Billerica, 

MA, USA), using a Bruker diffractometer with Cu Kα radiation. The microstructures were 

characterized, by scanning-electron microscopy (SEM, Carl Zeiss, Oberkochen, Germany), 
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Table 3.1 Nominal chemical compositions in at.% and the estimated densities, ρ, of the 

newly-designed AlxCrFeMnTiy (x = 1, 1.5, 2, 3, and 4; y = 0.25 and 1) alloys. 

Alloy Al Cr Fe Mn Ti 
ρ  

(g·cm-3) 
Al1.5CrFeMnTi 27.28 18.18 18.18 18.18 18.18 5.31 
Al2CrFeMnTi 33.32 16.67 16.67 16.67 16.67 5.06 

AlCrFeMnTi0.25 23.53 23.53 23.53 23.53 5.88 5.87 
Al2CrFeMnTi0.25 38.10 19.05 19.05 19.05 4.75 5.16 
Al3CrFeMnTi0.25 48.00 16.00 16.00 16.00 4.00 4.71 
Al4CrFeMnTi0.25 55.17 13.79 13.79 13.79 3.46 4.40 

 

using a LEO Gemini 1525 field-emission scanning-electron microscope equipped with the 

backscattering-electron (BSE, K. E. Developments Ltd., Cambridge, UK) detector and the 

energy-dispersive X-ray spectrometry (EDX, Oxford Instruments, Abingdon, UK). 

3.3 Phase-formation Rules of HEAs 

In order to predict the formation of solid solutions in HEAs, many 

phenomenological parameters based on thermodynamics and physics have been proposed 

[3, 34, 35, 70, 71, 73, 87]. In this study, several classic models were selected, and their 

main features are summarized as follows: 

Based on thermodynamics and Hume-Rothery rules, Zhang et al. [3, 35, 70] put 

forward three parameters to suggest a criterion for the formation of a solid solution: the 

atomic-radius difference (δr), enthalpy of mixing (ΔHmix), and entropy of mixing (ΔSmix). 

They are defined by Eqs. (3.2-3.4), respectively: 

 2
=1

= (1 )n
r i ii

δ c r r−∑    (3.2) 

where ∑
n

i i
i

r c r
=1

= , ci and ri  are the atomic percentage and radius of the ith element,  
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respectively; and 

 mix
1

Ω
n

ij i j
i= ,i j

H = c c
≠

∆ ∑   (3.3) 

where, mixΩ 4ij ij= H∆ ,  ΔHmix is the enthalpy of mixing between the ith and jth elements at 

the equi-molar composition in the liquid, using the Miedema model; and 

 mix
1

ln
n

i i
i=

S = R (c c )∆ − ∑   (3.4) 

where R is the gas constant. Note that the configurational entropy of an alloy usually 

decreases, as the temperature decreases since lowering the temperature promotes 

developing atomic ordering or separation for the alloy. As a result, the true Sconf is 

temperature dependent, and its temperature dependence can be calculated from hybrid 

Monte Carlo/molecular dynamics (MC/MD) simulations [88]. Other entropy contributions 

to solid solutions or intermetallics phases may include the phonon vibration, magnetism, 

and electron excitation, which can be calculated from the first-principles density 

functional theory (DFT) modeling [89, 90]. 

To further present the balance between the entropy of mixing and the enthalpy of 

mixing, another parameter, Ω, was also proposed [70, 83], as expressed below: 

 m mix

mix

ΔΩ =
Δ

T S
H

  (3.5) 

where m m
1

( )
n

i i
i=

T  = c T∑ , (Tm)i stands for the melting point of the ith element. 
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Based on the existing data for HEAs, the empirical criteria for forming disordered 

solid solutions in as-cast HEAs were suggested to be -15 kJ∙mol-1  < ΔHmix < 5 kJ∙mol-1 

and 0% < δr < 5%, or Ω ≥ 1.1 and δr < 6.6%. 

Recently, for the design of single-phase HEAs, Ye et al. [73] proposed a single 

thermodynamic parameter, ϕ, taking into account the enthalpy of mixing and the excess 

entropy of mixing, which results from the dense atomic packing and atomic-size misfit. 

The single-parameter, ϕ, can be expressed as: 

 C H

E

S S
S

φ
−

=      (3.6) 

where Sc = ΔSmix, and mix

m

Δ
=H

H
S

T
. SE denotes the excess entropy of mixing, which is a 

function of the atomic packing and atomic size. As reported, a HEA tends to form a 

single-phase solid solution when ϕ ≥ ϕc (ϕc is the critical value of ϕ that separates the 

single-phase solid solution from the multi-phase structures). Otherwise, a multi-phase 

structure develops when ϕ ≤ ϕc. Moreover, the ϕc is identified to be around 20 according to 

the investigation of Ye et al. [73]. 

In fact, the formation of the solid-solution phase or intermetallic phase depends on 

the competition of the Gibbs-free energies between solid solutions and intermetallics. In 

this regard, King et al. [74] proposed a new parameter, Φ, to describe the competition of 

the Gibbs-free energies between these two phases: 

 mix m mix
ss

Mid
f

H T S
H

∆ − ∆
Φ =

∆
  (3.7) 
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where mix mix
ssH T S∆ − ∆ is the change in the Gibbs-free energy for the formation of a fully-

disordered solid solution, resulting from a mixture of its individual elements. Mid
fH∆ is the 

enthalpy of formation of a most stable “hypothetical” intermetallic compound among all 

the constituent binaries from the constituents of the mixture, while ignoring their entropy 

since the configurational entropy of intermetallic compounds is usually low or zero [74] 

and other entropy sources may cancel out between compounds and solid-solution phases 

[74].  

The details to calculate the mix
ssH∆ and Mid

fH∆  values using the Miedema’s model are 

described in Reference [74], following the approach published in Reference [91]. It should 

be noted that in general, the calculated mix
ssH∆ and Mid

fH∆  values, using the Miedema model, 

have relatively large errors. Therefore, King et al. claimed that when Φ is larger than 1, 

the solid-solution phase will form at the system’s melting temperature. The Φ parameters 

for all the compositions listed in Table 3.2 were calculated according to Eq. (3.7) via the 

single-phase high-entropy alloys (SPHEAs) program [92]. 

Another similar criterion based on enthalpy considerations was proposed by 

Troparevsky et al. [72]. They used the enthalpy of formation of binary compounds that are 

predicted, employing DFT calculations in the literature. Based on the calculated enthalpy 

matrix, it was claimed that a single-phase solid solution would form if the enthalpies of 

formation of all possible binary compounds fall within a specified range. This range 

requires binary compounds to be neither too stable, leading to the precipitation of that 

compound, nor unstable, indicating the immiscibility of the constituent elements. Using 
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the enthalpy of the formation matrix provided in Reference [72], a parameter, Φf (similar 

to Φ), is calculated, which is expressed as follows. 

 ann mix
DFTf
f

T S
H
D

F =
D

  (3.8) 

Here, Tann is the annealing temperature used to achieve the corresponding 

equilibrium state in the experiments, and an appropriate value is suggested to be Tann = 

0.55Tm  in the work of Troparevsky et al. [72]. Values in the enthalpy of the formation 

matrix in Ref. [72] were used for ΔHf  to calculate Φf. This model ignores the enthalpy of 

solid-solution phases and the entropy of intermetallic compounds. 

Utilizing these developed phase-formation rules mentioned above, the entirety of 

the corresponding empirical parameters was calculated, based on existing and newly-

designed lightweight HEAs (density < 7.00 g·cm-3). In addition, several classic HEAs are 

selected to compare with the lightweight HEAs. These parameters are listed in Table 3.2. 

For a comprehensive list of single-phase HEAs in face-centered cubic (FCC) [1, 3, 34], 

body-centered cubic (BCC) [3, 34, 93], or hexagonal close-packed (HCP) [3, 25, 34, 94-

96] structures that are experimentally verified or computationally predicted, the reader is 

referred to a recent publication [80]. It should be noted that the listed alloys in Table 3.2 

were in the as-cast state, except for Al20Li20Mg10Sc20Ti30 and AlFeMgTiZn, which were 

produced by mechanical alloying. 
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Table 3.2 The microstructures and the formation-rule parameters, for typical and 

lightweight HEAs reported and newly-designed HEAs. 

Num
ber Alloys 

Densit
y* 

(g·cm−3

) 

Struct
ure 

(%)rδ
 

1

mix
(kJ mol )H −

∆ ⋅
 

1

mix
(kJ mol )S −

∆ ⋅
 m ( C)T °  Ω  φ Φ Φf Refs. 

1 Al1.5CrFeMnTi 5.31 
BCC + 
L21 + 
Laves 

6.41 −17.98 13.25 1,336.
31 1.19 1.6

3 0.31 0.28 
Curre

nt 
work 

2 Al2CrFeMnTi 5.06 
BCC + 
L21 + 
Laves 

6.33 −19.00 12.98 1,279.
99 1.06 0.5

9 0.34 0.27 
Curre

nt 
work 

3 AlCrFeMnTi0.25 5.87 BCC + 
L21 

5.78 −12.07 12.71 1,357.
29 1.72 4.6

1 0.37 0.28 
Curre

nt 
work 

4 Al2CrFeMnTi0.2

5 
5.16 BCC + 

L21 
6.07 −14.80 12.14 1,224.

56 1.23 1.9
3 0.42 0.24 

Curre
nt 

work 

5 Al3CrFeMnTi0.2

5 
4.71 

BCC + 
L21 + 
Laves 

6.02 −16.04 11.53 1,142.
71 1.02 0.1

6 0.46 0.25 
Curre

nt 
work 

6 Al4CrFeMnTi0.2

5 
4.40 

BCC + 
L21 + 
Laves 

5.86 −15.71 10.73 1,077.
10 0.92 −0.

92 0.48 0.22 
Curre

nt 
work 

7 AlCr0.5NbTiV 5.71 BCC 4.55 −15.41 13.15 1,704.
22 1.69 6.9

4 0.31 0.35 [24] 

8 AlCrNbTiV 5.82 BCC + 
Laves 5.19 −14.56 13.38 1,724.

49 1.84 6.1
8 0.31 0.36 [24] 

9 AlCr1.5NbTiV 5.90 BCC + 
Laves 5.55 −13.75 13.25 1,741.

09 1.94 5.7
2 0.30 0.36 [24] 

10 AlFeMgTiZn 4.34 BCC + 
IM 6.04 −6.44 13.38 987.23 2.62 4.4

4 

1.66 
× 

10−2 
0.18 [84] 

11 AlLiMgZnSn 4.23 FCC + 
IM 5.33 −6.08 13.38 428.58 1.54 4.7

2 

8.39 
× 

10−3 
0.10 [85] 

12 AlLi0.5MgZn0.5S
n0.2 

3.22 FCC+ 
IM 5.66 −3.89 12.31 517.83 2.50 7.9

3 

8.73 
× 

10−3 
0.11 [85] 

13 AlLi0.5MgZn0.5

Cu0.2 
3.73 FCC + 

IM 6.72 −3.30 12.31 571.13 3.15 7.0
4 

1.25 
× 

10−2 
0.11 [85] 

14 AlLi0.5MgCu0.5

Sn0.2 
3.69 FCC + 

IM 7.60 −3.65 12.31 621.76 3.02 4.9
9 

1.29 
× 

10−2 
0.12 [85] 

15 Al80Li5Mg5Zn5S
n5 

3.05 FCC + 
IM 3.61 −0.53 6.47 602.50 10.6

8 
12.
58 

4.66 
× 

10−3 
0.06 [85] 

16 Al80Li5Mg5Zn5

Cu5 
3.08 FCC + 

IM 4.10 −0.61 6.47 645.13 9.73 12.
07 

4.92 
× 

10−3 
0.07 [85] 

17 Al20Li20Mg10Sc2

0Ti30 
2.67 FCC 5.30 −0.40 12.95 1,041.

83 
42.5

6 
16.
17 

6.27 
× 

10−4 
0.22 [25] 

18 AlNb1.5Ta0.5Ti1.5
Zr0.5 

6.88 BCC 3.07 −15.12 12.51 1,862.
79 1.77 14.

71 0.27 0.28 [69] 
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Table 3.2 Continued The microstructures and the formation-rule parameters, for typical 

and lightweight HEAs reported and newly-designed HEAs. 

Num
ber Alloys 

Densit
y* 

(g·cm−3

) 

Struct
ure 

(%)rδ
 

1

mix
(kJ mol )H −

∆ ⋅
 

1

mix
(kJ mol )S −

∆ ⋅
 

m ( C)T °
 

Ω  φ Φ Φf Refs. 

19 AlNbTiV 5.59 BCC 3.30 −16.25 11.53 1,678.
87 1.38 7.2

2 0.30 0.30 [64] 

21 AlNbTiVZr 5.79 
BCC + 
Laves 

+ Zr2Al 
5.53 −17.44 13.38 1,714.

09 1.52 3.9
1 0.23 0.28 [65] 

22 Al1.5NbTiVZr 5.55 
BCC + 
Laves 

+ Zr2Al 
5.32 −21.55 13.25 1,618.

31 1.16 1.7
1 0.25 0.27 [65] 

23 CrNbTiZr 6.67 BCC + 
Laves 7.84 −5.00 11.53 1,976.

75 5.19 4.3
1 0.66 0.40 [67] 

24 CrNbTiVZr 6.57 BCC + 
Laves 7.67 −4.64 13.38 1,963.

40 6.45 5.2
4 0.79 0.46 [67] 

25 NbMoCrTiAl 6.57 BCC + 
IM 4.87 −13.60 13.38 1,867.

09 2.11 8.3
2 0.32 0.38 [68] 

26 NbTiVZr 6.52 BCC 6.03 −0.25 11.53 1,977.
50 

103.
76 

7.9
7 1.86 2.64 [67] 

27 NbTiV2Zr 6.34 3 BCCs 6.41 −1.28 11.08 1,964.
00 

19.3
6 

6.4
3 1.88 2.52 [67] 

28 CoCrFeNi** 8.19 FCC 1.03 −3.75 11.53 1,598.
75 5.75 

358
3.3
1 

1.16 1.27 [97] 

29 CoCrFeMnNi*
* 8.04 FCC 0.92 −4.16 13.38 1,528.

20 5.79 34.
68 1.12 1.19 [1] 

30 HfNbTiZr** 8.38 BCC 4.12 2.50 11.53 2,058.
25 

10.7
5 

15.
26 1.95 6.96 [98] 

31 HfNbTaTiZr** 9.94 BCC 4.01 2.72 13.38 2,250.
00 

12.4
1 

16.
90 2.55 8.75 [99] 

32 MoNbTaW** 13.80 BCC 2.27 −6.50 11.53 2,884.
75 5.60 60.

98 1.71 1.08 [93] 

33 MoNbTaVW** 13.63 BCC 3.21 −4.64 13.38 2,689.
80 8.54 41.

17 1.75 1.17 [93] 

* If there are no experimental densities provided, the densities will be calculated using Eq. 

(3.1). 

** Listed for comparison purposes. 
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3.4 Results 

3.4.1 Newly-designed lightweight HEAs 

Figure 3.1 shows the XRD patterns of our newly-designed lightweight 

AlxCrFeMnTiy HEAs. All major phases are identified. For clarity, unknown phases are not 

indexed. The XRD results show that all the alloys exhibit the presence of a BCC structure. 

Besides the fundamental diffraction peaks for the BCC structure, two peaks at about 26° 

and 30° are detected for all the six compositions, and they are identified as the Fe2AlTi-

type L21 structure. The XRD patterns also show the existence of the intermetallic C14 

Laves phase in Al1.5CrFeMnTi (Figure 3.1e) and Al2CrFeMnTi (Figure 3.1f) alloys. In 

addition to BCC and L21 phases, some complex structures are reflected in 

Al3CrFeMnTi0.25 (Figure 3.1c) and Al4CrFeMnTi0.25 (Figure 3.1d), which are identified as 

Al8Cr5-type (cI52, I-43m) and Al58.5Cr10.3Fe31.2-type (hR26, R3m) phases. 

The microstructures of these lightweight HEAs were characterized by SEM, as 

shown in Figure 3.2. Alloys of Al3CrFeMnTi0.25 (Figure 3.2c), Al1.5CrFeMnTi (Figure 

3.2e), and Al2CrFeMnTi (Figure 3.2f) all exhibit multi-phase structures, while 

AlCrFeMnTi0.25 (Figure 3.2a) and Al2CrFeMnTi0.25 (Figure 3.2b) present a main BCC 

structure. It is worth noting that the SEM micrograph does not show enough phase 

contrast between phases in the microstructure of Al4CrFeMnTi0.25 (Figure 3.2d), although 

multiple phases are detected, using XRD (Figure 3.1d). The black dots appearing on the 

SEM images are defects produced during the casting process. Since one main purpose of 

the experimental part provided here is to provide more available experimental data to 

assess the phase-formation rules, the evidence showing single-phase or multi-phase  
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Figure 3.1 XRD patterns of a series of newly-designed lightweight HEAs: (a) 

Al1.0CrFeMnTi0.25; (b) Al2.0CrFeMnTi0.25; (c) Al3.0CrFeMnTi0.25; (d) Al4.0CrFeMnTi0.25; (e) 

Al1.5CrFeMnTi; and (f) Al2.0CrFeMnTi. 
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Figure 3.2 SEM images of a series of newly-designed lightweight HEAs. (a) 

Al1.0CrFeMnTi0.25; (b) Al2.0CrFeMnTi0.25; (c) Al3.0CrFeMnTi0.25; (d) Al4.0CrFeMnTi0.25; (e) 

Al1.5CrFeMnTi; and (f) Al2.0CrFeMnTi. (GBs represent grain boundaries) 
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structure is sufficient in this study. 

3.4.2 Criteria based on ΔHmix, δr, and Ω 

As previously reported, in order to form disordered solid solutions in the as-cast 

HEAs, the enthalpy of mixing and atomic-radius difference rules suggested that -15 

kJ∙mol-1 < ΔHmix < 5 kJ∙mol-1  and 0 < δr < 5% [35]. For the Ω parameter, solid solutions 

will form in the range of Ω ≥ 1.1 and δr < 6.6% [70]. The relationship among the three 

parameters is plotted in two maps, as shown in Figures 3.3a, b. In Figure 3.3, the “SS + 

IM” symbol refers to the alloys showing multi-phase structure (i.e., solid-solution and 

intermetallic phases) listed in Table 3.2 The “SS (Lightweight HEAs)” symbol represents 

those lightweight HEAs forming single-phase solid solutions. The “SS (Classic HEAs)” 

symbol stands for those selected classic HEAs (Table 3.2) with single-phase solid 

solutions. Moreover, each composition symbol in Figure 3.3 (and Figures 3.4-3.7) is 

marked with a number, which has the one-to-one correspondence with the composition’s 

number listed in Table 3.2. The shaded area in yellow color refers to the region where the 

vast majority of the compositions form a single solid solution, whereas the shaded area in 

blue color refers to the region where the vast majority of the compositions form “SS + IM.” 

Note all the symbols and the shading color scheme in the following maps in Figures 3.4-

3.7 have the same meaning. Figure 3.3a shows the relationship between the enthalpy of 

mixing (ΔHmix) and atomic-radius difference (δr) for a series of previously-developed, 

classic and lightweight HEAs. The single-phase classic and lightweight HEAs are located 

in a range of -16.25 kJ∙mol-1 < ΔHmix < 5 kJ∙mol-1  and 0 < δr < 6.6%. 
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Figure 3.3 Plots of (a) ΔHmix and (b) Ω versus δr for a series of the developed classic 

HEAs and lightweight HEAs (each composition symbol shown in Figures 3.3-3.7 is 

marked with the same composition’s number shown in Table 3.2). 
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The Ω - δr  relation presented in Figure 3.3b shows that all the single-phase solid-

solution HEAs in this study fall into the suggested “yellow” range of Ω ≥ 1.1 and δr < 

6.6%. However, many multi-phase HEAs are also located in the range of 4.7% < δr < 6.6%. 

In fact, it can be clearly seen that a stricter criterion (Ω ≥ 1.1 and δr < 4.7%) exists, 

compared with the reported criterion (Ω ≥ 1.1 and δr < 6.6%) [70], which separates the 

single-phase solid solutions from multi-phases structures in HEAs. In addition, two 

exceptional lightweight HEAs having δr larger than 4.7% are Al20Li20Mg10Sc20Ti30 and 

NbTiVZr [7, 13]. Note that the Al20Li20Mg10Sc20Ti30 alloy [7] was produced by the 

mechanical-alloying method. Thus, the as-synthesized alloy may be far away from its 

thermodynamic equilibrium, and large internal strains will inevitably be introduced into 

the alloys after mechanical-alloying. Therefore, this criterion may not be applicable to this 

alloy. The NbTiVZr alloy [69] has δr = 6.03%, but its Ω = 103.76 is the largest among all 

the HEAs in this study (Table 3.2). The results shown in Figure 3.3 demonstrate that: (1) 

the δr parameter is superior to ΔHmix or Ω; and (2) the critical δr value lies in a range of 4.7% 

- 6.6%, depending on alloy compositions.  

3.4.3 Criteria based on ϕ, Φ, and Φf 

To integrate the effects of thermodynamics and atomic packing on the phase 

formation, the single thermodynamic parameter (ϕ) [73] for selected classic HEAs and 

lightweight HEAs was calculated. Then, plots of ϕ against ΔHmix, δr, and Ω are presented 

in Figure 3.4 to look into the potential criteria through combing these parameters. It can be 

clearly seen that there is a clear boundary separating the region of solid solutions  
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Figure 3.4 The variation of the single-parameter, ϕ, with respect to (a) ΔHmix, (b) δr, and 

(c) Ω. 
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(in yellow color) from the region of solid solutions + intermetallics (in blue color) based 

on the ϕ values. The critical, ϕc, which is used to separate the two regions, is about 7, 

while in Ref. [73], this value is about 20. This trend implies that the values of ϕ in 

lightweight HEAs are somewhat smaller than those classic HEAs. This trend is mainly 

related to the fact that the lightweight HEAs usually have more negative ΔHmix, which 

results in the decrease of ϕ [see Eq. (3.6)]. Even so, it can be hypothesized that the 

thermodynamic parameter, ϕ, is still somewhat effective to distinguish the region of solid 

solutions and that of solid solutions + intermetallics, which is helpful for the design of 

new lightweight HEAs.  

The hypothesis for the parameters, Φ and Φf, is that the phase stability of an HEA 

is decided by the competition in the Gibbs-free energies between the solid solution and 

intermetallic phases at constant temperature and pressure. This hypothesis makes it 

possible to perform computer screening for single-phase solid solutions in a system of an 

arbitrary number of components. To examine the effectiveness of both parameters with the 

same physical meaning but different models in the present study, the relations between Φ 

and Φf with respect to ΔHmix, δr, and Ω for all alloys listed in Table 3.2 are illustrated in 

Figures 3.5 and 3.6, respectively. Through the observation of these newly-produced plots, 

it is important to study if the combination of different rules would generate meaningful 

results, meanwhile, finding flaws in the currently-reported rules. 

In Figure 3.5 and 3.6, it can be clearly seen that both Φ and Φf criteria ( ≥ 1) fail to 

predict the formation of the lightweight single-phase solid solution (such as AlNbTiV in 

Table 3.2), though they can predict the classic single-phase HEAs successfully. Most of  
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Figure 3.5 The variation of the thermodynamic parameter, Φ, with respect to (a) ΔHmix, (b) 

δr, and (c) Ω. 
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Figure 3.6 The variation of thermodynamic parameter Φf with respect to (a) ΔHmix, (b) δr, 

and (c) Ω. 
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the lightweight single-phase HEAs are located in the “blue” region well below the dashed 

lines, Φ and Φf  = 1, e. g., the calculated Φ and Φf values for single-phase AlNbTiV are 

0.30 (Table 3.2). One exception is the single-phase NbTiVZr [69] alloy, which has Φ and 

Φf values of 1.86 and 2.64 (Table 3.2), respectively, despite its relatively-large δr = 6.03%. 

Conversely, although the NbTiV2Zr alloy also has large Φ and Φf values, it does not form 

the single-phase solid-solution structure, which may result from the larger atomic-radius 

difference (δr = 6.41%). In short, relying on Φ or Φf criterion alone cannot predict the 

formation of lightweight single-phase solid solutions. 

Although the region of solid solutions and region of solid solutions + intermetallics 

cannot be distinguished, using Φ or Φf values ( ≥ 1) alone, the combination of Φ or Φf with 

the atomic-radius difference, δr appears to be the more effective criteria than with ΔHmix, 

or Ω, as demonstrated in Figures 3.5 and 3.6. In other words, when Φ or Φf is less than 1, 

the single-phase solid solutions may still form if the atomic-radius difference is 

sufficiently small (In this study, δr should be less than the 4.7%). On the other hand, even 

if δr is larger than 4.7%, large Φ or Φf parameters may still promote forming single-phase 

solid solution, as in the NbTiVZr alloy (Table 3.2). In fact, the formation of single-phase 

solid solutions is the result of the synergy of the thermodynamic factors, atomic-size 

effects, and other factors. Therefore, thermodynamic factors and atomic-size effects must 

be considered together when predicting the phase formation of lightweight HEAs.  

Furthermore, in order to find more meaningful phase-formation criteria by 

combing different rules, Φf versus ϕ, and Φf versus Φ are plotted in Figure 3.7 In Figure 

3.7a, the yellow area represents the region forming single-phase solid solutions, while the 

blue region stands for the area forming single-phase solid solutions plus intermetallic  
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Figure 3.7 Comparison plots of (a) Φf versus φ and (b) Φf versus Φ. 
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phases, and they are separated by the ϕc = 7. In Figure 3.7b, the selected alloys are divided 

to four regions by the dash lines Φf = 1 and Φ =1. In examining the two plots, it is obvious 

that the combinations of the thermodynamic parameters can only correctly predict the 

formation of single-phase solid solutions in classic HEAs, while failing to predict the 

formation of single-phase solid solutions in lightweight HEAs. 

3.4.4 CALPHAD modeling 

As shown in Table 3.3, empirical rules do not always correctly predict the 

formation of single-phase solid solutions, and actually none of them works for all the 

compositions studied. Furthermore, they will not predict the crystal structure of the solid 

solution or compound phase either. In contrast, the CALPHAD method determines the 

Gibbs-free energies of all phases in the system as a function of composition and 

temperature, and, thus, is the ideal tool for predicting the phase formation in multi-

component systems, such as HEAs, provided that the database is sufficiently reliable. 

 
The empirical rules evaluated in this study except the Ω and φ parameters fail for 

single-phase AlNbTiV and AlCr0.5NbTiV alloys. For the single BCC NbTiVZr, the Ω, φ, 

Φ, and Φf  parameters work while the ΔHmix - δr, rule fails. On the other hand, all empirical 

rules work well for AlCrNbTiV, CrNbTiZr, and CrNbTiVZr, except that the Ω - δr  rule 

fails for AlCrNbTiV, and these alloys show a mixture of the BCC solid solution with 

Laves phases. 

To demonstrate the effectiveness in predicting the phase stability for lightweight 

HEAs, the CALPHAD calculations were carried out on selected compositions using the  
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Table 3.3 The effectiveness of the phase-formation prediction for lightweight HEAs using 

the empirical phase-formation rules (√ and × represent successful and unsuccessful 

predictions, respectively). 

Alloys Structure mixH∆  vs. rδ  Ω  vs. rδ  φ   Φ   fΦ  

Al1.5CrFeMnTi BCC + L21 + Laves √ × √ √ √ 
Al2CrFeMnTi BCC + L21 + Laves √ √ √ √ √ 

AlCrFeMnTi0.25 BCC + L21 √ × √ √ √ 
Al2CrFeMnTi0.25 BCC + L21 √ × √ √ √ 
Al3CrFeMnTi0.25 BCC + L21 + Laves √ √ √ √ √ 
Al4CrFeMnTi0.25 BCC + L21 + Laves √ √ √ √ √ 

AlCr0.5NbTiV BCC × √ √ × × 
AlCrNbTiV BCC + Laves √ × √ √ √ 

AlCr1.5NbTiV BCC + Laves √ × √ √ √ 
AlFeMgTiZn BCC + IM √ × √ √ √ 
AlLiMgZnSn FCC + IM √ × √ √ √ 

AlLi0.5MgZn0.5Sn0.2 FCC + IM √ × × √ √ 
AlLi0.5MgZn0.5Cu0.2 FCC + IM √ √ × √ √ 
AlLi0.5MgCu0.5Sn0.2 FCC + IM √ √ √ √ √ 
Al80Li5Mg5Zn5Sn5 FCC + IM × × × √ √ 
Al80Li5Mg5Zn5Cu5 FCC + IM × × × √ √ 

Al20Li20Mg10Sc20Ti30 FCC × √ √ × × 
AlNb0.5Ta0.5Ti1.5Zr0.5 BCC × √ √ × × 

AlNbTiV BCC × √ √ × × 
Al0.5NbTiVZr BCC + Laves + Zr2Al √ √ √ √ √ 
AlNbTiVZr BCC + Laves + Zr2Al √ × √ √ √ 

Al1.5NbTiVZr BCC + Laves + Zr2Al √ × √ √ √ 
CrNbTiZr BCC + Laves √ √ √ √ √ 

CrNbTiVZr BCC + Laves √ √ √ √ √ 
NbMoCrTiAl BCC + IM × × × √ √ 

NbTiVZr BCC × √ √ √ √ 
NbTiV2Zr 3 BCCs √ × √ × × 

Single-phase solid-solution HEAs are highlighted by Italic and bold types.  
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TCNI8 thermodynamic database supplied by ThermoCalcTM (version 2015b, Thermo-

Calc Software, Stockholm, Sweden) [100]. This database covers the complete binaries 

pertaining to elements, Al, Cr, Nb, Ti, V, and Zr, which are important for lightweight 

HEAs. The previous CALPHAD modeling using this database demonstrated good 

agreement with the experimental observations for various refractory BCC HEAs [81, 101-

104]. The reader is referred to several recent publications [76, 104-107] for guidance on 

the CALPHAD modeling of HEAs. The predicted phase stability during solidification for 

these alloys is shown in Figure 3.8. 

 For AlNbTiV at equilibrium (Figure 3.8a), the database correctly predicts the 

formation of the BCC phase over an extremely wide temperature range. The primary BCC 

phase starts to form at T = 1,752 °C; the solidus temperature (Tsol) is 1,717 °C. At the 

decomposition temperature (Tdec) of 679 °C, the primary BCC phase decomposes to a Ti-

poor BCC phase and AlTi3_DO19 phase. The σ phase forms at T ≤ 485 °C. The ratio of 

the temperature range where the primary BCC phase is stable over the solidus temperature, 

namely, (Tsol - Tdec)/Tsol, is 0.52. Gao [34] suggested that a ratio ≥ 0.3 typically favors the 

formation of a single-phase solid solution in the as-cast state. Due to slow diffusivities at 

low temperatures, it is unlikely to observe the BCC decomposition in a normal laboratory 

condition. The non-equilibrium solidification simulation was accomplished, using the 

Scheil-Gulliver models [108, 109], which assume equilibrium mixing in the liquid and no 

diffusion in solids. The simulation also predicts the formation of a single BCC solid-

solution phase, as shown in Figure 3.8d. 
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Figure 3.8 Predicted phase formation in (a, d) AlNbTiV; (b, e) NbTiVZr; (c, f) 

AlCr0.5NbTiV; (g) AlCrNbTiV; (h) CrNbTiZr; and (i) CrNbTiVZr using the TCNI8 

database. The non-equilibrium solidification for plots (d-f) are generated using the Scheil 

model [105]. 
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For AlCr0.5NbTiV (Figure 3.8c), the database predicts that the BCC phase forms at 

T ≤ 1,739 °C; the solidus temperature is 1,734 °C. The C14 Laves phase forms in a narrow 

temperature range (765-819 °C). The σ phase forms at T ≤ 782 °C. As the temperature 

decreases, the BCC phase decomposes to the BCC#1 phase that is poor in Nb and Ti 

(593–765 °C), and then to the BCC#2 phase that is very rich in V but poor in Cr and Nb at 

T ≤ 593 °C. The AlTi3_DO19 phase forms at 593 °C. The calculated ratio of (Tsol − 

Tdec)/Tsol is 0.46. The Scheil simulation also predicts the formation of a single BCC phase 

(Figure 3.8f). Using the true bulk composition reported by Stepanov et al. [24], the 

equilibration calculation predicts that the C14 Laves phase forms at T = 739-883 °C; and 

the solidus is 1,724 °C. In fact, Stepanov et al. observed the formation of a single BCC 

phase when homogenized at 1,200 °C and the C14 Laves when annealed at 800 °C, which 

is in agreement with the predictions shown in Figure 3.8c. 

For AlCrNbTiV (Figure 3.8g), the calculated liquids temperature from the 

database is 1730 °C; the solid temperature is 1726 °C. The primary BCC phase 

decomposes to the BCC#1 phase and C14 Laves phase at T ≤ 1206 °C. AlTi3_DO19 

forms at T ≤ 563 °C, and the σ phase forms at 712 °C. The calculated ratio of (Tsol - 

Tdec)/Tsol is 0.26. Using the true bulk composition reported in Reference [24], the 

equilibration calculation predicts that the C14 laves phase starts to form at 1,292 °C; the 

solid temperature is at 1,722 °C. In fact, Stepanov et al. [24] observed the formation of the 

C14 Laves phase in the homogenized state (i.e., at 1,200 °C) and for annealed states at 800 

°C and 1,000 °C. These results generally agree with the predictions shown in Figure 3.8g. 
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For CrNbTiZr (Figure 3.8h), the database predicts that the primary phase is a Nb-

rich BCC phase. As the temperature deceases, the Nb content in the BCC phase decreases, 

while the Ti content increases. At T ≤ 680 °C, the Ti-rich BCC#1 phase and Nb-rich 

BCC#2 phase form. The C15 Laves phase forms at T ≤ 1384 °C. For CrNbTiVZr (Figure 

3.8i), the primary crystallization phase is a BCC phase that has less Zr and Cr than Nb, V, 

and Ti, but the Zr and Cr contents continuously increase as the temperature deceases. The 

C15 Laves phase forms at T ≤ 1,297 °C. For both alloys, the predicted stable phases agree 

well with experiments [67].  

In summary, the present CALPHAD calculations using the TCNI8 database 

successfully predict the formation of a single BCC phase in AlNbTiV, NbTiVZr, and 

AlCr0.5NbTiV, while most empirical rules fail (Table 3.3). On the other hand, the 

CALPHAD-predicted crystal structures of intermetallics that form in AlCrNbTiV, 

CrNbTiZr, and CrNbTiVZr during solidification also agree very well with experiments 

[24, 67]. However, caution should be noted that the database does not cover 

thermodynamic descriptions for all constituent ternaries (except the Al-Cr-Ti system) of 

the Al-Cr-Nb-Ti-V-Zr system. Therefore, the predicted results shown in Figures 3.8 and 

3.9 are subject to future improvement upon the inclusion of thermodynamic descriptions 

for all constituent ternaries as well as further optimization with respect to the experimental 

data wherever available.  
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3.5 Discussions 

3.5.1 Thermodynamic mixing properties of Al-Cr-Nb-Ti-V and Cr-Nb-Ti-V-Zr systems 

In order to lower the density below 7.0 g/cm3, additions of Al and/or Ti are 

required for single-phase lightweight HEAs, but excess additions of these elements may 

cause the formation of brittle intermetallic compounds. Even for the single-phase 

AlNbTiV, little tensile ductility is expected, since its compressive fracture strain is very 

small at room temperature (RT) [64]. It is intuitively expected that the formation of strong 

covalent bonds in a solid solution, which should be reflected in the enthalpy, may cause 

the embrittlement seen in the alloy. As a consequence, one natural question arises: How 

do the thermodynamic properties evolve with their additions? Furthermore, as shown in 

Table 3.3, those developed-empirical rules basically fail for Al-containing single-phase 

HEAs, but why?  

This subsection attempts to answer these questions by first examining the 

underlying thermodynamic properties of the BCC phase for selected alloy systems, using 

the CALPHAD method. To eliminate the effect from the pure elements, only the 

thermodynamic-mixing properties are presented by setting the reference state to the BCC 

phase at the temperature of interest. The mixing properties of the Al-Cr-Nb-Ti-V system 

at 1,000 °C are shown in Figures 3.9a-c and Figures 3.9d-f for varying compositions in 

binaries and pseudo-binaries with respect to Ti and Al, respectively.  

For AlTix, AlVTix, AlNbVTix, and AlCrNbVTix alloys (Figure 3.9a), the total 

entropies of mixing ( BCC
mixS∆ ) fall well below the respective ideal configurational entropies. 

Thus, these systems exhibit significant negative excess entropy ( BCC
mix

ex S ) for the BCC phase.  
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Figure 3.9 Calculated thermodynamic mixing properties of the BCC phase at 1,000 °C: 

(a-c) AlTix, AlVTix, AlNbVTix, and AlCrNbVTix; (d-f) NbAlx, NbTiAlx, NbTiVAlx, and 

CrNbTiVAlx; (g-i) CrTix, CrVTix, CrNbVTix, and CrNbVZrTix pseudo-binaries using the 

TCNI8 database. BCC
mixΔS , BCC

mixΔH , and BCC
mixΔG  are the entropy of mixing, enthalpy of mixing, 

and Gibbs-free energy of mixing for the BCC solid-solution phase , respectively. The 

reference state is the BCC phase at 1,000 °C. The dashed curves in (a), (d), and (g) are the 

ideal configurational entropies. 
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The excess entropy ( mix
ex Sφ ) of a solution phase (ϕ) is defined by the difference between the 

total entropy of mixing ( mixSφ∆ ) and the ideal configurational entropy, as determined in Eq. 

3.9:  

mix mix lnex
i i

i
S S R c cφ φ= ∆ + ∑      (3.9) 

Similarly, the significant negative excess entropy is also observed for NbAlx, 

NbTiAlx, NbTiVAlx, and CrNbTiVAlx alloys (except compositions close to the “terminals” 

in CrNbTiVAlx and NbTiVAlx, see Figure 3.9d). Also, the compositions with the 

maximum entropy of mixing deviate substantially from their equimolar compositions (see 

Figure 3.9d). Note that the BCC
mixΔS  values are negative for nearly the entire compositional 

ranges for both Al-Ti and Al-Nb binaries (Figures 3.9a,d), suggesting that another entropy 

source, such as the vibrational entropy of mixing, may be extremely negative and 

dominate the total entropy of mixing.  

The enthalpies of mixing ( BCC
mixΔH ) (see Figures 3.9b,e) at the equimolar 

compositions are very large negative values, and, thus, they contribute significantly to the 

Gibbs-free energies, as shown in Figures 3.9c,f (Since ΔGmix = ΔHmix - TΔSmix). It is 

noteworthy that for those M-Ti binaries and pseudo-binaries, the lowest BCC
mixΔH  (-32 

kJ/mol) occurs at 50 at.% Ti in the Al-Ti binary system, but the value for each system 

becomes less negative quickly with increasing the number of components (Figure 3.9b). In 

contrast, for those M-Al binary and pseudo-binaries (see Figure 3.9e), the lowest BCC
mixΔH  

for each system occurs in the vicinity of 50 at.% Al, due to the strong ordering tendency to 

form the CsCl-type B2 phase. 
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To differentiate the effects of Al and Ti additions, the thermodynamic-mixing 

properties of the Cr-Nb-Ti-V-Zr system are shown in Figures 3.9g-i. It is clear that the 

absence of Al boosts BCC
mixΔS  substantially (if one compares Figure 3.9g to Figures 3.9a,d). 

BCC
mixΔS for the Cr-Ti binary behaves almost like the ideal entropy of mixing, while the 

CrNbVZrTix pseudo-binary exhibits the small negative excess entropy of mixing, since its 

total entropy of mixing is smaller than the ideal configurational entropy. Note that the 

CrVTix and CrNbVTix alloys actually exhibit the positive excess entropy, since their total 

entropies of mixing are greater than their ideal configurational entropies. BCC
mixΔH  (Figure 

3.9h) are positive except Ti-poor compositions for the CrVTix alloys, implying repulsive 

interatomic interactions among these refractory metal elements. In this case, the entropy 

outweighs the enthalpy in the contribution to the Gibbs free energy (Figure 3.9i). 

3.5.2 Common issues of empirical rules 

The empirical rules proposed for the solid-solution HEAs are based on Hume-

Rothery rules, thermodynamics, or their combination, and they are established, based on 

the available experimental data reported in the literature, which includes three main 

categories of the single-phase solid solution, solid solution + intermetallics, and metallic 

glasses. As the new experimental data emerge, it is not surprising to see that those rules 

may fail for certain compositions. Because most critical values that are proposed in those 

empirical rules are not scientifically derived. Rather, they are statistically determined 

based on the available experimental data. For example, the threshold value of the ϕ 

parameter was originally proposed to be 20, but it is identified to be 7 for lightweight 

HEAs in the present study. Similarly, the critical δr is identified to be ≤ 4.7%, and ΔHmix ≥ 
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-16.25 kJ∙mol-1. A similar phenomenon was also observed for the valence electron 

concentration (VEC). As reported, FCC phases are found to be stable at higher VEC ( > 8) 

and instead BCC phases are stable at lower VEC (< 6.87) [71]. However, in lightweight 

HEAs, although VECs for all the listed lightweight HEAs are smaller than 6, most 

lightweight HEAs do not present the stable single-phase BCC structure. In other words, 

these threshold values (e.g., ϕ, δr, VEC, etc.) are sensitive to alloy systems and 

compositions, and, therefore, can be a range rather than a fixed value. 

Furthermore, the HEA community has used the empirical enthalpy data for liquids, 

based on the Miedema model [91] to describe the interatomic interactions in the solid-

solution HEAs. This out-of-convenience approach may work in certain cases, but in 

general, it should be avoided if possible. In fact, a prior study by Gao et al. [81] showed 

that: “both the sign and absolute value of BCC
mixΔH  are not necessarily in accord with mixΔ liqH : 

For example, nine alloys exhibit opposite sign while seven alloys show the significant 

contrast in their absolute values.” Furthermore, the accuracy of the liquid enthalpy data 

from the Miedema model is questionable for certain alloy systems. 

In order to address the enthalpy contribution for a multi-component solid solution 

phase, King et al. [74] first proposed to approximate it as the composition weighted sum 

of the enthalpy of formation of the constituent binary concentrated solid solution based on 

the Miedema model. However, this approach does not consider the crystal structure of the 

solid solution phase, and its robustness requires verification with experimental 

measurements, CALPHAD modeling, and/or DFT calculations.  

In general, the enthalpy of mixing of a solid solution is sensitive to the crystal 

structure, and the value may vary among FCC, BCC, and HCP structures. As proposed in 
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a recent study [80], the enthalpy of formation (ΔHf) of solid-solution HEAs with the FCC, 

BCC, and HCP structures should be used to establish the ΔHf - δr relation. For the 

enthalpy of the formation of single-phase HEAs, readers are referred to recent first-

principles density functional calculations [80, 89, 90, 110], since the experimental 

enthalpy data for HEAs are not available in the literature. 

Φ and Φf are designed intentionally to illustrate the thermodynamic competition 

between the solid-solution and intermetallic phases. While the solid-solution phase 

contains all the principal elements for both models, the intermetallics is represented by the 

most stable binary compound. Furthermore, both models ignore the entropy of 

intermetallic compounds, and Φf also ignore the mixing of enthalpy for solid solutions, 

which have been pointed out by Senkov and Miracle [111]. Consequently, both models 

have thermodynamic flaws, since the phase stability of a multi-component alloy is not 

determined by the simple comparison of the Gibbs-free energy in a solid solution without 

specifying the crystal structure with that of a hypothetical or binary compound phase; 

rather, it is determined by the equilibrium condition that the chemical potential of each 

component should be equal in all phases. In fact, the simple comparison of the Gibbs-free 

energy among phases is only valid for the unary system when to determine phase 

equilibria.  

Also, ignoring the enthalpy contribution of the solid-solution phase, as exercised 

by Troparevsky et al. [72], can severely underestimate the Gibbs-free energy of certain 

solid-solution phases if the interatomic interactions among constituent elements are very 

strong, as evidenced in AlCrNbVTix (see Figure 3.9b) and CrNbTiVAlx (see Figure 3.9e). 

The present CALPHAD modeling predicts BCC
mixΔH  to be -32, -26, -24, -22, -18, and -12 
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kJ/mol for AlTi, AlNb, AlNbTi, AlTiV, AlNbTiV, and AlCrNbTiV, respectively, at 1,000 

°C. On the other hand, the enthalpies of formation for solid-solution phases and 

intermetallics estimated from the Miedema model may suffer from the inaccuracy issue. 

Furthermore, using the most stable binary compound to represent the competing 

intermetallic phase in a multi-component system may overestimate its thermodynamic 

stability. The combined consequence is that these models will underestimate the likely 

compositions that may form single-phase solid solutions. For example, forming a single 

BCC-phase in AlNbTiV was predicted by CALPHAD modeling (Figure 3.8a,d), and was 

experimentally verified [64], but Φ and Φf parameters as well as the ΔHf - δr relation fail 

to predict the formation of a single solid-solution phase. Nonetheless, the calculated Φ and 

Φf values generally show remarkable similarity for alloys listed in Table 3.2 except certain 

compositions that contain Al and Mg and/or Li, and those that contain Hf. The similarity 

between Φ and Φf shown in Table 3.2 can be understood, through the ratio 

 
DFT DFT

mix m mix mix

ann mix ann mix
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ss ss

f f
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where Φ and Φf can be obtained from Eqs (3.7) and (3.8).  
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can be found from the calculated corresponding parameters, which lead to the ratio of 

1
f

Φ
≈

Φ
. The special ratio between Mid

fH∆  and DFT
fHD  among those alloys may be attributed 

to the intrinsic connection between the Mediema model and DFT calculations. 
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Lastly, for the Al-containing HEAs, the actual entropy of mixing can be 

substantially depressed due to strong interatomic interactions between Al and TMs. For 

example, the calculated ΔSmix are -4, -2, +2, +3, +6, and +10 J/(mol·K) for AlTi, AlNb, 

AlNbTi, AlTiV, AlNbTiV, and AlCrNbTiV, respectively; they are well below the 

corresponding ideal configurational entropy (Figures 3.9a,d), especially for the binary and 

ternary alloys. The much lowered entropy for the Al-containing HEAs may contribute to 

the additional uncertainty when predicting the solid-solution formation, using those 

empirical rules. 

3.5.3 Perspectives of future design of lightweight HEAs 

As demonstrated in the present and other studies, the CALPHAD method is the 

ideal approach to predict the phase stability in multi-component systems, such as HEAs. 

The main limitation of CALPHAD is the reliability of the thermodynamic database. A 

robust self-consistent database for HEAs requires the optimization of all constituent 

binaries and ternaries over the entire composition and temperature ranges. When such a 

database is not available, reliance on empirical rules, phase-diagram inspections, and 

density functional theory (DFT) modeling may be necessary. In fact, Gao et al. [80] has 

demonstrated an effective approach that combines the phase-diagram inspection, 

CALPHAD modeling, first-principles DFT calculations, and ab initio molecular dynamics 

simulations, and suggested hundreds of new single-phase equimolar HEA compositions. 

For example, Gao suggested quaternary and higher-order equimolar compositions in the 

Dy-Er-Gd-Ho-Lu-Sc-Sm-Tb-Tm-Y system, Ba-Ca-Eu-Sr-Yb system, Mo-Nb-Ta-Ti-V-W 

system, and Mo-Nb-Re-Ta-Ti-V-W system [80].  
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Strong attractive interactions between Al and TMs, and between Ti and late TMs 

(such as Mn, Fe, Co, and Ni) cause the formation of very stable intermetallic compounds, 

and, thus, the formation of single-phase HEAs that contain Al and/or Ti in high contents is 

difficult. Therefore, the total number of single-phase lightweight HEAs is very limited, 

and their densities are generally above 5.5 g/cm3 (see Table 3.2). On the other hand, for 

practical applications, the alloy compositions do not need to be equimolar or near-

equimolar ratios, and most importantly, multi-phase microstructures are usually desirable 

to balance various materials properties, especially the excellent combination of strength 

and ductility. Therefore, from the application point of view, a rational approach for the 

future design of lightweight HEAs with a density less than 5.0 g/cm3 can be described 

below:  

(1) Identify the main alloying elements in addition to the dominant principal 

element (such as Ti, Al, or Mg), based on the target-properties requirement. 

(2) Use the high-entropy concept to adjust the bulk composition so as to 

maximize the solubility of key strengthening (or ductilizing, anti-oxidation, 

etc.) alloying elements. 

(3) Predict phase stability using the CALPHAD method, DFT modeling, 

and/or empirical criteria, and design processing and heat-treatment routes 

to optimize the microstructure.  

(4) Fabricate the down-selected alloys and characterize their microstructures 

and mechanical (and other) properties. 

(5) Refine alloy design by repeating the above procedures. 
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3.6 Conclusions 

The present study investigated the phase formation in AlxCrFeMnTiy, assessed 

various empirical rules pertaining to lightweight HEAs, and carried out CALPHAD 

modeling on Al-Cr-Nb-Ti-V and Cr-Nb-Ti-V-Zr systems. The following conclusions were 

reached: 

(1) Empirical rules are not conclusive in predicting the solid-solution formation, and 

they are susceptible to the alloy systems and compositions that are assessed. As new 

experimental data emerge, these rules are subject to reevaluation. Consequently, the 

proposed threshold values pertaining to those empirical rules are sensitive to alloy systems 

and compositions, and can fluctuate within a range of values. For lightweight HEAs, the 

following criteria have been identified: ϕc ≥ 7, δr ≤ 4.7%, and ΔHmix ≥ -16.25 kJ∙mol-1 

(2) The combination of Φ or Φf with δr appears to be more effective criteria than with 

ΔHmix or Ω to differentiate SS from SS + IM. 

(3) For certain HEAs with strong interatomic interactions among constituent elements, 

such as Al-containing HEAs, empirical rules may severely underestimate the free energies 

of the solid-solution phases by ignoring the enthalpy contribution of the solid-solution 

phase.  

(4) The present CALPHAD modeling using the TCNI8 database successfully predicts 

the single BCC phase in AlNbTiV, Al0.5NbTiV, and NbTiVZr, while most empirical rules 

fail to do so.  

(5) The calculated entropies of mixing ( BCC
mixS∆ ) for the BCC phase at 1,000 °C are -4, -

2, +2, +3, +6, and +10 J/(mol·K) for AlTi, AlNb, AlNbTi, AlTiV, AlNbTiV, and 
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AlCrNbTiV, respectively; they are well below the corresponding ideal configurational 

entropy, especially for the binary and ternary alloys. Therefore, these systems exhibit the 

noticeable negative excess entropy with the BCC structure.  

(6) The present CALPHAD modeling predicts that the enthalpies of mixing ( BCC
mixH∆ ) 

for the BCC phase at 1,000 °C are -32, -26, -24, -22, -18, and -12 kJ/mol for AlTi, AlNb, 

AlNbTi, AlTiV, AlNbTiV, and AlCrNbTiV, respectively. 

(7) Forming Al-containing equimolar lightweight HEAs with a density less than 5.5 

g/cm3 is very challenging due to very attractive interatomic interactions between Al and 

TMs. As such, future efforts could be shifted towards Al-rich (or Ti-rich, or Mg-rich) 

alloys that contain large amounts of desirable solute elements, which may dissolve in the 

solution and/or promote the formation of beneficial precipitates, taking advantage of the 

high-entropy concept.  
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CHAPTER IV 

PHASE STABILITY AND TRANSFORMATION BEHAVIORS OF A 

LIGHTWEIGHT HIGH-ENTROPY ALLOY 

4.1 Introduction 

Recently, HEAs have shown interesting potential due to their unique nature and 

potential outstanding physical and mechanical properties [1-4, 7, 13-15, 30, 35, 112-114], 

which offer a vast alloy-design space for exploring advanced lightweight alloys. Based on 

the concept of HEAs, several lightweight HEAs have been designed by rationally-

selecting low-density elements [22-25]. However, most current published work of 

lightweight HEAs only report the phase/microstructure of the HEAs and a limited set of 

mechanical properties [23-25]. To date, little work has been made on a systematic study of 

the phase stability and transformation behavior for HEAs of this type, and, consequently, 

guidance for future development of lightweight HEAs is very much lacking in 

fundamental principles and design potential. The underlying phase stability and 

transformation behaviors in lightweight HEAs are key factors that impact mechanical 

properties. Nevertheless, the compositionally-complex lightweight HEAs challenge the 

fundamental understanding of the phase stability and transformation behaviors [36], due to 

the complicated elemental-diffusion and atomic-bonding environments in HEAs [115] and 

strong interatomic interactions between Al/Ti and transition metals [22]. Therefore, to 

achieve desirable mechanical properties, it is key that phase stability and transformation 

behaviors are understood for the future successful development of lightweight HEAs.   
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Motivated by the above concerns, a new low-cost, lightweight Al1.5CrFeMnTi 

HEA (ρ = 5.31 g/cm3) was designed. Investigation of phase stability and transformation 

behaviors of this alloy at intermediate temperatures (750 ~ 850 °C) is the primary 

objective. The design rationale for this alloy was to lower the density through the addition 

of Al and Ti, and to reduce the alloy cost, using inexpensive constituent elements like Fe, 

Mn, and Cr, rather than the more expensive elements like Ni and Co. Moreover, the 

additions of Al and Cr were critically necessary for the high-temperature oxidation 

resistance, while additions of Mn and Fe enhanced solid-solution strengthening.  

The main goal of the present work is to design a lightweight HEA with a 

microstructure that resembles the classic γ/γ′ microstructure found in Ni-based superalloys 

[21]. It has been shown that the Fe-Al-Ti alloy system can form a BCC and L21 

aligned/coherent two-phase microstructure analogous to the γ/γ′ coherent microstructure in 

Ni-based superalloys [116, 117]. Furthermore, the previous research suggests that L21 has 

the greater creep resistance than B2 and L12 phases because of the limited slip systems 

available in the alloy [118-120]. Hence, the newly-designed HEA will target to achieve 

similar BCC and L21 coherent microstructures through selecting elements of Fe, Al, and 

Ti.  

The Al1.5CrFeMnTi alloy is composed of BCC, L21, and C14-Laves phases, where 

the L21 phase is coherently distributed within the BCC phase in the as-cast state. During 

high-temperature service, the morphology, size, coherency, and spatial arrangement of the 

L21 precipitates will inevitably evolve due to growth, coarsening, and/or phase 

transformations. In addition, the amount of the C14-Laves phase within the microstructure 

needs to be controlled for optimal mechanical properties. Therefore, the primary 



56 
 

objectives of this study are to (1) investigate the thermodynamic stability of the Al-Cr-Fe-

Mn-Ti quinary system by conducting focused experiments, and combining with 

CALPHAD modeling and first-principles simulations; (2) study the precipitation behavior 

of the L21 phase with respect to the nucleation, morphology, size, coherency, and spatial 

distribution; and (3) probe the atomic structure and diffusivities of the liquid using ab 

initio molecular dynamics (AIMD) in relation to the observed as-solidified microstructure. 

The fundamental understanding of the phase stability and transformations of the 

Al1.5CrFeMnTi alloy will provide the pertinent alloy-design guidance for developing 

future lightweight HEAs. 

4.2 Materials and Methods 

4.2.1 Sample preparation and hardness test 

The Al1.5CrFeMnTi alloy used in this investigation was fabricated by arc-melting 

the constituent elements [purity > 99.9 wt.% (weight percent)], and then drop casting into 

a water-cooled copper hearth. To achieve a homogeneous distribution of elements in the 

alloy, the melting and solidification processes were repeated five times. Annealing 

temperatures, 750, 850 °C, 1,000 °C, and 1,200 °C, were chosen to study the phase 

stability and transformation behaviors in this alloy. Each as-cast specimen was sealed in 

an evacuated quartz capsule and annealed at 750, 850 °C, and 1,200 °C for 168 hours (h) 

(except for the 1,000 °C for 504 h). The annealed samples were water quenched quickly to 

preserve the equilibrium states.  

Vickers microhardness was performed in the BCC + L21 two-phase region of the 

as-cast HEA using a BUEHLER MICROMET 2101 microhardness tester. The testing load 
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was 10 g, and the holding time was 15 s. Measurements were repeated eight times at 

different regions. 

4.2.2 Microscopy, diffraction, and atom-probe tomography 

The microstructures were investigated, using SEM, electron-backscattering 

diffraction (EBSD), energy-dispersive spectroscopy (EDS), and transmission-electron 

microscopy (TEM) techniques. The crystal structures were identified by the synchrotron 

XRD on the 11-ID-C beam line at the Advanced Photon Source (APS), Argonne National 

Laboratory. The bulk specimens were 1 mm thick, measured by a beam energy of 111 keV 

with a beam size of 0.5 x 0.5 mm. The phase evolution at different temperatures was 

detected by neutron diffraction, at the Nanoscale-Ordered Materials Diffractometer 

(NOMAD), Oak Ridge National Laboratory, the Spallation Neutron Source (ORNL, SNS). 

The neutron-diffraction experiments were conducted over a wide temperature range from 

room temperature to 1,400 °C on NOMAD, using an aerodynamic levitator [115, 121, 

122]. Each temperature was held for 5 minutes. The microstructure was characterized, by 

SEM, using a LEO Gemini 1525 field-emission scanning-electron microscope equipped 

with the backscattering electron (BSE) detector and EDS. The TEM imaging was 

performed on ZEISS LIBRA 200 HT FE MC coupled with EDS. The SEM specimens 

were initially polished to mirror finish using the 1,200-grit SiC paper and, subsequently, 

vibratorily polished, using the 0.05 μm SiC suspension for the final surface clarification. 

Thin foils converted into 3 mm diameter disks for TEM observations were prepared by ion 

milling using 3 kV Ar ions and an incident angle of ± 4°. The TEM specimens were 

cooled by liquid N2 during ion milling.  
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Sharp-tip specimens for atom-probe tomography (APT) were made, using a FEI 

Nova 200 focused ion beam (FIB) [123, 124]. The APT measurements were performed, 

employing a local electrode atom probe (LEAP 4000X HR, CAMECA Instruments, USA) 

[125]. The APT acquisition temperature was set at 50 K. The pulse frequency and fraction 

were 200 kHz and 20%, respectively. The APT data was reconstructed and analyzed, 

using the IVAS 3.6.12 software provided by CAMECA Instruments. 

4.2.3 CALPHAD modeling 

Thermodynamic calculations were carried out, using the PandatTM [126] software 

and PanHEA database developed by the Computherm, LLC. Its simple idea is based on 

the thermodynamic law that a system with a given composition, temperature, and pressure 

attains the state of the lowest Gibbs energy under these given conditions. The most 

important advantage of the CALPHAD method is to predict the higher-order phase 

diagrams via the extrapolation from its constituent lower-order systems, such as binary 

and ternary systems. This method has been successfully employed in the design and 

processing control of HEAs [107]. The application of the CALPHAD method requires 

both the computational software and thermodynamic database. Unlike the traditional 

thermodynamic database focusing on the regions of one or two major components, the 

HEA thermodynamic database needs to cover almost the entire compositional space of a 

multi-component system.  
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4.2.4 AIMD simulation 

AIMD simulations of the liquid structure at 1,873 K (1,600 °C), 2,073 K (1,800 

°C), and 2,273 K (2,000 °C) were performed, using the Vienna Ab Initio Simulation 

Package (VASP) [127, 128], a plane-wave pseudo-potential software, in a canonical 

ensemble (i.e., a constant mole, volume, and temperature). Projector augmented-wave 

(PAW) potentials [129] and the revised Perdew-Burke-Ernzerhof (PBE) [130] gradient 

approximation to the exchange-correlation functional were used. Newton’s equations of 

motion were integrated, using the Verlet algorithm [131] with a time step of 1 fs, and the 

atomic-configuration relaxation and temperature were controlled by a Nose thermostat 

[132]. A cubic supercell of 196 atoms was built, and the liquid density was determined by 

adjusting the cell volume so that the pressure was zero at equilibrium. The simulations 

were performed at the Γ point only, and the electronic-energy-convergence criterion was 

set to 1 × 10-4 eV/atom at the default plane-wave cutoff energy of 275 eV for a total 

simulation time of 60 ps.  

4.2.5 DFT calculations at zero temperature 

The total-energy calculations at zero temperature were carried out on selected 

binary, ternary, and quaternary L21 and C14 phases to analyze the trend of the alloying 

element substitution. The PAW potentials [129] and the PBE [130, 133] gradient 

approximation for the exchange-correlation functional were used. The Brillouin-zone 

integrations were performed, using the Monkhorst-Pack k-point meshes [134]. A smearing 

parameter of 0.2 eV was chosen for the Methfessel-Paxton [135] technique. The plane-

wave energy cutoff is held constant at 300 eV. All structures in the non-magnetic state 
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(i.e., without considering spin polarization) were optimized first, and then were re-

optimized, considering the collinear spin polarization (i.e., using ferromagnetic and anti-

ferromagnetic spin configurations as the initial input, respectively). Both lattice 

parameters and atomic coordinates were fully relaxed under zero pressure until the energy 

convergence reached 1 meV/atom. The configuration that resulted in the lowest energy 

was used for data analysis. 

 
4.3 Results 

4.3.1 Phase identification and evolution 

The phases in the alloy were examined, using the SEM, EBSD, synchrotron x-ray 

diffraction (XRD), and in-situ neutron scattering. The low-magnification EBSD phase 

maps and high-magnification BSE images of the five conditions (as-cast, annealed at 

750 °C, 850 °C, 1,000 °C, and 1,200 °C) are shown in Figures 4.1a-e. Each condition (i.e., 

as-cast and annealed states) appears to be multi-phase, that is, one BCC-based phase (red 

color) and one C14 phase (green color). As expected, the annealing treatments introduce 

some noticeable changes to the microstructure, compared with the as-cast state. Annealing 

at 750 °C resulted in a larger volume fraction of particles with a significantly-greater size 

(i.e., ~ 500 nm) distributed in the BCC matrix (SEM inset in Figure 4.1b). The formation 

of the C14 phase within the BCC-based phase was observed after annealing at 750 °C and 

850 °C. The amount of the C14 phase decreases, and the BCC-based phase gradually 

becomes the primary phase as the annealing temperature increases, except for at 850 °C 

(Figures 4.1a -e).  
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Figure 4.1 EBSD-phase mappings. (a) the as-cast state, (b) the annealed state at 750 °C 

for 168 h, (c) the annealed state at 850 °C for 168 h, (d) the annealed state at 1,000 °C for 

504 h, and (e) the annealed state at 1,200 °C for 168 h (the red and blue regions represent 

the BCC + L21 and C14 phases, respectively. Meanwhile the fraction of each phase was 

given, and the insets are the corresponding enlarged BSE images of each state).  
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The synchrotron XRD patterns of the Al1.5CrFeMnTi alloy in as-cast, 750 °C- and 

850 °C-annealed states are shown in Figure 4.2a. The series of complex Braggs peaks 

have been identified as the C14 phase; and fundamental Braggs peaks belonging to the 

BCC phase were detected in the three conditions. Except for the fundamental peaks of the 

BCC structure, two unique low-angle (Q ≈ 1.8 and 2.1 Å-1) Braggs peaks, [111] and [200], 

belonging to the L21 phase, are noticeable in the as-cast and 750 °C-annealed states, but 

almost disappear in the 850 °C annealed-state (the enlarged section in Figure 4.2a). This 

trend suggests that the L21 phase is thermodynamically unstable at 850 °C. Using single-

peak-fitting procedures, the lattice parameters of BCC and L21 phases are determined to 

be: as-cast  2.95 Å83 BCCa = and
1

as-cast
2  5.93 2 Å9La =  for the as-cast state; and 750 C  2.9 Å420 BCCa ° =  

and 
1

750 C
2  5.9 41 Å1La ° =  for the 750 °C-annealed state. Consequently, the lattice-misfit (δ) 

between BCC and L21 phases is calculated to be 0.38% for the as-cast state and 0.51% for 

the 750 °C-annealed states (Eq. 4.1):  
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Furthermore, to visually observe the phase transformation and stability of this 

alloy, in-situ neutron scattering at elevated temperatures were conducted, using 

aerodynamic levitation and laser heating [115]. As shown in Figure 4.2b, five different 

temperatures, including RT, 800, 1,000, 1,200, and 1,400 °C, were selected to collect the 

neutron-diffraction data. At room temperature, the as-cast alloy was composed of L21, 

BCC, and C14 phases. When the temperature exceeded 1,000 °C, the L21 phase disappears 

since the unique L21 peaks disappear (as the blue arrows indexed in Figure 4.2b shown),  



63 
 

  

Figure 4.2 Diffraction patterns of the Al1.5CrFeMnTi alloy. (a) ex-situ synchrotron X-ray 

diffraction patterns in the as-cast, 750 °C-annealed, and 850 °C-annealed states, and (b) 

In-situ neutron scattering at RT, 800, 1,000, 1,200, and 1,400 °C. 
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including (111), (222), (331), and (420). The results are consistent with the experimental 

observations in the TEM, as discussed later. When annealing at 1,400 °C, the diffraction 

peaks of the C14 phase become very weak, indicating that the amount of the C14 phase 

decreases, accordingly, to a very small amount.  

4.3.2 TEM characterization 

To further identify the crystal structures of constituent phases, TEM was 

performed. The representative bright-field (BF) and dark-field (DF) TEM morphologies of 

BCC-based and C14 phases in the as-cast state are given in the Figure 4.3. To characterize 

the L21 particles in the BCC matrix, the DF, selected-area electron diffractions (SAEDs), 

and high-resolution TEM (HRTEM) images were conducted for the as-cast, 750 °C-, and 

850 °C-annealed states, in Figures 4.4a, 4.4b, and 4.4c, respectively.  

Figure 4.4a shows the DF, SAEDs, and HRTEM micrographs of the as-cast state. 

SAEDs were obtained through tilting the zone axis to 12001 L BCC+< >  and 12110 L BCC+< > . 

There is no obvious difference between the DF images taken along the 001< >  and 

110< >  directions. Thus, no B2 phase is present in the three conditions. Therefore, the DF 

image of L21 particles was taken, using the (010)-type superlattice reflection along the 

12110 L BCC+< > zone axis. As seen in Figure 4.4a, highly-ordered spatially-distributed L21 

particles are present in the BCC matrix with a size of ~ 30 nm, which are coherent with 

the BCC matrix. The morphology of BCC/L21 phases in the as-cast state shown on the DF 

image is analogous to that of the classical γ / γ’ in Ni-based superalloys [136]. It is worth 

noting that side-band reflection spots are found around the superlattice reflection spots. 

These side-band reflection spots should be due to the modulated structure formed during  
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Figure 4.3 TEM images of the as-cast HEA. (a) bright-field image, (b) dark-field image 

using the common diffraction spots of L21 and BCC phases, (c) dark-field image using the 

diffraction spot of the C14 Laves phase, and (d) the selected area electron diffraction 

(SAED) pattern along 12110 L BCC+< > . 
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Figure 4.4 TEM DF, SAED, and HRTEM micrographs of different states. (a) the as-cast 

specimen, (b) aged at 750 °C for 168 h, and (c) aged at 850 °C for 168 h, showing the L21 

particles in the BCC matrix. 
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the casting process, which was further demonstrated by the HRTEM and Inverse Fast 

Fourier Transform (IFFT) shown in Figure 4.4a. 

After annealing at 750 °C for 168 h, the DF, SAEDs, and HRTEM micrographs 

(Figure 4.4b) show that the L21 particles grow and coarsen, resulting in large irregular 

particles with a size of about 500 nm. These results are consistent with the observed 

particles in the SEM inset of Figure 4.1b. As presented in the HRTEM and corresponding 

IFFT, misfit dislocations are present at the interface between L21 precipitates and the BCC 

matrix, indicative of a large lattice misfit. The loss of the L21/BCC coherency is the 

natural consequence of coarsening via the coalescence of the precipitates, as exhibited on 

the DF image in Figure 4.4b.  

Figure 4.4c presents the DF, SAEDs, and HRTEM images of the annealed 

specimen at 850 °C also for 168 h. The DF image reveals the appearance of very fine L21 

precipitates (~ 4 nm); and the superlattice reflection spots unique to the L21 phase are very 

weak along the zone axis of 12110 L BCC+< > . The IFFT image using the L21 order reflection 

spots also indicates that the L21 order is a very short range, suggesting the nucleation stage 

of the L21 phase and lack of obvious growth. Moreover, no satellites reflections around 

the main diffraction spots, characteristic of spinodal decomposition, were observed in the 

SAEDs along both 001< >  and 110< > directions.  

4.3.3 APT analysis 

The chemical compositions of L21 and BCC phases in as-cast, 750 °C- and 

850 °C-annealed states were measured by the APT, and the results are given in Table 4.1. 

Inspection of these results shows that the BCC phase is enriched in Cr and poor in Fe and  
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Table 4.1 Average compositions (at.%) of BCC, L21 (measured by APT), and C14 Laves 

(measured by EDS) phases in the as-cast and annealed samples. Moreover, the equilibrium 

compositions of each phase calculated by CALPHAD at the temperatures of 750 °C, 

850 °C, 1,000 °C, and 1,200 °C are also listed in the Table. The superscript, Exp, means 

that the phase is measured by APT or EDS; the superscript, Eq, suggests that the phase is 

predicted by CALPHAD assuming the equilibrium state.  

States Phases 
Chemical compositions (at.%)  

Al Cr Fe Mn Ti 

As-cast 

BCCExp 28.35 ± 0.18 37.97 ± 0.19 7.73 ± 0.11 21.82 ± 0.17 4.08 ± 0.08 

L21
Exp 26.39 ± 0.30 7.04 ± 0.16 28.79 ± 0.30 19.81 ± 0.26 17.95 ± 0.25 

C14Exp 25.08 ± 0.49 12.71 ± 0.48 20.80 ± 0.34 13.37 ± 0.43 27.60 ± 0.22 

Annealed 

at 750 °C 

for 168 h 

BCCExp 26.29 ± 0.01 33.99 ± 0.02 13.31 ± 0.01 21.21 ± 0.01 5.20 ± 0.01 

BCCEq  28.02 25.64 7.7 36.43 2.21 

L21
Exp 27.38 ± 0.01 11.65 ± 0.01 27.65 ± 0.01 17.93 ± 0.01 15.39 ± 0.01 

L21
Eq 24.91 5.31 43.93 0.74 25.1 

C14Exp 26.47 ± 0.17 9.15 ± 0.21 21.09 ± 0.10 15.88 ± 0.14 27.41 ± 0.04 

C14Eq 27.67 16.55 16.51 6.92 32.35 

Annealed 

at 850 °C 

for 168 h 

BCCExp 27.36 ± 0.09 30.46 ± 0.09 13.61 ± 0.07 21.57 ± 0.08 6.86 ± 0.05 

BCCEq 28.28 23.2 14.26 30.32 3.94 

L21
Exp 25.16 ± 0.42 11.41 ± 0.31 25.58 ± 0.42 18.32 ± 0.38 19.22 ± 0.38 

C14Exp 25.37 ± 0.10 9.60 ± 0.02 21.59 ± 0.04 15.78 ± 0.10 27.66 ± 0.07 

C14Eq 26.28 13.2 22.07 6.14 32.31 

Annealed 

at 1,000 °C 

for 504 h 

BCCExp 27.43 ± 0.08 36.93 ± 0.08 9.33 ± 0.05 21.74 ± 0.07 4.56 ± 0.03 

BCCEq 28.48 22.05 15.91 26.15 7.41 

L21
Exp 26.69 ± 0.11 8.36 ± 0.07 27.87 ± 0.11 19.23 ± 0.10 17.85 ± 0.09 

C14Exp 23.50 ± 0.04  11.53 ± 0.03 21.78 ± 0.02  14.94 ± 0.04  28.25 ± 0.07  

C14Eq 25.74 13.29 21.05 8.1 31.81 

Annealed 

at 1,200 °C 

for 168 h 

BCCExp 28.44 ± 0.07 24.36 ± 0.06 16.17 ± 0.05 21.47 ± 0.06 9.43 ± 0.04 

BCCEq 28.32 20.38     17.28 20.01 13.02 

L21
Exp 28.48 ± 0.18 12.14 ± 0.13 24.26 ± 0.17 19.44 ± 0.16 15.51 ± 0.15 

C14Exp 20.38 ± 0.03 12.55 ± 0.02 22.06 ± 0.01 13.79 ± 0.02 31.23 ± 0.05 

C14Eq 24.63 12.63 20.47 11.04 31.23 
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Ti. In contrast, the L21 phase is rich in Fe and Ti and depleted in Cr. Note that the 

chemical composition of the C14 phase in Table 4.1 was measured, using the EDS method. 

The C14 phase is enriched in Ti up to 27 atomic percent (at.%) and depleted in Cr and Mn. 

In the as-cast state (Figure 4.5a), the 18 at.% (atomic percent) Cr isoconcentration surface 

highlights the locations of L21 and BCC phases and the proximity histograms which are 

constructed across the interphase between the large FeTi-rich particle (L21 phase) and 

small Cr-rich particle. For example, small Cr-rich particles are present in the large FeTi-

rich L21 particle (~ 40 nm). Through the observation of the proximity histogram in Figure 

4.5a (highlighted by the dark dashed boxes), Cr partitions from the L21 particles to the Cr-

rich particles, while Fe and Ti partitions from the Cr-rich particles to the L21 particles. 

Finally, the partition behavior leads to the final Cr-rich domains containing  ~ 38.31 at.% 

Cr, 7.46 at.% Fe, 28.88 at.% Al, 21.43 at.% Mn, and 3.77 at.% Ti. The extreme chemical 

similarity between these small Cr-rich particles and the BCC phase in the as-cast state 

(listed in Table 4.1) suggests that they are the same phase.  

Figure 4.5b shows the chemical distributions of the constituent atoms in the BCC 

and L21 phases for the 750 °C-annealed state, respectively. The nano-scale chemical 

inhomogeneity of Cr, Fe, Mn, and Ti can be observed in both BCC and L21 phases, which 

should result from the decomposition behavior during long-time annealing. To determine 

the decomposition amplitude in the BCC and L21 phases, the averaged peak-to-trough Cr 

composition (ΔCr) was used. As shown in Figure 4.5b, the amplitudes of ΔCr determined 

by the Langer-Bar-on-Miller (LBM) method [137] (see the Supplementary Materials) are 

6% for the BCC phase and 5% for the L21 phase after annealing at 750 °C for 168 h. 
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Figure 4.5 APT analysis of Al1.5CrFeMnTi HEA in different processing states. (a) APT 

results in the as-cast state, including one box with the 18 at.% Cr isoconcentration surface 

showing the locations of L21 and BCC phases. The proximity histogram is constructed 

across the interphase between the large FeTi-rich particle and small Cr-rich particle. (b) 

APT results of the annealed samples at 750 °C for 168 h, containing chemical mappings, 

experimental and binomial composition frequency distributions, and the LBM fit of BCC 

and L21 phases, respectively. The results show the inhomogeneity of Cr, Fe, Mn, and Ti. 

(c) APT results of the annealed samples at 850 °C for 168 h, showing the 12 at.% Ti 

isoconcerntration surfaces and the proximity histogram constructed across the interphase 

between the L21 and BCC phases. 
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Figure 4.5c displays the 12 at.% Ti iso-concentration surfaces for the 850 °C-

annealed state. This figure gives the size and morphology information of the L21 

precipitates. Consistent with the TEM observation in Figure 4.5c, the nano-size (~ 4 nm) 

Cr-depleted L21 particles are observed in the BCC matrix. The compositions of the BCC 

and L21 phases were determined from the proximity histogram constructed across the 

interphase between the L21 and BCC phases, as shown on the bottom image in Figure 4.5c. 

This figure shows a similar chemical distribution with the other two states, i.e., Fe and Ti 

are enriched in L21 precipitates, while Cr is depleted; and the BCC phase is enriched in Cr 

while lean in Fe and Ti. 

4.3.4 CALPHAD modeling 

To gain insight into the observed phase-transformation behavior, especially the 

evolution characteristics of L21 phases, a self-consistent thermodynamic database of the 

Al-Cr-Fe-Mn-Ti system was first developed, based on present experiments and density 

functional theory (DFT) calculations. The equilibrium calculation of the Al1.5CrFeMnTi 

alloy (Figure 4.6a) shows that the BCC phase forms first at about 1,403 °C, and it is the 

majority phase within the temperature range from 700 °C to 1,360 °C, especially at the 

higher temperatures in this ranges. The fraction of the C14 phase is also high (about 45% 

at 800 °C). Based on the thermodynamic information, the L21 phase is stable at the 

temperatures below 837 °C (marked by the arrow in Figure 4.6a); this trend agrees well 

with experimental observations in the current work (Figures 4.2b and 4.4b). Moreover, 

Figure 4.6b shows the calculated isopleth of Al1.5CrFeMnTix. As is seen in Figure 4.6b, 

the constituent phases (BCC + L21 + Laves-C14 phases) in the present composition of  
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Figure 4.6 Phase diagram prediction. (a) equilibrium calculation of the Al1.5CrFeMnTi 

alloy and (b) isopleth of Al1.5CrFeMnTix. 
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Al1.5CrFeMnTi match well with the prediction. It is worth noting that a BCC + L21 two-

phase region is observed in the calculated isopleth (highlighted by the light green in 

Figure 4.6b). 

In addition to the information on phase evolution versus temperature, the equilibrium 

composition for each phase in the Al1.5CrFeMnTi alloy is given in Table 4.1 at 750 °C, 

850 °C, 1,000 °C, and 1,200 °C for the comparison with experimental results. There is a 

reasonably good agreement observed between the experimentally-measured and predicted 

compositions (see Figure 4.7). 

4.3.5 DFT calculations at zero temperature 

To assist in analyzing the measured compositions of L21 and C14 phases in the 

alloy, DFT calculations were carried out to predict the enthalpies of formation of a variety 

of virtual compositions in binary, ternary, and quaternary systems. In terms of the L21 

phase, DFT calculations (Figure 4.8a) predict an enthalpy of -44 kJ/mol for AlFe2Ti, -19 

kJ/mol for AlMn2Ti, and -4 kJ/mol for AlCr2Ti. In them, only the AlFe2Ti L21 was 

reported to be stable for the constituent ternaries. Since both Cr and Mn contents were 

observed in the L21 phase of the quinary Al1.5CrFeMnTi alloy, focus is centered on L21 

Al(Cr,Fe)2Ti, Al(Cr,Mn)2Ti, and Al(Fe,Mn)2Ti. The results indicate that substituting Cr 

for Fe in AlFe2Ti linearly increases the energy (i.e., makes the enthalpy more positive), 

indicating that such substitution is energetically unfavorable. In the case of the L21 

AlMn2Ti, substituting Cr for Mn lowers the energy initially until 6.25 at.% Cr and then 

almost linearly increases the energy thereafter, suggesting a limited Cr solubility in the 

L21 phase when Mn is present. The change in the enthalpy of Al(Fe,Mn)2Ti is also linear.  
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Figure 4.7 The comparisons of experimentally-measured and CALPHAD-predicted 

compositions in the constituent phases. (a) BCC, (b) L21, and (c) C14. 
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Figure 4.8 DFT-predicted enthalpy of formation. (a) selected L21 compounds and (b) C14 

compounds at zero temperature.   
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In short, the enthalpy analysis suggests that the Cr substitution in the L21 phase is the least 

favorable among these five elements, and, consequently, its solubility in the L21 phase 

should be limited. The DFT calculations are consistent with present experiments in that 

the Cr content in the  L21 phase is the lowest, compared to other constituent elements (i.e., 

7.04 at.% Cr in the as-cast state, 11.65 at.% Cr and 11.41 at.% Cr in the 750 °C- and 

850 °C- annealed states, respectively) (see Table 4.1). 

A stable C14 phase is reported in binary Cr2Ti, Fe2Ti, and Mn2Ti compounds, and the 

complete miscibility between Fe and Mn in the C14 phase is reported at the Fe-Mn-Ti 

1,000 °C isotherm [138]. Among the binary C14 compounds, the DFT calculations (Figure 

4.8b) show that Cr2Ti has the highest enthalpy of -9 kJ/mol, while Al2Ti, Fe2Ti, and 

Mn2Ti have significantly lower enthalpy that ranges between -33 and -27 kJ/mol. 

Substitution among these elements causes almost a linear enthalpy-composition relation 

except that the mixing between Fe and Al in Al8-xFexTi4 noticeably lowers the enthalpy 

(Figure 4.8b). In fact, experiments [138] show that C14 Fe2Ti can dissolve nearly 50 at.% 

Al at 1,000 °C in the Al-Fe-Ti ternary. In short, the enthalpy analysis together with the 

established binary and ternary phase diagrams [138] suggests that Al, Fe, Mn, and Ti 

should be the main constituent elements of the C14 phase in this quinary system, and the 

Cr solubility should be limited. These calculations support the measured C14 composition 

in the as-cast state (12.71 at.% Cr), as well as in the 750 °C- and 850 °C-annealed states 

(9.6 at.% Cr and 9.15 at.% Cr, respectively) (Table 4.1). 
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4.3.6 AIMD modeling 

The atomic structure in the liquid state often reveals the useful information about the 

preferred interatomic bonding that may impact the formation of the disordered solid 

solution during solidification [3, 115, 139-141]. 

 The partial pair distribution function (PDF) gives the information about the 

probability of such bond formation by measuring the intensity of near-neighbor pairs 

against the total random distribution. The partial PDF [ ( )abg r ] was calculated, using: 

 ( )2 1 1

1( )
4

a bN N
ab iji j

a b

Vg r r r
N N r

δ
π = =

= −∑ ∑   (4.2)  

where V is the volume of the super cell, Na and Nb are the number of elements, a and b, ijr

is the distance between elements, a and b, and the bracket, < >, denotes the time average 

of different configurations. The liquid structure of Al1.5CrFeMnTi shows the somewhat-

preferred first-nearest-neighbor pair correlation for certain element pairs (AlFe, AlTi, and 

AlMn) than for other pairs (e.g., FeFe, TiTi, and AlAl) at 1,600 °C, 1,800 °C, and 2,000 

°C, as shown in Figure 4.9a. This trend suggests the existence of the short-range order, 

albeit not strong, in the liquid, if one compares it with liquid structures of the CuNiPdPtP 

[3, 139] and Al1.3CoCrCuFeNi [115] HEAs.  

Previous AIMD simulations [3, 115, 139] show that preferred bond pairs of Al-Ni, 

Cr-Fe, and Cu-Cu in the liquid state of the multi-phase Al1.3CoCrCuFeNi HEA may serve 

as the precursors to nucleating B2, BCC, and FCC phases, respectively, during 

solidification. Conversely, the lack of the potent short-range order, or chemical separation,  
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Figure 4.9 AIMD simulations.  (a) selected partial PDFs of Al1.5CrFeMnTi at T = 1,800 

°C from the present AIMD simulations (the inset shows a snapshot of the atomic 

structure) and (b) calculated diffusion constants for Al1.5CrFeMnTi from AIMD 

simulations as a function of inverse temperature. 
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is predicted in the liquid state of single-phase HEAs, including HfNbTaTiZr [3, 139, 141], 

MoNbTaVW [141], HfNbTaTiVZr [142], GdDyLuTbY [143], CoOsReRu [143], 

MoPdRhRu [143], CoCrFeNi [141], CoCrMnNi [141], and CoCrFeMnNi [141]. Note that 

Cr tends to form short-range bonds with unlike elements rather than the segregating into 

Cr clusters in CoCrFeNi [141], CoCrMnNi [141], and CoCrFeMnNi [141], and similar 

behavior was found for Mo in MoPdRhRu [143]. The present study tends to support the 

previous arguments [3, 115, 139] that a liquid structure that lacks strong elemental 

segregation, or potent short-range order, will likely promote the formation of disordered 

solid solutions as the primary crystallization phase during solidification (Figure 4.1e).  

By examining the atomic trajectory, the diffusion constants were obtained by 

plotting the mean square displacement (MSD) versus time using the following equation: 

2( ) (0)
lim

6
i i

i t

R t R
D

t→∞

−
=     (4.3) 

where iD is the self-diffusion constant of the species, i, and ( )iR t  and (0)iR denote the 

atomic positions of the species, i, at time, t, and t = 0, respectively. The angular brackets 

denote an average over all the same species. The as-determined diffusion constants are 

listed in Table 4.2, and are also shown in Figure 4.9b as a function of the inverse 

temperature. At the three temperatures investigated (i.e., 1,600 °C, 1,800 °C, and 2,000 

°C), Ti has the lowest diffusivity, followed by Al. Iron has the highest diffusivity, 

followed by Mn and Cr. The diffusion constants appear to satisfy an Arrhenius-type 

behavior within the temperature range studied (Figure 4.9b). Correspondingly, the  
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Table 4.2 Calculated diffusion constants (× 10-5 cm2/s) and corresponding activation 

energies of the liquid Al1.5CrFeMnTi from the present AIMD simulations. 

Elements 1,873 K (1,600 
°C) 

2,073 K (1,800 
°C) 

2,273 K (2,000 
°C) 

Calculated activation 
energy (kJ/mol) 

Al 1.95 ± 0.03 3.51 ± 0.07 4.59 ± 0.14 76.42 ± 4.66 

Cr 2.09 ± 0.05 3.87 ± 0.11 4.96 ± 0.02 77.28 ± 9.28 

Fe 2.44 ± 0.07 3.92 ± 0.11 5.33 ± 0.20 69.40 ± 14.49 

Mn 2.22 ± 0.04 3.89 ± 0.09 5.23 ± 0.11 76.34 ± 12.07 

Ti 1.89 ± 0.08 3.10 ± 0.04 4.01 ± 0.06 67.03 ± 8.40 
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diffusion activation energies of the five elements are calculated (see Table 4.2). It can be 

seen that Cr has the largest activation energy (77.28 kJ/mol), and Ti has the smallest 

activation energy (67.03 kJ/mol). 

 
4.4 Discussions 

4.4.1 Phase stability, transformation, and precipitation behaviors of the L21 phase 

The phase stability and transformation, and precipitation behaviors of L21 

precipitates in the BCC matrix can greatly impact the mechanical behavior. Therefore, we 

now discuss these behaviors as follows. 

The formation of the L21 phase is closely related to the chemical compositions in 

the alloy. The L21 phase is enriched in Fe and Ti, and depleted of Cr. By contrast, the 

BCC matrix is rich in Cr and lean in Fe and Ti (Table 4.1). This chemical distribution 

suggests a coupled role of Fe, Ti, and Al during the formation of the L21 phase in the BCC 

matrix. As shown in the partial PDF results simulated by AIMD (Figure 4.9a), the Al-Fe 

and Al-Ti pairs exhibit a higher possibility to be found as the nearest neighbors than other 

combinations  (e.g., AlAl, FeFe, and TiTi), and as such, may promote the nucleation of 

L21 precipitates. It has been extensively reported that the D03 structure of Fe3Al can evolve 

into the L21 structure of AlFe2Ti by the addition of Ti, where the Fe four sites at (1/2, 1/2, 

1/2) will be substituted by Ti [116, 117, 144, 145]. Moreover, the DFT-predicted enthalpy 

of formation of AlFe2Ti has the most negative value (Figure 4.8a), indicating that AlFe2Ti 

is the main structure in the L21 phase. Accordingly, Cr and Mn will substitute partially on 

the Fe lattice sites, leading to the possible formation of Al(Cr,Fe,Mn)2Ti.  Since the 
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solubility of Cr is limited, and Ti is necessary in the L21 phase, the diffusion behaviors of 

Ti and Cr will play an important role in the formation of the L21 phase. As shown in 

Figure 4.5a (black dash boxes), the partitions of Cr to the BCC phase, and Ti and Fe to 

L21 indicate the presence of a chemical driving force for the formation of BCC and L21 

phases. Note the calculated diffusion parameters for the elements in this alloy are shown 

in Figure 4.9b and Table 4.2. The Ti and Al with relatively-slow diffusion capabilities will 

impact the formation of energetically-favorable Fe-Al-Ti clusters (i.e., favor the 

nucleation of the L21). It is likely that the clustering and ordering mechanisms drive the 

formation of the L21 phase [146].  

Although the present CALPHAD calculation predicts that the L21 phase is stable 

below 837 °C (Figure 4.6a), the formation of high-density L21 precipitates was observed 

in the quenched samples annealed at temperatures above 837 °C. This trend is due to the 

homogeneous nucleation from the BCC matrix during quenching from temperatures above 

837 °C. It is assumed that annealing above 837 °C causes the L21 phase to dissolve. 

However, the L21 phase has the nucleation advantages due to the small interfacial energy 

between the L21 and BCC phases, resulting from the small lattice mismatch [120, 147]. 

Although a reasonable agreement between the CALPHAD-predicted and experimentally-

measured compositions of constituent phases is achieved (Table 4.1 and Figure 4.7), a 

perfect agreement is not obtained, in particular, in the lower-temperature annealed states 

and the nanosized L21 phase. The disagreement may be accounted by multiple reasons: (1) 

The samples annealed at lower temperatures did not reach equilibrium; (2) there was 

larger uncertainty in measuring the compositions of the nano-L21 precipitates; and (3) the 

imperfection of the database. 
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The equilibrium shape of the L21 precipitates is determined by the balance 

between the elastic-strain energy (Eel) and interfacial energy (Es) during precipitation 

[148, 149]. The critical size of the precipitate inclusion is expressed by [148, 149]: 

 2

1
2 1

p ss
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SE vr
E V v

γ
µe

⋅ −
= =

+
  (4.4) 

where pS is the surface area of the inclusion, sγ is the interfacial energy of the inclusion per 

unit area, V is the volume of the inclusion, and ε is the misfit. µ and v are the shear 

modulus and Poisson’s ratio, respectively. The shape of the precipitate is dominated by the 

elastic energy when the inclusion size is larger than critr , and by the interfacial energy when 

otherwise.  

The total free-energy minimization criterion, combined with the critical size of the 

inclusion has been utilized to qualitatively explain the morphological evolution in many 

coherent inclusion-matrix systems [58, 120, 136, 150-152]. For the Al1.5CrFeMnTi alloy 

in the 850 °C-annealed state, extremely-fine L21 precipitates (~ 4 nm) were observed 

within the BCC phase (Figure 4.4c). The particle morphology is ellipsoidal in nature 

(Figures 4.4c and 4.5c). Since the L21 phase nucleates from the BCC matrix after 

annealing at 850 °C, the lattice misfit is close to zero, i.e., it is fully coherent (see 

HRTEM, Figure 4.4c). Thus, the ellipsoid with the minimum interfacial energy is the 

energetically-stable shape. Also, the very low lattice misfit decreases the nucleation 

barrier precipitation [120, 147, 153], and is responsible for the observed high nucleation 

rate of the L21 phase.  
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In the case of the as-cast state, the highly-ordered L21 precipitates featuring the 

cuboidal morphology are spatially distributed in the BCC matrix (Figure 4.4a). The 

cuboidal morphology of the L21 phase in the as-cast state is believed to result from the 

elastic field generated by the large precipitate-matrix misfit (δ = 0.38%). The elastic-strain 

energy contributing to the equilibrium shape of the inclusion becomes dominant when the 

precipitate-matrix system has a higher lattice misfit, i.e., the inclusion size exceeds critr . 

Thus, the precipitate with a cuboidal morphology possesses a lower total energy than an 

ellipsoid [57, 120, 154]. 

Moreover, the cooling rate in the as-cast state is significantly lower than that for 

samples quenched after annealing at 850 °C. As a result, the L21 precipitates in the as-cast 

state have much longer time to coarsen during solidification, which leads to the larger 

lattice misfit between BCC and L21 phases. As the particle size increases, the elastic-strain 

field facilitates the change in the particle morphology from an ellipsoid to a cube [148, 

155].  

Furthermore, in the as-cast state (Figure 4.4a), the L21 precipitates not only align 

along the elastically-soft crystallographic directions, <100>, of the BCC matrix, but also 

maintain a minimum inter-precipitate separation. This feature can be attributed to the 

elastic interaction between the misfitting cuboidal precipitates that leads to long-range 

attractive and short-range repulsive forces [156]. In the 750 °C-annealed state, the aligned 

microstructure of cuboidal precipitates has disappeared, and irregular-shaped particles 

have formed, accompanying the appearance of misfit dislocations at the precipitate-matrix 

interface (see Figure 4.4b). The formation of irregular-shaped particles is attributed to the 
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growth and coalescence of neighboring precipitates, and this process is related to the 

relaxation of misfit strains by misfit dislocations. Due to the presence of misfit 

dislocations at the precipitate-matrix interface, the influence of the elastic stress becomes 

minimal, and the shape and spatial arrangement of the precipitates are governed by the 

interfacial energy alone. Consequently, the drive for minimizing the interfacial energy 

results in the agglomeration of neighboring precipitates at the expense of the 

disappearance of the aligned microstructure (Figure 4.4b).  

4.4.2 Perspectives of the future design of advanced lightweight HEAs 

The phase stability and transformation behaviors of the Al1.5CrFeMnTi alloy are 

studied here, which offers an in-depth insight of design strategy for developing 

lightweight HEAs in the future.  

Firstly, to lower the density, light alloying elements, such as Al and/or Ti, are 

generally utilized for the design of lightweight HEAs. However, due to the very strong 

attractive interaction between Al/Ti and 3d-transition metals, brittle intermetallic 

compounds form readily. The C14-Laves phase (i.e., Fe2Ti, Cr2Ti, and Mn2Ti) is very 

stable in the Cr/Fe/Mn-Ti binary phase diagrams. Thus, it is not surprising to observe its 

formation in a large amount in the as-cast Al1.5CrFeMnTi alloy. However, the present 

CALPHAD calculations predict that the C14 phase can be avoided by keeping Ti contents 

low (highlighted the light green in Figure 4.6b). An optimal composition window for 

AlxCrFeMnTiy can be: 1 < x < 2 and 0 < y < 0.3 (here x and y refer to the Al and Ti molar 

ratios, respectively). The suggested range of the Al content (1 < x < 2) is based on our 

successful observation of the BCC/L21 two-phase structure in the as-cast AlCrFeMnTi0.25 
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and Al2CrFeMnTi0.25 alloys [22]. Note the molar ratios of Cr, Fe, and Mn can be 

optimized for the oxidation, strength, and cost considerations.  

Secondly, in order to maximize strength, ductility, oxidation resistance, etc., other 

main alloying elements, as well as minor elements, should be rationally manipulated, 

meanwhile by taking advantage of the high-entropy concept. For example, to improve 

precipitation strengthening, Fe is added to promote the formation of the AlFe2Ti-type L21 

phase. Also, the Cr content can be varied to achieve the better high-temperature 

performance with the enhanced oxidation resistance. In other words, the ideas of elemental 

additions stemming from the traditional physical metallurgy can be applied in the design 

of lightweight HEAs. 

Thirdly, in conjunction with the experimental results, the combination of 

CALPHAD, DFT, and AIMD shows the powerful predictive capability on phase stabilities 

and transformations in the lightweight HEA. Therefore, the integrated experimental and 

computational approach used herein can be employed to explore other advanced 

lightweight HEAs. The CALPHAD method can predict the stable phases, phase 

compositions, volume fractions, and transformation temperatures, which provides an 

effective guide for materials design. With the energetics input from DFT calculations, the 

development of reliable CALPHAD databases can be greatly expedited. The AIMD 

simulations can reveal the short-range order and predict diffusion constants in the liquid 

state, which is important for interpreting phase formation during solidification. Under the 

guidance of the modeling and experimental results, a transformable dispersed coherent 

L21 phase can be utilized in the refined Al-Cr-Fe-Mn-Ti system. An ideal two-phase 

microstructure, i.e., a high-density nanosized L21 phase coherently disperses in the BCC 
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matrix, while much smaller BCC particles can also form in the L21 precipitates, can be 

suggested with high probability of success (Figure 4.10). This ideal microstructure can 

contribute to both the precipitation and solid-solution strengthening, crucial in developing 

the high-temperature strength. Note the hardness value (3.668 ± 0.177 GPa) of the BCC + 

L21 two-phase region in this as-cast alloy is comparable and even superior to those of 

commercial Inconel 718 nickel-based superalloys (2.932 ~ 4.325 GPa) [157], suggesting 

that desirable mechanical properties of lightweight HEAs with a coherent BCC/L21 

microstructure can be achieved in the future.  

4.5 Conclusions 

The phase stability and transformation behaviors of a lightweight Al1.5CrFeMnTi 

HEA have been systematically investigated, using integrated experimental and theoretical 

modeling approaches. The main conclusions are summarized as follows: 

(1) The newly-designed Al1.5CrFeMnTi lightweight HEA is composed of BCC, 

L21, and C14-Laves phases, where the L21 phase is coherently-distributed within the BCC 

phase in the as-cast state. The size, shape, coherency, and spatial distribution of L21 phase 

were, subsequently, altered through annealing treatments at 750 °C and 850 °C. The L21 

phase has great nucleation advantage due to the small interfacial energy between the L21 

and BCC phases, resulting from the small lattice mismatch. 

(2) CALPHAD thermodynamic modeling successfully predicted the constituent 

phases and the phase-transformation temperature of L21 phase (837 °C), which are 

consistent with the experimental results. A BCC + L21 two-phase region can be obtained 

in the predicted phase diagram through lowering the content of Ti. 
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Figure 4.10 Schematic illustration of ideal microstructure in the future design of advance 

lightweight HEAs based on the Al-Cr-Fe-Mn-Ti system (orange and blue represent L21 

and BCC phases, respectively). 
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 (3) The DFT-predicted the enthalpies of formation of a variety of virtual 

compositions in binary, ternary, and quaternary systems explain the measured 

compositions of L21 and C14 phases. The preferred bond pairs (AlFe, AlTi, and AlMn) 

predicted by the AIMD simulations imply the potential formation mechanism of L21 

precipitates.  

(4) Based on the present study, the future design strategy of advanced lightweight 

HEAs is suggested here.  

Overall, the present study reveals the likelihood of developing novel lightweight 

HEAs with a coherent BCC/L21 microstructure, featuring the lower density (below 6 

g/cm3) and cost in the future.  
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CHAPTER V 

HIGH-THROUGHPUT DISCOVERY AND STUDY OF HIGH-

PERFORMANCE PRECIPITATION-STRENGTHENED 

LIGHTWEIGHT HIGH-ENTROPY ALLOYS 

5.1 Introduction 

To develop significantly cheaper and lighter high-temperature alloys than Ni-base 

superalloys, precipitation-strengthened body-centered-cubic (BCC) alloys, which possess 

a microstructure analogous to that of the γ/γ’ Ni-base superalloys, has been developed. 

Numerous efforts can be found in the literature in the development of novel ferritic alloys 

containing a disordered BCC matrix with ordered B2 (NiAl-type) and/or L21 (Ni2TiAl-

type) precipitates due to their good creep resistance at elevated temperatures and relatively 

lower density [119, 158, 159]. However, the emerging precipitation-strengthened ferritic 

alloys still face some drawbacks, such as not high enough high-temperature strength, and 

still expensive and heavy raw materials. To overcome these shortcomings, new alloy-

design strategies for developing a new generation of precipitation-strengthened BCC 

alloys are required. Recently, the concept of high entropy alloy (HEA) or multi-principal 

element alloy (MPEA) has revolutionized the strategy of the traditional alloy design by 

using multi-principal components (≥ 5) instead of one or two key components [1-4, 36, 

114]. This HEA-design concept opens up a new avenue for developing new-type 

precipitation-strengthened lightweight and low-cost BCC alloys for high-temperature 

structural applications [22, 52]. In the development of such materials, critical goal-

oriented design strategies are the prerequisite, including cheap raw materials, low density, 
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high melting temperature (Tm), good oxidation resistance, great creep resistance, and high 

strength with acceptable ductility. Thus, a rational selection of chemical compositions is 

of very significance to take account of these essential factors. Our previous work [52] 

developed a new lightweight and low-cost Al1.5CrFeMnTi HEA, containing coherent 

nanoscaled L21 precipitates strengthened BCC matrix and C14 Laves phase. Despite of its 

lower density and cost than traditional ferritic alloys [119, 158, 159], the alloy is brittle 

due to the presence of C14 Laves phase in large volume fraction. The dissimilarity of 

crystal structures and different thermal expansion coefficients between the C14 Laves 

phase and BCC-base phase increases the tendency of cracking along their phase 

boundaries. Hence, the C14 Laves phase or other detrimental intermetallic phases need to 

be eliminated for improving the mechanical properties of the Al-Cr-Fe-Mn-Ti LWHEA, 

namely, generating a BCC/L21 duplex microstructure. It is well known that the 

microstructure of a material is determined by its composition and the processing 

procedure it went through [160, 161], therefore, we can produce the BCC/L21 duplex 

microstructure by adjusting chemical compositions and optimizing the proper 

manufacturing process. However, the vastness of the compositional space poses a huge 

challenge for efficiently screening out suitable compositions. The trial-and-error 

experimental method is obviously not suitable since it is extremely costly and time-

consuming to screen the proper alloys in a vast composition space. This is even true for a 

quinary system, not to mention a higher-order (n ≥ 5) multi-component system. 

Fortunately, the pace of discovering promising HEAs can, in principle, be accelerated by 

the development of efficient computational screening methods and tools [162, 163]. In the 

present work, the CALPHAD-based high-throughput computational tool is employed to 
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efficiently explore the Al-Cr-Fe-Mn-Ti system for the discovery of new-type 

precipitation-strengthened BCC LWHEAs. The subsequent detailed experimental and 

theoretical studies on the discovered lightweight HEAs provide insights into developing 

high-performance LWHEAs via the high-throughput alloy-design method.  

5.2 Materials and Methods 

5.2.1 The CALPHAD-based HTCMs 

The CALPHAD (stands for calculation of phase diagrams) approach [160, 164-

166] is currently the only method that can be used to obtain multi-component phase 

diagrams with enough accuracy for practical applications without the need of heavy 

experimental work [167]. This argument has made the CALPHAD method a key building 

block in the two largest driving forces in materials engineering today - ICME (Integrated 

Computational Materials Engineering) [168] and MGI (Materials Genome Initiative) [169]. 

The application of the CALPHAD method requires both thermodynamic database to 

provide the Gibbs energies (as a function of pressure, temperature, and composition) for 

the individual phases and the computational software to calculate the equilibrium state by 

an energy-minimization procedure. Over the past three decades, the development of the 

consistent multi-component thermodynamic databases has grown steadily and several 

commercial softwares, such as PandatTM [170], Thermo-Calc [171], FactSage [172], etc., 

have become available. Although the CALPHAD approach has been well accepted in the 

design and development of advanced materials [105, 107, 139, 173-176], its full potential 

has not been fully released due to the low efficiency to explore the entire composition and 
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temperature space of a multi-component system. Here we need to emphasize that this 

trend is due to the limitation of the computational tools, but not the CALPHAD method.  

In order to meet the increasing demand for massive calculations in the field of 

HEAs, a high-throughput calculation (HTC) tool in the frame of CALPHAD is developed 

and implemented in PandatTM [170]. This CALPHAD-based HTC tool enables thousands 

of calculations in a defined compositional space to be performed automatically. Alloy 

compositions that satisfy user-defined criteria can then be identified through mining the 

thousands of simulated results. Here we would like to emphasize that the current HTC 

module is a combinatorial tool for both the high-throughput calculation and high-

throughput screening. Its speed and efficiency are markedly improved and significantly 

advantageous over the conventional CALPHAD method. The HTCM of the present work 

is explained in detail in the supplementary document. 

5.2.2 Sample preparation, microstructural characterizations, and mechanical testing 

To verify the reliability of the current HTC method, eight different alloys were 

identified from thousands of compositions and fabricated via the arc-melting method. The 

nominal chemical compositions of these alloys are listed in Table 5.1.  To ensure the 

chemical homogeneity, the ingot was melted at least six times before drop-casting. Three 

of the discovered HEAs, Alloy 1 (Al20Cr5Fe50Mn20Ti5), Alloy 2 (Al20Cr5Fe50Mn20Ti5), and 

Alloy 7 (Al20Cr5Fe50Mn20Ti5), were selected for the further detailed characterizations. 

Scanning-electron microscopy (SEM) coupled with energy-dispersive spectroscopy (EDS), 

synchrotron X-ray diffraction (XRD), atomic-probe tomography (APT), and transmission-

electron microscopy (TEM) were used for microstructure characterization. The samples  
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Table 5.1 Nominal chemical compositions of the identified eight alloys. 

Alloys Al (at. %) Cr (at. %) Fe (at. %) Mn (at. %) Ti (at. %) 
Alloy 1 20 5 50 20 5 
Alloy 2 25 5 50 15 5 
Alloy 3 35 5 40 10 10 
Alloy 4 30 10 35 15 10 
Alloy 5 30 5 40 15 10 
Alloy 6 30 5 45 10 10 
Alloy 7 30 5 50 10 5 
Alloy 8 16 5 50 24 5 
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for the SEM/EDS and XRD observation were polished using the vibration polishing 

method after finer grinding with a 1200 grit SiC paper. TEM specimen was prepared by a 

Ga+ focus ion beam (FIB) with a final milling voltage of 5 keV. To high-throughput 

determine the mechanical properties of these new alloys, room and elevated-temperature 

compression tests of these eight alloys were also carried out at the strain rate of 2 × 10-4 s-1, 

using the hydraulic Mechanical Testing System (MTS). Each test was repeated three times. 

The sample size for the compression tests is 3 mm in diameter and 6 in length. 

5.2.3 In-situ neutron scattering experiments 

In-situ neutron scattering experiments were performed on selected discovered 

alloys at the Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL), 

in order to understand the underlying deformation mechanisms and the L21 order-disorder 

transition behavior. In-situ neutron diffraction experiments were conducted on Alloys 1 

and 7 during their uniaxial compressive deformation on the VULCAN Engineering 

Materials Diffractometer, SNS, ORNL. The incident neutron beam with a beam size of 5 

mm × 6 mm hit the cylindrical samples with a size of ϕ6 mm × 12 mm. To obtain a better 

d-spacing resolution, the high-resolution (HR) mode of the neutron was chosen. During 

the compressive deformation of both alloys, force-control mode was used in the region of 

elastic and obvious plastic work hardening deformation, followed by displacement control 

at the late plastic deformation region.  After the measurements, the data were analyzed by 

the single-peak fitting method, using the event-based data reduction software, VULCAN 

Data Reduction and Interactive Visualization softwarE (VDRIVE) [177]. The pair-

distribution functions (PDFs) of Alloys 1, 2, and 7 were also measured on the Nanoscale-



96 
 

Ordered Materials Diffractometer (NOMAD) instrument at SNS [121], ORNL. The total 

neutron scattering data were collected from room temperature to 1,050 °C/1,080 °C, using 

the ILL furnace installed on the NOMAD instrument. The samples were put into 

vanadium cans, and then heated at a ramp rate of 10 °C/min under a vacuum environment 

(~10-6 mbar). At selected temperatures, the samples were held for 24 min for data 

collection. To produce each total scattering function and associated PDF, the measured 

scattered intensities were normalized by scattering from the empty vanadium can and then 

subjected to a background subtraction from the empty container using the IDL software 

developed for the NOMAD instrument. The PDF, G(r) was obtained by a Fourier 

transformation of the structure function, S(Q), using a Qmax of 22 Å-1 [178], 

 ( ) ( )2( ) [ 1]sinG r Q S Q Qr dQ
π

= −∫   (5.1) 

where Q is the scattering vector, defined by 
4 sinQ π θ

λ
=  . 

The measured PDFs were fitted with the MC-calculated 2,000-atoms structure, 

using the PDFgui software [179]. 

5.2.4 Ab initio molecular dynamics (AIMD) simulations 

The atomic structure and transport properties were predicted from AIMD 

simulations via the Vienna Ab Initio Simulation Package (VASP) [180, 181] in a 

canonical ensemble, i.e., a constant mole, volume, and temperature. Newton’s equations 

of motion were integrated, using the Verlet algorithm [182] with a time step of 1 fs, and 

the atomic-configuration relaxation and temperature were controlled by a Nose thermostat 

[183]. Projector augmented-wave (PAW) potentials [184] and the revised Perdew-Burke-
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Ernzerhof (PBE) [185] gradient approximation to the exchange-correlation functional 

were used. Cubic supercells of 200 atoms were built and the liquid densities were  

determined by adjusting the cell volume so that the pressure was zero in equilibrium at T 

= 1,600 °C, 1,800 °C, 2,000 °C, and 2,200 °C to be 6.68, 6.61, 6.52 and 6.44 g/cm3, 

respectively. A linear regression analysis suggests that the liquid density can be 

determined as: 𝜌 = 7.42 − 0.000395𝑇  (ρ in g/cm3 and T in Kelvin). The simulations 

were performed at the Γ point only. The electronic-energy-convergence criterion was set 

to 1 × 10-4 eV/at, and the energy cutoff of 350 eV was used. Spin polarization was not 

considered. The total simulation time was 50 ps.  

The atomic structure in the liquid state can reveal the useful information about the 

preferred interatomic bonding that may impact the formation of the disordered solid 

solution during solidification [52, 140]. The partial pair distribution function (PDF) gives 

the information about the probability of such bond formation by measuring the intensity of 

near-neighbor pairs against the total random distribution, and partial PDF ( ( )abg r ) was 

calculated using: 

 ( )2 1 1

1( )
4

a bN N
ab iji j

a b

Vg r r r
N N r

δ
π = =

= −∑ ∑   (5.2) 

where V is the volume of the supercell, Na and Nb are the number of elements a and b, ijr

is the distance between elements, a and b, and the bracket, < >, denotes the time average 

of different configurations. 

By examining the atomic trajectory, the diffusion constants were obtained by 

plotting the mean square displacement (MSD) versus time using the following equation: 
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where iD is the self-diffusion constant of species i, and ( )iR t  and (0)iR denote the atomic 

positions of species i at time t and t = 0, respectively. The angular bracket denotes an 

average over all the same species. Over the total 50 ps data collection, MSD plots for the 

time span over 1-8 ps are linear (not shown) and hence were used to evaluate the diffusion 

constants.  

5.2.5 Monte-Carlo (MC) simulations 

A lattice gas model can describe the order-disorder phase transitions for the same 

and fixed lattice. In principle, sufficiently large lattices with sufficiently accurate 

interactions between the lattice points, can accurately describe the real phase transitions 

that do not involve only changes of lattice types. The serious restrictions of lattice-gas 

models include the effects of lattice distortion and lattice vibration. Still, such models are 

found to successfully predict the order-disorder phase transitions in a number of 

conventional and high-entropy alloys (HEAs) [2, 115, 186-189]. 

In this study, a lattice gas model is constructed to describe the order-disorder phase 

transitions in BCC lattice. We perform Metropolis Monte-Carlo (MC) simulations using 

the nearest-neighbor interaction model for simplicity. In the nearest-neighbor interaction 

model, only the atomic interactions of the nearest neighbors between atoms are considered. 

The interaction parameters ijJ  is computed by 

 /ij ijJ H z= ∆   (5.4) 
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where Δ𝐻𝑖𝑖 is the formation of energy per atom of the solute pair 𝑖, 𝑗, and 𝑧 is the number 

of nearest-neighbor bonds per atom. In the BCC structure, 𝑧 = 8/2 = 4. Although each 

atom has 8 nearest-neighbor bonds, two atoms share them, hence, the number has to be 

divided by 2. The formation energies are taken from the Aflow database of Curtarolo et al. 

[190]. The ijJ  parameters used in this study are tabulated in Table 5.2. 

Applying numbers listed in Table 5.2, we perform two Metropolis MC simulations. 

One is for Alloy 1 (Al20Cr5Fe50Mn20Ti5) using 2,000 atoms with 107 MC steps. The other 

is for the L21 phase using 250 atoms with 106 MC steps. The results from our calculations 

will be elaborated in the result part. 

5.3 Results 

5.3.1 CALPHAD-based HTC screening results 

The goal of current work is to discover and design high-performance LWHEAs for 

high-temperature applications. Since materials in use at elevated temperatures may reach 

states that are close to equilibrium, knowledge of stable phase equilibrium at fabrication 

and working temperatures are therefore very important. Miracle and Senkov et al. [174, 

191] have explored the development of multi-principal element alloys for structural 

applications and have summarized a few criteria as guidelines for the design of high-

temperature structural materials: 

1: No first-order phase transformation in the temperature range of the application is 

allowed to ensure structural stability. Therefore, all phase transformations, if present, must  
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Table 5.2 The nearest-neighbor interaction parameters, ijJ , in eV. 

Jij Al Cr Fe Mn Ti 
Al 0 -0.0224 -0.0942 -0.0970 -0.1280 
Cr -0.0224 0 0.0210 -0.0163 -0.0043 
Fe -0.0942 0.0210 0 0.0094 -0.1181 
Mn -0.0970 -0.0163 0.0094 0 -0.0930 
Ti -0.1280 -0.0043 -0.1181 -0.0930 0 

 

be above the operating temperature Tuse (about 0.8Tm, where the temperatures are in 

Celsius degree). 

2: Good ductility and fracture toughness are required. Therefore, the microstructure must 

include a ductile solid-solution primary phase as the matrix and a precipitation 

strengthening phase that can dissolve at high temperature and then re-precipitate above 

Tuse but below Tm. 

Our previous research on the Al-Cr-Fe-Mn-Ti HEAs [52] reported the formation of 

high-density coherent L21 precipitates in a disordered BCC solid-solution matrix. 

Therefore, L21 phase is chosen as the target strengthening precipitate phase. The optimal 

molar fraction of the L21 phase is not known, so we set it to be 0.05-0.5 at the application 

temperature ranges. The specific criteria used for the present HTCs are:  

(I) Tm > 1,250 °C and f(BCC) = 1 at Tm;  

(II) f(BCC) + f(L21) = 1 and 0.05 < f(L21) < 0.5 at 0.8Tm;  

(III) f(BCC) + f(L21) = 1 and 0.05 < f(L21) < 0.5 at 0.5Tm.  

where f(BCC) and f(L21) refer to the mole fractions of the BCC phase and L21 phase, 

respectively. The first criterion ensures that the primary phase is disordered BCC solid 
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solution. The second and third criteria ensure that L21 phase is the precipitation-

strengthening phase and no phase transformation in the temperature range for application 

(0.5Tm < T < 0.8Tm ). The HTC results are summarized in Figure 5.1. Area 1 only meets 

the criterion I. Area 2 meets the criteria I and II, and Area 3 meets all three criteria. Using 

a step size of 5 at.% for each component at the composition range from 0 to 50 at.%, the 

solidification HTCs for a total of 3246 alloys are calculated using the lever-rule model. 

From this first-round HTC, the melting temperature (Tm) of each alloy as well as its phase 

stability at Tm can be obtained. Two criteria are used to screen our target alloys: Tm > 

1,250 °C and single BCC phase at Tm. One third of these alloys (1,168) are found to meet 

the criterion (Area 1 in Fig. 1). In the second round, the 0D point HTCs are carried out for 

the 1,168 alloys at 0.8Tm and the criterion of f(BCC) + f(L21) = 1 and 0.05 < f(L21) < 0.5 

is as the filter. A total of 44 alloys are identified and shown as Area 2 in Fig. 1. In the third 

round, the 0D point HTCs are performed for these 44 alloys at 0.5Tm and the same 

criterion (BCC) + f(L21) = 1 and 0.05 < f(L21) < 0.5 is used as the filter. Only eight alloys 

left from more than three thousand compositions after three rounds of screening. The 

compositions that meet all three criteria (I, II and III) are shown as Area 3 in Figure 5.1 

and listed in Table 5.1.  

5.3.2 Systematic experimental investigations on identified LWHEAs 

Systematic experimental investigations on the identified eight LWHEAs were then 

carried out not only to validate the HTC predictions, but also to obtain essential data 

(microstructures and mechanical properties) for further alloy improvement. The 

synchrotron XRD patterns (Figure 5.2a) demonstrate that all the eight alloys are composed  
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Figure 5.1 Screening optimal alloy compositions of the Al-Cr-Fe-Mn-Ti system based on 

the progressive criteria used in the present study. (a) Al-Cr projection, (b) Al-Fe projection, 

(c) Al-Mn projection, and (d) Al-Ti projection. 
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Figure 5.2 (a) Synchrotron XRD patterns of alloys 1-8, (b) and (c) In-situ neutron-

scattering patterns of alloy 1 (Al20Cr5Fe50Mn20Ti5) and alloy 7 (Al30Cr5Fe50Mn10Ti5) (The 

label of order means that the reflections are exclusive to the L21 structure, while the label 

of fundamental means that the reflections are common to both the ordered L21 and 

disordered BCC structures), and (d-g) The microstructure of the as-cast alloy 1: (d) BSE 

image, and EDS mapping pertaining to (e-g) Al, Cr, Fe, Mn and Ti, respectively.  
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of L21 and possible BCC phases without other intermetallic phases, validating the 

reliability of our HTC predictions. Moreover, the phase stability of the L21 phase in the 

identified Alloy 1 (Al20Cr5Fe50Mn20Ti5) and Alloy 7 (Al30Cr5Fe50Mn10Ti5) is further 

investigated by the in-situ neutron scattering (Figures 5.2b and 5.2c). In Alloy 1, the 

unique L21 peaks (marked by open squares) are observed only at 900 °C and below, 

indicating that L21 can stabilize up to 900 °C, below which both the BCC and L21 phases 

coexist. The relative intensity of superstructure peaks for the L21 phase decreases with 

increasing the temperature, which is due to the reduced fraction of the L21 phase. In Alloy 

7, the order peaks of L21 phase persist all the way to 1,050 °C, suggesting that L21 exists 

even up to 1,050 °C. Due to the similar crystal structure between L21 and BCC, it is 

difficult to distinguish BCC phase based on the diffraction results. However, the 

constituent phase in Alloy 7 is close to a single L21 phase, i.e., the volume fraction phase 

of BCC close to 0, as demonstrated by transmission-electron microscopy (TEM) and 

atom-probe tomography (APT) later. Figures 5.2d-5.2g show the backscattered electron 

(BSE) SEM microstructure image and EDS chemical mapping of Alloy 1 at the as-cast 

stage. The white/gray/black contrast shown in Figure 5.2d is due to the crystal-orientation 

difference of the grains. Figures 5.2e-5.2h indicate that all elemental components are 

uniformly distributed, and no distinguishable secondary phase is observed. It should be 

noted that the cooling rate under common conditions directly affects not the grain size but 

the size of a dendritic cell (dendritic parameter). Therefore, the equiaxed grains can be 

formed without dendritic branches (Figure 5.2d). For this case, the grain size is equal to 

that of the dendritic cell under identical cooling conditions and obeys the same rate 

dependence [192]. Such a structure is known as non-dendritic and can be formed 
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following a dramatic increase in the amount of nucleation centers due to dynamic action, 

higher undercooling, and/or the introduction of a powerful grain refiner [193]. The higher 

cooling rate of the drop-cast process used for alloy preparation in this work can cause 

higher undercooling, which may be the reason for the formation of non-dendritic equiaxed 

grains within the solidified alloys. For other alloys (Alloys 2-7), they all display similar 

BSE microstructures with Alloy 1 (Figure 5.3) 

In order to reveal the morphology of L21 phase, the TEM was performed on 

selected representative alloys. From the dark-field (DF) image (Figure 5.4a), the high-

density nano-scaled L21 precipitate (~ 20 nm) formed and uniformly distributed within the 

as-cast Alloy 1. The selected area diffraction patterns (SADPs) along the zone-axis of 

[100] and [110] further confirm the coexistence of the BCC matrix and L21 precipitate. 

L21 in the form of precipitates is also found in Alloy 8 (Figure 5.4f). However, unlike the 

precipitation morphology in Alloys 1 and 8, the L21 phase in Alloys 2, 3, 4, and 7, 

however, in the form of the antiphase domain (APD) separating by antiphase domain 

boundary (APB) (Figures 5.4b-4e).  

The chemical compositions and morphologies of the constituent phase in Alloys 1, 

2 and 7 are determined by APT (Figure 5.5). In Alloy 1, one can notice that the L21 phase 

is rich in Al and Ti, while the BCC phase is segregated in Cr, Mn, and Fe. Similar 

compositional distribution in the L21 and BCC phases is also observed in Alloy 8. The 

detailed chemical compositions of constituent phases are given in Table 5.3. Moreover, 

the L21 number density of 2.76 × 1022 /m3 and volume fraction of 43.64% in Alloy 1 were 

also determined by APT analysis, close to the volume fraction of ~ 44%, determined by  
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Figure 5.3 BSE images of Alloys 1-8. 
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Figure 5.4 TEM characterizations of selected representative alloys. (a-f) DF images of 

Alloys 1 (Al20Cr5Fe50Mn20Ti5), 2 (Al25Cr5Fe50Mn15Ti5), 3 (Al35Cr5Fe40Mn10Ti10), 4 

(Al30Cr10Fe35Mn15Ti10), 7 (Al30Cr5Fe50Mn10Ti5), and 8 (Al16Cr5Fe50Mn24Ti5) taken by the 

unique (111) reflection of L21 phase and corresponding SADPs in the [100] and [110] 

zone axis, respectively.  
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Figure 5.5 APT characterizations of selected representative alloys. (a-c) elemental 

distributions of Alloys 1, 2, and 7, respectively. 
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Table 5.3 APT measured chemical compositions of the BCC and L21 phases in the Alloys 

1 and 8. 

Alloy 1 
Phase Al (at. %) Cr (at. %) Fe (at. %) Mn (at. %) Ti (at. %) 
BCC 16.63 ± 0.09 6.70 ± 0.05 53.10 ± 0.10 22.79 ± 0.09 0.79 ± 0.02 
L21 23.67 ± 0.14 3.21 ± 0.06 49.82 ± 0.14 11.84 ± 0.11 11.46 ± 0.10 

Alloy 8 
Phase Al (at. %) Cr (at. %) Fe (at. %) Mn (at. %) Ti (at. %) 
BCC 13.31 ± 0.04 6.04 ± 0.01 53.09 ± 0.05 26.35 ± 0.04 1.21 ± 0.01 
L21 22.14 ± 0.09 2.62 ± 0.02 49.49 ± 0.10 10.40 ± 0.06 15.32 ± 0.07 
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the Rietveld refinement (Figure 5.6). Note that the number density is underestimated since 

precipitates are touching or overlapping so that they cannot be delineated from each other 

using isosurfaces. In contrast to Alloy 1, the chemical distributions of constituent elements 

in Alloys 2 and 7 are uniform (Figure 5.5). Together with the TEM observations, it 

suggests that Alloys 2 and 7 are composed of a single L21 phase rather than BCC and L21 

two phases. 

In order to high-throughput evaluate the mechanical properties of the identified 

eight alloys, compression tests were performed on the eight alloys at room temperature 

(RT) (Figure 5.7a). One can see that the yield strengths of these alloys vary in a wide 

range from 517 to 1,627 MPa. Detailed mechanical properties of these alloys are listed in 

Table S3. The reason for this variation will be explained in the discussion section. The 

high-temperature performances of Alloys 1 and 8 are also demonstrated, which are 

compared with other representative materials, as shown in Figures 5.7b and 5.7c. Alloys 1 

and 8 both exhibit very high yield strength below 700 °C, as evidenced by 1,484 MPa at 

RT and 1,073 MPa at 500 °C for Alloy 1 and 1,627 MPa at RT and 625 MPa at 500 °C for 

Alloy 8.As the temperature increases to 700 °C, the yield strengths of Alloys 1 and 8 are 

still kept at 586 MPa and 625 MPa, respectively, though an obvious softening occurs like 

many other precipitation-strengthened BCC alloys [116, 194-197]. More importantly, 

compared with other traditional precipitation-strengthened BCC alloys, including BCC + 

L21, BCC + D03, and BCC + B2, the newly-designed L21 precipitation-strengthened 

LWHEAs show outperforming yield strength and specific yield strength, suggesting the  
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Figure 5.6 (a-d) GSAS Rietveld refinements on the neutron diffraction results of Alloys 1, 

2, 7, and 8 at RT, respectively. During the refinements, Alloys 2 and 7 are also treated as 

BCC + L21 two-phase structure, and then we obtain the lattice misfits of Alloy 1 

(0.192%), Alloy 2 (-0.002%), Alloy 7 ( 0.001%), and Alloy 8 (0.319%). The pretty small 

lattice misfits of Alloys 2 and 7 also indicate that these two alloys have a single-phase L21 

structure rather than two-phase BCC and L21 structures. 
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Figure 5.7 (a) Compressive stress-strain plots of Alloys 1-8 at RT, (b) and (c) Comparison 

of yield strength and specific yield strength as a function of temperatures between Alloys 

1, 8 and other materials, respectively [116, 194-197].  
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rational alloy-design strategy for developing lightweight precipitation-strengthened BCC 

alloys by HEA concept. 

5.3.3 Theoretical simulations via AIMD and MC 

In order to understand the formation reason of the L21 phase, theoretical AIMD 

and MC simulations were performed. Figures 5.8a-e shows the select partial pair-

distribution function (PDF) of Alloy 1 (Al20Cr5Fe50Mn20Ti5) at T = 1,600 °C to the first 

nearest neighbor. The TiTi pair correlation, which has the largest bond length, has the 

lowest intensity and is significantly lower than the other pair correlation, indicating the 

strong tendency for Ti atoms to form bonds with other elements. On the other hand, the 

AlFe pair correlation has the highest intensity, and all other pair correlations seem to be 

very comparable in intensity. The distribution of these pair correlations is consistent for all 

four temperatures at which the present AIMD was carried out. Prior AIMD simulations of 

Al1.5CrFeMnTi also show the strongest AlFe pair correlation [52]. The persistent presence 

of stronger AlFe pair correlation regardless of the Al or Fe contents in the Al-Cr-Fe-Mn-

Ti alloys suggest that AlFe pair interaction may play a more important role in the 

mechanical properties for this HEA system. Nonetheless, the short-range order in the Al-

Cr-Fe-Mn-Ti system is not strong in the liquid, if one compares it with liquid structures of 

CuNiPdPtP [3, 139] and Al1.3CoCrCuFeNi HEA [115]. 

The diffusion constants determined from the mean square displacement plots are 

shown in Figure 5.8f as a function of temperature. The magnitude of the diffusion 

constants of the elements basically follows their atomic sizes: Large atoms diffuse slower 

than smaller atoms. A Ti atom has the largest radius among these five elements, followed  
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Figure 5.8 (a-e) AIMD simulated partial PDFs of Alloy 1 (Al20Cr5Fe50Mn20Ti5) at T = 

1,600 °C, and f simulated diffusion constants of the constituent elements at selected 

temperatures.  
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by Al, while Cr, Fe and Mn atoms have very similar atomic radii. At all four temperatures, 

Ti has the slowest diffusivity followed by Al. The diffusion constants for Cr, Fe, and Mn 

are largely equivalent within the uncertainty range. 

The present AIMD simulation indicates that Al and Ti promote short-range order 

in this Al-Cr-Fe-Mn-Ti system, and therefore, their additions impact greatly (1) the 

formation of single-phase BCC solid solution, and (2) atomic bond strength. Indeed, the 

formation of BCC and L21 compounds were reported in Al1.5CrFeMnTi, and the 

microstructure of extremely-fine L21 precipitates (~ 4 nm) with high density embedded in 

and coherent with the BCC matrix is very attractive for high-temperature applications [52].  

The AIMD simulations provide us qualitative information on the ordering degree 

at molten state, illustrating the formation reason of L21 phase. However, in order to 

understand the different L21 morphology of these identified eight alloys. The order-

disorder transition during solidification needs to be understood. Therefore, Metropolis MC 

calculations were also performed with much larger supercells of 2,000 atoms within the 

nearest neighbor interaction approximation. With the concentrations as only variables, this 

method gives a more clear and definitive picture of the influence of constitutions on the 

order-disorder transition. As examples, MC calculations for Alloys 1 and 7 using 107 MC 

steps were performed. The output of the MC calculations allows us to calculate the short-

range ordering (SRO) and long-range ordering (LRO) parameters for Both Alloys 1 and 7 

between 0-2,500K. The LRO can be expressed as [198] 

 i i
i

i i
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where iyα and iyβ are the fractional occupancy of element i on sublattice α and β, 

respectively.  The value of iη falls within the range of -1 to 1, as shown in Figures 5.9a and 

5.9b. When iη  is 0, it means that element i is equally found on both α and β sublattice. 

When iη  equals 1 or -1, it indicates that element i can be exclusively found on the α or β 

sublattice. 

The order-disorder-transition behavior can be directly reflected by the LRO 

parameters (Figure 5.9a and 5.9b). In both Alloys 1 and 7, as the temperature decreases, 

Al, Cr, and Ti tend to segregate to one sublattice, with Fe and Mn primarily occupying 

another sublattice. Moreover, as the temperature decreases, the ordering process in Alloy 1 

proceeds slowly, unlike the case in Alloy 7 where the ordering process proceeds quickly, 

implying a possible precipitation process occurs in Alloy 1. As indicated by the red arrows, 

the ordering temperature, Tc, in Alloy 1 (~ 1,880K) is much lower than that in Alloy 7 (~ 

2,270K, far beyond its melting temperature), suggesting that disordered BCC phase is 

easier retained in the solid state in Alloy 1 than in Alloy 7 [186]. This prediction is 

consistent with our experimental observations (Figures 5.4a and 5.4e), i.e., Alloy 1 is 

composed of L21 and disorder BCC phase from RT to 1,173 K, while only the ordered L21 

phase still exists in Alloy 7 from RT to 1,323K. The inset subfigures give the snapshots at 

100K which directly show the L21 phase formation. Besides the LRO, the SRO parameters 

reveal more details of the order-disorder transition behavior (Figures 5.9c and 5.9d). Since 

Fe is the most abundant element in this system (50 at. %), we consider its changes as the 

fingerprint of the ordering transition. In both alloys, the temperature-dependent SRO 

parameters show us that Fe atoms as the nearest neighbors of Al and Ti increase with  
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Figure 5.9 (a) and (b) The LRO parameters as a function of temperature in Alloys 1 

(Al20Cr5Fe50Mn20Ti5) and 7 (Al30Cr5Fe50Mn10Ti5), respectively. (c) and (d) The SRO 

parameters as a function of temperature in Alloys 1 and 7, respectively. The black arrows 

indicate the change of the most abundant Fe as neighbor of all elements. 
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decreasing the temperature, agreeing with the AIMD simulated partial PDFs (Figure 5.8), 

while that of the Cr and Mn have the opposite trend (Figures 5.9c and 5.9d). This trend is 

particularly obvious for Ti that has only Fe as its neighbors around and below 1,000K. 

Moreover, the SRO results further demonstrate that the formation of L21 phase is favored 

by Fe-Al and Fe-Ti pairs and the formation of BCC phase formation favored by Cr-Cr and 

Mn-Mn pairs, in agreement with the chemical compositions of L21 and BCC phases 

(Figure 5.5a and Table 5.3). The MC-calculated 2,000-atom superstructures for both 

Alloys 1 and 7 are further verified by the neutron-scattering determined PDF results. As 

shown in Figures 5.12, the superstructures were used for the PDF fittings, and PDFs of 

Alloys 1 and 7 are fitted well using the calculated superstructure. 

In order to better show the ordering transition due to the formation of the Fe2AlTi-

type L21 phase, we perform another MC simulation with 250 atoms and 106 MC steps 

especially for this system between 0-3,000 K (Figures 5.10 and 5.11). The ordered L21 

structure starts to become less ordered at ~ 1,500 K. Both the LRO and SRO disappear at 

about 2,600 K. Through comparing the LRO and SRO between Fe2AlTi-type L21 and 

Alloys 1 and 7, we can find that the ordering temperature in Alloy 7 with a higher Al 

content is closer to that of Fe2AlTi-type L21 structure, suggesting that Alloy 7 is more like 

the Fe2AlTi-type L21.  

5.4 Discussions 

The concept of HEA provides us an unprecedented degree of freedom in the design 

of advanced alloys with promising properties. For the rapid exploration of the vast 

compositional space and investigation of the composition and temperature effects on the  



119 
 

 

Figure 5.10 LRO parameters of the Fe2AlTi of L21 structure. 

 

 

Figure 5.11 The first six SRO parameters of the Fe2AlTi of L21 structure. Above ~2600K, 

all the renormalized SRO parameters approach the concentration fractions of random state. 
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microstructure, advanced HEA-design strategies and efficient tools are necessary. At 

present, a few advanced HEA-design strategies were reported by combining 

physicochemical criteria, CALPHAD, data mining, and multi-objective optimization 

algorithm [174, 199], [191, 200], [201], [202]. As is shown by these publications, the 

CALPHAD method has played an important role in the design of advanced HEAs. As 

mentioned previously, the accuracy and efficiency of the CALPHAD method depends on 

the reliability of the used thermodynamic database the computational software, 

respectively. It should point out that the slight difference in the computational efficiency 

could be significant for HTC since massive calculations are carried out. Using the 

explored composition space of this work as an example, in the studied temperature range, 

each element of the Al-Cr-Fe-Mn-Ti quinary system varies at 0 ~ 50 at.%. It is easy to 

understand that the smaller composition step size for HTC can better represent/cover the 

phase equilibria within this specified compositional space. Yet, a smaller step size will 

significantly increase the number of compositions for HTC within the same specified 

compositional space, which is time-consuming. Within the compositional space specified 

in this study (the number of components = 5), the total number of alloys for HTC with the 

composition step size of 5 at. % is about 33 10× . While it increases to about 62 10× when 

using the step size of 1 at. %. Using the modern personal computer core and PandatTM 

software [170, 203], it takes a few hundreds of milliseconds for a single equilibrium (0D) 

calculation and several seconds for a 1D equilibrium calculation within this quinary 

system. This is roughly estimated and the actual computing time will vary with the 

complexity of each calculation. It takes a few hours for us to finish the HTCs (~ 33 10× ) 
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in the current work. If we choose the step size of 1 at.% for this quinary system, the 

computational time will easily increase to a few thousands of hours, which will be very 

challenging for the computational resource of a single personal computer. For a higher-

order system (the number of components > 5), the consumption of the computational 

resource will be even more. Fortunately, the current HTC module can be easily converted 

to parallel calculations for efficiently utilizing the available computational resource, which 

is the target that we are working on. On the other hand, the CALPHAD-developed 

datasets are multi-dimensional and very large. Thus, the organization of the large volume 

of data will be especially critical for efficiently retrieving the requested subsets of the 

large datasets. At present, each calculation is stored separately in a workspace and 

organized by its calculation ID. The calculation ID is usually the alloy composition, and 

the detailed information of each calculation is represented by the predefined features, such 

as the composition, temperature, phase fraction etc. Note that we can generally include all 

kinds of thermochemical and thermophysical properties in an individual CALPHAD 

calculation, when there are applicable databases. The users can easily access these 

CALPHAD calculated results via their calculation IDs and efficiently retrieve the 

requested datasets through the customized features. Here, we would like to emphasize that 

any algorithms that are able to be ascribed to these features can be employed as the 

screening criteria for the CALPHAD calculated datasets. Moreover, our current HTC tool 

allows users to customize the outputs of different types of CALPHAD calculations for the 

possible combination with other datasets for machine learning and the usage of other data 

mining tools.  
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The AIMD and MC simulations provide insights into the formation of the L21 

phase and the order-disorder-transition behavior. The SRO of Fe-Al and Fe-Ti can be the 

embryo for the formation of the Fe2AlTi-type L21 phase during solidification, similar to 

our previous work [52]. Thus, the morphology of the L21 phase can play a crucial role in 

determining the mechanical performance of these alloys, particularly, considering the 

similar micro-scaled features (e.g., grain size) among the eight alloys (Figure 5.3). In the 

Alloy 1 (Al20Cr5Fe50Mn20Ti5), coherent nanoscaled L21 precipitates are observed (Figures 

5.4a and 5.5a). Thus, the high strength of Alloy 1 is attributed to its remarkable 

precipitation strengthening effect. As known, the precipitation strengthening can be 

divided into two categories, particle shearing or Orowan bowing. In consideration of the 

observed pretty small nanosized coherent L21 particles (~ 20 nm) from both TEM and 

APT, it is more likely that the shearing mechanism dominates the strengthening. For the 

coherent precipitation, coherency strengthening, CSσ∆ , modulus mismatch strengthening, 

MSσ∆ , and order strengthening, OSσ∆ , contribute to the increase in the yield strength, 

which can be expressed as follows, respectively [62]:  

 ( )
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where M is the Taylor factor, which equals 2.75 for the BCC structure and 3.06 for the 

FCC structure [204], αε = 2.6 (a constant) [205, 206], εc = 2/3(Δa/a) [205-207] is the 
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constrained lattice misfit, where Δa/a ≈ 0.19% determined from the Rietveld refinement 

on the high-resolution neutron diffraction results (Figure 5.6a).  G and ΔG are the shear 

modulus of the matrix and the shear modulus mismatch between precipitates and matrix, 

respectively (G = 83GPa, ΔG ≈ 0, obtained from the Kroner model[208] elastic-fitting 

results on the in-situ neutron diffraction data during compression). r is the average particle 

size (r ≈ 20 nm). γapb is the antiphase boundary energy of the precipitates (γapb ≈ 27 × 10-2 

J/m2) [209]; b is the Burgers vector (2.5174 Å); f is the volume fraction of the precipitates 

(f ≈ 0.44, obtained from the Rietveld refinement on the high-resolution neutron diffraction 

results, Figure 5.6a).  

Substituting all the parameters into Eqs. (2-4), the strengthening contributions 

from coherency strengthening, CSσ∆ , modulus mismatch strengthening, MSσ∆ , and order 

strengthening, OSσ∆ , are roughly determined to be ~ 224 MPa, ~ 0 MPa, and ~ 859 MPa. 

Since the larger one of CS MSσ σ∆ + ∆ and OSσ∆ determines the resultant these sequential 

process, the precipitation strengthening is mainly attributed to the ordering strengthening 

(859 MPa), which is close to the experimentally-determined strength difference (960 MPa) 

between Alloy 1 and Alloys 2 and 7. Thus, we can conclude that the high strengths of 

Alloys 1 and 8 are attributed to coherent precipitation strengthening. In contrast, the 

absence of coherent precipitation strengthening in other Alloys 2-7 is the main reason that 

leads to their low yield strengths. This conclusion is further demonstrated by the neutron 

scattering results. Figures 5.12c and 5.12d exhibit the lattice strain versus applied 

compressive stress along the loading direction in both Alloys 1 and 7. One can notice that 

Alloy 1 displays remarkable load transfer behavior upon BCC yielding (above 1,200 MPa),  
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Figure 5.12 (a) and (b) Pair-distribution functions (PDFs) of the Alloys 1, 2, and 7 at RT 

measured by neutron total scattering method. (c) and (d) lattice strain as a function of 

applied stress along loading direction in Alloy 1 and Alloy 7 at RT, respectively. 
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i.e., the hard L21 phase bears larger load with larger lattice strains (L21 222 and L21 420) 

and the soft BCC phase undertakes lower load with lower strain lattices (BCC 110 and 

BCC 211), which is a reflection of the precipitation strengthening. By contrary, no load 

transfer is found in Alloy 7. The unchanged response of lattice strain versus applied stress 

in Fig. 5.12b suggests that Alloy 7 behaves as a single L21 phase, as demonstrated by 

TEM and APT (Figure 5.4e and Figure 5.5c).  Note that a sudden lattice-strain jump 

occurs due to the change of loading mode from force control to displacement causing the 

relaxation of lattice strain.  

The different morphologies exhibited between Alloys 1, 8 and Alloys 2-7 are 

strongly correlated to their different chemical compositions (Table 5.1), because the 

different chemical compositions directly affect the order-disorder transition behavior, 

namely, atomic occupancies of constituent elements. According to the calculated 

LRO/SRO (Figure 5.9) and AIMD (Figures 5.8a-e), Fe-Al, Fe-Ti, and Cr-Mn are the 

preferable pairs. Moreover, Mn-Al and Mn-Ti also have comparable interaction energies 

with Fe-Al and Fe-Ti (Table 5.2), suggesting Fe can be replaced by Mn in some sense. 

Thus, according to the different contents of Al, Fe, and Mn, here we categorize the eight 

alloys into two groups: 

 (I) Group 1 (Al < 25 at.%, Fe = 50 at.%, and Mn > 15 at.%): Alloys 1  

(Al20Cr5Fe50Mn20Ti5)  and 8  (Al16Cr5Fe50Mn24Ti5);  
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(II) Group 2 (Al ≥  25 at.%, Fe ≤  50 at.%, and Mn ≤  15 at.%): Alloys 2 

(Al25Cr5Fe50Mn15Ti5), Alloys 3 (Al35Cr5Fe40Mn10Ti10), 4 (Al30Cr10Fe35Mn15Ti10), 5 

(Al30Cr5Fe40Mn15Ti10), 6 (Al30Cr5Fe45Mn10Ti10), and 7 (Al30Cr5Fe50Mn10Ti5). 

According to the experimental observations, Group 1 (Alloys 1 and 8) forms the 

nanoscaled L21 precipitates within the BCC matrix, while Groups 2 (Alloys 2 - 7) have the 

single L21 phase in the form of APD. To probe the reason causing the different L21 

morphologies, the atomic site occupancies of the formed L21 structure will be revealed as 

follows, based on the observed TEM, APT, and calculated LRO and SRO. As shown in 

Figure 5.13, L21 (X2YZ) (Prototype, Fe2AlTi; Pearson type, cF16) has three different 

sublattice sites: X @ 8c(1/4, 1/4, 1/4), Y @ 4a(0, 0, 0), Z @ 4b(1/2, 1/2, 1/2). According 

to the calculated LRO parameters (Figure 5.9), Fe and Mn prefer to one sublattice, while 

Al, Ti, and Cr tend to segregate into another sublattice. In the L21 structure, the sublattices 

of Y and Z can be considered equally in terms of site, but differently in terms of 

composition. That is why L21 can be considered an ordered 2 × 2 × 2 supercell of B2 

structure. Taking account of the strong atomic pairs of Fe-Al, Fe-Ti, Fe-Cr, and Ti-Al, we 

can assert that Y(4a) and Z(4b) are filled with Al and (Ti, Cr), respectively. Note if the 

content of Al is more than 25 at.%, the extra Al atoms can also occupy the site of Z(4b). In 

the L21 structure of present Al-Cr-Fe-Mn-Ti system, Fe atoms are always in the site of 

X(8c) because the content of Fe is not beyond 50 at.%. As for Mn, its site occupancy 

depends on Fe’s contents, that is, if Fe content is less than 50 at.%, Mn can occupy the 

unfilled sites of X(8c) by Fe because Mn-Al and Mn-Ti have comparable interaction 

energies with Fe-Al and Fe-Ti. However, once Fe’s content equal to 50 at.%, the sites of 
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X(8c) are completely by Fe atoms, and thus, Mn can occupy the unfilled sites at Z(4b) by 

Ti and Cr. Similar atomic occupancy of Mn at Z(4b) can be found in a Fe2AlMn L21 

structure [210]. Note the solubility of Mn at sites of  Z(4b) should not exceed 15 at.% 

because Mn content in L21 is always less than 15 at.% (Tables 5.1 and 5.3). Upon the 

content of Mn is more than 15 at.%, the extra Mn goes to the BCC matrix. Due to the 

strong atomic pair of Mn-Cr (Figure 5.9c), Cr tends to segregate with Mn together in the 

disordered BCC matrix, as evidenced by the observed Cr and Mn-rich BCC matrix in 

Alloys 1 and 8 (Figures 5.5a and Table 5.3). To clearly summarize the phase evolution 

behavior in the present alloy system, a schematic flowchart is plotted in Figure 5.13, in 

which the atomic site occupancies and L21 precipitations/APD formation rules are 

integrated. When a designed alloy meets the criterion of Al is less than 25 at.% or Mn is 

more than 15 at.%, the L21 phase is in the form of nanoscaled precipitates-strengthened 

within the BCC matrix, like Alloys 1 and 8 (Group 1). On the contrary, if a designed alloy 

cannot meet this criterion, the L21 phase has the APD morphology, such as Alloys 2-7 

(Groups 2). Based on the known atomic site occupancies, the different L21 morphologies 

between Alloys 1, 8 and Alloys 2-7 can be easily understood from L21’s stoichiometric 

composition, ( ) , ( , )(50) (25) (25)X Y Z
Fe Mn Al Ti Cr Al Mn . For Alloys 2-7, their chemical compositions 

can exactly match the perfect L21 stoichiometry, resulting in the formation of single-phase 

L21 phase, which is in form of APD separated by APB (Figures 5.4b-e). In contrast, for 

Alloys 1 and 8, their chemical compositions are deviated from the perfect L21 

stoichiometry, leading to the formation of nanoscaled L21 precipitates (Figure 5.4a and 

5.4f). 
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Figure 5.13 A flowchart that shows the atomic occupancies of Al, Cr, Fe, Mn, and Ti on 

the sublattice sites of X, Y, and Z in the L21 (X2YZ) structure and the L21 

precipitates/APD evolution rules based on the eight designed LWHEAs. 
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The integrated experimental and theoretical studies on the discovered LWHEAs 

demonstrate the sensitivity of the nanoscaled L21 precipitates-strengthened BCC 

microstructure to alloys’ chemical compositions. Therefore, the extra scrutiny of the alloys’ 

chemical compositions that are related to critical ordering temperature, lattice misfit, and 

morphology of L21 precipitates is required. Moreover, there is no escaping the fact that the 

present CALPHAD-based high-throughput prediction still not realizes 100% accuracy, i.e., 

only two alloys meet our expectation. One main reason is that the present thermodynamic 

database in the Al-Cr-Fe-Mn-Ti multi-component system is not perfect yet, which is 

caused by the limited phase-diagram studies so far. Thus, in the future, more systematical 

works on establishing more reliable CALPHAD database are indispensable. However, 

even so, the CALPHAD-based HTCM does help us efficiently screen out a series of 

LWHEAs from thousands of compositions, which greatly accelerates the design of 

precipitation-strengthened BCC LWHEAs. 

5.5 Conclusions 

In summary, here a series of lightweight and low-cost Al-Cr-Fe-Mn-Ti HEAs were 

high-throughput discovered and systematically investigated, utilizing the integrated 

CALPHAD-based HTC tool, theoretical calculations, and focused experiments. Two 

discovered L21 precipitates-strengthened BCC LWHEAs exhibit superior precipitation 

strengthening to other traditional precipitation-strengthened BCC alloys. The present high-

throughput design and study of LWHEAs will accelerate the pace of discovery promising 

HEAs, especially for multicomponent systems. 
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CHAPTER VI 

REAL-TIME INSIGHT INTO THE CYCLIC-DEFORMATION 

MECHANISMS OF A PRECIPITATION-STRENGTHENED HIGH-

ENTROPY ALLOY 

6.1 Introduction 

Structural components served during engineering applications often suffer fatigue 

failures, which can cause huge economic losses and casualties [211]. Therefore, fatigue 

performance of a new structural material is a pivotal criterion to evaluate whether it can be 

reliably used in a practical engineering environment. Recently, an intriguing new class of 

metallic structural materials - High-Entropy Alloys (HEAs), shows great potential in the 

engineering field [1-3, 7, 8, 11, 13, 114]. So far, extensive studies have been performed on 

HEAs regarding their basic mechanical properties, deformation behavior, and phase 

transformation during monotonic deformation [7, 11, 33, 212]. However, the study of the 

fatigue behavior that is strongly correlated with practical applications is very scarce. Some 

works on high-cycle fatigue (HCF) that covers the accumulated damage caused by elastic 

strains [14, 15, 17, 27, 213] and fatigue-crack-growth behavior have been published [16, 

30, 214], but little research has been reported on low-cycle fatigue (LCF) that 

characterizes the degradation subjected to plastic strains [31, 32, 215]. Even for the 

reported three works, the cyclic-deformation mechanisms of HEAs’ LCF behavior were 

not well understood, let alone the real-time insights into cyclic micro-mechanisms of 

HEAs [31, 32, 215]. Complications of the plastic deformation due to multiple deformation 
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mechanisms could be triggered at different cyclic stages, which in turn make the 

understanding more challenging. Moreover, the diverse characteristics in HEAs [4], such 

as severe lattice distortion, great tendency to form twins, multicomponent precipitations, 

and obvious short-range ordering (SRO), can strongly affect the cyclic-plastic deformation. 

Thus, it becomes obviously critical regarding understanding LCF behaviors: (i) how are 

the LCF behaviors of HEAs, compared with conventional materials; (ii) is there any 

unique cyclic-deformation mechanisms in HEAs; and (iii) what are the fundamental 

contributing factors in governing the fatigue behavior of HEAs? To fundamentally 

understand the fatigue-deformation mechanism and accelerate the engineering applications 

of HEAs, these critical issues need to be carefully addressed. Here we use the in-situ 

neutron diffraction and detailed microstructural characterizations to provide real-time 

insights into the LCF deformation mechanisms of a B2 precipitation-strengthened HEA. 

Through revealing the cyclic-deformation mechanisms of the studied HEA, a new design 

idea to integrate various beneficial cyclic-deformation mechanisms for designing fatigue-

resistant HEAs is provided. 

6.2 Materials and Methods 

6.2.1 Sample preparation  

To prepare HEAs samples suitable for studying their engineering applications, a 

large plate of Al0.5CoCrFeNi (casting dimensions are ~ 203 × 305 × 76 mm) has been 

fabricated using the vacuum-induction melting method. The large ingot was then hot 

rolled with a reduction of 60% at 1,150 ºC to reduce casting defects and refine grain sizes. 

After hot rolling, the samples were annealed at 1,000 °C for 1 hour to obtain a 
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recrystallized microstructure and a certain amount of B2 precipitates according to the 

previously-calculated phase diagram [216]. The specimens for the LCF tests with an 8-

mm diameter and 16-mm gauge length were machined along the rolling direction, 

according to the American Society for Testing and Materials (ASTM) Standard E606-

04e1 with a dog-bone shape, as shown in Fig. 1a. After sample machining, the surfaces of 

the LCF samples were polished to 1,200 grits. 

6.2.2 LCF experiments  

The fully-reversed strain-controlled LCF tests of the multiphase Al0.5CoCrFeNi 

HEA consisting of FCC and B2 phases were performed at room temperature (RT) using 

an MTS Model 810 servohydraulic machine, which were conducted in a wide strain 

amplitude range from ± 0.1% to ± 1.75% with a triangular loading waveform under a 

continuous-loading condition. The LCF tests were performed at the strain rate of 1 × 10-2 

s-1, and the initial loading is tension. 

6.2.3 Microstructural characterizations 

Studied alloys were characterized before and after LCF testing, using scanning-

electron microscopy (SEM), electron-backscattered diffraction (EBSD), energy-dispersive 

spectroscopy (EDS), and transmission-electron microscopy (TEM) techniques. The 

microstructure was characterized, by SEM, employing a Zeiss EVO scanning-electron 

microscope equipped with the backscattering electron (BSE), EDS, and EBSD detectors. 

The crystal structures of this multiphase alloy were identified by the synchrotron X-ray 

diffraction (XRD) on the 11-ID-C beam line at the Advanced Photon Source (APS), 

Argonne National Laboratory. The specimens for SEM and EBSD were initially polished 
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to mirror finish using the 1,200-grit SiC paper and, subsequently, vibratorily polished, 

using the 0.05 μm SiC suspension for the final surface clarification. The TEM imaging 

was performed on ZEISS LIBRA 200 HT FE MC. Thin foils for the TEM observations 

were electrical-discharge machined (EDM) from the gauge section of ruptured samples. 

The thin foils converted into 3-mm-diameter disks for the TEM observations were 

prepared by twin-jet polishing, using an electrolyte consisting of 95 % (volume percent) 

ethanol and 5% perchloric acid in a volume fraction at a temperature of - 40 °C and an 

applied voltage of 30 V. The examination of many specimens, including foils from the 

undeformed section, exhibited that very few artefact dislocations were produced by this 

TEM sample-preparation technique. 

6.2.4 In-situ neutron diffraction measurements 

In-situ neutron diffraction was performed during fully-reversed strain cycling of 

the multiphase HEA on the VULCAN Engineering Materials Diffractometer at the 

Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL) [217, 218]. 

Screw-threaded cylindrical dog-bone samples with the same gauge diameter of 8 mm and 

length of 16 mm were used for the in-situ neutron measurements. The LCF specimen was 

mounted horizontally in the VULCAN MTS loadframe with the alignment of the loading 

direction parallel to the rolling direction (RD) and horizontal-radial direction along the 

normal direction (ND). The incident neutron beam was 45° to the sample. Two stationary 

detector banks were located at the ± 90° direction to the incoming neutron beam, which 

were used to record the diffraction information in the axial and radial directions during 
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mechanical loading, repsectively. The incident neutron beam size was defined as 7 mm × 

7 mm, with 5 mm receiving collimators.  

In this study, low, intermediate, and high strain amplitudes of ± 0.50%, ± 1.00%, 

and ± 1.75% were chosen for the in-situ neutron diffraction continuous measurements, 

respectively. Moreover, the strain amplitude at ± 1.00% was also measured using the 

holding mode. The holding points marked by the green squares in Fig. 2c were chosen for 

the measurement (10 min. for each point) at the selected cycles. At the strain amplitude of 

± 0.50%, the fatigue cycles, 1st, 2nd, 5th, 10th, 20th, 50th, 100th, 150th, 200th, 250th, 500th, 

1,000th, 1,500th, 2,000th, and 3,000th cycles, were selected for the real-time in-situ neutron 

diffraction measurements. At the strain amplitude of ± 1.00%, the fatigue cycles, 1st, 2nd, 

5th, 10th, 20th, 50th, 100th, 150th, 200th, 250th, 500th, 1,000th, and 1,500th cycles, were chosen 

for the real-time in-situ neutron diffraction measurements. The fatigue cycles, 1st, 2nd, 5th, 

10th, 20th, 50th, 100th, and 150th cycles, at the strain amplitude of ± 1.75%, were selected 

for the real-time in-situ neutron diffraction experiments. To ensure enough time for 

recording neutron diffraction patterns, the strain rate of the selected cycles was at the level 

of 7.4 × 10-6 s-1, while other fatigue cycles were with a strain rate of 1 × 10-2 s-1, the same 

with laboratory LCF testing. During the continuous cyclic loading, neutron diffraction 

patterns were recorded successively. After the measurements, the data were chopped into 

small-time bins, using the event-based data-reduction software, the VULCAN Data 

Reduction and Interactive Visualization softwarE (VDRIVE) [177]. In the present study, 

the time intervals of 2 min., 3 min., and 3 min. were selected for the strain amplitudes of ± 

0.5%, ± 1%, and ± 1.75%, respectively, based on both the quality and the statistics of 

neutron diffraction results. 
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6.3 Results 

6.3.1 Microstructural characterizations 

Dog-bone shape samples with a gauge length of ϕ8 × 16 mm of the Al0.5CoCrFeNi 

alloy were fabricated for the LCF experiment (Figure 6.1a). This alloy is composed of 

FCC and B2 phases (compositions listed in Table 6.1), with a nominal grain size of about  

7 μm, as presented in the electron-backscattered diffraction (EBSD) phase map (Figure 

6.1b) and the inverse polar figure (IPF) (Figure 6.1c). The B2 precipitates exhibit two 

different hierarchical morphologies: one is the fine and dense B2 precipitates with blocky 

and needle shapes within the FCC grains (Figure 6.1b), and the other is the coarse band-

like B2 phase located at the parent grain boundaries. The FCC and B2 phases are further 

verified by transmission-electron microscopy (TEM) (Figure 6.1d and 6.1e) and high-

energy X-ray diffraction (HEXRD) (Figure 6.1f). After the Rietveld refinement on the 

HEXRD data, the lattice parameters of FCC (3.5931 Å) and B2 (2.8741 Å) phases and the 

phase fraction of the B2 phase (~ 12%) were determined. 

6.3.2 Monotonic and cyclic stress responses 

Monotonic uniaxial tension shows that this alloy has a good combination of the 

high yield strength (487 MPa), work hardening, and ultimate tensile fracture stress of 940 

MPa with ductility up to (44%) (Figure 6.2a). Figure 6.2b presents the evolution of stress 

amplitudes with the number of cycles under different strain amplitudes. Obviously, the 

cyclic-stress-response (CSR) and fatigue life are dependent on the applied strain 

amplitudes. As the increase of the strain amplitude, the stress amplitude increases, but the  
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Figure 6.1 LCF sample and microstructural information. (a), Sample used for LCF testing. 

(b) and (c), EBSD phase map and corresponding IPF image, respectively. (d) and (e), 

Selected area electron diffraction (SAED) patterns of FCC and B2 phases, respectively. (f), 

HEXRD of the Al0.5CoCrFeNi alloy, showing the presence of FCC and B2 phases (the 

diffraction peaks of FCC and B2 phases are indexed as Fhkl and Bhkl, respectively). 
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Table 6.1 Chemical compositions of the FCC matrix and B2 precipitates in the 

Al0.5CoCrFeNi HEA (in atomic percent, at.%) measured by energy-dispersive scanning 

(EDS). 

Phases Al Co Cr Fe Ni 
FCC 8.26 ± 0.27 24.39 ± 0.74 23.83 ± 0.64 23.64 ± 0.67 19.70 ± 0.60 

B2 26.51 ± 0.81 17.33 ± 0.67 8.41 ± 0.32 12.45 ± 0.46 35.30 ± 1.22 
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Figure 6.2 Tensile and LCF results of the Al0.5CoCrFeNi alloy. (a), Uniaxial tensile curve 

of the Al0.5CoCrFeNi alloy at RT. (b), Cyclic-stress response (CSR) curves of the 

Al0.5CoCrFeNi HEA at different strain amplitudes. (c), Hysteresis loops of the 

Al0.5CoCrFeNi HEA at selected typical numbers of cycles fatigued at the strain amplitude 

of ± 1%. (d), Total strain amplitude, elastic strain amplitude, and plastic strain amplitude 

versus the number of reversals to failure (2Nf), displaying the presence of a bilinear 

Coffin-Manson relationship that signifies a variation of the cyclic-deformation modes. 
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fatigue life decreases. Moreover, changing from cyclic hardening to softening, and/or 

saturation is also observed. The stress amplitude increases rapidly in the initial stage of 

cycling, followed by cyclic softening and/or saturation. The selected hysteresis loops of 

the strain amplitude of ± 1% depict the remarkable initial cyclic hardening (Figure 6.2c). 

At larger strain amplitudes (≥ ± 1%), a slight cyclic softening was observed after the initial 

hardening, and then, a cyclic saturation was kept until fracture. However, an obvious 

cyclic softening happens until fracture when the applied strain amplitude is smaller than ± 

1%. 

6.3.3 Fatigue life prediction 

The fatigue life of this HEA was evaluated by the strain/stress-life equations, i.e., Basquin 

and Coffin-Manson laws [219-221]. For the high-cycle fatigue (HCF) regime, the stress-

based Basquin law (stress-life equation) is used to determine the fatigue life [219].  

 '/ 2 (2 )b
f fNσ σ∆ =   (6.1) 

In the LCF regime, the plastic strain based Coffin-Manson law (strain-life equation) is 

widely used for the life prediction [220, 221]. 

 '/ 2 (2 )c
p f fNεε ∆ =   (6.2) 

Since the LCF tests contain both the elastic and plastic regimes, the Basquin and Coffin-

Manson laws need to be combined for predicting the fatigue life. Therefore, the total 

fatigue-life prediction can be expressed as follows. 

 
'

'/ 2 / 2 / 2 (2 ) (2 )f b c
t e p f f fN N

E
σ

e e e e
 

∆ = ∆ + ∆ = +  
 

  (6.3) 

where / 2tε∆ is the total strain amplitude; / 2ee∆ is the elastic-strain amplitude; / 2pε∆ is 
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the plastic-strain amplitude; '
fσ is the fatigue-strength coefficient, MPa; E is the modulus 

of elasticity (~ 174 GPa); fN is the number of cycles to failure; b is the fatigue-strength 

exponent; '
fε is the fatigue-strain coefficient; c is the fatigue-ductility exponent.  

Fitted by the above equations, the relationship of the total strain amplitude, elastic 

strain amplitude, and plastic strain amplitude as a function of the number of reversals to 

failure (2Nf) is plotted in the Figure 6.2d (fitting parameters are given in Table 6.2). It can 

be seen that the classic fatigue-life models fit the fatigue results very well. It is worth 

noting that a bilinear Coffin-Manson rule is observed in the relationship of the fatigue life 

vs. plastic strain amplitude, suggesting a change of the cyclic-deformation mode with the 

applied strain amplitudes, as depicted by the carton in Figure 6.2d.  

6.3.4 In-situ neutron diffraction during monotonic and cyclic loadings 

To dynamically unravel the deformation modes at different strain amplitudes, an 

in-situ probing tool is required. Neutrons measure the atomic and mesoscale response in 

bulk materials by collecting the phase-specific lattice strain, texture, slips, as well as phase 

transformations, which are often used for understanding mechanical plastic deformations 

[61, 222-224]. Here, the real-time in-situ neutron diffraction was performed on this alloy 

during the uniaxial tension and fully-reversed strain cycling. Figure 6.3a shows the lattice 

strain versus applied tensile stress along the longitudinal and transverse directions (LD 

and TD) for selected orientations of both FCC and B2 phases. The hkl plane-specific 

lattice strain of each respective phase is determined by ( )0 0/hkl hkl hkl hkld d dε = − , where 0
hkld   

and hkld  are the reference lattice spacings at the stress-free state and the lattice spacing 
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Table 6.2 The fitting values of parameters shown in the strain-life equation 

Parameters '  (MPa)fσ  '
fε  b c 

Fitting values 1,315 0.10253 0.11414 0.36835 
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Figure 6.3 Real-time in-situ neutron diffraction results. (a), Lattice strain as a function of 

applied stress during the uniaxial tension. (b), Two-dimension (2D) contour maps of the 

B2-{110} d-spacing along the transverse direction, exhibiting the formation of the 

martensitic phase. (c), Lattice-strain evolutions of the FCC-{111} and B2-{110} at 

selected 1st, 2nd, and 5th cycles along loading direction. (d), The evolution of FWHMG/d 

versus the number of cycles at the strain amplitudes of ± 0.5%, ± 1%, and ± 1.75%. e, The 

relationship of B2-[110] FWHM versus applied stress along longitudinal and transverse 

directions at 50th cycle at the strain amplitude of ± 1.75%. (f) and (g), The real-time in-situ 

neutron diffraction peak-intensity evolution at different fatigue cycles along longitudinal 

and transverse directions at the strain amplitudes of ± 1.75% and ± 1%, respectively. 
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Figure 6.3 continued 
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Figure 6.3 continued 
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during loading, respectively. A linear response of the lattice strain to applied stress is 

found during the elastic range. Different slopes among various grain families and phases 

are due to the elastic anisotropy. Right after yield, an obvious splitting of lattice strains 

happens between the B2 and FCC phases, especially the B2-{200} and {310} grains. This 

lattice-strain response manifests that the load transfers to the hard B2 phase after the soft 

FCC phase yields first[61]. Similarly, the load transfer is observed during the cyclic pull-

push loading, as exhibited by the large lattice strain and stress borne by the hard B2 phase 

(Figure 6.3c). Moreover, as the strain amplitude increases, more energy is dissipated in 

both B2 and FCC phases, as evidenced by the increased area of the hysteresis loop (Figure 

6.3c).  

One of particular interests in Figure 6.3a is that there is a jump of the B2-{200} 

and {110} lattice strains along LD and TD, respectively, when the applied stress is larger 

than 651 MPa. It is considered to be a result of the stress-induced martensitic 

transformation (SIMT), which is further evidenced by the separation of the B2 {110} peak 

along TD (Figure 6.3b). This phase-transformation behavior is also demonstrated by in-

situ HEXRD patterns, in which the peak of B2-{110} along TD separates into two peaks 

when the tensile stress exceeds ~ 650 MPa, consistent with the in-situ synchrotron 

diffraction results (Figure 6.4). Obviously, this SIMT has a preferred orientation selection, 

that is, B2-[110]//TD, similar to a previous report [225]. Due to the inadequate data-

collecting time during the in-situ neutron measurement, it becomes difficult to 

differentiate the peak separation during cyclic loading. However, the SIMT can cause the 

overlap of the peaks belonging to B2 and new martensitic phases, leading to abnormal  
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Figure 6.4 Synchrotron XRD diffraction profiles as a function of the applied tensile stress. 

(a), Full patterns along the transverse direction (TD), (b), B-[110] along TD during the 

uniaxial tension (M denotes the martensite), showing the occurrence of the martensitic 

transformation upon the stress beyond 650 MPa (marked by the red arrow). 
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peak broadening. Moreover, the present type of SIMT is strongly dependent on the 

loading direction and grains orientations, i.e., B2-[110]//TD. Thus, if an abnormal 

difference of peak broadening of B2-{110} exists between LD and TD, we can conclude 

the occurrence of SIMT during cyclic loading. 

To prove this point, the relationships of the peak full width at half maximum 

(FWHM) of B2-{110} vs. cyclic stress along LD and TD at a selected cycle are plotted at 

the strain amplitudes of ± 0.5%, 1%, and 1.75%. Figure 6.3e exhibits this relationship at 

the 50th cycle under the strain amplitude of ± 1.75%. It can be clearly seen that an 

abnormal increase of FWHM happens along TD when the stress is larger than ~ 600 MPa, 

rather than LD, suggesting that the abnormal broadening behavior should be attributed to 

the SIMT, instead of a simple dislocation evolution. This abnormal increase of FWHM 

also occurs at the strain amplitude of ± 1%, but not at the strain amplitude of ± 0.5% 

(Figure 6.5). Thus, SIMT occurs when the strain amplitude is larger than ± 1%. 

To understand the cyclic hardening and softening behavior in CSR, the dynamic 

evolution of the dislocation density is qualitatively established through analyzing the 

FWHM. As mentioned above, SIMT also contributes to the broadening FWHM of B2-

{110} along TD, but not the B2-{110} along LD. Therefore, here we use the FWHMs that 

were extracted from B2-{110} along LD.  FWHM is related to the dislocation density by 

the proportional relation [226] of 

 
2

,
2

G hkl

hkl r

FWHM
d bC

r ∝   (6.4) 

where ρ is the total density of randomly-distributed dislocations, hkl is the Miller index,  
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Figure 6.5 The relationship of B2-[110] FWHM versus applied stress along the 

longitudinal and transverse directions at the 50th cycle under the strain amplitudes of ± 

0.5% (a) and ± 1% (b). 
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FWHMG is the Gaussian component of the FWHM of the peak obtained from single-peak 

fitting by the pseudo-Voigt function, d is the lattice-plane spacing, b is the magnitude of 

the Burgers vector, and Cr is the contrast factor related to the dislocation type (edge or 

screw) [227]. Note that all the FWHM are obtained at the load-free condition during cyclic 

loading in order to minimize the effect of the external force on the peak width. The 

representative diffraction peaks of {111} and {110} along LD were used to extract the 

FWHM of the FCC and B2 phases, respectively. Figure 6.3d shows the evolution of 

FWHMG/d of the {111} peak in the FCC phase and the {110} peak of the B2 phase at the 

strain amplitudes of ± 0.5%, ± 1 %, and ± 1.75%. At the low strain amplitude of ± 0.5%, 

FWHMG/d of the FCC-{111} and B2-{110} peaks exhibits a relatively-stable stage at the 

first 250 cycles, and then, quickly increases to a higher level until 500 cycles. Later, a 

steady stage appears from the 500th cycle to 1,500th cycle, and finally with a decrease until 

the 3,000th cycle. This evolution of FWHMG/d at the strain amplitude of ± 0.50% indicates 

that three obvious cyclic stages are present, that is, (i) the dislocation rapid multiplication - 

cyclic hardening, after a relatively-stable incubation period; (ii) the balance between the 

dislocation multiplication and annihilation - cyclic saturation; and (iii) the reduced 

dislocation density - cyclic softening. At higher strain amplitudes of ± 1% and ± 1.75%, a 

rapid increase of FWHMG/d happens in the first few cycles, and then followed by a steady 

stage. No obvious decrease of FWHMG/d is found at the later stages, indicating the 

absence of obvious cyclic softening that happened at low strain amplitudes (< ± 1%). It is 

interesting to note that the B2 phase is plastically deformable at all the three strain 

amplitudes, as demonstrated by the greatly increased FWHMG/d, which is caused by the 

stored dislocations as shown by TEM observation (Figure 6.6). The plastically-deformable 
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behavior of the B2 phase suggests load transfer and strain partitioning occurs between the 

FCC matrix and B2 precipitates, which can relieve the stress concentration. The real-time 

monitored cyclic-response behaviors at the strain amplitudes of ± 0.5%, ± 1% and ± 1.75% 

are consistent with their corresponding cyclic-stress responses in Fig. 2b.  

 Besides the dislocation evolutions, twinning micromechanical behavior during 

LCF can be dynamically detected as well because of the sensitivities of in-situ neutron to 

the diffraction intensity change caused by the deformation twinning [224, 228, 229]. In a 

FCC structure, <111>, <220>, and <331> orientations favor the deformation twinning. 

Here the <220> orientation is selected to probe the twinning behavior. Figures 3f and 3g 

show the evolutions of the normalized intensity vs. cycles along LD and TD at the strain 

amplitudes of ± 1.75% and ± 1%, respectively. In <220>//LD orientation, both the 

dislocation slip and twinning decrease the <220> intensity in tension [229]. In Figures 6.3f 

and 6.3g, we observed the gradually-decreased peak intensity in tension (highlighted by 

the red arrows in Figure 6.3f) with the increase of cycles at the strain amplitudes of ± 1.75% 

instead of the strain amplitudes of ± 1%. This trend is due to the extra contribution from 

deformation twinning at the strain amplitudes of ± 1.75% that leads to the peak intensity in 

tension more negative as the cycle increases. Thus, it indicates that the deformation 

twinning occurs at the high strain amplitude of ± 1.75%, but not at the intermediate strain 

amplitudes, ± 1%. The real-time captured twinning behavior is further supported by the 

following TEM characterizations. 
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To visually link the observed cyclic response with the microstructural evolution, 

detailed microstructural characterizations were performed on the post-mortem samples at 

different strain amplitudes. Figures 6.6a-h display the varied deformation features from 

the low strain amplitude of ± 0.25% to the highest strain amplitude of ± 1.75% after LCF 

testing. At the lower strain amplitudes (below ± 1%), dislocation slips, including cross 

slips, double slips, and planar arrays, prevail (Figures 6.6a-d). As the strain amplitude 

increases to ± 1%, dislocation cells are formed, resulting from the extensive cross slips of 

dislocations in the FCC matrix. Note that no deformation twinning is observed at the strain 

amplitude of ± 1% after screening more than 20 grains, in line with the in-situ neutron 

results (Figure 6.3g). When the strain amplitudes further increase to ± 1.75%, elongated 

dislocation cells are found, separated by much denser and severely tangled dislocations. 

Moreover, deformation nanotwins are observed, as presented in the bright-field (BF) TEM 

image (Figures 6.6g) and high-resolution TEM (HRTEM) (Fig. 4h). It is worth noting that 

the deformation twins are formed in the severely-tangled dislocations region (highlighted 

by the dash box in Figures 6.6g). This trend is because that the formation of deformation 

twinning requires sufficient resolved shear stress to reach the critical stress for twinning 

[230, 231]. At high strain amplitudes, dislocations are more tangled and denser than those 

at low strain amplitudes, leading to the local shear stress beyond the critical stress for the 

formation of twinning. As a consequence, deformation twinning can be observed at high 

strain amplitudes instead of intermediate and low strain amplitudes, in agreement with the 

real-time neutron results (Figures 6.3f and 6.3g). At all strain amplitudes, very dense 

dislocations pile-up around the B2-phase boundaries, which is ascribed to the strain 

incompatibility of the FCC and B2 phases. Upon cyclic testing,  
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Figure 6.6 TEM and SEM characterized structural evolution at different strain amplitudes. 

(a) and (b), (c) and (d), (e) and (f), and (g) and (h) are the TEM bright-field (BF) images at 

the strain amplitudes of ± 0.25%, ± 0.5%, ± 1%, and ± 0.25%, respectively, showing the 

structural evolution of the cyclic response of deformation features (the inset figure in 

Figure 6.6a is the dark-field (DF) image, showing the plastically-deformable B2 phase). (i-

l) are the SEM images of the fractured samples at the strain amplitudes of ± 0.25% and ± 

1.75%, exhibiting the crack-formation features at low and high strain amplitudes. 
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plastic deformation occurs in the soft FCC matrix first, leading to the great increase of the 

dislocation density by the multiplication and rearrangement of dislocation substructures in 

the FCC matrix. In contrast, the precipitated hard B2 phase resists plastic deformation and 

acts as obstacles, which hinders the further movements of dislocations and produces the 

internal stress, i.e., back stress, contributing to the cyclic strain hardening. As the cycle 

and cyclic strain increase, plastic deformation propagates gradually into the hard B2 phase, 

as evidenced by the observed dislocations in the B2 phase (Figures 6.6). The 

heterogeneous deformation between the hard B2 and soft FCC phases can raise a localized 

stress concentration between their boundaries and cause microcracks (Figures 6.6i-l). 

However, due to the deformability of the B2 phase, B2 can deform to provide necessary 

accommodation between FCC and B2 phases, resulting in the relaxation of the severe 

stress concentration and retarding the initiation of microcracks. In fact, microcracks 

mainly initiate and propagate near the boundaries of the band-like B2 precipitates at both 

low and high strain amplitudes, because of their longer incoherent B2 interfaces that 

cannot effectively accommodate the stress concentration (Figures 6.6i and 6.4j,). In 

contrast, microcracks are difficult to initiate near the boundaries of the fine B2 precipitates. 

Even though microcracks are formed near the fine B2 precipitates at the high strain 

amplitude of ± 1.75%, they are in the circle-like shape (Figures 6.6l). Interestingly, these 

circle-like cracks with blunted crack-tips indicate that the fine B2 precipitates can act as 

efficient crack arresters to inhibit crack propagation and coalescence during cyclic 

deformation[33], unlike those cracks near the band-like B2 phases. The formation of 

microcracks leads to the cyclic softening because of the accelerated annihilation rate of 

dislocations. Another cyclic-softening source can be the interaction between the short-
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range ordering (SRO) and dislocations [232]. In this Al0.5CoCrFeNi HEA, Al-Ni and Cr-

Fe are the possible SRO pairs [115, 186]. Due to the presence of SRO, the planar slip 

tends to form, as manifested by the observed planar arrays (Figures 6.6b). Once the SRO 

is broken down by the leading dislocation, the following dislocation faces a lower 

resistance to slip, contributing to the cyclic softening. Both the formation of microcracks 

and the presence of SRO are responsible for the observed cyclic softening at low strain 

amplitudes (< ± 1%). 

At high strain amplitudes (> ±1 %), deformation twinning is present, which acts as 

barriers to hinder the further dislocation movement, notable cyclic hardening can be 

achieved to compensate the softening caused by the dislocation annihilation, SRO effect, 

and crack formation. Thus, this HEA exhibits cyclic stability after initial hardening at high 

strain amplitudes (≥ ± 1%), rather than cyclic softening at low strain amplitudes (≤ ± 1%) 

(Figures 6.2b and 6.3d). Therefore, at the high strain amplitudes (> ± 1%), the deformation 

mode becomes the strong interaction between dislocations and deformation nanotwins, 

elongated dislocation cells, and SIMT. 

To vividly summarize the evolution of the deformation mode as the strain 

amplitude increases, a schematic is plotted in Figure 6.7a. At low strain amplitudes (< ± 

1%), the cross slips together with planar arrays are the dominant cyclic-deformation 

mechanisms. When the strain amplitude reaches ± 1%, dislocation cells and SIMT begin 

to appear. As the strain amplitude further increases (> ± 1%), deformation twinning is 

formed, except for the dislocation cells and SIMT, and thus, dislocation cells, SIMT, and 

the interaction between the dislocation and twinning are the dominant cyclic-deformation 

mechanisms. Note that at all strain amplitudes, dislocations always pile-up at the hard B2  
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Figure 6.7 (a), Summary of dominated cyclic-deformation mechanisms of Al0.5CoCrFeNi 

at different strain amplitudes. (b), The comparison of Coffin-Manson fatigue data for the 

present alloy and other conventional alloys [232-238]. (c), A mechanistic approach to the 

design of fatigue-resistant high-entropy alloys based on the present study. 
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phase boundaries, leading to the localized stress concentration and triggering the 

formation of microcracks. However, due to the plastically-deformable B2 phase, the 

microcracks near the fine B2 precipitates can be retarded. Correspondingly, the initiation 

and coalescence of microcracks are easier to occur near the band-like B2 phase. 

6.4 Discussions 

A full picture of the cyclic-deformation mechanisms that evolve as the strain 

amplitude increases has been drawn through the real-time investigation (Figure 6.7a). 

Now we can answer the three critical questions raised at the beginning. How is the LCF 

property of this selected HEA, compared with other traditional materials? To answer this 

question, a map plotting the relationship of a reversal to failure (2Nf) versus plastic-strain 

amplitude among many different materials is given (Figure 6.7b) [232-240]. It can be seen 

that the studied alloy shows comparable LCF properties with traditional materials, such as 

various steels, nickel-base superalloys, aluminum alloy, and Ti6Al4V, at high plastic 

strain amplitudes (> 10-3). In contrast, at low plastic strain amplitudes (< 10-3), the studied 

HEA exhibits a much longer fatigue lifetime than other materials, as reflected by the 

smaller slope of plastic strain amplitude vs 2Nf. Are there any unique cyclic-deformation 

mechanisms in HEAs? In the studied HEA, diverse deformation modes, including 

dislocation slips (cross slips and planar slips), dislocation cells, SIMT, and deformation 

twinning, are observed at different strain amplitudes. No persistent slip bands (PSBs) and 

persistent Lüders bands (PLBs) resulting from cyclic loading is found [241]. More 

importantly, the plastically-deformable B2 phase retards the initiation of microcracks 

because of the strain partitioning. The appeared various deformation modes in a HEA 
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create a new palette to synergistically integrate the deformation mechanisms that favor the 

fatigue properties of HEAs, which is the unique feature in HEAs. With the abundant 

choices from the palette, novel fatigue-resistance HEAs can be designed through 

rationally-integrating the favorable deformation mechanisms. To provide this insight, we 

will address the third question: What are the fundamental contributing factors in 

governing the fatigue behavior of HEAs? In this study, the evolution of cyclic-deformation 

mechanisms at different cyclic strain amplitudes is witnessed. The longer fatigue lifetime 

at low strain amplitudes is attributed to the retarded initiation and coalescence of 

microcracks because of the low-stress level and the plastic deformability of B2 

precipitates Figure 6.6). On the contrary, the shorter fatigue lifetime at high strain 

amplitudes is ascribed to the fast formation rate of microcracks, resulting from the high-

stress level and the unaccommodated strain gradient between the FCC matrix and the 

band-like B2 phase that has longer and more incoherent interfaces (Figure 6.7j). Thus, in 

order to delay the initiation and coalescence of microcracks, the size of B2 precipitates for 

precipitation strengthening need to be controlled into small sizes (< 1 μm), and the 

interface between B2 and FCC phases is good to be tailored to be coherent instead of 

incoherent. Moreover, the SIMT occurred in the NiAl-type B2 phase is believed to be 

beneficial to fracture toughness, because it can relieve the stress concentration between B2 

and FCC phases [225]. For the deformation twinning, it is beneficial to the improvement 

of the fatigue life, because the twin-dislocation interactions can bring out additional 

strengthening and lead to a cyclically-stable plastic deformation response. Thus, we need 

to control the factors that favor the formation of deformation nanotwins, such as the 

stacking fault energy (SFE), critical resolved shear stress, grain size, etc. Overall, cyclic-
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deformation mechanisms favorable to fatigue life can be synergistically integrated for 

designing fatigue-resistant HEAs through rationally-tailoring the alloy composition and 

thermo-mechanical processing, considering HEAs’ excellent microstructural 

controllability, as shown in Figure 6.7c.  

6.5 Conclusions 

In summary, the real-time LCF study on this HEA demonstrates that the 

deformation mechanisms that favor the improvement of fatigue behavior can be 

systematically integrated into HEAs due to their vast property-controlling microstructural 

choices, such as the plastically-deformable multicomponent precipitates, grains, interfaces, 

dislocations, twins, stacking faults, and SRO. The present work paves the way to design 

novel fatigue-resistant materials by means of the HEA concept. 
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CHAPTER VII 

CONCLUSIONS 

In this work, two main tasks have been studied for developing advanced 

precipitation-strengthened alloys by the HEA concept through integrated experimental and 

theoretical methods. 

In the first task, in order to develop significantly cheaper and lighter high-

temperature alloys than Ni-base superalloys, precipitation-strengthened body-centered-

cubic (BCC) HEAs are designed, which possess a microstructure analogous to that of the 

γ/γ′ Ni-base superalloys, using the CALPHAD-based high-throughput computational 

method (HTCM). The fundamental understanding of the phase stability, precipitation-

strengthening, and order-disorder-transition behaviors in the newly-designed lightweight 

HEAs have been revealed by in-situ neutron scattering, advanced microcopies, ab initio 

molecular dynamics (AIMD), and Monte-Carlo (MC) simulations. The insights obtained 

in this study offer a paradigm to develop high-performance lightweight HEAs via the 

high-throughput method.  

In the second task, in order to develop advanced fatigue-resistant HEAs, a B2 

precipitation-strengthened Al0.5CoCrFeNi HEA is designed, which exhibits the 

outperforming fatigue life at low strain amplitudes compared with traditional materials. Its 

real-time cyclic-deformation mechanisms are revealed by in-situ neutron diffraction and 

advanced microscopy experiments. The excellent fatigue life at low strain amplitudes is 

attributed to the retarded microcrack-initiation behavior resulting from the load 

redistribution and strain partitioning between FCC and B2 phases. This work indicates that 
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various beneficial cyclic-deformation mechanisms, such as the multicomponent-

precipitation strengthening, deformation twinning, and reversible stress-induced 

martensitic phase transformation can be synergistically integrated into HEAs together. 

Guided by this design idea, fatigue-resistant HEAs can be developed, which can be 

generalized to other alloys systems. 
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CHAPTER VIII 

FUTURE WORK 

In the present work, many efforts have been made to develop advanced 

precipitation-strengthened HEAs for high-temperature and fatigue-resistant applications. 

However, some extra work still needs to be conducted in the future for accelerating the 

fundamental understanding and development of high-performance precipitation-

strengthened HEAs, which are listed as follows. 

(1) High-temperature deformation behavior of the newly-designed nanoscaled L21 

precipitation-strengthened lightweight HEAs, such as high-temperature 

tension/compression and creep deformation behaviors; 

(2) Nucleation and coarsening behaviors of the nanoscaled L21 precipitates within 

the BCC matrix of the newly-designed lightweight HEAs; 

(3) The effects of minor additions of W, Ta, Nb, and Mo into the newly-designed 

L21 precipitation-strengthened lightweight HEAs on the high-temperature 

performance, deformation, and coarsening behaviors; 

(4) Optimizations of the thermodynamic database of Al-Cr-Fe-Mn-Ti 

multicomponent system and alloy-design strategies for further improving 

strength and ductility; 

(5) Improvement of low-cycle-fatigue performance based on the Al0.5CoCrFeNi 

HEAs by tailoring the B2 precipitation behavior, such as morphology, size, and 

coherency, through rational thermo-mechanical processing and chemical 

composition tuning; 
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(6) In-situ thermograph and acoustic emission study of the low-cycle-fatigue 

behavior; 

(7) Develop the crystal-plasticity finite element modeling (CPFEM) to simulate the 

low-cycle-fatigue deformation behavior of the precipitation-strengthened high-

entropy alloys. 
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