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ABSTRACT

2 l/4Cr-lMo steels have been used in power and chemical plants

for elevated temperature high pressure components since the 1930's.

Recent concerns involving submerged arc (SA) and shielded metal arc

(SMA) welded steam piping during service have resulted in the

inception of this study. Since welded piping may be either annealed

and tempered (A6eT), normalized and tempered (N&T) or subcritically

postweld heat treated (PWHT), the aim of this study was the

determination of the elevated temperature properties of 2 l/4Cr-lMo

weldments subjected to these heat treatments after welding.

The SA weldment fabricated for this study had a difference of

chromium content (0.62%) between the base metal (2.07%) and weld

metal (2.69%). The significance of this chromium difference was

investigated in addition to the determination of stress rupture

properties in the different heat treated conditions. Another part of

this study sought to evaluate the effect of the severity of tempering

on the creep strength of SMA 2 l/4Cr-lMo weld metal.

After heat treatment a "soft" carbon denuded ferritic region

was found along the fusion line in the HAZ of the SA weldment because

of carbon migration from the base metal to the weld metal driven by

elemental differences (especially Cr) during heat treatment. This

region was found to be widest for the A&T material followed by N6eT

and only a grain wide when PWHT(C1.2). Hardness measurements on A&T

specimens revealed a hardness approximately 35 DPH lower in the
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"soft" zone compared to the adjacent enriched zone. The soft zone

was found to be 15 DPH softer than base metal and 10 DPH softer than

the weld metal remote from the fusion line.

SA weldment stress rupture and tensile tests conducted at 950

and 1050°F on all-weld metal specimens extracted parallel to the

welding direction and composite specimens (base metal-HAZ-weld metal)

extracted transverse to the welding direction revealed that none of

the specimens ruptured in the "soft" zone. All transverse tensile

specimens ruptured in the weld metal. Transverse creep specimens

ruptured in the weld metal in N&T condition and in the base metal in

the PWHT(C1.2) condition. Transverse stress rupture specimens in the

A&T condition ruptured in the weld metal at 950°F, base metal at

1050°F and in the weld metal at temperatures of 1150 and 1225°F.

Creep rupture testing of specimens from the SA weldment reveals

superior creep properties in N&T condition when tested at 950°F and

in A&T condition when tested at 1050°F.

Stress rupture and tensile testing of the SMA weldment

indicates that the strength decreases with an increase in the temper

parameter. Characterization of microstructure using analytical

techniques indicated that stability of M2C type carbides in the

various microconstituents (ferrite, bainite) dictate the elevated

temperature properties of the weld metal. Microscopy of the "soft"

ferrite band revealed presence of fine M2C type carbides. This

"soft" ferritic region is strengthened by fine acicular M2C carbides

along with interactive solid solution hardening effect of molybdenum

in ferrite. In addition, adjacent regions which are stronger than
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the soft zone exert a constraint effect thereby preventing rupture.

Thus, the zone did not contribute to creep failure. A carbide

evolution sequence in the weld metal due to tempering or service

exposure has been determined from this study.
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CHAPTER 1

INTRODUCTION

1 .1 HISTORY AND APPLICATIONS

For many years there has been a steady upward trend both in the

operating pressures of vessels and in the material strength

requirements for heavy equipment. A low alloy steel that fulfills

these requirements is a ferritic steel with a nominal composition of

2.25% chromium, 1% molybdenum and 0.1% carbon. This steel has been

in widespread use in fossil fired power plants, in the fabrication of

1-7pressure vessels and boiler piping since the 1930's. This steel

is also considered for liquid metal fast breeder reactors (LMFBR),

16 7
steam generators and hydrocrackers. ' '

2 l/4Cr-lMo steel is noted for its excellent high temperature

strength (imparted by molybdenum), oxidation resistance (imparted by

chromium) and microstructural stability in service. Therefore, it

3
has been used for applications at elevated temperatures. In

addition, because of its resistance to hydrogen attack at elevated
g

temperature, it has found application in hydrocrackers. The

excellent weldability is due to a low carbon content and this

characteristic has enhanced its popularity because of the relative

9
ease of fabrication and installation.
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1.2 MECHANICAL PROPERTIES

2 l/4Cr-lMo steel is used in different heat treated conditions

to meet various requirements of strength, ductility and fracture

toughness. The nominal composition of 2 l/4Cr-lMo steel is shown in

Table 1. In the annealed(A) condition the tensile strength is

typically about 75 KSI at room temperature and 40 KSl at about

1100°F.^® The elongation is of the order of about 35 percent in a 2

inch gage length with the reduction in area about 65 percent at both

room temperature and 1100°F. In the normalized and tempered(N&T)

condition the tensile strength is typically 85 KSI at room

temperature and 65 KSI at 1100°F. Creep rupture strength of the

alloy is about 10 KSI at 1100°F for a rupture life of 100,000

hours. Thus it can be seen that this alloy has excellent strength

at elevated temperatures, second to austenitic stainless steels above

1050°F.

The properties of 2 l/4Gr-lMo steel depend on the

microstructure which is different for annealed and normalized and

tempered treatments. The extremes in microstructural differences is

such that the normalized steel may be entirely bainitic whereas the

annealed steel will exhibit 75 to 80 percent proeutectoid ferrite and

the balance bainite.^ Therefore a wide range of properties can be

obtained by choosing appropriate heat treatment. Currently, various

ASTM specifications permit a range of room temperature tensile

strengths from 60 to 135 KSl:^^

A-387 Grade D (A) - 60 KSI min. tensile strength

A-387 Grade D (N6cT) - 75 KSI min. tensile strength
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A-542 Class 4 - 85 KSI min. tensile strength

A-542 Class 3 - 95 KSI min. tensile strength

A-542 Class 1 - 105 KSI min. tensile strength

A-542 Class 2 - 115 KSI min. tensile strength

There exists a good correlation between the elevated

temperature tensile strength and the room temperature tensile

strength of this material as shown in figure 1. A similar-

correlation also exists for the creep rupture strength and is

illustrated in Figures 2 and 3. However, it can be seen that the

correlations tend to become less definitive at higher temperatures.^^

1.3 CREEP PROPERTIES OF 2 1/4CR-1M0 STEEL

"Creep" is the term given to a type of plastic flow, namely the

continued change in dimensions as a function of time, that results

from a particular condition of deformation, ie., under conditions of

1 1
sustained stress (or load). To understand creep in 2 l/4Cr-lMo

steel it is first necessary to comprehend creep mechanisms operating

in polycrystalline materials.

Flow characteristics of a material under creep conditions will

depend on three variables: the initial microstructural condition, the

conditions of deformation and the entire thei'mal/mechanical

history. The requirements of a material entering elevated

temperature service can be best described by the following

features

(1) Deformation resistance,

(2) Fracture resistance.
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(3) Recovery resistance and

(4) Microstructural stability.

At elevated temperatures grain boundaries are less resistant to

shear stresses. The sliding of grain boundaries permits relaxation

of stresses within the grains. Suitable alloying by addition of

solute elements which will be adsorbed or segregated at grain

boundaries can overcome this. Also the grain boundary sliding can be

prevented by the precipitation of particles which will "pin" the

boundaries. It is important to do this in such a manner that the

boundaries can flow locally to permit stress relaxation but that long

range boundary shear is prevented. In addition to boundary sliding,

boundary migration also plays an important part in creep. Migration

of boundaries reduces strain hardening. This migration leads to

softening and recovery and reduces the strength. A fine dispersion

of particles within the grain can prevent migration of grain

boundaries and the associated loss of strength.

The creep resistance of material is also increased by solid

solution strengthening of the grain interiors. The mechanisms which

contribute to this effect are:

(1) Reduction in dislocation mobilities,

(2) "Pinning" of dislocations by solute "atmospheres" and

(3) The stabilization of dislocation arrays by inhibiting

climb and recovery.

The strengthening process by the solid solution mechanism is

limited by the extent of solid solubility. Also, small additions of

solute elements is usually sufficient to decorate dislocations
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completely by solute atmospheres. Addition of alloying elements

above a critical value usually have little or no further effect on

the strength.

As discussed earlier, grain boundary sliding and migration can

be prevented by having a fine dispersion of particles at the grain

boundaries and within the grains. Hence, the size, distribution,

volume fraction as well as the degree of coherency of the particles

or carbides, all effect the creep resistance of the material. In

addition, at elevated temperatures the stability of the precipitates

in terms of size, composition and distribution are affected. The

control of structure to produce the highest creep resistance is

hence, a matter of balancing the composition of both the precipitates

and the matrix so that it is possible to obtain the optimum size and

distribution of particles and the maximum degree of stability.

In 2 l/4Cr-lMo steel the creep strength is obtained by solid

solution strengthening effects of chromium and molybdenum and

dispersion strengthening effects of carbide particles at grain

boundaries as well as in the grains. Various types of metastable

carbide phases are formed in 2 l/4Cr-lMo steels and their stability

is dictated by diffusion and strain controlled processes. The number

and type of carbides as well as their size and distribution change

with time as the alloy approaches equilibrium which is controlled by

the diffusivity of the solute atoms. Since the diffusivity of

these large solute atoms is slow, the approach to the equilibrium

phase is very slow. The identity of the individual phases found in 2
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I/4Cr-lMo steel and their effect on the creep strength of this alloy

will be described in details in the following chapter.

1.4 STRENGTHENING MECHANISMS

In order to function at elevated temperature, alloys to be used

in components and structures must be resistant to creep deformation

in order to avoid failure. As described in the previous section,

conditions must be created in the microstructure to resist

deformation which occurs by dislocations motion.

Low alloy ferritic steels are strengthened essentially by

carbide dispersion. The most important factor in the interaction

between a carbide particle and a dislocation is the presence of

stress field surrounding the precipitate particle. As proposed by

Orowan^^ dislocations bend in the form of expanding loops around the

precipitate particles. When adjacent loops intersect the particle

from the other side they cancel leaving a dislocation ring

surrounding the particle, the stress field of which increases the

resistance to the motion of the next dislocation.

The microstructure of 2 l/4Cr-lMo steel consists essentially of

either a mixture of ferrite and bainite or is completely bainite.

1 8
Baker and Nutting have examined tempering reactions and found that

a number of metastable carbides can be formed depending on the

combination of time at temperature during postweld heat treatment or

elevated temperature service. During normalizing or annealing heat

treatments the reactions involving precipitation of carbides are

incomplete and leave the ferrite matrix supersaturated with respect
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to chromium and molybdenum concentrations. The presence of solutes,

supersaturated in ferrite matrix, have a strong influence on both the

tensile and creep strengths of 2 l/4Cr-lMo steels. The solutes (Cr,

Mo) have a strong affinity for carbon and forms M-C or M-C-M type

solute atmospheres and decorate the dislocations, and this leads to

an interactive type solid solution strengthening in these steels.

1.5 AVAILABILITY

2 l/4Cr-lMo steel is available in a variety of shapes, strength

level and prior heat treatment as per the ASTM specifications: A 213

Grade T22 for tubing; A 387 Grade D and A 542 for plate; A 336 Grade

F22 for drum forgings; A 335 Grade P22 for pipe; A 356 Grade 10 and A

217 Grade WC9 for castings. 2 l/4Cr-lMo steel is receiving

widespread use in the power generation industry in normalized and

tempered condition. For liquid metal fast breeder reactor steam

generators this steel is used in annealed or isothermally annealed

condition extensively because of its attractive properties at low

cost.

1.6 SCOPE OF THIS WORK

Today, power plant design is based on achieving highest

efficiency possible. Thermodynamically, the efficiency depends on

the differences between the operating temperature and the ambient

temperature. So, it is always attractive to operate at the highest

temperature possible. Since 1930, when the all welded steam drum was

successfully manufactured, welding has been the principle means of
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fabricating critical pressure parts for service at elevated

temperatures and pressures. This ability to economically create

sound metallurgical bonds between thick-walled pressure vessel plates

has permitted design and operation of boilers and other pressure

parts at increasingly higher temperatures and pressures, thereby

dramatically improving the efficiency of energy systems.

Traditionally, designers of welded power plant equipments and

pressure vessels have assumed weld metals to possess properties

similar to those of the respective wrought, forged or cast material

it was being used to join. This assumption has been given implicit

expression in the ASME Boiler Code, in which there is no

demonstration of the adequacy of welded joints for high temperature

service. This has resulted in no systematic efforts to evaluate the

long term properties of weld metals, especially, the influence of

important factors such as process and postweld heat treatment(PWHT).

Until recently, the integrity of seam welded joints performing at

elevated temperatures in the creep regime has been exemplary, and the

absence of comprehensive study of the high temperature properties of

weldments has not been viewed as a significant deficiency.

Particularly, this assumption has been put to question after

two highly publicized steamline failures in U.S. power plants. Both

the failures have occurred along the edge of the longitudinal seam

weld. Although the results of the metallurgical analysis of these

two failures have not been made public due to pending litigation,

certain conclusions have emerged regarding the failures. Extensive

inspection programs undertaken by a number of utilities to evaluate
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high temperature welded components have uncovered evidence of many

weld related problems. Careful analyses have shown improper design,

fabrication defects and/or off nominal operating conditions. In many

cases, however, the test results have indicated inferiority of

elevated temperature properties of weld metals compared to their

respective base metals.

The project undertaken has been to evaluate the high

temperature properties of weldments in an effort to explain the

apparently anomalous behavior of welds in elevated temperature

service. Most of the welds in service are deposited by either

submerged arc(SA) or shielded metal arc(SMA) processes. Subsequent

heat treatment prior to installation is usually anneal and temper, or

normalize and temper or a subcritical stress relief heat treatment.

So, the effect of these heat treatments on the elevated temperature

strength has been examined. Extensive metallography to understand

the behavior of the weldments has been performed to correlate the

properties with the microstructure.
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CHAPTER 2

LITERATURE REVIEW

2.1 GENERAL MICROSTRUCTURE

The microstructure of 2 I/4Cr-IMo steel depends essentially on

the heat treatment and the alloying elements present. The continuous

cooling transformation diagram for a O.I%C, 2 I/4Cr-IMo steel is

given in figure 4.^® From this figure it can be seen that there is

an extensive range of cooling rates over which the microstructure

will be bainitic. Slower cooling rates than the critical cooling

rate would result in microstructures containing mixture of

proeutectoid ferrite and bainite.

Usually most of the applications for this steel require a 100%

bainitic structure and this requires high hardenability especially

for thick plates. This is accomplished by the addition of alloying

elements which have different effects on the critical cooling rate

either individually or in combination with other elements. Such

alloying elements added to the nominal composition of 2 I/4Cr-IMo

steel are vanadium, titanium, boron, nickel and niobium. The effects

of these elements will be discussed in detail in subsequent sections.

Austenitizing temperature effects the prior austenite grain

size and also the cooling rate. Plates of large section thickness

(especially the center) cools very slow and this may result in

different microstructures at the surface and center. With proper

austenitizing temperature and alloying elements it is possible to
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attain 100% bainitic microstructures even in 16 inch thick plate, the

center of which cools at the rate of about 2.8 C°/min.

With most of the welding processes the deposited weld metal

cools much faster and also has an essentially 100 percent bainitic

microstructure. High heat input processes, create a wide heat

affected zone with a coarse prior austenite grain size. During

subsequent postweld heat treatment this zone is susceptible to

postweld heat treatment cracking which is overcome by using proper

composition and by modification of inclusion morphology in the base

metal through proper deoxidation and desulfurization practices such

21
as calcium treatment.

O O

Sims and Fuchs studied the weld metal microstructure and

mechanical properties employing different welding processes.

Electroslag welding is usually completed in one pass. So the

resulting microstructure is coarse in both the weld metal and heat

affected zone. For this reason, as per the ASME Boiler and Pressure

Vessel Code, Section VIII Paragraph UCS56a requires that electroslag

welds in ferritic material over 1 1/2 inch in thickness be given a

grain refining (austenitizing) heat treatment.

The submerged arc process can be used with a wide range of heat

inputs. Hence, the subsequent postweld heat treatment usually

depends on the heat input; being a subcritical stress relief for a

low heat input processes or an austenitizing heat treatment for a

high heat input process. For weld made with the shielded metal arc

welding process (usually a low heat input process) the subsequent

heat treatment is normally subcritical.
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Welding processes like electron beam welding and laser beam

welding use very concentrated heat sources which induces very fast

cooling rates in the weld metal and the heat affected zone and the

resulting microstructure has been reported to be lath type martensite

22
in the weld metal and heat affected zone. Subsequent subcritical

postweld heat treatment result in excellent toughness in the weld

metal and heat affected zone comparable (usually better) than the

base metal.

Clark^^'^^ has modeled the shielded metal arc process with

respect to process parameters and has explained the dimensions of

weld bead and heat affected zone for single pass and multipass welds.

He has also described two layer heat affected zone refinement

technique under shop floor conditions. His study shows that

depositing a layer of weld beads on the parent material with a low

heat input, followed by a second layer of beads superimposed so as to

retransform the areas of coarse grained bainite left by the first

layer, reduces the susceptibility of the parent weldment to postweld

heat treatment cracking.

To describe the morphology of constituents in weld metal

microstructures, especially ferrite, has been the subject of

controversy and confusion. The IIW has published guidelines for

2^ 27

classification of ferritic steel weld metal microstructures. ' As

per these guidelines primary ferrite has been classified separately

as grain boundary ferrite and intragranular polygonal ferrite. Other

ferritic constituents have been classified as acicular ferrite for

small aligned ferrite grains within prior austenite grains, and
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ferrite with second phase for ferrite with martensite or bainite

which may be further classified as upper bainite or lower bainite.

Ferrite carbide aggregate is the recommended term to be used for fine

ferrite/carbide structures including ferrite with interphase carbides

and pearlite. M-A constituent have been classified to include lath

and twinned martensite and retained austenite. Sometimes lower

bainite and autotempered martensite, especially in low carbon steels

are difficult to differentiate. M-A constitute is hence used to

classify a wide range of such microstructures. Usually in 2 l/4Cr-

IMo weld metal microstructures, all of the above are found depending

upon the welding process used and postweld heat treatment employed.

The microstructure of 2 l/4Cr-lMo steel and weld metal is

mainly bainitic and the morphology of bainite depends upon the

alloying elements, carbon content and the rate of cooling or the

temperature of isothermal transformation. Bainite in low carbon

28 29 30
steels have been characterized as upper and lower bainite. ' '

In addition two more types of bainite are found in literature termed

as granular bainite and massive bainite.^ Bainite has a feathery

appearance or acicular appearance depending upon the temperature of

transformation. The transformation of austenite to bainite is by

nucleation and growth process with the growth direction approximately

perpendicular to the <111> direction of the parent austenite.

The microstructure of bainite is essentially an aggregate of

carbides in the form of very small particles in ferrite, the size and

distribution of which depends on the temperature of transformation

for a particular alloy system. Hence, the formation of bainite is
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dependent on the diffusion-controlled partitioning of carbon between

ferrite and carbides. The ferrite of bainite is in the form of laths

or plates containing a dislocation structure and to some extent

therefore, the mechanism of bainite formation involves shear as well

as diffusion. The strength of bainite is due to the carbide size and

distribution, ferrite grain or subgrain size, dislocation structure

and of course the carbon content which dictates the volume fraction

of carbides. The ferrite in bainite is usually supersaturated with

respect to both carbon content and alloying elements and this also

makes a major contribution to the total strength of the alloy.

2.2 CARBIDES

The elevated temperature properties of 2 l/4Cr-lMo steel

depends primarily on the type, size, morphology and distribution of

18
the carbides in the microstructure. Baker and Nutting have studied

the sequence of evolution of carbides during tempering of 2 l/4Cr-lMo

steel in the quenched and normalized conditions. The types of

carbides present in 2 l/4Cr-lMo system are MC, e-carbide, M^C, M2C,

, ̂ 23^6 ^5^*

Mg fypg:

MC carbides have a NaCl type cubic structure and in 2 l/4Cr-lMo

type steel are usually not found unless there are alloying elements

like vanadium, titanium or niobium in which case they occur as VC, TC

or NbC respectively. There is some solubility of iron, chromium and

molybdenum in MC carbides. Another variety of MC type carbides are
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MoC and WC type which have a hexagonal structure compared to NaCl

type cubic structure described above. Also they are not normally

found in 2 l/4Cr-lMo steel because of the stabilization of other

phases by solution effects, eg ̂ 23^6 stabilized by Cr and M2C by

31 1RMo and Cr. The MC types are usually very fine and stable. Being

stable carbides they increase the resistance of 2 l/4Cr-lMo steel to

hydrogen attack at elevated temperature. However, they also promote

hydrogen assisted cracking during welding because the elements

associated with these carbides result in increasing the hardenability

of HAZ and so a proper balance must be achieved depending upon the

application.

type:

This is a iron rich carbide having the orthorhombic structure

31of cementite. M^C type carbide has considerable solubility for

other alloying elements and is completely isomorphos with Mn^C.

Chromium and molybdenum have a limited solubility in M^C. During

formation there is usually no further nucleation in the matrix and no

further change in the particle shape except for the slow coarsening

of the particles. This is usually very unstable in alloy steels and

transform to more stable forms on tempering.

MnC tvpe:

This carbide is usually molybdenum-rich with a face centered

31cubic structure. Considerable solubility of chromium and vanadium

is seen in this phase. In 2 l/4Cr-lMo steel this carbide also shows
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solubility for nitrogen and is seen to occur as (Cr,Mo,V)2(C,N),

especially in weld metal.

M2C carbides are typically acicular and very fine, occurring

intergranularly. They are also found to be slightly globular,

specially at grain boundaries or at lath boundaries. M2C is

precipitated after tempering in both quenched and normalized steels,

in each case by separate nucleation in ferrite. At the onset, the

precipitate is coherent with the matrix but soon looses its coherency

1 R
and grows into well defined flattened needles. The creep

resistance of the 2 l/4Cr-lMo steel has been attributed to the

stability of this metastable carbide.

^iP-1

This is a chromium rich carbide with a rhombohedral

structure . It has high solubility of iron and manganese.

Molybdenum and vanadium are soluble but to a much lower extent. It

is also found in an acicular shape in the matrix and in a globular

shape in the grain boundaries. The nucleation event is in the

vicinity of M^C, either within M-jC or in the interface between the

carbide and ferrite. The chromium content of M^C increases before

MyC-j forms.

^23^6 carbide is again a chromium rich carbide with a

complex face centered cubic structure. They have a high solubility

31for iron and manganese upto a metal atom ratio of 0.4. '^23*^6
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throughout the matrix of quenched and tempered steel but only in the

bainitic regions of normalized and tempered steel. They form in the

interior of the bainite in the regions containing M^C and M02C and

grows at the expense of these carbides. They nucleate either within

the M3C particles or at the ferrite/M^C interface.18

tl6C byp?:

MgC type carbides are essentially ternary carbides of iron and

31molybdenum and show appreciable solubility for other elements.

33This carbide also shows a relatively high silicon content. Usually

globular in shape, M^C, is the equilibrium type carbide in 2 l/4Cr-

18IMo steel. These particles usually form at the grain boundaries

and grow very rapidly at the expense of all the surrounding carbides.

Nucleation of these carbides take place between existing carbides and

the matrix for both normalized and tempered and quenched and tempered

18
steels.

follows:

The sequence of carbide formation in 2 l/4Cr-lMo steels is as

18

in bainite:

(-carbide

+

Cementite ,

Cementite

M7C3

rM3C

IM02C

MgC

M23C6
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in ferrite:

M2C m- MgC

M2C or M02C is the type of carbide responsible for the excellent

creep strength of 2 l/4Cr-lMo steel. It occurs in both the bainitic

18
and ferritic regions. Baker and Nutting suggested that the creep

strength of 2 l/4Cr-lMo steel depends on the stability of the M2C

carbides. In normalized and tempered steel, M2C is stable for a

longer period than in quenched and tempered steel and thereby the

creep properties of normalized and tempered steels are superior to

quenched and tempered steels. The isothermal diagram showing the

sequence of carbide formation on tempering in quenched and normalized

18
steels is given in figures 5 and 6 to illustrate this point. The

matrix of both proeutectoid ferrite and bainite is a ferritic solid

solution. In proeutectoid ferrite a high density of needle or

platelike M02C precipitates. This unstable precipitate is eventually

replaced by M^C. Bainite, on the other hand, contains a high density

of M3C precipitates. Upon tempering M2C forms first and subsequently

on further elevated temperature exposure M3C and M02C are replaced by

M7C3, M23Cg and finally by MgC. However, in bainite, transformation

to MgC is faster than in proeutectoid ferrite. This is due to the

fact that bainitic regions have more boundaries along which the

diffusion of solute elements can occur more rapidly. Thus, at

elevated temperatures, the properties of bainite change more rapidly

than those of the proeutectoid containing steel (the hardening effect
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of M02C extends over a longer period of time in a ferritic

microstructure as described earlier). Also, in ferrite, due to

interaction solid solution strengthening the dislocation motion

during creep is hindered by the interaction of dislocations with

molybdenum and carbon atoms or atom clusters.^

As described by Klueh,^ the creep strength of 2 l/4Cr-lMo steel

will depend on the test temperature and prior heat treatment. At low

temperatures (<500°C or 932°F), the normalized and tempered steel

(containing 100% bainite) is slightly stronger. Between 500 and

600°C (932 and 1112°F) only for lower rupture times (approximately

1000 to 10,000 hours) normalized and tempered steel is stronger than

annealed steel. Above 600°C(1112°F), the annealed steel is stronger

than the normalized and tempered steel. The creep strength of the

weld metal and heat affected zone can also be explained in a similar

32manner. Roy and Lauritzen have explained the rupture of composite

creep specimens in heat affected zone using the same analogy.

2.3 TECHNIQUES OF CARBIDE ANALYSTS

31
Woodhead and Quarrel have indicated that it is unwise to

attempt to identify carbides from their shape and distribution.

Selected area electron diffraction is essential for the

identification of carbides. Several cases in which different

morphologies of the same type of carbides occurring in the same steel

have been cited by the authors to illustrate this point.

Extraction of carbides or particles for analysis is usually

accomplished by two techniques: anodic dissolution and carbon
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extraction replica. These techniques are used to determine

composition, volume or weight percent, size, distribution and type of

carbide in steels. Each technique has its own advantages and

limitations.

1 /

Klueh and Leitnaker have used electrolytic extraction by

anodic dissolution of the matrix to determine the overall weight

fraction of carbides and other second phase precipitates in low alloy

feri'itic steels. The solution usually used is 10 percent HCl in

methanol and the precipitates are collected and subsequently washed

and dried. The extracted samples may then be examined using X-ray

diffraction procedures. This method involves the comparison of

intensities of X-ray diffraction peaks from phases in the sample with

a peak from a standard substance (mixed with the substance in known

proportion). The limitations of this method are manifold. The

precipitates obtained are essentially very fine. The collection,

washing and subsequent handling is difficult and should be done very

carefully so that nothing is lost in the process. The addition of

standard introduces diffraction peaks into a multicomponent system

where peak overlapping may already be a problem. It is necessary to

prepare calibrations of the standard substance against each phase,

which involves first obtaining pure samples of each phase in

isolation. This frequently requires using different steels, or

different heat treatment procedures, to produce single carbide

systems. The resulting precipitation may therefore differ in

chemical composition, and hence in intensity of X-ray diffraction

peaks. However, techniques for isolation of carbides from
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multicomponent systems have been studied by Stevens and Lonsdale^^

which makes this type of study slightly easier and less confusing.

Another technique utilized is by STEM and electron diffraction

analysis of carbides extracted on a carbon film.^^'^® The carbides

can be identified by chemical composition, morphology and electron

diffraction patterns.

Electron diffraction patterns, in most cases, have been found

to suffer interference from the adjacent carbides. Identification of

carbides based on EDAX and the microanalysis from the EDAX spectra

O Q

thus obtained have been done by Shaw ' He indicates that the several

types of carbides occuring in 2 l/4Cr-lMo system can be distinguised

easily based on EDAX spectra and microanalysis. Typical EDAX spectra

for the carbides observed on tempering a normalized 2 l/4Cr-lMo steel

are shown in figure 7. It can be seen that the spectra are

characteristic and easily distinguishable and comparision would

result in the identification of carbides. This method however,

suffers from the limitation that the volume fraction or weight

fraction of particles in the steel cannot be determined accurately.

2.4 TEMPERING AND POSTWELD HEAT TREATMENT

Excellent stress rupture properties of 2 l/4Cr-lMo steel is due

to the presence of M2C type carbides, the stability of which depends

on the diffusivity of the substitutional alloying elements. At

higher temperatures M02C transforms rapidly into more equilibrium

type carbides which are detrimental to the overall creep resistance.

So, the highest creep strengths can be obtained in steels that have
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been tempered at a low temperature for a short time. Unfortunately

the microstructure derived in this manner is less stable and so the

advantages derived is only for a very short time.

Planning and execution of heat treatment of a 2 l/4Cr-lMo

vessel is hence a crucial step in the fabrication plan. As per the

ASME code for P-5 material (2 l/4Cr-lMo) postweld heat treatment of 1

hour per inch of thickness for the first 5 inches of vessel wall

thickness is required. For each additional inch an additional 15

minutes of postweld heat treatment is required. So it can be seen

that for a vessel of about 8 inch section thickness requires 6 hours

of postweld heat treatment time. Additionally, some postweld heat

treatment is required if the welds need repair. So this becomes a

very important criteria for determining if the mechanical properties

39
have been met.

2.5 EFFECT OF ALLOYING ELEMENTS

The strength of iron is increased by the addition of alloying

elements and significant work has been carried out to investigate the

effect of various alloying elements individually as well as in the

presence of other elements. In this part of the review the effect of

elements that are commercially added to 2 l/4Cr-lMo steel to enhance

its properties will be discussed. The influence of impurities or

trace elements will also be described. Figure 8 shows the effect of

the important alloying elements on the creep properties of steel.
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Figure 8. Stresses necessary to cause 0.1% creep per 1000 hours at
425°C(797°F) for each element investigated.

Source; Austin, C.R., St. John, C.R. and Lindsay, R.W., Trans.
AIME, 162, 1945, pp. 84 - 105.
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Chi-omiuni

The presence of chromium affects the creep properties of 2

l/4Cr-lMo steels in the following manner:

(a) as a solid solution strengthener,

(b) as a carbide former and

(c) it imparts moderate corrosion resistance to the alloy

at elevated temperatures.

The interaction energy of chromium with dislocations, though,

is smaller in magnitude, but its interaction parameter with carbon in

ferrite is high and this leads to the formation of chromium-carbon

pairs which interact with the dislocations thereby restricting their

motion.^^ Chromium carbides 1^23*^6 ^7^3 creep strength of

the steel significantly at temperatures below 500°C(932°F) but this

beneficial effect is limited above 600°C(1112°F) because carbides

coarsen rapidly to a size where interparticle spacing becomes greater

than the elements of the three dimensional dislocation network.

The increase in chromium concentration in fact has been seen to

*5 7 / I

reduce the creep strength. ' Shaw's work has shown that

increasing chromium reduces the amount of M02C and enhances the

formation of MgC. High chromium is sometimes attractive in a way

that more stable carbides are formed and they offer greater

resistance to hydrogen attack. Klueh and Swindeman*^^ have shown

that addition of chromium beyond 2.25 percent has no marked

strengthening effect. The only effect of increased chromium is

towards the improvement of oxidation and corrosion resistance and

hardenability of the steel.
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Molybdenum

As shown in figure 8, molybdenum increases the creep resistance

of low alloy ferritic steels more than any other alloying element.

Molybdenum is not a particularly strong carbide former but is an

effective solid solution strengthening element which saturates the

dislocation network. It is reported that additions of about 1%

molybdenum saturates the dislocation network but higher

concentrations do not lead to further increase in strength.

The precipitation of molybdenum carbides may increase the

stress rupture strength, despite its negative effect on solid

solution strengthening. The carbide which is most effective in this

regard is M02C, particularly when present as a fine dispersion of

acicular precipitates. This morphology has been observed in both

bainite and ferrite in 2 l/4Cr-lMo steel, with the M02C being much

more stable in ferrite at elevated temperatures than in bainite.

Carbon

Carbon acts as a strengthening element which distinguishes

steel from iron. The strengthening effect can be attributed to one

or more of the following:

(a) its combination with other elements in the steel to

produce carbide precipitates,

(b) its effect on the transformation kinetics of

austenite to lower temperature microconstituents thus
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determining the microconstituents present for a given

heat treatment, and

(c) its interaction while in solution with other alloying

elements and dislocations.

Carbon readily combines with several alloying elements to form

carbides. Carbide formers like chromium, molybdenum, vanadium,

titanium, and niobium are added to the ferritic steels to impart

creep resistance. The amount, type, size and distribution of the

carbide precipitates are controlled by the concentration of carbon

and alloying elements added to the steel in addition to the heat

treatment time and temperature. Because of the strength loss

associated with increased precipitate spacing, it is desirable to

produce a large volume fraction of precipitates in the

microstructure. Thus when the carbides grow at elevated

temperatures, the interparticle spacing increases at a slower rate.

This argument leads to the conclusion that higher carbon steels

should be used to increase the volume fraction of carbides. Analyses

have indicated that optimum creep properties are obtained for carbon

31levels in the range of 0.1-0.2 weight percent. However, such a

practice may lead to a steel with unacceptable ductility, weldability

and impact toughness.

Because the carbon level in a steel has a pronounced effect on

hardenability it is at least partly responsible for determining the

microconstituents present as a function of cooling rate and thus

indirectly affects the creep behavior of the steel. In 2 l/4Cr-lMo

steel, the microconstituents observed include ferrite and bainite.
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Martensite is attainable at very high cooling rates and may occur in

quenched and tempered steel, depending on the section thickness. 2

l/4Cr-lMo weld metal deposited with the shielded metal arc or

submerged arc process may be fully bainitic or a bainite/ferrite mix

depending on such factors as carbon content, preheat/interpass

temperature and energy input. Kotecki^"^ reports that for submerged

arc welds using 2 l/4Cr-lMo filler metal with a manganese content

below about 0.7% and a preheat/interpass temperature of 400°F, some

polygonal ferrite may form when the weld metal carbon content is

below 0.08-0.10%. A similar effect is observed for shielded metal

arc welds. However, due to lower energy inputs characteristic of

this welding process, the carbon level below which polygonal ferrite

is observed in the microstructure is somewhat lower.

Carbon plays a major role in "interaction" solid solution

hardening. Associating with certain alloying elements carbon

forms substitutional/interstitial clusters which can impede

dislocation movement. In creep resistant ferritic steels with low

carbon content, carbon can be tied up in the form of alloy carbides

and still leave sufficient quantities of carbide forming

substitutional alloying elements in solution to contribute to this

strengthening effect.

The effect of carbon content on the stress rupture strength

also depends on the test temperature Klueh and Canonico'^^'

found that at 1050°F, the rupture strength of the low (0.003%C) and

medium carbon (0.035%) steels were similar, while that of the higher

carbon (0.12%) steel was much greater. However, at 850°F and 950°F,
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the stress rupture strength of the high and medium carbon steels were

similar, while the low carbon steel was considerably weaker than

both.'^^ The low strength of the low carbon material can be explained

by the fact that it obtains little precipitate strengthening from the

large, widely scattered carbides present in its microstructure.

Campbell^^ during his stress rupture testing of 2 l/4Cr-lMo weld

metal with wide range of carbon content found that above 0.4% C there

is no furthur effect of carbon on the stress rupture properties of

weld metal. However, his tests were carried out at relatively higher

temperatures (1050 to 1200°F). So it can be concluded that carbon is

less effective at temperatures exceeding 1000°F. Zeisloft, Leyda and

Domian^ found that between (0.08 to 0.14% C) there is no further

increase in the stress rupture strength of 2 l/4Cr-lMo steel.

Manganese and Silicon

Manganese and silicon both act as substitutional alloying

elements in ferrite. However, manganese has almost the same atomic

diameter as iron and hence does not contribute substantially to the

37 38solid solution hardening. Shaw ' reported that both manganese and

silicon enhance the formation of M^C and hence may be considered to

be detrimental to elevated temperature properties. Increasing

silicon also reduces the amount of M02C.

49Dittrich et al. have found that manganese and silicon act as

cosegregates. Manganese in weld metal acts in a way helping

formation of acicular ferrite in the primary microstructure which

results in an improvement of the toughness properties. In weld
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metal, silicon is needed for deoxidation purposes without which it

will be impossible to get weld deposits free of porosity. Silicon in

the base metal however, is not desirable because it increases

susceptibility to temper embrittlement and decreases stress rupture

strength.

Vanadium

Vanadium addition increases the hardenability, tensile strength

and creep rupture strength of 2 l/4Cr-lMo steel. However, its

addition is usually limited to 0.25% because of its adverse effect on

53the postweld heat treatment cracking susceptibility. Vanadium is a

"51 /I

strong carbide former. ' The carbide formed is V^C^ type and is

very fine and thus is responsible for the strengthening effect.

However, V^C^ is relatively stable at lower temperatures but coarsens

rapidly above 600°C (1112°F).'^^ Wagner and Seth^^ investigated the

effect of vanadium on shielded metal arc and submerged arc welds.

They found that vanadium has no effect on the stress rupture

properties of weld metal. However, it is to be noted that their

creep testing was conducted at 1100°F.

Another effect of vanadium is that it has higher affinity for

carbon than molybdenum. So in the presence of vanadium, carbon is

usually tied up with vanadium thereby leaving molybdenum in solid

solution to strengthen the matrix.
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Titanium

Titanium is added in steels as a strengthener (particularly for

elevated temperature), a stabilizer and/or a deoxidizer.

Strengthening by titanium additions results from the formation of

fine Tic precipitates in the matrix. These carbides are very stable

and resist coarsening during elevated temperature service.

Titanium in steel is believed to act in a manner intermediate

to that of niobium and vanadium^^ with the ratio of strengthening by

grain refining to that by carbide precipitation, being dependent upon

the austenitizing temperature. Pilling et al'^^ have found that

titanium additions of 0.04 wt% to 2 l/4Cr-lMo steel markedly

increased its creep strength. Titanium carbides are very stable and

so to dissolve them while austenitizing it is necessary to

austenitize the steel at a higher temperature than usual depending

upon the carbon content of the steel. Subsequent morphology of TiC

precipitate upon tempering is fine (50-100A°) and they resist

microstructural degradation during creep and thus contribute, through

microstructural stability to the observed increase in creep

resistance. Moreover, the extent of strengthening, derived from the

presence of very small titanium rich precipitates in 2 l/4Cr-lMo

steel is further enhanced by leaving the molybdenum in solid solution

especially at low carbon levels. The improvement in the rupture life

and minimum creep rate of 2 l/4Cr-lMo steel with the addition of

titanium is shown in figure 9. The effect of minimum creep rate as a

function of carbon content in the presence of 0.04% titanium is shown

in figure 10. It is seen that titanium is more effective at low



39

<
cc

^-5
'-'10

10^

-i

o.
=3
cr

1  I ■ 1  I I 1 1 T T

009 %C

r •<0 01 %Ti —

:  0 0 04%Ti API (1100°CKx^ 0 :
AF3(950»C) -

AF3 (1100®^^^'^^**''"'^

i

(iioo'C) :

"

- AF1 (1100®C)^^v!^^^"

1 —1 1 1 ] 1 1 1

80 XX) 120

'  STRESS (Nrntn^)

140 160

Figure 9. Rupture life and minimum creep rate of 2 l/4Cr-lMo steel
with and without addition of titanium.

Source: Pilling, J., Ridley, N. and Gooch, D.J., "The Effect of
Titanium on Creep Strength in 2.25 Pet Cr-1 Pet Mo
Steels," Met. Trans. A, 1AA(7), 1983, pp. 1443 - 1449.



40

T.
ZD

z:

10^

<
cr

UJ

s ̂6

10'

r  1 1  1 1

0

0 04%Ti

/  -!
/ •

—  /

oaUSTENITISED 950® C
0 • AUSTENITISED1100® C

1  ' 1  I I

002 OOA 006 006 010

CARBON CONTENT (wt %)

Figure 10. The variation of minimum creep rate of 2 l/4Cr-lMo steel
with titanium addition with carbon content and

austenitizing temperature.

Source; Filling, J., Ridley, N. and Gooch, D.J., "The Effect of
Titanium on Creep Strength in 2.25 Pet Cr-1 Pet Mo
Steels," Met. Trans. A, 14A(7), 1983, pp. 1443 - 1449.



41

carbon levels and higher austenitizing temperature than at higher

carbon levels and lower austenitizing temperatures.

C C

Viswanathan has looked into the effects of titanium in 1

l/2Cr-l/2Mo steels at 538°C in the presence of other impurity

elements and found that titanium additions reduced the tensile,

stress rupture and creep strengths if phosphorus is the only major

impurity, but improves creep properties markedly when large amounts

of phosphorus, antimony and tin are present. Also in the presence of

boron, titanium additions appreciably improve the tensile and creep

strengths. However, titanium addition improves the rupture

ductilities irrespective of the presence of boron. Gooch^^ has found

that titanium distribution between inclusions, carbides and solid

solution depends on the steel melting practice. In weld metal, which

has lot of inclusions, titanium is found preferentially in

inclusions, than in carbides or in solid solution.

Niobium

Relative to vanadium and titanium, niobium carbides are more

stable and resists degradation at elevated temperatures. For niobium

containing steels it is necessary to austenitize at a relatively

higher temperature in order to be certain that all the niobium has

been taken into solution. This temperature depends on the carbon and

niobium concentration and is of the order of about 2370°F (1399°C).

Niobium containing steels resist decarburization in liquid sodium

environment because of the presence of stable carbides. So, 2 l/4Cr-

IMo steel containing niobium is superior in high pressure hydrogen
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atmosphere at elevated temperatures. ' Niobium also has a high

affinity for nitrogen and oxygen and so the creep strength is

primarily due to fine precipitation of niobium carbonitrides (seen
CO 5g

both in base metal and in weld metal). Husslage and Dortland

have also reported the presence of large amounts of very fine Laves

phase (Fe2Nb) in 2 l/4Cr-lMo steels containing 0.5 to 0.8% niobium.

These precipitates also add to the creep strength of the steel but is

not very stable and coarsens at elevated temperatures.

Boron

Boron is added to steels to increase their hardenability by

52
retarding the transformation of austenite to ferrite and pearlite.

Figure 11 shows the shift in the continuous cooling transformation

diagram of 2 l/4Cr-lMo steel to the right when boron is added. From

the figure it is clear that addition of boron can result in 100%

bainitic microstructure even at the center of 500mm (- 20 inch) thick

plate when cooled in air. Thomas and Chen^^ observed that 2 l/4Cr-

IMo steel containing 0.0016% boron showed less retained austenite

films at the bainite lath boundaries. Boron containing steels show

higher tensile strengths but have lower impact strengths than boron

free steels. Boron has also been found to improve creep strength and

ductility of creep resisting steels. However, the effects of boron

on hardenability is seen only at low austenitizing temperatures

because the effect of boron on hardenability is evident only when it

segregates at the prior austenite grain boundaries and not when it is

evenly distributed throughout the matrix. Boron has been found to
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have no effect on the martensite or bainite transformation

temperature of 2 l/4Cr-lMo steel. Viswanathan^® has investigated the

effects of boron additions in the presence of other impurities like

antimony, tin and phosphorus and found that boron additions leads to

strengthening effect or weakening effect depending on the presence of

other impurities. B+Sn exhibits consistently higher creep strength

whereas steels containing B+Sn+P+Sb exhibit lower creep strength than

steel containing similar amounts of Sn+P+Sb and no boron. However,

he also found out that regardless of other impurities boron

containing steel invariably shows lower creep ductility than boron

free steel.

Phosphorus. Antimony and Tin

Phosphorus, antimony and tin are impurity elements in low alloy

ferritic steels and it is always desirable to keep their levels as

low as possible. Pilling et al. have seen that the increase in

phosphorus in 2 l/4Cr-lMo results in an increase in the minimum creep

rate of a given steel and this effect is even more pronounced in case

of higher carbon steel (0.09%). However, they found no distinct

effect of phosphorus on rupture life and rupture ductility.

Phosphorus is usually seen to segregate at the prior austenite grain

boundaries. Phosphorus in alloy steels at elevated temperatures

causes a strain induced segregation of molybdenum to the prior

austenite grain boundaries, causing dissolution of M02C type carbides

and hence resulting in loss of strength.
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In combination, the elements, tin, phosphorus and antimony can

influence the action of other strengthening additions. Viswanathan^®

has Indicated that the combined additions of large amounts of these

three elements to 1 l/2Cr-l/2Mo steel does not effect the short time

creep strength or ductility of the material measured at 1100°F

(538°C). However, the relative amounts of these impurities can

determine whether the addition of boron has a beneficial effect or

detrimental effect on the creep properties. In another paper

Viswanathan states that similar interaction between impurity and

strengthening alloying elements occur for titanium and titanium and

boron.

2.6 SERVICE EXPOSURE AND LIFETIME PREDICTION

According to industry estimates, by the year 1990, 15% of the

total capacity and 75% of the reserve capacity of the electric power

in the United States will be supplied by units which are over 30

years old.^^ Current procedures for life assessment, are based on

overly conservative assumptions and a large number of boilers will

probably have to be replaced at the end of 30 years of service unless

more accurate life assessment procedures are applied which may enable

extension of their useful life by 20 to 30 years and also result in

an increase of their service availability. Moreover, remaining life

of aged components is required to safely operate and to avoid costly

forced outages even when the plant is running within its designed

lifetime. In this context the "useful lifetime" of a component has

been defined by Viswanathan^^ as the period during which the
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component can perform its intended function safely, reliably and

economically.

In spite of the safety margins provided by design, premature

failures of components do occur in practice, mainly because of

operational, environmental and metallurgical factors outside the

scope of the original design. Significant amongst them are

unanticipated residual and system stresses, stress concentrations,

excessive temperature and cycling, corrosion, oxidation and long term

material degradation. In addition, welds and adjoining heat affected

zones are sometimes weaker than the base material. Numerous creep

damages in welded hot steam components like boilers, headers,

superheaters, reheat pipings etc. have shown that under certain

circumstances welds can be a weak point.

To predict the residual life of an aged component it is first

necessary to recognize and understand the microstructural changes

taking place in a steel at elevated temperatures. These changes in

microstructure can be broadly categorized into two separate groups.

(a) It is associated with the type, size and morphology of the

carbides and thereby affecting the composition of the matrix

(which gets depleted of carbon and other substitutional alloying

elements due to the precipitation and growth of carbides), and

(b) it is the formation of intergranular creep voids leading to

aligned cavities and microcracks which eventually join to form

macrocracks and finally lead to rupture or failure.

The loss of strength in 2 l/4Cr-lMo steel during service

71 7/

exposure has been investigated extensively by Wada and Biss '
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Murphy and Branch^^ and D'Angelo et al.^^ These studies reveal that

loss of creep strength is mainly due to two factors:

(1) the change in the carbide morphology occurring during tempering

or postweld heat treatment, and

(2) reduction of carbon and alloying elements especially molybdenum,

in the ferrite matrix thereby causing loss of the interactive

solid solution type strengthening.

The latter factor becomes more pronounced during long periods of

exposure as encountered in service because of the precipitation of

molybdenum containing carbides or carbonitrides thus leading to a

progressively decreasing concentration of both molybdenum and carbon

in the matrix. The strength loss due to the change in carbide

morphology follows the precipitation sequence outlined by Baker and

18Nutting. This results in dissolution of acicular M2C type carbides

in both bainite and ferrite and leads to the formation of globular

MgC type precipitates. These changes in carbide morphologies are

associated with rapid coarsening causing the interparticle distances

to increase and results in the formation of precipitate free zones

where the creep voids or cavities nucleate.

Material degradation by plastic deformation under the combined

influence of high temperature and stress results in the formation of

80creep voids or cavities. Svensson and Dunlop have reviewed the

status of theory and experiment concerning the growth of

intergranular cavities during high temperature service. The creep-

fracture process can be divided into the following stages but it

should be realized that these are not mutually exclusive. In many
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cases these can occur simultaneously. The stages consist of

nucleation of cavities, their growth and interlinkage followed by

crack propagation and fracture.

The theory concerning the growth of intergranular cavities

during creep considers that cavity volume increases either by the

accumulation of vacancies at the cavity surfaces, or by plastic void

growth because of the deformation of the material surrounding the

cavity. The rate of growth of cavity by vacancy condensation is

enhanced by creep deformation of the surrounding material.

Various methods are now in use to determine the extent of

accumulation of damage in the material. Some of them are non

destructive in nature whereas some of them requires small amount of

material to be removed from the component in service to determine the

extent of damage or degradation of the material. Some of these

methods are quantitative in nature but most are qualitative. Another

very important aspect of these evaluations is to assess whether the

component will leak or rupture when in extended use. In this review

some of the creep damage assessment methods will be presented.

81
Various techniques which may be applied for these evaluations are:

(a) Isothermal creep testing,

(b) Tensile testing at room and elevated temperature,

(c) Macro and micro hardness measurements,

(d) Optical microscopy,

(e) Transmission electron microscopy,

(f) Cavitation analysis,

(g) Density measurements.
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(h) Coercive field measurements,

(i) Barkhausen effect and

(j) Short time isostress creep testing.

O 1

Witte and Stubbe from their study on different life time prediction

methods conclude that except isostress creep testing, none of the

other methods are capable for making quantitative or even qualitative

residual life determination. However, the following techniques can

be used for estimating residual life of a component.

- Replica technique for detection of creep cavitation in material.

By this method it is possible to estimate qualitatively or

sometimes semi-quantitatively the remanent life of a component.

The main advantage of this method is that it is non destructive,

inexpensive and can be done very quickly.

- Creep deformation assessment is another very useful method but

utilizes very accurate instrumentation. It is indeed very useful

to follow the real creep deformation behavior in service in term of

total deformation or creep rate.

- Creep tests on the material removed from the component in service

is probably the easiest in terms of quantification of the remaining

life time prediction. Isostress and isothermal creep tests allow

evaluation of the deformation behavior giving indications about the

creep mechanisms.

- Density measurements could be a useful technique to quantify the

cavitation damage. However, the practical interest in this area is

not seen.
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82Bendick and Weber state that the uncertainty of prediction of

the lifetime of components is because of the scatter in the

properties of the as-received materials, insufficient knowledge about

the service parameters (stress and temperature) and lack of

satisfactory numerical methods and models for accurate assessment.

They also state that isostress creep test is the only method which

provides a far better insight into the lifetime situation. However,

main disadvantage of this method is that long term tests at low

stresses are necessary and material has to be removed from the

component in service. Moreover, the data obtained from a sample may

not be representative of the damage at other locations where

deterioration may be more extensive.

Kimura et. al. have conducted investigations on a rotor which

was taken out of service after 130,000 hours of operation. They

reported that correlation is possible between the hardness and creep

properties. Various parts of the rotor had experienced different

temperatures and high temperature portion of this rotor has shown

severe service degradation caused by softening of the material due to

carbide coarsening and recovery of the dislocation structure. The

authors have proposed techniques of restlife estimation by hardness

measurements. The relations proposed through various equations seem

to fit the experimental data very well. However, the suitability of

this method needs more extensive research.

83Hildebrandt et. al. have proposed some more non destructive

testing (NDT) methods for restlife estimation. However, they state

that the optimum combination of methods still requires thorough
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microstructural investigations. The various methods suggested use

the changes in property of the material by service exposure measured

by ultrasonic techniques, acoustic microscopy techniques,

micromagnetic property measurement techniques and electrical

conductivity methods. The authors also present the effect of aging,

dislocations and vacancy agglomeration and internal crack and surface

crack formation on the various parameters measured using the above

techniques.

Among the techniques being used extensively for the estimation

of accumulation of damage is the in-situ metallographic replication

QC OQ
techniques. This technique essentially consists of polishing

the surface of the component to metallographic quality followed by

etching by a suitable etchant and taking the impression of the

surface on a soluble acetate film followed by metallographic

examination by both optical and scanning electron microscopy.

07
Neubauer states that creep microcracks and cavities of

approximately 1 micron in size can be detected successfully by using

this technique.

O C

Sklenicka and Cadek have studied the formation and growth of

creep cavitation as a function of the crossection of specimens. They

state that the extent of cavitation at the crossection varies - the

highest being at the specimen surface which gradually decreases

towards the specimen interior. Under a threshold stress, the process

of cavity nucleation is characterized by an incubation time and that

the process of nucleation of cavities is rather a continuous process

88
and not a spontaneous process. Needham and Cane also studied the
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process of nucleation and growth of creep cavities in base metal,

weld metal and heat affected zone in low-alloy ferritic steels

leading to failure of a component. They found that the cavitation

was most extensive in weld metals in most cases. Their study shows

that the damage accumulation at weldments can give an indication of

the life usage in regions remote from the welds. Their observations

predominantly show that the nucleation of cavities occur at

inclusions like MnS and has been also seen to occur at the carbides.

The growth of cavities mainly occur by grain boundary vacancy

diffusion process and also by plastic deformation around the cavities

due to imposed stress.

Rfi QQ
Neubauer ' has quantified the process of cavitation leading

to final rupture of the material by assigning damage parameter by in-

situ replication techniques. The various stages leading to fracture

has been given as:

1. Coagulation of carbides, recrystallization, etc.

2. Pinning of dislocations by fine dispersed carbide

3. Dissolution and redistribution of various types of carbides

4. Accumulation of carbide forming elements in the carbides

5. Formation of isolated cavities

6. Linkup of these cavities to form microcracks

7. Final creep fracture of the component by macrocrack formation

As shown in figure 12 Neubauer and Wedel have assigned

different damage parameters and actions to be taken based on

observation of replicas. Stage A shows isolated cavities; Stage B is

the transition from secondary creep to tertiary creep and the creep
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cavities are orietited; Stage C shows linkup of the cavities and

formation of microcracks and stage D shows macrocracks. They also

point out that welds are weak points in creep loaded tubing systems.

This is due to metallurgical reasons and also some fabrication

defects which are not detected by conventional NOT. So creep damage

is usually concentrated in this region (weld metal and heat affected

zone). They also have observed that the creep cracks perpendicular

to weld grows slowly than parallel to the weld. Also crack depths

upto 10% of the wall thickness is not harmful for extended operation

depending upon the service conditions and the orientation and

morphology of the crack. They have also suggested about the

locations where most of the creep damage can be expected and these

areas should be closely observed for creep damage and restlife

assessment.

1.1 STRESS RUPTURE TESTING AND DATA ANALYSIS

The objective of stress rupture testing is to collect data on

rupture time as a function of applied stress and test temperature for

a particular material. The goal is to characterize its behavior

sufficiently so as to permit determination of allowable stress levels

for design purposes. Structures and components to be used at

elevated temperatures are generally expected to operate for a minimum

of 100,000+ hours. Since it is impractical to test material for such

long periods to determine the stresses associated with that life,

data are collected for shorter rupture times and analyzed to

determine the relationship between stress and rupture time.
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Extrapolations to 100,000+ hours are then made and the stresses thus

obtained are used to develop design criteria.

Standard practice for conducting creep, creep-rupture and

stress rupture testing of metallic materials is given in ASTM E139-

83. But there exists no universal method for data analysis. Several

methods are used for analysis of data obtained using linear or

nonlinear regression methods. The dependant variable varies with the

type of material, test temperature and applied stress level. Various

parametric type analysis are also used which combines two or more of

the variables into a single parameter and then regression is

performed to get the best fit. Some of the testing and data analysis

techniques will be discussed in this review.

Log Stress/Log Rupture Time

This is the simplest technique and involves plotting log stress

vs. log rupture time. This method takes advantage of the fact that

the data plotted in this manner generally falls on a straight line.

Linear regression analysis techniques are applied and the

coefficients are derived which define the equation of the best fit

straight line. It is then very simple to extrapolate the straight

line to determine the stress which will cause rupture in 100,000

hours. However, this technique assumes that the behavior is linear

to 100,000 hours. Unfortunately, at elevated temperatures, many

metallurgical systems are not microstructurally stable. Significant

microstructural changes alter the straight line behavior and changes

the slope of the log stress/log rupture time plot. Relatively, rapid
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changes such as recrystallization, produce an abrupt change in slope,

replacing the expected straight line with two straight line segments

with different slopes. Gradual changes such as oxidation, grain

growth, or precipitate growth/evolution procedure produce a gradual

slope change causing the line to become concave downwards. These

instabilities are more pronounced at higher temperatures and stress

levels.

Time-Temperature Parameters

Another data analysis technique involves the use of

time/temperature parameters. These parameters are based on an

Arrhenius relation implying that creep to rupture is a thermally

activated process governed by a single mechanism. However, as shown

91by Coffin and Goldhoff there are many deformation mechanisms at

work during creep rupture. Thus the basis for the parametric

approach is not theoretically rigorous. Despite this fact,

parameters are widely used in the analysis of rupture data and can be

quite useful. The technique has an advantage that all of the data

for a given heat of material taken at various temperatures can be

depicted on a single master curve. The most commonly used parameter

is the Larson-Miller parameter (LMP) and is defined as:

LMP - (T + 460) (C + Log tj^)

where,

T is the test temperature in °F,

C is constant, usually taken as 20,

tp^ is the time to rupture in hours.
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The data is then plotted as log stress/LMP and nonlinear regression

analysis is carried out to get the best fit. Another advantage of

this technique is that the stress to produce rupture time of 100,000+

hours is interpolated and not extrapolated and so the accuracy

obtained is usually higher than obtained by log stress/log rupture

time type of analysis.

The latest data analysis techniques make extensive use of

computers and are not as rigid in assigning a prior relationship

between stress, rupture time and temperature. Among others,

92 93Prager , Booker and Booker currently active in this area utilizes

a computer program which requires an input consisting of a list of

possible terms to be used to construct a parametric relation with the

stress rupture data. The program combines the terms to be used to

generate a multiplicity of parametric equations, fits the data to

each, then outputs a ranked list of the models which gives the best

fit. It is then upto the analyst to choose the fit which not only

describes the data well but also predicts reasonable behavior for the

material upon extrapolation.

Isostress Creep Testing

Isostress creep testing has gained popularity because of the

ease of prediction of remaining lifetime of components operating at

elevated temperatures. Isostress creep testing is essentially creep

testing of the material at the service stress but at temperatures

higher than the operating temperature. The data are plotted as log

rupture time vs. temperature and a straight line fit is extrapolated
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to the operating temperature to determine the life remaining at

operating temperature. Researchers working in this area have found a

straight line relationship between log rupture time and

temperature. This method however, suffers from a disadvantage

that the estimation of design stress for a material is not possible.

In such cases testing at different stress levels are required and

this leads to testing of a lot of specimens involving higher cost and

longer time.

Environmental Effects on Creep Testing

The performance of high temperature materials in service is

usually judged on the basis of either corrosion resistance or

mechanical properties. Possible interactions between corrosion and

mechanical behavior are not taken into account. Thus investigations

on the interaction of corrosion process and material creep properties

is required in order to provide a quantitative understanding of the

material behavior and to enable supply of reliable design data.^^^

The accuracy of extrapolated long-term creep strength values

based on short-term creep tests depends highly on reliable creep

results. There are two main sources for introducing erroneous creep

rupture data for high temperature steels: specimen surface effects

101
and structural instability during testing. The surface effects

are more pronounced when the specimen size is made smaller and

smaller. Borggreen and Huntley^^' have designed a model for

correction of rupture times and residual lifetimes due to oxidation

based on isostress testing in air and helium. However, their model
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was developed and tested for 0. 5Ci'-0. 5Mo-0.25V steel but for other

materials this model needs to be modified depending on their high

temperature oxidation resistance. Their study concludes that the

extrapolation of creep rupture data should be done with caution

because of oxidation effects. However, without correction the

estimations will be conservative leading to conservative life

estimation.

2.8 SUMMARY

The preceding literature review has discussed, in detail, the

microstructures of 2 l/4Cr-lMo steel (base metal, weld metal and heat

affected zone) and their effects on stress rupture properties. In

addition, the effects of elevated temperature exposure (postweld heat

treatment, tempering and service exposure) and chemical composition

on the stress rupture properties have also been addressed. Finally,

a brief discussion of some of the analytical techniques currently

used for lifetime prediction and characterization of stress rupture

behavior of materials based on data collected during rupture testing

has been presented.

The important points concerning the microstructures of 2 l/4Cr-

IMo steel are sununarized:

(a) Depending on the cooling rate from temperature above during

welding or heat treatment, the microstructure obtained is

typically bainitic or ferritic/bainitic. Cooling rate is

controlled by the cooling method employed, the weld energy

input, the preheat/interpass temperature, and the size and
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thickness of the member. The amount of ferrite formed can also

be influenced by the carbon content of the material. Under

extremely rapid cooling conditions, martensite may also form.

(b) The alloy carbides in the microstructure evolve according to a

18
scheme determined by Baker and Nutting. The details of the

scheme are similar for martensitic or bainitic microstructures

but differ significantly for ferritic microstructure.

(c) The evolution of carbides in 2 l/4Cr-lMo weld metal appears to

be slowed by increase in carbon content.

The influence of microstructure on stress rupture strength may

be summarized as follows:

(a) The primary strengthening alloy carbide in 2 l/4Cr-lMo steel is

M2C. This precipitate can form in any of the microconstituents

found in 2 l/4Cr-lMo steel (martensite, bainite, ferrite) but

persists for a much longer time in ferrite during tempering or

elevated temperature service exposure.

(b) Prolonged exposure at elevated temperatures results in a

continuous decrease in stress rupture strength as a result of

carbide evolution, coarsening, spherodization, and

agglomeration.

(c) The loss of strength described in "b" above may be significantly

slowed by addition of strong carbide formers such as titanium,

vanadium or niobium which precipitate as relatively stable MC

carbides.

(d) Mild tempering or postweld heat treatment of 2 l/4Cr-lMo steel

or weldment results in a significant increase in room
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temperature tensile strength. However, the strength advantage

thus obtained decreases with increasing service temperature and

is insignificant above about 900°F.

(e) The strength of all 2 l/4Cr-lMo steel, however heat treated,

approaches a common value given sufficient time at temperature

as the microstructure evolves to one of overaged equilibrium

carbides in a ferrite matrix.

(f) The rupture strength of 2 l/4Cr-lMo steel is a function of

microstructure and test temperature. At higher test

temperatures a ferritic microstructure is superior because of

higher stability of M2C carbides in ferrite.

(g) Interactive type solid solution strengthening plays an important

role in conferring stress rupture strength to 2 l/4Cr-lMo steel.

Interactions between substitutional (Cr, Mo) and interstitial

(C, N) atoms are described.

The effects of individual alloying elements may be summarized

as follows:

(a) Increasing levels of chromium, silicon, aluminum and manganese

decreases rupture strength.

(b) Increasing levels of molybdenum, vanadium, titanium and niobium

improves rupture strength.

(c) Stress rupture strength increases as the carbon content is

increased. However, the effect is only significant for carbon

levels below about 0.04%. Furthermore, as the temperature

increases, the strengthening effect decreases until 1000°F,

after which the strength advantage becomes insignificant.
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(d) The influence of boron additions on rupture strength is not

clear except for the fact that boron additions decreases creep

ductility. The effect of boron on rupture strength appears to

depend on the levels of other elements present including

titanium, phosphorous, tin and antimony.

(e) Tin and phosphorus appear to increase the creep rate with the

latter also increasing the creep ductility. The influence of

phosphorus is further bolstered by increasing the carbon

content.

(f) At levels upto 1.0%, increasing the nickel concentration does

not affect the rupture strength.

The discussion of the effects of service exposure and lifetime

prediction methods may be summarized as follows:

(a) The loss of strength during service is due to changes in the

carbide type, size and morphology and depletion of the matrix of

the solute elements thereby resulting in an increase in the

interparticle spacing where creep cavities can easily nucleate.

(b) Among the various methods available for remaining lifetime

prediction, isostress creep testing is the only method which is

somewhat quantitative. In-situ replication technique is

however, the most popular technique because of its non

destructive nature.

(c) Some of the other methods utilizes measuring changes in the

acoustic, ultrasonic and micromagnetic properties of material

due to service exposure for lifetime prediction. These methods,

however, are relatively new and need more research.
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The discussion of the analysis of stress rupture data may be

summarized as follows:

(a) The objective of the stress rupture testing is to gather data on

rupture time as a function of applied stress and test

temperature for a particular material. The ultimate goal is to

characterize the behavior of the material sufficiently so that

establishment of allowable stress levels for design purposes is

possible.

(b) Some of the analytical techniques currently employed in rupture

data analysis include the log stress/log rupture time method and

various time/temperature parameter methods.
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CHAPTER 3

MATERIALS AND EXPERIMENTAL PROCEDURE

The goal of this program was to investigate the effect of heat

treatments on the stress rupture strength of 2 I/4Cr-IMo weldments.

2 I/4Cr-IMo steel has been used extensively for the fabrication of

power plant and chemical processing plant and elevated temperature,

high pressure piping and other components. After welding various

heat treatment practices have been used by the industries to relieve

the residual stresses and to increase the toughness of the weld

metal. These heat treatments are annealing and tempering (A&T) or

normalizing and tempering (N&T) or subcritical stress relief heat

treatment. This study was essentially divided into two parts to

probe into the long time stress rupture behavior of 2 l/4Cr-lMo

weldments heat treated to different conditions. First, the effect of

annealing and tempering, normalizing and tempering, and subcritical

postweld heat treatment have been studied. Secondly, the effect of

severity of subcritical postweld heat treatment, which is in fact

more popular, has been studied to establish its effect on the long

time rupture behavior.

In order to establish the effect of heat treatment, rupture

tests were conducted on all weld metal and transverse composite (weld

metal, heat affected zone and base metal) creep specimens. For the

first phase of the study, a submerged arc weldment was fabricated.

Pieces from the weldment were annealed and tempered, normalized and
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tempered and subcritically postweld heat treated. Both, longitudinal

all-weld metal and transverse composite specimens were tested. For

the second phase of the study a shielded metal arc weldment was used

to determine the effect of severity of postweld heat treatment on

the rupture strength of the weld metal. Sections of this weldment

were given a range of subcritical postweld heat treatments (seven

temper parameters from 32.3 to 38.7). 100 percent weld metal

specimens were extracted longitudinal to the welding direction from

the postweld heat treated blocks and rupture tested in this phase of

the study.

To support the rupture testing effort, extensive

microstructural examination of the above weldments in the as welded,

heat treated and rupture tested condition was performed using the SEM

and STEM. This microstructural work was aimed at characterizing the

microstructure as a function of heat treatment with an ultimate goal

of correlating the microstructure with the stress rupture properties.

SEM examination revealed the dependence of microconstituent

morphology on prior heat treatment history. Furthermore, STEM

examination of carbide extraction replicas was also conducted to

obtain information on the type, size, morphology, distribution and

composition of the alloy carbides present.

3,1 MATERIAL?

Two 2 l/4Cr-lMo weldments were fabricated for this study using

two different welding processes. A submerged arc weldment was used

to study the effect of anneal and temper, normalize and temper and
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subcritical postweld heat treatments on the rupture strength. The

shielded metal arc weldment was used for the temper parameter study.

The chemical composition of the base metal and the two different weld

metals are shown in table 2.

All weld metal stress rupture specimens were extracted

longitudinal to the welding direction. Transverse creep specimens

were extracted transverse to the welding direction in such a manner

so that the heat affected zone was at the center of the sample (see

figure 13). The weldments were fabricated in 2 1/2 inch thick SA 387

Grade 22 plate using a single V-groove preparation employing a

backing bar. In addition a thick backing plate was welded to avoid

the weldment from bending due to solidification stresses.

Welding was conducted using good low hydrogen practice and a

preheat/interpass temperature of 300/375°F was maintained untill

welding was completed. Subsequent to the completion of welding and

before dropping preheat, the weldment was postheated at 500°F for 12

hours and then cooled to room temperature. After cutting the run off

tabs the welds were sectioned and the pieces were heat treated.

From the submerged arc weldment three pieces were cut and heat

treated as per the schedule shown in table 3. External thermocouples

were placed below the specimen for accurate temperature control. The

shielded metal arc weldment was sectioned into seven pieces and the

sections were postweld heat treated and aged. The temperatures,

times and the resulting temper parameters are shown in table 4. The

temper parameter (TP) was calculated using the equation,

TP = (T+460) (20+log t) X 10'^
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Table 2. Chemical composition of base metal and weld metals
employed in this study.

Element Base Metal SAW Weld Metal SMAWWeld Metal AW5 A5.5-81

C 0.11 0.07 0.081 0.05-0.12

Mn 0.38 0.54 0.55 0.90 max

P 0.011 0.010 0.012 0.03 max

S 0.022 0.006 0.009 0.04 max

Si 0.29 0.22 0.36 0.80 max

Cu 0.15 0.28 0.04 -

Ni 0.15 0.19 0.03 -

Cr 2.07 2.69 2.15 2.00-2.50

Mo 0.88 0.97 1.15 0.90-1.20

V <0.004 <0.004 0.005 -

As 0.007 0.012 0.007 -

Sb 0.009 0.009 <0.001 -

Bi <0.005 <0.002 ND -

Sn 0.012 0.006 0.004 -

Pb <0.001 <0.012 ND -

Ti <0.006 <0.006 0.009 -

A! 0.008 0.024 <0.001 -

Nb ND* 0.005 0.003 -

B 0.0003 0.0004 <0.001 -

Zr ND 0.004 <0.001 -

Co ND 0.017 0.007 -

Te ND 0.004 ND -

*ND - Not Determined
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TRANSVERSE SPECIMEN

D =0

WELD

Figure 13. Orientation of all-weld metal longitudinal and composite
transverse specimens.
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where "T" is the temperature in °F and "t" is the time in hours at

the postweld heat treatment temperature. In case of aging the time

at the aging temperature has been converted to an equivalent time at

postweld heat treatment temperature using the above relation and the

resulting temper parameter calculated. For the temper parameter

study only longitudinal all-weld-metal samples were extracted for

stress rupture testing.

3.2 STRESS RUPTURE TESTING

To determine the effect of heat treatment on the stress rupture

strength, rupture testing of the 2 l/4Cr-lMo weldment was conducted

in three phases. In the first phase all weld metal longitudinal

specimens from the submerged arc weldment with different heat

treatments (annealed and tempered, normalized and tempered and

postweld heat treated (class 2)) were rupture tested at 950 and

1050°F. The temperature selected is representative of the current

and anticipated operating range of 2 l/4Cr-lMo pressure vessels.

Next, transverse composite specimens from the submerged arc

weldment in annealed and tempered, normalized and tempered and

postweld heat treated (class 2) were rupture tested at 950 and

1050°F. The composite specimens were machined so that the heat

affected zone is approximately at the center of the specimen gage

length. In addition, isostress testing of transverse specimens in

annealed and tempered condition was also conducted at 11 KSI. The

stress level of 11 KSI was selected for isostress rupture testing
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based on the maximum allowable stress at 950°F as per the ASME Boiler

and Pressure Vessel Code, Section VIII, Division 2.

From the shielded metal arc weldment subcritically postweld

heat treated and aged to a range of temper parameters (32.3 to 38.7),

100 percent weld metal rupture specimens were fabricated with their

longitudinal axis parallel to the welding direction . The specimens

were rupture tested at 950°F at different stress levels to achieve

rupture times ranging from about hundred hours to several thousand

hours. Additional isostress testing was conducted for four selected

temper parameters (32.3, 34.4, 36.6, and 37.7) at 16.5 KSI. The

stress level for isostress testing was selected to be 16.5 KSI since

ASME Boiler and Pressure Vessel Code specifies the maximum allowable

stress at 950°F to be 11 KSI (based on the assumption that the

allowable stress is 2/3 the stress to cause rupture in 100,000 hours

ie. 16.5KSI).

Stress rupture test specimens used for this program were of two

different types as shown in figure 14. The threaded test specimens

were used for testing at 950 and 1050°F. For testing at higher

temperatures specimens without threads were used with a slit type

holder on the creep frame. The reason for the use of rupture test

specimens without threads is for the ease of removal of the specimen

from the holder after testing. The threaded test specimens are

relatively difficult to remove from the holders after testing due to

oxidation, especially for tests at higher temperature and longer

times. In each case the specimen gage length is 1.125 inch with a

gage diameter of 0.125 inch. The small size rupture specimen not
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Figure 14. Stress rupture test specimens.
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only increased the number of specimens which could be fabricated from

a given length of weldment, but also kept the load requirements in

necessary bounds so as to obtain rupture times in the range of ten to

several thousand hours and allow operations within the capabilities

of the testing apparatus.

Rupture testing was conducted on eight constant load, dead-

weight creep frames. Each frame contains a three-zone furnace with

the power level of each zone independently adjustable. Each furnace

is controlled by a Leeds and Northrup Electromax III controller which

utilizes a chromel-alumel thermocouple to monitor the temperature at

the center of the middle zone. All furnaces were profiled and the

zone controls used to obtain a constant temperature profile over the

specimen gage length (±1F°).

Each specimen was mounted in a testing frame and suspended

within the furnace. Figure 15 shows a schematic view of the test

geometry. A chromel-alumel thermocouple wired to the center of the

specimen gage length was connected to a digital temperature readout

which, in turn, was used to monitor the temperature of the specimen

during testing. To minimize convection through the furnace, both the

top and bottom openings of the furnace were packed with ceramic wool.

At the beginning of each test, the specimens were heated to the

desired temperature and stabilized there prior to loading. Loading

was in uniaxial tension and maintained constant throughout the test.

In addition to the temperature, specimen extension measured by a dial

gauge attached to the testing frame, was also recorded as a function

of time.
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Figure 15. Schematic representation of a creep frame with specimen.
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The rupture data obtained were analyzed using the following two

techniques to determine the effect of heat treatment on the stress

rupture strength:

(a) the log stress/log rupture time method, and

(b) the Larson-Miller parameter method.

Comparison of the 100,000 hour stress predictions derived using each

method were also made.

For analysis of rupture data using the log stress/log rupture

time approach, a model for stress as a function of rupture time given

by

log(s) = A B log(tj^)

was assumed, where, "s" is stress in KSI, "tj^" is the rupture time in

hours and "A" and "B" are the regression constants. Using linear

regression analysis, the best fit was calculated. Stress for 100,000

hour rupture time was also obtained by extrapolation. Because this

model does not include a temperature term, the above analysis had to

be performed for each temperature at which data were available.

Analysis of rupture data using the Larson-Miller parameter was

also conducted. A parameter value for each data point was calculated

using the equation

LMP - (T + 460) (C -I- log tj^) X 10'^

where, "T" is the test temperature in °F, "C" is a constant, and "tj^"

is the rupture time in hours. A value of 20 was used for "C" for all

analyses and is generally accepted as a average value applicable in

most cases. After plotting the data on a log stress vs. Larson-

Miller parameter graph, curves were fitted to the data using
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regression analysis techniques. In a majority of cases, a quadratic

equation of the form

log(s) - A + B (LHP) + D (LMP)^

was used in the analysis where "s" is the stress in KSI, "LMP" is the

Larson-Miller parameter, and "A", "B", and "D" are regression

constants. The resulting curves provided a reasonable data fit

except where only a few data points were available. In such cases,

application of a quadratic fit sometimes resulted in a curve which

was concave upwards. As an alternative, in such cases, regression

was performed using a linear fit of the form,

log(s) - A + B (LMP)

The curve fits were used to calculate stress for 100,000 hour

rupture.

For isostress testing the data were plotted as log rupture time

vs. test temperature and linear regression analysis were carried out

to fit the data to the equation of the form

log(tR) - A + B (T)

where "tj^" is the rupture time in hours, "T" is the test temperature

in °F, and "A" and "B" are the regression constants. The data fit

was then used to determine the rupture life at different test

temperature for the augmented stress. Both linear and nonlinear

(quadratic) regression analyses on the data were performed using

commercially available statistical and graph plotting softwares for

IBM PC's.
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3.3 TENSILE TESTING

Room temperature and elevated temperature tensile tests of

samples extracted from the submerged arc weldment with the

longitudinal specimen axis parallel to the welding direction as well

as transverse to the welding direction (to contain weld metal, HAZ

and base metal in the gage length) was carried out for A&T, N&T and

PWHT(C1.2). Only the all-weld-metal specimens extracted parallel to

the welding direction were tested in the temper parameter study.

Standard 0.25 inch gage diameter specimens were employed as per the

ASTM E8. Values determined from the tensile test include 0.2 percent

yield strength, ultimate tensile strength, percent elongation and

percent reduction in area.

3.4 METALLOGRAPHIC PREPARATION

Microstructural analysis of the weld metal, heat affected zone

and base metal was performed using the SEM and STEM. Because of the

exceptionally fine microstructure of the material optical microscopy

was of minimal value. SEM examinations upto 20,000X were employed to

characterize the morphology of the major microconstituents. The

alloy carbides in the microstructure proved to be too small to

analyze using the SEM. As an alternative the carbides were extracted

from the surface of polished and etched specimens using carbon film

replication techniques. With the aid of a STEM, the resulting

extraction replicas were examined at magnifications upto 100,000X

with selected carbides identified by their morphology. X-ray spectra

and chemical composition.
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Samples to be examined microstructurally in the SEM were cut,

mounted and ground on successively fine emery papers starting with

120 grit and ending with 600 grit. Coarse polishing was accomplished

using 6 micron diamond paste. Fine polishing was done with an 0.05

micron alumina powder suspended in distilled water. A three step

polish-etch technique was used to prevent a disturbed metal layer on

the surface. The samples were etched in a 2 percent nital solution

in most cases.

In preparation for viewing in the SEM, the epoxy on the

metallographic mount was coated with carbon paint to provide a

conductive path for the electrons from the sample to the microscope

stage. To improve resolution at high magnifications, the surface of

the specimen was sputtered with gold to produce a surface layer

approximately 200 angstroms thick.

An AMR 900 Scanning Electron Microscope was used to examine the

microstructures. Experience revealed that the best micrographs were

obtained when the polished surface of the metallographic specimen was

given a relatively heavy etch and viewed with the specimen tilted

about 30 degrees towards the detector.

For the preparation of carbon extraction replicas the specimens

mounted in epoxy were mechanically polished to metallographic quality

as described earlier. The specimens were then electroetched in 10%

HCl-90% methanol solution using a current density of 0.20 to 0.25

amp/cm^ for 30-40 seconds. Carbon was deposited on the specimen

(100-200A) using standard vapor deposition techniques. The specimens

which appeared golden yellow to light blue after carbon deposition
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gave the best results because of optimum carbon film thickness. The

specimens which turned black after carbon vapor deposition were

polished and coated again. After carbon deposition the specimen

surface, except for the area of interest, was painted with enamel.

After the enamel paint dried the replica was electroetched again in

10% HCl-90% methanol solution using the same conditions and the

replica was floated in distilled water. The replicas were collected

on the dull side of 200/50 SPI copper grids and preserved carefully

in covered pyrex dishes on filter paper for drying and future

TEM/STEM study.

The STEM/TEM study was accomplished on a Hitachi H-800

microscope (with a Gatan Model 607 for STEM image) equipped with an

energy dispersive X-ray spectrometer (Kevex Quantum detector) which

is interfaced with Delta 4 Processor for data acquisition. A beam

spot diameter of about lOnm was used for all analysis work with an

accelerating voltage of lOOKeV, resulting in an overall resolution of

approximately 30nm. The spectrum acquired was analyzed by the

dedicated processor for calculation of the composition of the carbide

particles using thin film approximation and correction for

background.
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CHAPTER 4

RESULTS AND DISCUSSION

The goal of this program was to investigate the effects of heat

treatment on the stress rupture properties of 2 I/4Cr-IMo weldments.

2 I/4Cr-IMo steel has been extensively used for pressure vessel

applications. Submerged arc welding has been the most popular

process for fabrication of pipes and pressure vessels because of the

high productivity of the process. This process is most suitable

where high deposition rates are required for optimum economy. Some

of the recent failures of hot reheat pipes in the industry fabricated

by submerged arc process, while in service within its design lifetime

has encouraged this research to be undertaken. Postweld heat

treatment (either A6eT or N6eT or PWHT (CI.2)) is normally used

subsequent to welding. Thus, as one phase in this program a

submerged arc weldment was fabricated to study the effects of the

A&T, N&T and PWHT (CI.2) heat treatment on the stress rupture

strength.

The most popular postweld heat treatment in current industry

practice is subcritical (below Acl) as required by the ASME/B3I.I

codes. The temperature and time of the subcritical heat treatment

affects the initial creep strength of the weld metal. The creep

strength of 2 I/4Cr-IMo steel or weld metal is based on the carbide

type, size and distribution. PWHT is associated with carbide

coarsening process and thus the severity of PWHT determines the
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"status" of carbides in the weld metal, thus dictating its creep

strength. Elevated temperature service (or creep testing) is also

associated with a carbide coarsening process which is governed by

similar laws of diffusion which controls carbide coarsening process

during PWHT. Thus, it is felt that it is possible to predict life of

welded components in service from a knowledge of its prior PWHT plus

service history. Therefore, to examine the loss of stress rupture

strength after PWHT at various temperatures, a state-of-the-art SMA

weldment was fabricated. The time and temperature of PWHT was

combined together to form a parameter which is termed as "temper

parameter" throughout this study.

The macrographs of SA Weldment and SMA weldments are shown in

figures 16 and 17, respectively. The preparation of the weldments

are described in detail in chapter 3. The macrographs clearly show

the sequence of bead placement. No discontinuities were found in

either of the weldments by radiography or during subsequent

metallographic examination.

A.l CARBON MIGRATED "SOFT" ZONE IN SA WELDMENT

The chemical composition of base metal and weld metal of the

submerged arc weldment is shown in Table 2. It can be seen that

there is a difference in the chromium content of the base metal and

weld metal. The base metal contains 2.07% Cr and the weld metal

contains 2.69% Cr. Upon subsequent heat treatment of the weldment a

ferritic band appeared adjacent to the fusion line in the HAZ. This

ferrite band is due to carbon migration from the low chromium side
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(high activity of C) to the high Cr side (low activity of C). The

properties of such a carbon denuded zone occurring in welds of

matching composition has not been previously investigated with

respect to its effect on long term behavior in service.

The occurrence of such a carbon denuded "soft" zone caused by

migration of carbon from the lower alloying element side to the

higher alloying element side has been reported in literature^®^'^^^.

However, all investigators have discussed the occurrence of such a

soft zone between dissimilar metal welds such as austenitic to

ferritic steel and high alloy ferritic steel to low alloy ferritic

steel.

In the literature^*^^, failures due to a weakened "soft" ferritic

zone dates back to 1935 when carbon steel boiler drums were welded

with austenitic electrodes in order to avoid subsequent PWHT.

Research on joining of such low alloy ferritic steel to austenitic

steel using austenitic steel electrodes has shown the presence of

large ferrite grains in the low alloy steel HAZ along the fusion

line. Emerson and Hutchinson^®^ have indicated that stabilizing the

carbides of the low alloy steel by use of alloying elements such as

vanadium and titanium has a beneficial effect in retarding the

formation and growth of such exaggerated soft ferrite grains.

Further studies showed that carbon migration is not a serious problem

during operation at temperatures as high as 1050°F since the

diffusion rate of carbon in ferrite is relatively slow at 1050°F.

The major reason for development of such a zone in welded steam

piping is due mainly to the higher temperatures of postweld heat
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treatment and thus the zone is present when the component begins

service. A review of published and unpublished literature on

dissimilar metal welding conducted by Thielsch^®^ showed that many

service failures have taken place due to presence of such a soft

carbon denuded zone along the fusion line. A hardness survey on

4.9XCr-0.7XMo-0.16XC steel welded with 25Cr-19Ni electrode removed

from service after 10,000 hours at 1290°F showed a hardness

difference of about 160DPH between the soft zone and the adjacent

carbon enriched weld metal^®^. Christoffel and Curran^®® conducted

tests on about 12 combinations of low alloy ferritic and high alloy

ferritic and austenitic steel weldments and concluded that carbon

migration had a profound effect on physical properties and the

decision of use of such combinations at temperatures at which carbon

migration may occur should be carefully made. In other published

109
research laboratory tests conducted on a full size austenitic-

ferritic transition joint showed satisfactory behavior at 3500psi and

1100°F under cyclic temperature testing with super-critical steam

pressure. A recent review of available literatures conducted by

112Lundin considered various problems in dissimilar metal welds in

which carbon migration and subsequent development of a soft zone has

been given the prime importance. Thus, the literature reported

incidents of failures and successful operation of transition joints

is confusing. Under what conditions a transition joint will fail or

successfully operate is not clearly evident.

However, the occurrence of such a "soft" zone in 2 l/4Cr-lMo

steel weldment, because of differences in Cr concentrations between
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the base metal and weld metal, have not been reported in the

literature. The carbon denuded zone is primarily due to chromium

differences although, Mn and Si differences are also believed to play

a role in the development of such a ferrite band.

The long term effect on behavior of a "soft" region in a

"matched" chemistry weldment is unknown. Several recent failures in

utility steam piping which were reported to occur along the fusion

line encouraged this study to be undertaken to determine the

significance of such a zone on long time service of weldments.

The "soft" carbon denuded ferritic zone was seen to be the most

prominent and widest in A&T heat treatment of the submerged arc

weldment. In the N&T condition this soft zone was found to be a few

grains wide and for a subcritical post weld heat treatment this zone

was nonexistent in most areas. Figure 18 shows the extent of "soft"

zones in the A&T and N&T condition. Thus, it can be concluded that

carbon migration from the low Cr region to the high Cr region occurs

during both the austenitization heat treatment and during cooling

from the austenitization temperature. During annealing and

normalizing the austenitization temperature (1700°F) and hold time (1

hour) was the same. So it is reasonable to believe that the carbon

migration from the base metal side of the fusion line to the weld

metal, controlled by diffusion laws, will be to the same extent in

both cases during the austenitization heat treatment. The

differences in the extent of "soft" zone in annealed and normalized

structure is hence due to the slow cooling during annealing and

faster cooling during normalizing.
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The diffusion rate of carbon in ferrite and austenite depends

on the temperature, the driving force for diffusion being the

difference in activity of carbon. The equation for calculating the

diffusion coefficient Is given as

D - e-<Q/RT)

where, Is a constant, Q Is the activation energy and R and T have

their usual meaning. The value of and Q is different for carbon

diffusion in ferrite and austenite and is given as

in ferrite 0^—0.006 cm^/sec Q—80,000 J/mole

in austenite 0^—0.2 cm^/sec Q—135,000 J/mole.

From the above expression the diffusion coefficients of carbon in

austenite and ferrite can be calculated for different temperatures.

7  2
At 1700°F, D for carbon in austenite is 2.647X10"' cm /sec, and at

1300°F, D for carbon in ferrite is 3.183X10"^ cm^/sec. So, it is

clear that carbon moves faster in ferrite even at a lower

temperature. This is because of the fact that ferrite is body

centered cubic and is less densely packed compared to face centered

cubic austenite. Hence, the diffusivity of carbon in ferrite is

higher than in austenite and in the intercrltical region this

difference is still substantial. For example, at 1400°F, D in

austenite is 2.981X10'® cm^/sec, and D in ferrite is 5.404X10"^

cm^/sec which is more than an order of magnitude higher. So, it is

reasonable to believe that the difference in the extent of soft zones

in N&T and A&T conditions is due to faster cooling in N&T and slower

cooling In A&T.
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The subsequent tempering at 1300°F for two hours is not

significant in the development or extension of this soft zone, since

the weld subcritically PWHT to Class 2 specification, which

constitutes a hold of 25 hours at 1300°F failed to develop a "soft"

zone beyond one grain width. However, prolonged exposure at elevated

temperatures during service can cause such ferritic zones to develop

113
and grow. Unpublished work at the University of Tennessee has

shown several such incidences in utility pipings (the pipe was

installed in service after a subcritical PWHT and hence it is

reasonable to believe that the soft zone was almost nonexistent after

PWHT) where ferritic zones have appeared during service exposure both

within passes in weld metal and along the fusion line. Examples of

such soft zones are shown in figures 19a and b. The soft zones

illustrated in figure 19 not only show a ferritic band along the

fusion line and along weld passes but also excessive growth of the

ferritic grains in these regions. This sample was extracted from a 2

l/4Cr-lMo base metal-2 l/4Cr-lMo weld metal submerged arc weldment

installed in service after subcritical PWHT and had approximately 20

years of service at 1050°F.

In the current work the "soft" zone in the A&T heat treated

condition was the widest for the heat treatments conducted and thus

hardness measurements were performed to determine the extent of

softening in this region compared to the adjacent carbon enriched

region and the base metal and weld metal remote from the interface.

Hardness measurements on A&T specimens revealed a hardness

approximately 35 DPH lower in the soft zone compared to the adjacent
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93

enriched zone. The soft zone was found to be 15 DPH softer than base

metal and 10 DPH softer than the weld metal remote from the fusion

line. Knoop indentations in the soft zone and the adjacent carbon

enriched zone are shown in figure 20. A hardness difference of 35

DPH indicates a difference in tensile strength of about 17.5 Ksi at

room temperature and 13.6 Ksi at 950°F which is significant when

considering elevated temperature applications.

4.2 TENSILE TEST RESUT.TS AND DATA ANALYSIS

Tensile specimens of base metal and weld metal extracted

parallel to the welding direction, and tensile specimens extracted

transverse to the welding direction (to contain base metal, HAZ

(including the above mentioned "soft" zone) and weld metal in the

gage length) from the submerged arc weldment were tested at room

temperature, 950°F and 1050°F in the A&T, N&T and PWHT (Cl.2)

conditions. The offset 0.2% yield strength, ultimate tensile

strength, % elongation and % reduction in areas are shown in Table 5.

One important behavior noticed from the tensile testing was that none

of the transverse specimens ruptured in the "soft" zone. All the

transverse specimens regardless of the condition of heat treatment

ruptured in the weld metal away from the fusion line. This may be

due to the fact that the ferritic zone is more ductile than the

adjacent harder regions and so work hardens faster and to a greater

extent due to plastic flow than the adjacent regions. Such behavior

has been reported in the literature^®^' in that tensile specimens

from transition joints between dissimilar metals did not rupture in
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Table 5. Tensile test results of A&T, N&T and PWHT(C1.2) submerged
arc weldment.

Specimen Test Temp.
(•F)

0.2% Offset
Yield

5tr. (Ksi)

Ultimate
5tr.(Ksi)

Elong.
%

RA
%

BM-PWHT RT 46.4 72.3 34.0 77.3

WM-PWHT RT 57.7 77.1 2B.7 71.0

TT-PWHT RT 4S.4 73.3 27.B 76.7

BM-A&T RT 42.5 68.5 41.0 73.3

WM-A&T RT 40.1 64.5 43.7 77.6

TT-A&T RT 40.2 66.4 32.7 74.1

BM-N&T RT 51.1 76.4 34.6 74.9

WM-N&T RT 50.1 78.7 33.6 74.9

TT-N&T RT 51.9 75.1 35.0 71.5

BM-PWHT 950 32.5 56.1 30.6 77.1

WM-PWHT 950 43.5 56.3 32.9 79.3

TT-PWHT 950 39.4 57.1 26.9 77.2

BM-A&T 950 2S.2 59.6 33.0 70.7

WM-A&T 950 26.2 54.6 36.0 69.4

TT-A&T 950 25.0 55.9 31.0 69.4

BM-N&T 950 40.5 60.1 34.0 68.5

WM-N&T 950 40.6 57.B 27.0 73.7

TT-N&T 950 37.2 5B.1 25.0 69.4

BM-PWHT 1050 30.6 45.5 33.7 80.3

WM-PWHT 1050 41.4 53.6 36.0 B2.7

TT-PWHT 1050 35.9 47.0 23.B 79.8

BM-A&T 1050 26.2 49.1 34.5 78.4

WM-A&T 1050 24.4 45.8 47.0 78.7

TT-A&T 1050 22.9 47.4 33.2 76.1

TT-A&T-A 1050 21.S 50.1 2B.9 74.9

BM-N&T 1050 36.7 S0.6 45.3 82.9

WM-N&T 1050 30.7 4B.9 42.8 81.9

TT-N&T 1050 37.4 49.2 31.5 80.6

TT-N&T-A 1050 27.5 48.2 31.0 78.7

■M-lattMcul
WM-WtId Metal
TT-Trantvarx Tansiia
PWHT<I.2 M30<rws hf».>
A&T-Annaalad and Tamparad V Auttanitiiad ITOtTfNAT-Wofwaliiad and TampanM / Tampei^ 1300*F*2 hn.
AAT-A 1} AdditianalTi«atinaml30(rF-».lhf«.
NliT-A I
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the soft zone. In such cases the rupture was seen to occur in the

low alloy ferritic material. This behavior may also be due to a

constraint effect exerted by the adjacent regions, stronger than the

soft zone, thereby resulting in rupture in the weld metal as opposed

to rupturing in this ferritic zone. Research conducted at the

University of Tennessee under 1987 WRC grant-in-aid^^^ to determine

the structure and properties of "soft" zones developed between 2

l/4Cr-lMo base metal welded with 9Cr-lMo weld metal showed that the

rupture of tensile specimens occurred in the 2 l/4Cr-lMo base metal

as opposed to the "soft" ferrite region developed as a result of

PWHT. However, a strain distribution study by Moire interferometry

techniques on flat tensile specimens extracted from 2 l/4Cr-lMo base

metal-9Cr-lMo weld metal weldment subcritically PWHT to obtain a wide

soft zone showed that at first plastic flow occurred in the soft zone

and subsequently the flow pattern changed and final rupture of the

specimen occurred in the base metal. However, this study was

performed at room temperature. Stress rupture tests of the same

material at elevated temperature showed that the specimens ruptured

in the decarburized ferrite region because the work hardening effect

was not significant at high temperatures due to rapid

recrystallization and enhanced dislocation movement.

The data obtained from tensile tests on the base metal, weld

metal and transverse specimens at different temperatures are shown in

vertical bar graphs in figures 21 through 24. Figure 21 shows the

tensile strength and figure 22 shows the yield strength of

longitudinal weld metal, base metal and transverse specimens in A6eT,
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N6eT and PWHT (C1.2) conditions tested at room temperature, 950°F and

1050°F. Since the transverse specimens ruptured in the weld metal

the tensile strength and X reduction in area (figure 23) are, in

general, the properties of weld metal perpendicular to the welding

direction. In the A&T condition the base metal is strongest followed

by transverse and longitudinally oriented weld metal (at all three

test temperatures), respectively. The transverse tensile strength of

weld metal in the A&T condition is higher than that in the

longitudinal orientation but the yield strength of transverse

specimens is lower. This points to the fact that the soft zone

plastically deforms (yields) first, and then work hardens before the

other regions of the specimen begin to yield which results in the

decrease of the stress to cause 0.2% offset yield in the transverse

tensile specimens. Also from Figure 23 and 24 it can be seen that

weld metal oriented in longitudinal direction in the A&T condition of

heat treatment exhibits a higher percent elongation and reduction in

area at all the test temperatures compared to the weld metal tested

in transverse direction.

In case of specimens extracted from the N&T condition the

"soft" zone is not as wide as in the A&T condition. The tensile

strength of weld metal in longitudinal and transverse orientation are

about the same at 950 and 1050°F but at room temperature the former

is slightly higher. However, the percent reduction in area and

percent elongation in N&T condition are always (except percent

elongation at room temperature) higher in the longitudinal

orientation than in transverse orientation. In the PWHT (C1.2)
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condition the tensile and yield strength of the weld metal in

longitudinal orientation is higher than base metal and weld metal in

transverse orientation. The base metal was in normalized and

tempered condition before welding. The additional tempering for 25

hours at 1300°F during PWHT is responsible for the reduction in

tensile strength and yield strength of the base metal which still

exhibits class 2 properties outlined under ASTM specifications for SA

387 Grade 22 steel.

Tensile tests of weld metal oriented parallel to the welding

direction from the SMA weldment (post weld heat treated to different

temper parameters) were conducted at room temperature and 950°F.

Table 6 shows the properties obtained from tensile testing. It can

be seen that tensile strength of weld metal with a temper parameter

of 32.3 (TP-A) and 33.4 (TP-B) exceeds the strength limits specified

by PWHT (C1.3) condition (which specifies the tensile strength to be

between 90 and 110 KSI). Temper parameters of 32.3 and 33.4 were

achieved by tempering for 25 hours at 1050 and 1100°F, respectively.

Weld metal postweld heat treated to a temper parameter of 34.4 (TP-C)

achieved by tempering at 1150°F for 25 hours is within class 3

tensile requirements. Tensile strengths for PWHT with temper

parameters of 35.3 (TP-D) and 36.6 (TP-E) conforms to both class 3

and class 2 requirements. It is to be noted that the temper

parameter of 35.3 was a result of tempering at 1100°F for 25 hours

followed by aging at 1193°F for 21.5 hours to simulate service

exposure of 100,000 hours at 950°F. The higher temper parameters of

37.7 (TP-F) and 38.7 (TP-G) meet class 2 requirements. However, the
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Table 6. Results obtained from tensile testing of SMA weld metal
postweld heat treated to different temper parameters.

Code
Temper

Parameter*

Test

Temperature
(^)

UTS

(KSl)
0.2% offset

YS(KSI)
%Elongatlon

% Reduction

In Area

TP-A 32.3 RT**

950
129.6
100.7

115.3
87.2

20.5

16.1
66.9
59.3

TP-B 33.4 RT

950
115.1
89.4

102.3
78.3

20.1
21.1

70.3
68.2

TP-C 34.4 RT

950
105.6
76.9

92.8
68.7

21.6
23.6

72.6
73.5

TP-D 35.3 RT

950
98.3
69.6

82.1
62.0

22.1
19.1

75.0
77.1

TP-E 36.6 RT
950

90.9
65.3

75.0
57.0

26.0
26.7

75.7
77.7

TP-F 37.7 RT

950
83.0
58.3

65.6
50.3

30.4
25.4

77.1

81.0

TP-G 38.7 RT
950

79.5
60.0

62.1
45.8

31.5
29.3

77.2
78.8

•  Temper Parameter ■ (T ♦ 4M) (20 ♦ log T) * 10-J
** RT • Room Temperature
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percent elongation and reduction in area meet requirements for both

class 2 and class 3 for all the temper parameters used in this study

which means that even tempering to a temper parameter of 32.3 (TP-A)

is sufficient to impart sufficient ductility and toughness to the

weld metal.

The tensile strength of weld metals at both room temperature

and 950°F decreases with increase in the temper parameter (see figure

25). The decrease in tensile strength at both temperatures is

initially rapid as the temper parameter increases and then decreases

more slowly with further increase in the temper parameter. The

tensile strength of weld metal at 950°F was found to be 22 percent

lower than that at room temperature. The hardness of weld metal was

determined and exhibits the same trend as that of the tensile

strength with increase in temper parameter as shown in figure 26.

18Baker and Nutting have investigated the effect of tempering time

and temperature on the hardness of quenched and tempered and

normalized and tempered 2 l/4Cr-lMo steel and their observations also

show a rapid decrease in hardness during the initial stages of

tempering (also they observed a secondary hardening phenomena before

the hardness began to decrease which was not evident in the present

study). Further increase in the temper parameter decreased the

hardness but at slower rate. Similar results have been reported by

Pilling and Ridley for tempering of quenched 2 l/4Cr-lMo steel with

varying carbon contents. The drop in hardness was found to be faster

for lower carbon steels. Figure 27 shows the 0.2% offset yield

strength at room temperature and 950°F as a function of the temper
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parameter. At both the test temperatures the behavior is similar

although the yield strength at 950°F is about 25X lower than the

yield strength measured at room temperature. The characteristics of

the curves obtained from tensile testing and hardness measurements as

a function of the temper parfuneter follow the same pattern. Such

decrease in hardness, tensile and yield strength with an increase in

the severity of tempering is associated with the coarsening of

carbide particles resulting in an increase of the interparticle

spacing. Such behavior has been reported by Lundin et al.^ during a

similar study involving class 2 and class 3 post weld heat treatment

of 2 l/4Cr-lMo SMA weld metal.

Figure 28 shows the percent elongation and reduction in area of

the specimens from the SMA weld metal heat treated to different

temper parameters tested at room temperature and 950°F. The percent

reduction in area at lower temper parameters is less at 950°F than at

room temperature. However, at higher temper parameters the weld

metal exhibited higher percent reduction in area at 950°F than at

room temperature. In general, the percent reduction in area

increases with increase in the temper parameter with the magnitude of

increments greater at 950°F than at room temperature. The percent

elongation also shows similar trend as the percent reduction in area

except at a temper parameter of 35.3 (TP-D) in which there is a drop

in the percent elongation compared to a temper parameter of 34.4 (TP-

C). The temper parameter of 35.3 was achieved by PWHT at 1100°F for

25 hours followed by aging at 1193®F for 21.5 hours to simulate

service exposure of 100,000 hours at 950°F. This abnormality may be
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due to temper embrittlement which is known to occur in 2 l/4Cr-lMo

steels near 1100°F.

Hardness is defined as the resistance of a material to

indentation or plastic deformation. Hardness usually correlates well

with the tensile and yield strength of steels and so for 2 l/4Cr-lMo

SMA weld metal postweld heat treated to different temper parameters

Q

(and hence hardness) a correlation may be expected. Bland had found

excellent correlation between hardness and room temperature tensile

strength of 2 l/4Cr-lMo weld metal. Room temperature and 950°F

tensile strength and yield strength was seen to correlate well with

the hardness values in this study resulting in a straight line

regression fit as shown in figures 29 and 30. Such a master curve

can be very useful for determination of tensile strength and yield

strength of 2 l/4Cr-lMo SMA weld metal (this relation may be valid

for weld metals deposited by other fusion processes as well) by a

simple measurement of hardness where material, time or economy does

not permit direct tensile testing. The equations derived from the

straight line fit between hardness and tensile strength and yield

strength are as follows:

UTSj^.j, - 0.46 HV + 8.82

UTS950°F - 0.40 HV - 5.67

YSj^.j. - 0.50 HV - 14.44

YS95o°f - 0.38 HV - 11.97

where, UTS and YS have their usual meaning in KSI and HV is the

diamond pyramid hardness measured using a lOKg load.
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4.3 STRESS RUPTURE TEST RESULTS AND DATA ANALYSIS

Over ICQ stress rupture specimens have been tested as a part of

this study. The cumulative test time is over 150,000 hours. Weld

metal creep specimens were extracted parallel to the welding

direction and composite cross weld specimens were extracted

transverse to the welding direction with the HAZ at the center of the

specimen gage length from the submerged arc weldment heat treated to

A&T, N6eT and PWHT(C1.2) conditions. Stress rupture testing was

conducted at 950°F and 1050°F. Additional isostress rupture testing

was carried out on specimens extracted transverse to the welding

direction from the submerged arc weldment heat treated to A&T

condition, at 11 KSI at four temperatures between 1150 and 1225°F at

25F° interval. All -weld-metal creep test specimens were extracted

parallel to the welding direction from the SMA weldment postweld heat

treated to seven different temper parameters. Four specimens with

the same temper parameter were tested at 950°F with the time to

rupture spanning the range of hundred hours to several thousand

hours. Four weld metal specimens from each of the temper parameters

of 32.3, 34.4, 36.6 and 37.7 were isostress rupture tested at 16.5

KSI.

Results obtained from stress rupture testing were analyzed

using extrapolation techniques which enable determination of 100,000

hour rupture stress as described in chapter 3. The Larson-Miller

parameter technique was easier to use because it allows plotting of

all of the rupture data on a single curve. The stress for 100,000

hour rupture life at a temperature of interest was obtained by
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inserting the Larson-Miller parameter which described the

time/temperature combination into the log stress versus Larson-Miller

parameter equation determined by regression and then solving for

stress. Staying within the parameter range described by the data,

the 100,000 hour stress thus obtained was an interpolated value and

hence did not exhibit the degree of uncertainty characteristics of

values which necessarily are determined by curve extrapolations using

the log stress/log rupture time analysis method. Another benefit of

this interpolation technique is that 100,000 hour rupture stresses

may be obtained for temperatures at which no data are available, ie.,

as long as the Larson-Miller parameter value characteristic of

100,000 hour at that temperature falls within the parameter range

described by the data. Thus, extrapolation beyond the parameters

encompassed by the data was not attempted.

In contrast to the Larson-Miller technique, the log stress/log

rupture time method required a curve to be determined at each test

temperature. As a result the data had to be partitioned by test

temperature, thereby greatly reducing the number of data points

available for derivation of each curve. Hence, in some cases a

sufficient number of data points to "average out" the scatter

characteristics of rupture data were not available. In such cases

the curves obtained by regression analysis became descriptive of the

few data available rather than that of the material in general. As a

result, the 100,000 hour stress derived from extrapolation of the

curves are affected as well. Thus, efforts to observe the influence
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of factors such as postweld heat treatment on 100,000 hour stress are

significantly hampered.

Isostress testing at various temperatures and then

extrapolating to the service temperature to determine the rupture

time at the stress level is gaining wide popularity because of the

fact that this type of testing is the only method available to date,

to quantify the remaining life of service exposed components. Other

methods of determining remaining life of exposed components are

qualitative in nature and fail to accurately predict the remanent

lifetime. Isostress rupture testing suffers from the disadvantage

that the available data on a material has to be partitioned on the

basis of stress level and so relatively few data are available for

this type of analysis. Also the tests are conducted at temperatures

much higher than the operating temperature which results in

evaluation of the material at temperatures other than service

temperature. This method also suffers from the disadvantage that the

rupture stress for 100,000 hour can not be determined and so

comparison with available data in the literature is not possible.

However, in this technique the data fits a straight line regression

equation while exhibiting little scatter and so relatively few data

points are required to obtain the straight line relation between the

log rupture time and the test temperature. Also, it is not possible

to predict behavior of the material at stresses other than at the

tested stress level. In addition, a slight change in the slope of

the line described by the data may result in large shift in the

extrapolated rupture life (by as much as factor of 2).
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4.4 RESULTS AND DATA ANALYSIS OF A&T. N&T AND PWHT(C1.2^ SA WELDMENT

STRESS RUPTURE TESTS

Results of stress rupture testing of longitudinal weld metal

and transverse weldment specimens in A&T, N&T and PWHT(C1.2)

conditions from the SA weldment are shown in tables 7 and 8,

respectively. The data obtained from isostress creep tests of

transverse specimens in A&T condition are shown in table 9. Log

stress/log rupture time plot of longitudinal all weld metal specimens

at 950 and 1050°F are shown in figures 31 and 32, respectively. The

stress rupture data at 950 and 1050°F have been combined into Larson-

Miller parameter which is shown in figure 33. From figure 31 it can

be seen that at 950°F the stress rupture properties of the SA weld

metal in the N&T heat treated condition is superior to that of weld

metal subcritically FWHT(C1.2) or A&T. The rupture stresses for

100,000 hour life for A&T, N&T and PWHT(C1.2) weld metal at 950°F and

1050°F determined by extrapolation of these curves are given in table

10. It can be seen that at 950°F the N&T weld metal has the highest

stress for a 100,000 hour rupture life followed by PWHT(C1.2) and

A&T. At 1050°F the log stress/log rupture time curves from the SA

weld metal heat treated to same three conditions are shown in figure

32. From this figure it can be seen that for low rupture times, the

N&T and PWHT(C1.2) have better creep properties than the A&T but

extrapolation to longer rupture times (>40,000 hours) clearly reveals

that A&T is superior to the N&T and PWHT(C1.2). Also, it is evident

that stress rupture strength of N&T and PWHT(C1.2) material

approaches the same value at about 100,000 hours. Similar behavior
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Table 7. Creep rupture test results of all-weld metal A&T, N&T and
PWHT(C1.2) specimens from SA weldment.

Test Temp.
m

Condition Stress (Ksi)
Rupture Time

(Hours)

950 A&T 35.0 28.5

A&T 26.0 760.2
A&T 24.9 700.0
A&T 23.1 1737.2

N&T 35.0 167.0
N&T 26.0 3998.0

N&T 24.9 7830.2
N&T 23.1 9512.2

PWHT 44.0 63.6
PWHT 35.0 114.4

PWHT 32.0 181.0
PWHT 30.0 229.3

PWHT 28.0 527.1
PWHT 25.0 1729.2

1050 A&T 23.0 46.9
A&T 16.5 465.3
A&T 15.0 1553.3

A&T 14.4 2360.0

N&T 23.0 361.4

N&T 16.5 2967.0
N&T 15.0 4417.4

N&T 14.4 9107.4

PWHT 27.0 12.0
PWHT 25.0 41.3

PWHT 22.0 149.4
PWHT 20.0 222.1

PWHT 18.0 533.9
PWHT 17.0 622.1

PWHT 15.0 3928.1
PWHT 13.0 4011.6

A&T - annealed and tempered

N&T-normallzed and tempered

PWHT-Postweld Heat Treated (1300*F • 25 hrs.)

V Austenltized 1700*F,
( tempered 1300*F • 2 hours
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Table 8. Creep rupture test results of transverse composite A&T,
N&T and PWHT(C1.2) specimens from SA weldment.

Test Temp.
CF)

Condition Stress (Ksi)
Rupture Time

(Hours)

950 A&T 40.0 177.3**

A&T 34.0 464.9**

A&T 31.0 650.8**
A&T 30.0 1751.6**

N&T 40.0 60.1**
N&T 34.0 310.8**

N&T 30.0 1453.3**
N&T 29.0 2422.4**

PWHT 34.0 125.3*

PWHT 30.0 359.6*

PWHT 28.0 489.5*
PWHT 24.0 1031.6*

1050 A&T 23.0 102.0*
A&T 16.5 262.1*

A&T 15.0 1104.9*
A&T 14.4 5240.7*

N&T 23.0 437.5**

N&T 16.5 1466.1**
N&T 15.0 3226.9**
N&T 14.4 4492.4**

PWHT 23.0 56.5*
PWHT 16.5 850.0*
PWHT 15.0 1636.3*
PWHT 13.5 2939.1*

A&T-annealed and tempered i Austenitized 1700*F
N&T-normalized and tempered I Tempered 1300*F-2 hours
PWHT-Post Weld Heat Treated (1300*F • 25 hrs.)
^-rupture in base metal
**~rupture In weld metal
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Table 9. Isostress creep rupture test results of transverse A&T
specimens from SA weldment.

Test
Temperature

CF)
Stress (KSI) Rupture Time

(Hours)

1225 11.0 54.8
1200 11.0 96.1
1175 11.0 263.1
1150 11.0 531.1

1150 10.0 786.0*

*  0.505 inch gage diameter specimen
All specimens ruptured in the weld metal
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for 2 l/4Cr-lMo steels has been found by Klueh^ and Emmanuel et

al.^^. Emmanuel et al.^^ have indicated that heat treatment by N&T

does not enhance the long time elevated temperature properties of 2

l/4Cr-lMo steel when the service temperature exceeds 1000°F. He

found that the kinetics of loss of strength of 2 l/4Cr-lMo steel

depends on prior heat treatment and test temperature. At low

temperatures (<500°C or 932°C), the normalized and tempered steel

containing 100% bainite is slightly stronger. Only for low rupture

times, at temperatures 500 and 600°C (932 and 1112°C) normalized and

tempered steel is stronger than annealed steel. Above 600°C

(1112°C), normalized and tempered steel is weaker than annealed

steel. This behavior of steels, differently heat treated, has been

attributed to carbide coarsening, and the change of chemistry and

type of carbides in different microconstituents (bainite/ferrite).

The changes in carbides are directly linked to molybdenum remaining

in solid solution (in ferrite) and the combination of the two ie. the

"status" of carbides and the molybdenum remaining in solid solution

in ferrite dictates the loss in strength upon exposure to elevated

temperature under stress. The reason for the difference in stress

rupture properties being related to the difference in carbide

coarsening in A&T and N&T material will be further described in more

detail in a later section devoted to microstructural analysis.

The superiority of A&T material at 1050°F for a rupture life of

100,000 hours is not evident from the Larson-Miller plot (see figure

33). This is due to the fact that the highest Larson-Miller

parameter for the N&T condition is 36.2 whereas 100,000 hours at
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1050°F results in a Larson-Miller parameter of 37.75. However, from

figure 33 it is clear that A&T and N&T materials (by extrapolation)

show a crossover behavior at a Larson-Miller parameter of about 38.8

which, transformed to time at 1050°F, results in 500,000 hours. This

discrepancy in extrapolated values for the two analyses is a result

of insufficient data points used in the Larson-Miller analysis not

encompassing the range required for valid prediction and on the

principles on which the two techniques are based. This drawback can

only be eliminated by conducting more creep rupture tests (for longer

rupture times) which will eliminate the uncertainty of predictions by

mitigating the scatter in the stress rupture data. From the

technique standpoint, log stress/log rupture time technique assumes

that the microstructure is relatively stable so that a straight line

relation can be established and the Larson-Miller Parameter technique

is based on an Arrhenius relation implying creep rupture to be a

thermally activated process. During creep rupture testing the

microstructure is not stable and undergoes changes with respect to

carbide size, morphology and distribution. Also, creep is not only a

thermally activated process but also associated with mechanical

deformation and strain sensitive processes. Hence, the assumptions

on which these techniques are based are not very rigorous and exhibit

slight discrepancy in obtained extrapolated values.

The basis for conducting stress rupture tests of composite

specimens extracted transverse to the welding direction was to

evaluate the significance of the carbon denuded "soft" zone brought

about by migration of carbon from the lower chromium base metal side
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to the higher chromium weld metal side along the entire fusion line

of the weldment. However, none of the creep specimens ruptured in

this zone. The metallurgical reason for such behavior is explained

in a later section devoted to microstructural analysis.

The data obtained from testing of composite specimens are given

in table 8. Log stress/log rupture time plot of the data obtained

from tests conducted at 950°F and 1050°F are shown in figures 34 and

35, respectively. These two figures reveal that at 950°F, the N&T

heat treated material shows superior stress rupture properties

followed by the A&T and PWHT(C1.2). At short rupture times,

specimens subjected to the A&T condition showed higher rupture life

than the N&T specimens. The reason for such behavior is not clear.

At 1050°F the strength of the weldment in the transverse direction

was found to be higher for the A&T condition (for longer rupture

times) than the N&T or PWHT(C1.2). It is to be noted however, that

the rupture location in the A&T specimens shifted from weld metal

(when tested at 950°F) to base metal (when tested at 1050°F). The

N&T specimens ruptured in weld metal and the PWHT(C1.2) specimens

ruptured in base metal at both test temperatures. Some additional

isostress testing was conducted on A&T specimens and these ruptured

in the weld metal at temperatures between 1125 and 1250°F.

The strength of weld metal in longitudinal direction and

strength of weldment in transverse direction reveals that the ranking

of heat treatments at the two test temperatures remain the same

except for the PWHT(C1.2) condition. At 950°F the N&T is superior

and at 1050°F the A&T material has better creep rupture properties.
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For all-weld-metal tests the creep rupture properties in the

PWHT(C1.2) condition falls between N&T and A&T at 950°F and

PWHT(C1.2) and N&T are equally as strong at 1050®F (100,000 hour

life). However, for tests conducted on composite specimens extracted

perpendicular to the welding direction a lower strength of PWHT(C1.2)

at both test temperatures is revealed. As mentioned above, the

reason for such behavior is due to rupture of the composite specimens

in the base metal. The base metal was originally in the normalized

and tempered condition and along with the subsequent PWHT it has

undergone severe tempering, thus becoming weaker than the weld metal.

This is also evident in the tensile test results in which the base

metal has a much lower tensile strength than the weld metal.

A Larson-Miller plot for the data obtained from testing of

composite specimens at 950 and 1050°F is shown in figure 36. From

the extrapolation of this plot the ranking of stress rupture strength

of different heat treatments remain the same at 950 and 1050°F. The

weldment in the N&T condition has superior strength followed by A&T

and PWHT(C1.2) at 950°F. Due to the shift in the rupture location

for the A&T specimens at different test temperatures significant

scatter of the data is evident in the Larson-Miller plot. Whether

the Larson-Miller master curve for the A&T condition is

representative of the material is questionable due to this scatter.

Extrapolated 100,000 hour rupture stresses for the different heat

treatment conditions are shown in table 10. Isostress rupture

testing at 11 KSI was conducted to further determine whether the

rupture location of the transverse composite specimens would shift
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into the "soft" zone observed. These tests were conducted on the A&T

weldment because this condition produced the widest soft zone. Also

in order to determine if a restraint effect of the adjacent

(stronger) regions were acting to affect rupture of the soft zone, a

0.505 inch gage diameter specimen was creep tested at 1150°F. The

results of the isostress tests and 0.505 inch diameter specimens are

presented in table 9. However, none of the test specimens ruptured

in the "soft" zone (rupture occurred in the weld metal). The

isostress curve for the A6eT condition is shown in figure 37. The

data points fall in a straight line (regression fit) and can be

extrapolated to determine time to rupture at 950 and 1050°F at the

stress level of 11 KSI. Extrapolation shows that the rupture life

will be 300,000 hours at 950°F and 12,750 hours at 1050°F at a stress

of 11 KSI. The 100,000 hour rupture life will be at 985°F

corresponding to a rupture stress of 11 KSI. These results are in

excellent agreement with those obtained from Larson-Miller parameter

technique but the log stress/log rupture time extrapolation shows a

significantly higher stress rupture strength.

4.5 STRESS RUPTURE RESULTS AND DATA ANALYSIS OF THE SMAW WELD METAL

SUBCRITICALLY PWHT TO VARIOUS TEMPER PARAMETERS

Most postweld heat treatments being utilized by the fabricators

of elevated temperature pressure components are of the subcritical

type. It is a well known fact that as the time and/or temperature of

such postweld heat treatments is increased there is a decrease in the

stress rupture strength. Data available in the literature has been
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analyzed by Lundin et al.^ by partitioning all the available data

falling within different temper parameter ranges. This analysis

revealed that as the severity of tempering increases there is a

decrease in the 100,000 hour rupture strength of subcritically

postweld heat treated 2 l/4Cr-lMo weld metal. Thus, it was felt that

if a relation could be found between the temper parameter and

extrapolated stress rupture strength for 100,000 hour rupture life,

it will be possible to predict life of the pressure vessels and

components based upon the prior PWHT and service exposure.

Therefore, all weld metal specimens extracted with the axis parallel

to the welding direction from the SMA weldment postweld heat treated

to a range of temper parameters were creep tested at 950°F. The data

obtained are presented in table 11. Further, for selected temper

parameters, isostress testing was conducted at 16.5 KSI in the

temperature range of 1075°F at 25F° interval to 1200°F resulting in

rupture lives between 100 to several 1000 hours. The data obtained

are shown in table 12. Log stress/log rupture time curves, Larson-

Miller parameter plot and isostress curves resulting from the

analysis of the data obtained are shown in figures 38, 39 and 40,

respectively. From these figures it is evident that the rupture

stress for 100,000 hour rupture life decreases with an increase in

the temper par£uneter. Stress for 100,000 hour rupture life obtained

from extrapolation of the data by log stress/log rupture time and

Larson-Miller parameter techniques are presented in table 13. The

decrease in the rupture stress with increase in the temper parameter

appears to be of a quadratic form as depicted in figure 41. Figure
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Table 11. Results of stress rupture tests conducted on PWHT SMA 2
l/4Cr-lMo weld metal.

Code
Temper

Parameter

Test
Temperature

(•F)
Stress (KSI)

Rupture
Time (Hrs.)

TP-A 32.3 950 80.0
70.0
60.0
50.0

276.2
465.4

1646.8
2194.1

TP-B 33.4 950 70.0

60.0
50.0
42.0

190.2

758.9
1099.9
2718.8

TP-C 34.4 950 53.0
48.0
45.5
43.0

138.1

348.5
911.0
1429.9

TP-D 3S.3 950 52.0
45.0
40.0
35.0

11.7

78.6
342.2

2362.9

TP-E 36.6 950 52.0
47.0

40.0

35.0
32.5
30.0

9.0
34.1

98.5
537.9
773.1

2216.4

TP-F 37.7 950 45.0

40.0
35.0
33.0
30.0

26.0

7.9

123.7

180.8
308.8
434.1

2179.4

TP-6 38.7 950 40.0
35.0
30.0

26.0

78.4
251.7

445.1

1411.9
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Table 12. Results of isostress rupture tests conducted on PWHT SMA 2
l/4Cr-lMo weld metal.

Code
Temper

Parameter

Test
Temperature

CF)
5tress(KSI)

Rupture
Time (Hrs)

TP-A 32.3 1200
11S0
1125
1100

16.5
16.5
16.5
16.5

51.0
227.1

629.6
1014.2

TP-C 34.4 1175
1150
1125

1100

16.5
16.5

16.5
16.5

134.8
241.6
411.6
1132.4

TP-E 36.6 1150
1125
1100
1075

16.5
16.5
16.5
16.5

144.1
345.4
524.7

1349.8

TP-F 37.7 1150
1125
1100
1075

16.5
16.5
16.5

16.5

69.4

182.2
318.3
815.4
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Table 13. Extrapolated 100,000 hour rupture stress of PWHT SMA 2
l/4Cr-lMo weld metal at different temper parameters.

Code
Temper

Parameter

100,000 hour Rupture Stress (KSI)

Log s/ Log tR LMP

TP-A 32.3 31.6 24.1

TP-B 33.4 30.5 -

TP-C 34.4 30.2 22.8

TP-D 35.3 26.3 -

TP-E 36.6 21.0 19.2

TP-F 37.7 16.4 16.2

TP-G 38.7 13.6 -
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41 also reveals the difference between the 100,000 hour rupture

stress determined by the two methods of analysis. The log stress/log

rupture time technique appears to predict a higher 100,000 hour

stress than by Larson-Miller technique; the difference between the

two being greater at the lower temper parameters. This can be

explained by the assumptions inherent in the two techniques. Log

stress/log rupture time technique assumes that the microstructure is

stable at the test temperature which is not true in these cases,

especially at lower temper parameters. At higher temper parameters

(PWHT temperatures much higher than the test temperature) the

carbides have already coarsened and are "semi" stable and further

exposure at test temperatures much lower than the PWHT temperature

(eg. 950°F test temperature as compared to 1300°F PWHT temperature)

does not appreciably change the carbide size and distribution.

Larson-Miller parameter type of analysis is based on an Arrhenius

type of equation which assumes creep to be a thermally activated

process controlled by laws of diffusion. This assumption is

completely void since creep is also associated with mechanical

deformation or strain sensitive processes. For example, the rate of

growth of a creep cavity by vacancy condensation is enhanced by creep

ROdeformation of the surrounding material. In addition, the choice

of 20 as the value of constant in the Larson-Miller parameter is not

theoretically rigorous. In this investigation it was found that for

isostress tests at 16.5KSI different Larson-Miller parameters are

evident (see figure 39). From the few test data at 16.5 KSI for the

different temper parameters it was found that the constant C varied



142

from 12.4 to 20.18. The value of the constant C was determined by

plotting 1/(1+460) versus log time and determining the slope and Y-

axis intercept at log time equal to zero. Hence, the shorter time

tests at higher temperatures can not accurately predict the long time

behavior at lower temperatures since the mechanisms operating at

higher temperatures do not necessarily operate at lower temperatures

and vice versa.

Isostress rupture test data at various temperatures (shown in

table 12) have been plotted and are presented in figure 40 to

illustrate that the data fits a straight line regression equation as

is also indicated by many other researchers^®' . The data

obtained from testing specimens with temper parameters 32.3(TP-A) and

34.4(TP-C) were found to fall very close to each other and thus the

regression fit was determined using the data from tests for both the

temper parameters. Extrapolation of the isostress curves can be done

to generate two types of information. First, it can be used to

obtain the rupture life at the operating temperature and secondly, it

can be used to determine the operating temperature at which rupture

will occur after a specified interval of time (eg. 100,000 hours).

Both sets of data from extrapolation of isostress rupture curves are

given in table 14.

Surprisingly, the values determined from extrapolation of

isostress tests were found to be very conservative - even lower than

that determined by the Larson-Miller parameter technique (this is

true for all temper parameters). For example, for a temper parameter

of 32.3(TP-A) at 16.5 KSI rupture stress the rupture life at 950°F
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Table 14. Results obtained from extrapolation of 16.5 KSI isostress
rupture curves for PWHT SMA 2 l/4Cr-lMo weld metal.

Code
Temper

Parameter

Temperature for
100.000 Hour Rupture

LifeCF)

Rupture Life
at950°F(Hrs)

TP-A 32.3 947 92,000

TP-C 34.4 947 92,000

TP-E 36.6 930 55,000

TP-F 37.7 913 33,000
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determined by Larson-Miller parameter technique by a quadratic

regression fit was found to be 371,000 hours whereas, by isostress

curve extrapolation, it was found that at 16.5 KSI the rupture life

at 950°F is 92,000 hours. This further illustrates the difference

between the extrapolation techniques used and therefore the

difference between the resulting extrapolated values. It is evident

that the log stress/log rupture time technique resulted in the

highest extrapolated rupture strength followed by Larson-Miller

parameter technique and isostress rupture testing technique. So, the

choice of a suitable technique for determination of long term

behavior must be selected with caution along with prior experience

and understanding of the material under investigation.

This study to determine the effect of severity of postweld heat

treatment on the long term properties indicate that the creep

properties deteriorate with the increase in the PWHT time and

temperature. However, at low temper parameters 32.3 (TP-A) to 34.4

(TP-C) the 100,000 hour rupture stress appears to be almost equal.

At higher temper parameters the 100,000 hour rupture stress decreases

rapidly with an increase in the severity of tempering. Some long

time tests (10,000 hours) are underway and the results from these

tests will be helpful in arriving at a concrete conclusion.

Earlier research conducted by Roger, Phelps and Murphy^^® have

indicated an inferiority of creep strength for weld metals deposited

by automatic high heat input-high deposition rate processes. In this

study almost identical weld metal compositions were obtained by SAW

and the SMAW processes. The main differences in the chemistry of the



145

SA weld metal and the SMA weld metal is that the SA weld metal

contains 2.69X Cr and 0.19XNi whereas the SMA weld metal contains

2.15% Cr and 0.04X Ni. This difference in chemistry should however,

result in superior stress rupture properties of the SA weld metal.

SA weld metal was heat treated at 1300°F for 25 hours (C1.2) and SMA

weld metal was heat treated at 1300°F for 25 hours followed by

additional aging at 1193°F for 21.5 hours to simulate 100,000 hours

service exposure at 950°F. From a comparison of the stress rupture

data obtained from the tests at 950°F (shown in figure 42) it is

clearly evident that 2 l/4Cr-lMo weld metal deposited by shielded

metal arc welding has superior creep properties than that deposited

by submerged arc welding. This may be true for other high

temperature steels as well. In this study the SMA weld had received

additional tempering at 1193°F for 21.5 hours compared to that of SA

weld metal although the temper parameters are not significantly

different. SA weld metal in PWHT (C1.2) condition has a temper

parameter of 37.66 and the SMA weld metal was tempered to a temper

parameter of 37.69. Such a difference in.the stress rupture strength

of weld metal deposited by the two different techniques maybe due to

the difference in chemical compositions and impurity element

concentrations and/or the difference between the inclusion size,

number and distribution. The former two reasons may be considered to

be minor reasons for such behavior although the latter is suspected

to be the main reason. Research being conducted at Combustion

Engineering in Chattanooga and also some investigations underway at

the University of Tennessee have shown that the stress rupture
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strength of 2 l/4Cr-lMo weld metal depends on the inclusion size,

distribution, composition, and volume fraction.

4.6 MICROSTRUCTURAL ANALYSIS OF SA WELDMENT HEAT TREATED TO THR Af.r

N&T AND PWHTfCl.2^ COMnTTTON

Microstructural analysis studies of 2 l/4Cr-lMo steel in the

A&T and N6eT condition have been accomplished by researchers working

on Cr-Mo steels. ^ ,46 carbide coarsening

kinetics in different microconstituents (eg. polygonal ferrite,

bainite etc.) occurring in 2 l/4Cr-lMo steel has been studied quite

1 18extensively. ' The main aim of this portion of the study was to

characterize the microstructure of the weld metal and HAZ as a

function of the heat treatments employed, especially the "soft"

ferrite band along the fusion line in the HAZ.

2 l/4Cr-lMo weld metal in the as welded condition has been

known to contain variations of upper bainite (massive, granular,

lath) and some retained austenite-martensite aggregates or lower

bainite. Polygonal ferrite in weld metal in the as welded condition

is observed only if the carbon content is low (<0.04%). However,

heating the weld metal above the A^ temperature would result in

complete alteration of the solidification substructure and subsequent

cooling to room temperature will result in a mixture of proeutectoid

ferrite and bainite, the relative proportion of which will depend on

alloying elements and the cooling rate. In the PWHT(C1.2) condition

the as welded structure is generally retained with an accompanying

precipitation and coarsening of carbides. Figure 43 shows the
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optical microstructures of weld metal in the A&T, N6eT and PWHT(C1.2)

conditions. In the case of the A&T condition it is evident that the

relative proportion of polygonal ferrite is much greater than in N&T

condition. This is due obviously to the slow cooling from the

austenitizing temperature which allows more time for the

transformation to proeutectoid ferrite. The microstructure of the

weld metal in the PWHT(C1.2) condition shows a 100% bainitic

structure with readily visible bainite laths and clearly defined

prior austenite grain boundaries. In the case of the A&T and N&T

heat treatments the base metal and the weld metal experience similar

cooling rates from the A^ temperature and thus the base metal and

weld metal exhibit similar microstructural features (see figure 44).

The as-received base metal was in the normalized and tempered

condition and additional subcritical PWHT has not changed the

structure of the base metal. However, such PWHT results in

coarsening of carbides but this can not be observed at the optical

resolution.

Carbide distribution and morphology, in 2 l/4Cr-lMo steels are

not revealed by OLM due to fine carbide structure and insufficient

resolution of the light microscope. Hence, analytical microscope

techniques based on electron optics have been used to further

characterize the microstructural features so that it is possible to

establish a firm microstructure-property correlation. The kinetics

of carbide coarsening as well as their change in composition and type

as a result of exposure to elevated temperature have been studied by

18Baker and Nutting for quenched and tempered and normalized and
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tempered 2 l/4Cr-lMo steel. This study revealed the difference

between the stability of carbides in ferrite and bainite, the

carbides in the former being more stable than in the latter. It is

this stability of carbides which dictate the elevated temperature

properties of the steel. However, the elevated temperature creep

strength also depends on the tensile strength which is higher for the

N&T than the A&T. Thus, for the selection of suitable heat

treatments the service temperature will be the deciding factor. In

other words, 2 l/4Cr-lMo steel has been found to have the highest

tensile strength in the N&T condition followed by the A&T condition

but the creep strength is reduced more rapidly upon exposure at high

temperature for N&T material followed by the A&T material. The loss

in strength will depend on the temperature which determines the rate

of diffusion of solute elements.

SEM micrographs of weld metal in the three heat treated

conditions are shown in figures 45 and 46. The carbide distribution

can clearly be seen. In the A&T and N&T condition the proeutectoid

ferrite has finer carbide distribution than upper bainite. No other

microconstituents were found in the A&T and N&T weld metals. In the

PWHT(C1.2) condition the carbide structure is considerably coarser

than in A&T and N&T condition. The microconstituents present in weld

metal in PWHT (C1.2) were identified as lath and massive bainite.

The carbide distribution is usually clearly defined by SEM

observation but the morphology, type, chemistry and size of

precipitates are difficult to determine. This is because of the fact

that carbides are embedded in the matrix and the resolution of SEM is
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not sufficient to conduct valid analysis. In addition, it is not

possible to carry out microanalysis of the particles because of the

possible interference with neighboring carbides and the background

matrix which could result in misinterpretation. Thus SEM was only

useful to determine the overall carbide distribution and identify the

various transformation products.

To identify the precipitates, carbide extraction on a carbon

film was found to be the best solution. Extraction replicas were

observed and analyzed in the STEM mode and micrographs were obtained

in the TEM mode for the best resolution and clarity. In the as-

welded condition very fine carbide precipitates were observed. These

are probably «-carbides which are the first ones to form in the 2

l/4Cr-lMo steel as pointed out by Baker and Nutting^®. Selected area

microanalysis conducted to determine the carbide type showed that the

carbides contain chromium, iron and molybdenum. The microstrueture

of the SA weld metal in the as-welded condition as shown in figure

47, resembles those shown by Baker and Nutting^® to contain e-carbide

and cementite. The few large particles seen in figure 47 were found

to be inclusions containing Mn, Si and Al.

The carbides in heat treated SA weld metal (A&T, N&T and

PWHT(C1.2) conditions) are shown in figures 48 and 49. Three

different carbide morphologies were observed in the A&T condition.

The short rod like precipitates were found to be (Cr,Mo)2(C,N) or M2C

type carbides. M2C type carbides were also found to occur as long

thin needles (figure 49a). The small dark particles, irregular in

shape, were analyzed to be M23Cg type. carbides were
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usually noted at the grain boundaries or the bainite lath boundaries.

Within the ferrite grains the two types M2C carbides were

predominant. In general, the carbides in the A&T material were found

to be coarser than those in the N&T material.

In the N&T condition irregular shaped ̂ 230^ type carbides were

found at the grain boundaries and at bainite lath boundaries and in

the ferrite grains and bainite laths M2C or M2X type carbides were

revealed. The occurrence of M2X or (Cr,Mo)2(C,N) type carbo-nitrides

have been reported to occur in 2 l/4Cr-lMo steel base metal and weld

metal by many researchers^'^ • . Unlike M2C carbides, which are

rich in molybdenum, (Cr,Mo)2(C,N) type carbo-nitrides are rich in

chromium along with substantial amounts of molybdenum. M02C type

carbides have a face centered cubic crystal structure whereas, the

(Cr,Mo)2(C,N) have been found to be hexagonal by Todd^^. The

difference between the two can be easily distinguished by their

characteristic selected area X-ray diffraction spectra and electron

diffraction patterns. M2C type carbides were not found in the weld

metal PWHT(C1.2) except in very few areas. The carbides in the

PWHT(C1.2) weld metal in general were very coarse compared to the

carbides in the A&T or N&T weld metal. Large particles of M23Cg were

predominant in the microstructure followed by some small irregular

shaped M2C3 type and M^C type precipitates.

The base metal in the A&T and N&T conditions revealed similar

structures as to the weld metal in the same heat treated conditions

by SEM and TEM observation. SEM micrographs of base metal in the

A&T, N&T and PWHT (C1.2) conditions are shown in Figure 50. The base
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metal of the weldments in all the three conditions of heat treatment

contained proeutectoid ferrite and bainite. The bainitic regions can

be easily distinguished from the ferrite regions due to presence of

coarser carbides. As indicated by Baker and Nutting^® the carbides

occurring in ferrite are more stable than the carbides in bainitic

areas and they resist coarsening even during high temperature PWHT or

elevated temperature service. In the PWHT (C1.2) condition it can be

seen that the carbides are much coarser due to the additional

tempering received by the base metal during PWHT. Figure 51

illustrates the carbide structure of the base metal in the three heat

treatment conditions.

In the A&T condition the carbides in the base metal were again

found to be coarser than in the N&T base metal. The base metal and

weld metal of the A&T weldment has undergone the same heat treatment

from the austenitization temperature followed by tempering. The base

metal and weld metal of the N&T weldment has also undergone the same

heat treatment from the austenitization. So it is reasonable to find

similar carbide structures in the base metal and weld metal of the

A&T material. In case of the N&T material also, the base metal and

weld metal reveal similar carbide structure. Acicular carbides or

carbonitrides (M2X type) were found to be the predominant precipitate

in the A&T and N&T base metal along with some rod shaped and

irregular shaped ̂ 2^^^ type carbides. The small irregular shaped

particles found in the base metal were of the M2X type. Two

different morphologies of the same type of carbide in the same steel

have been observed by many researchers and in particular, Woodhead
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31and Quarrel have shown several such examples. They have indicated

that Che identification of carbides should not be based upon its

morphology since same type of carbide can occur in different shapes

in the same steel. In the PWHT (C1.2) weldment the base metal had

undergone tempering and this is reflected in the coarse carbide

structure. However, few M2C type carbides persist in the

microstructure. The predominant morphologies were found to be large

irregular shaped particles of the and types and thick

cylindrical particles of the MyCj type. Some small ^yP®

carbides and MgC type carbides were also found.

As discussed in the earlier section, the "soft" carbon denuded

zone was found to be more creep resistant than the adjacent fusion

zone or the base metal. None of the stress rupture specimens

ruptured in the "soft" zone although a hardness difference of about

35 DPH was found in this region compared to the adjacent carbon

enriched region. SEM observations revealed that this zone was not

devoid of carbides. Fine carbide in the ferrite grains of the "soft"

zone can be seen in the SEM microstructure shown in figure 52. These

carbides were identified as M02C or (Cr,Mo)2CN (see figure 53).

Thus, the "soft" zone has a fine dispersion of acicular carbides in a

low carbon ferritic matrix from which the carbon in solid solution

has migrated to the weld fusion zone during heat treatment driven by

a difference in the level of chromium (activity of carbon).

Molybdenum remaining in solid solution in the ferritic matrix acts as

a solid solution strengthener. The "solute atmospheres" generated by

the remaining molybdenum in solid solution along with fine carbide



Figure 52. SEM photomicrographs of the "soft" zone in 2 l/4Cr-lMo SA
weldment in A&T condition. Note fine carbide precipitates
in the ferrite grains,.(a) 2000X, (b) 5000X, 2% nital
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precipitates result in the ideal condition for creep resistance in

this region of the alloy. Thus, the composite specimens do not

rupture in this region.

From the above discussion, it is clear that the stress rupture

strength of 2 l/4Cr-lMo weld metal (or base metal) will depend on the

microconstituents present and carbide size and distribution. A&T

material has more polygonal ferrite in which the carbides are stable

and hence has better creep properties at higher temperatures

(>1050°F). The N&T material has less proeutectoid ferrite and more

bainite than the A&T material and hence is superior at lower

temperatures. The PWHT(C1.2) material has almost a 100% bainitic

structure with coarser carbides (than those in A&T and N&T

conditions) due to tempering and hence its relative position in the

stress rupture plots depends on the test temperature; superior to A&T

at 950°F and inferior to N&T at 1050°F.

Comparing the base metal and weld metal microstructures, the

cause for rupture in weld metal or base metal is clear except in the

case of the A&T specimens in which the location of rupture changes

from weld metal at 950°F to base metal at 1050°F and again to weld

metal at 1125 to 1250°F. The reason for this was not clear from the

microstructural analysis. There is very little difference in the

microstructure of the base metal and weld metal and hence the shift

in rupture location. Some subtle differences in the microstructure,

responsible for this behavior, has not been revealed by the present

s tudy.
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In the case of the N6eT base metal it is clear that it is

stronger than the weld metal. This is reflected in both the carbide

size and type present in base metal and weld metal. The base metal '

contains mainly acicular M2C type carbides whereas the carbides

present in weld metal are M2C type along with some comparatively

coarser ̂ ^23^6 carbides at the prior austenite grain and lath

boundaries. The reason for more rapid coarsening of carbides in weld

metal compared to the base metal, probably lies in the solidification

substructure segregation of solute elements which is characteristics

of weld solidification. The diffusion distance required for the

solute elements to join the carbides is greatly reduced due to such

segregation and hence the carbides can coarsen more rapidly in the

weld metal as compared to the base metal in which segregation is

minimal due to the extensive prior thermal and mechanical treatments.

In the PWHT(C1.2) condition the base metal which was originally in

the normalized and tempered condition receives additional tempering

along with the PWHT of the weld metal. This is the reason for the

observed change in carbide type and size in the base metal compared

to the weld metal and hence the transverse specimens in PWHT(C1.2)

condition ruptured in the base metal.

4.7 MICROSTRUCTURAL ANALYSIS OF SMA WELD METAL POSTWELD HEAT TREATED

TO DIFFERENT TEMPER PARAMETERS

In order to determine the microstruetural features of 2 l/4Cr-

IMo SMA weld metal heat treated to various temper parameters,

optical, SEM and STEM/TEM examination was performed. The main aim of
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this investigation was to determine the changes of carbide size,

type, distribution, morphology and chemistry upon heat treatment and

establish a correlation between properties and microstructure.

Optical light microscopy conducted on the specimens heat

treated to various temper parameters revealed that the microstructure

of weld metal became more and more uniform with an increase in temper

parameter. This can be seen in figure 54. From the micrographs it

can be seen that the prior austenite grain boundaries etch darker for

the low temper parameters (TP-A to TP-C). As the temper parameter

increases this effect is lessened and for the higher temper

parameters (TP-E to TP-G) the effect is absent. This etching

phenomena is due to a large number of very fine carbide precipitates

at the grain boundaries. This was confirmed by examination of the

extracted carbides as shown in figure 55. The prior austenite in

these regions may be the last to transform or there may be retained

austenite in these regions which during subsequent tempering resulted

in the dense carbide precipitated areas. The carbides in these

regions were found to be of the M2C type. The retained austenite or

the austenite regions last to transform are usually rich in carbon,

due to carbon diffusing away from the transformation

product/austenite interface into austenite, hence resulting in

subsequent dense carbide precipitation. At higher temper parameters

these carbides coarsen rapidly and so the microstructure appears more

uniform. A lath like bainitic structure is evident from the

micrographs (figure 54) with the bainite lath thickness increasing

with an increase in the severity of tempering. Krauss^® has
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discussed the coarsening of lath like constituents upon tempering.

The coarsening mechanism has been indicated to be based on the

elimination of the low angle boundaries between laths having similar

orientations. During PWHT the neighboring laths having an

orientation difference of a few degrees merge together to produce

wider elongated structures. According to Pickering the orientation

difference between neighboring bainite laths is often quite small,

perhaps as small as 6 degrees. This coarsening of bainite laths was

also clear during SEM and STEM/TEM examination of the PWHT weld

metal.

SEM studies were conducted mainly to determine the distribution

of carbides in the PWHT SMA weld metal and to determine the

microconstituents present in the weld metal. Granular and massive

bainite was found along with lath bainite in the microstructure.

Figures 56 and 57 illustrate the different types of microconstituents

in SMA weld metal. The granular microstructure consists of a

bainitic-ferritic matrix in which small islands of irregular outline

appear to show no evidence of internal structure at magnifications to

lO.OOOX (see figure 56). The islands appear to be elevated above the

surrounding ferrite matrix, indicating that they are etchant

resistant. They also seem to be randomly distributed throughout the

non-lath regions of the prior austenite grains. The carbides in

granular bainite are comparatively finer than in the lath bainite.

Massive constituents, significantly larger than the islands in

the granular bainite, have been observed in SMA weld metal to varying

degrees (see figure 57). These constituents are also irregular in
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shape and are resistant to etching. Some of the massive bainite

regions are elongated in one direction and are aligned with their

longitudinal axis parallel to the surrounding lath bainite (figure

57). In some cases, particles may be discerned within the massive

constituents.

Granular and massive bainites are known to be morphologies of

upper bainite. Granular bainite, as observed in the weld metals in

this study, has been described by Klueh^® as islands of a second

constituent dispersed in a bainitic-ferritic matrix. Oblak and

28Heheman have indicated that it is easier for other forms of bainite

to form when the transformation occurs during continuous cooling

rather than isothermally.

The SEM study also showed coarsening of carbide precipitates,

as the severity of the PWHT increased (figures 58 and 59). This was

particularly true for the particles at the grain boundaries or lath

boundaries. Carbides within the bainite laths were not very clear in

the SEM, because of the inherent fineness of these carbides and their

resistance to growth, because of their presence in a ferritic matrix.

TEM observations on carbon replicas, extracted from the surface

of polished and etched SMA weld metal specimens, postweld heat

treated to different temper parameters, further point to the fact

that the carbides become coarser and coarser with increase in the

severity of tempering. Figure 60a reveals general carbide structure

in SMA weld metal postweld heat treated to a temper parameter of

32.3(TP-A). From this figure, it is evident that the carbide

precipitation has just begun, especially, within the bainite laths.
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The grain boundary carbides were identified to be M^C and ^-^P®

and the finer precipitates in the grains were found to be M2C.

Because of the fineness of the carbides, it was not possible to

sample a single carbide for microanalysis and hence a small area

containing only these fine precipitates was analyzed and found to

show carbide composition for the (Cr,Mo)2(C,N) type. The fine

carbides within the grains, coarsened with an increase in the temper

parameter 34.4(TP-C) into well defined fine acicular needles as shown

in figure 60b. At the temper parameter of 34.4(TP-C), some M2C type

carbides were still found, although the majority of carbides along

the grain boundaries were of the M23Cg type. M23Cg type carbides in

2 l/4Cr-lMo steel have been known to form at the expense of M3C and

M2C type carbides, their nucleation being either within the M3C

particles or at the M3C/ferrite interface^®.

Similar behavior was also noticed within the bainite laths and

at the lath boundaries as illustrated in figure 61. Figure 61a shows

fine acicular precipitates of M2C in the bainite laths and small

globular precipitates of M3C along the lath boundary for a temper

parameter of 32.3(TP-A). Figures 61b and c illustrate growth of both

the lath and lath boundary precipitates for temper parameters of

33.4(TP-B) and 34.4(TP-C). Needles of M2C type carbides grow slowly

within the bainite laths as evident from examination of figure 61.

Figure 61 also reveals that the lath boundary precipitates grow

rapidly to form large precipitates. The coarsening of these M3C type

precipitates (figure 61a) into large M23Cg carbides and some small

M2C type carbides, indicate that the diffusion of solute elements is
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faster along the boundaries as compared to that within the bainite

laths. The acicular M2C type carbides, within the bainite laths,

were found to be very stable (although slight coarsening is apparent)

even with an increase in the severity of tempering. This is further

illustrated in figure 62 where M2C carbides were seen to persist even

for the highest tempering parameter of 38.7(TP-G). A temper

parameter of 38.7 was achieved by tempering at 1350°F for 25 hours

which can be said to be equivalent to a service exposure of about 40

years at 950°F (after class 2 heat treatment for 25 hours at 1300°F).

In figure 62c it can be seen that MgC carbides have nucleated and are

growing at the expense of the surrounding M2C carbides.

Fringes of M2C precipitates were observed in some areas in the

initial stages of tempering (TP-A to TP-C). Figure 63 illustrates

such fringes of densely packed M2C carbides. It is anticipated that

the austenite in these areas is last to transform or is retained

after the weld metal cools to room temperature. Hence, these regions

are carbon rich and subsequent tempering results in precipitation of

a large number of carbides illustrated in figure 63. The

microconstituents in these areas have been termed as M-A constituent

by the IIW weld metal classification codes, which constitute a

mixture of lath and/or twinned martensite with retained austenite.

Another important feature observed during the TEM study, was

the formation of precipitate free zones at the grain boundaries, due

to coarsening of the grain boundary precipitates at the expense of

precipitates within the grains adjacent to the boundaries. A series

of TEM photomicrographs of SMA 2 l/4Cr-lMo weld metal, postweld heat
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treated to different temper parameters (figure 64), reveal the

gradual increase in the extent of precipitate free zone upon increase

in the severity of tempering. The precipitate free zones are known

to reduce creep resistance.

Initially, a fairly uniform dispersion of precipitates exists

throughout the microstructure. The tempering conditions, coupled

with metallurgical instability causes preferred precipitation of

carbides along the grain boundaries. The elements in solid solution,

adjacent to the grain boundaries, diffuse to the boundaries which are

nucleation sites for precipitates. To maintain solid solution

equilibrium in the matrix, small precipitates adjacent to the grain

boundaries dissolve. These new solid solution atoms diffuse to the

boundaries and precipitate. The process continues, forming a zone

depleted of precipitates next to the grain boundaries. When the

denuded zones first form they are narrow, but they widen with time

either during PWHT or during elevated temperature exposure. The

formation of such precipitate free zones result in loss of creep

strength. The mechanism of loss of strength associated with

formation of such zones can be explained as follows. Initially, when

carbides are distributed uniformly, creep strains are transferred

across the grain boundary either by shear or grain boundary sliding.

The creep strain is hence uniform throughout the material. The

occurrence of such precipitate free zones is associated with stress

concentrations at the grain triple points. Since the shear strength

in this zone is lower than that in either the matrix or grain

boundary, most of the deformation occurs within this zone. The
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relative motion of grains sliding past each other is by non-uniform

grain boundary sliding, because of unrestricted dislocation movement

in this zone, causing a rapid build up of stress at triple points.

As time at PWHT or elevated temperature service is increased, the

denuded zones become wider causing further loss in strength of the

material.

From the present study of the carbide evolution process in SMA

2 l/4Cr-lMo weld metal, upon tempering, it can be said that the

carbide evolution sequence is different at the prior austenite grain

boundaries, bainite lath boundaries and within bainite laths. In the

bainite laths the carbide evolution process can be illustrated as:

M2C fc. MgC

Such an evolution sequence of M2C carbides transforming

1 O

directly to MgC carbides, has been found by Baker and Nutting to

occur in proeutectoid ferrite grains in 2 l/4Cr-lMo steel. Since

bainite laths are essentially ferritic, the M2C carbides transform

directly to MgC. The transformation of M2C type carbides to MgC

carbides requires diffusion of solute elements, especially,

molybdenum, silicon and manganese and since these elements form

substitutional solid solution in ferrite, their diffusion rates are

slow. Hence, the M2C carbides within the bainite laths are stable

and resist degradation even after severe tempering.

The evolution of carbides at the grain boundaries and bainite

lath boundaries due to tempering can be given as follows:

M3C ) ^ M7C3 •
M2C) M23C6,

MgC
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At the grain boundaries and the bainite lath boundaries, the

diffusion rate of solute elements is higher (grain boundary diffusion

mechanisms). So, a wide variety of carbides have been seen to occur

at the boundaries, the type and size changing with an increase in the

severity of tempering. The carbide evolution sequence determined

from this study, differs slightly from that outlined by Baker and

18Nutting in quenched and tempered 2 l/4Cr-lMo steel. In quenched 2

l/4Cr-lMo steel, the sequence of carbide precipitation studied by

Baker and Nutting suggests that MgC nucleates separately from

and M23Cg whereas, from this study it is clear that MgC may also form

extracting solute elements from both MyCj and M23Cg at the same time

or independently away from the other carbides.

SVmiARY

This study has investigated in detail, the effect of different

types of heat treatment (A&T, N&T and PWHT (C1.2)) on the elevated

temperature properties of SA weldments. Subcritical postweld heat

treatment and its effect on the properties of SMA weld metal has also

been studied. Creep test data show the superiority of the N&T heat

treated material at 950°F and of A&T heat treated material at 1050°F.

FWHT(C1.2) weld metal creep strength is between the A&T and N&T at

950°F and is equal to the N&T at 1050°F. The PWHT(C1.2) weldment,

tested in transverse direction, is however weaker due to tempering of

the base metal during PWHT.

Subcritical tempering of weld metal to different temper

parameters indicates that the hardness, room temperature and 950°F
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tensile and yield strength and creep strength, all decrease with an

increase in the temper parameter. For the lower temper parameters

(32.3 (TP-A) to 34.4 (TF-C)), the creep rupture strength is

substantially higher, but appears to approach the same value for

longer times (ie.>100,000) hours, but for weld metal with temper

parameters greater than 33.4 the rupture strength for 100,000 hour

life decreases rapidly. The data from long time tests (10,000 hours)

in progress will be helpful in arriving at a definite conclusion in

this regard.

Extensive metallography has been conducted to correlate the

observed stress rupture behavior to the microstructure of the weld

metal, HAZ (especially "soft" zone) and base metal. From this study,

it is clear that the elevated temperature strength of 2 l/4Cr-lMo

weld metal depends on the prior heat treatment and service

temperature at which the weld is employed. The prior heat treatment

determines the microconstituents present in the weld and the size,

distribution, type, composition and morphologies of the carbides

present in the different microconstituents. The PWHT or service

exposure or creep test temperature dictates the rate of coarsening of

the carbides in Che different microconstituents and hence the rate of

loss of strength of the material. The occurrence of precipitate free

zones as a result of PWHT and their effects on the stress rupture

properties is also described. Different analysis techniques that are

used to extrapolate short time stress rupture data to predict long

term behavior of the material have also been critically examined. It
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was found that log stress/log rupture time technique predicts higher

100,000 hour rupture stresses as compared to Larson-Miller

techniques, especially at lower temper parameters.
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CHAPTER V

CONCLUSIONS

This investigation was undertaken to determine the elevated

temperature properties of 2 l/4Cr-lMo weldments as a function of heat

treatment rendered subsequent to welding. Following conclusions have

emerged from this study:

I  The study of 2 l/4Cr-lMo SA weldment heat treated to the A&T,

N&T and PWHT(C1.2) conditions reveal that;

1. A "soft" carbon denuded ferritic zone develops along the

fusion line, in the heat affected zone of the weld, due to

differences in the activity of carbon between the base metal

and the weld metal, brought about by chromium differences.

2. The extent of such a ferrite band depends on the type and

temperature of postweld heat treatment. This carbon denuded

"soft" zone was widest for the A&T heat treatment condition;

a few grains wide for the N&T condition and almost

nonexistent in the PWHT(C1.2) condition.

3. Tensile testing of all-weld metal specimens revealed that

weld metal in N&T condition had higher tensile strength at

room temperature and 950°F, followed by the PWHT(C1.2) and

A&T materials. However, at 1050°F the PWHT(C1.2) weld metal

had higher tensile strength followed by N&T and A&T

materials.
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4. Tensile strength of base metal was found to be higher than

weld metal for the A&T and N&T heat treatment conditions at

all test temperatures. In case of PWHT(C1.2) material, the

strength of the weld metal was higher than that of the base

metal.

5. Tensile specimens extracted transverse to the weldment did

not rupture in the "soft" zone. The transverse specimens

ruptured in the weld metal for all the heat treatments and

test temperatures.

6. Stress rupture testing of longitudinally oriented all-weld

metal specimens showed a superiority of the N&T heat

treatment followed by PWHT(C1.2) and A&T at 950°F.

7. At 1050°F the rupture strength of weld metal is highest for

the A&T condition and rupture strength of N&T and PWHT(C1.2)

weld metal is approximately equal but lower than the A&T at

1050°F.

8. The weld metal in A&T and N&T condition contained a mixture

of proeutectoid ferrite and bainite. The amount of this

proeutectoid constituent is greater in the A&T condition as

compared to N&T condition.

9. The PWHT(C1.2) weld metal was found to contain lOOX tempered

bainite. SEM examination revealed that the morphology of

bainite was mainly massive.

10. SEM observations showed that the carbides in the

proeutectoid ferrite grains were finer than the carbides in

bainite, in both A&T and N&T conditions.
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11. TEM examinations revealed that the carbides were finer in

the N&T compared to A6eT. PWHT(C1.2) weld metal showed

massive carbides and this structure is responsible for the

inferior creep rupture behavior.

12. At higher temperatures, M2C tjrpe carbides being more stable

in the ferrite of the A&T material compared to the bainitic

regions in the N&T, result in the A&T material having

superior creep strength to the N&T material. The

superiority of N&T at lower temperatures is due to its

higher tensile strength because of bainitic structure.

13. Creep rupture properties of the weldment measured transverse

to the welding direction, determined by the testing of

composite specimens, indicate that the "soft" zone which

occurs along the fusion line in the HAZ is resistant to

creep rupture. None of the creep rupture specimens

fractured in this region.

14. SEM and TEM examination of the "soft" zone in A&T condition

revealed presence of fine acicular M2C or (Cr,Mo)2(C,N) type

carbides in the ferritic matrix. These relatively stable

carbides in the ferrite, along with retained free molybdenum

in solid solution are responsible for the excellent creep

resistance of this zone.

15. Rupture testing of specimens, extracted from the weldment in

transverse direction, reveals a superiority for the N&T heat

treatment at 950°F and for the A&T heat treatment at 1050°F.
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16. The PWHT(C1.2) weldment exhibited poorer properties in

transverse direction as compared to A&T and N&T at both the

test temperatures. The reason for such behavior is the fact

that the base metal was weaker due to the PWHT.

17. The base metal of the PWHT(C1.2) weldment underwent

tempering and thus the carbides were coarsened due to this

additional PWHT and hence the base metal was weaker than the

weld metal. Thus the composite specimens ruptured in the

base metal.

18. Creep test specimens in N6eT condition rupture in the weld

metal at both the test temperatures of 950°F and 1050°F.

19. The N&T material had a finer carbide structure in the base

metal than in the weld metal and hence the composite

transverse specimens ruptured in the weld metal.

20. The A6eT weldment, tested transverse to the welding

direction, ruptured in the weld metal at 950°F, in the base

metal at 1050°F and again in the weld metal at temperatures

between 1125 to 1200°F.

21. The base metal and weld metal microstructure of the A&T

weldment was found to be identical. The reason for the

shift in the rupture location, from the weld metal at 950°F

to base metal at 1050°F and to weld metal again at

temperatures between 1125 to 1200°F is not clear.
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II The study of SMA 2 l/4Cr-lMo weld metal postweld heat treated to

a range of temper parameters reveal that;

1. The tensile strength and yield strength, tested at room

temperature and 950°F, decreases with an increase in the

temper parameter. For the lower temper parameters, this

decrease is more rapid than at higher temper parameters.

2. Hardness decreases with an increase in the severity of

tempering in a manner similar to that observed for tensile

behavior.

3. The tensile and yield strength of the weld metal show an

excellent linear relationship to hardness. This correlation

can be useful for determining tensile properties of PWHT 2

l/4Cr-lMo weld metal, simply by defining its hardness.

4. The stress rupture strength of weld metal decreases with

increase in the temper parameter.

5. The extrapolated stress to cause rupture in 100,000 hours

was found to differ depending on the analysis method used.

Log stress/log rupture time analyses yielded a higher value

of 100,000 hour rupture stress compared to that of Larson-

Miller analyses, especially for low temper parameters.

6. The 100,000 hour rupture stress follows a quadratic

relationship with the temper parameter, the stress decreases

rapidly with an increase in the temper parameter especially

for higher temper parameters.

7. Isostress testing resulted in lower extrapolated creep

strengths for the PWHT weld metal as compared to the
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extrapolated creep strengths determined by Larson-Miller

technique.

8. Examination of stress rupture data of SMA and SA weld metal

heat treated similarly, revealed that the weld metal

deposited by SA welding process has inferior creep rupture

properties. The reason for such behavior is believed to be

due to the differences in the inclusion type, size and

distribution in the weld metal deposited by the two

processes.

9. Optical light metallography showed that the prior austenite

grain boundaries etch darker than the rest of the

microstructure especially at lower temper parameters. TEM

examination revealed dense precipitates of M2C type carbides

in these areas. Austenite in these areas is last to

transform and hence is either retained or transformed to

martensite during cooling. Subsequent tempering results in

densely precipitated areas because the austenite last to

transform contains higher carbon.

10. SEM examination showed that morphology of bainite in the

weld metal was of three forms; massive, granular and lathy.

11. SEM examination also revealed coarsening of carbides in the

weld metal upon increase in the severity of tempering.

12. STEM studies revealed that M2C carbides within the bainite

laths were very stable and that the coarsening of these

carbides was slow.
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13. STEM studies showed that the carbides at the grain

boundaries and at the bainite lath boundaries, undergo

change more rapidly in size and crystal structure, with an

increase in the temper parameter than the interlath carbide.

14. Precipitate free zones adjacent to grain boundaries, near

massive carbide precipitates, become wider with an increase

in the temper parameter. Occurrence of such zones has been

known to have an adverse effect on the creep rupture

properties, due to non-ideal plastic flow in these regions.
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