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ABSTRACT

Additive Manufacturing (AM), or 3D printing, provides an alternative route to
generate end-stage products by coupling advanced manufacturing techniques with
computer modeling. However, parts fabricated by AM are known to have inferior
mechanical properties compared to parts prepared by traditional methods, such as injection
molding. This principal drawback is attributed to the presence of voids and inefficient
adhesion between adjacent filaments, or beads, due to limited diffusion of polymer chains
across interbead interfaces. Together these shortcomings also lead to anisotropic
mechanical properties in printed parts. While optimizing print conditions or applying post-
printing procedures decreases the anisotropy, these methods are incapable of obtaining
significant enhancements in material properties. To address this, my dissertation work
examines how incorporating nanoscopic additives, including bare (unfunctionalized)
nanoparticles, poly(methyl methacrylate)-grafted-nanoparticles (PMMA-g-NPs), and
macromolecules containing self-complementary, multiple hydrogen bonding motifs that
trigger supramolecular assembly, into PMMA filaments affects structure formation at the
nanoscale and impacts the resultant macroscopic properties of PMMA parts manufactured
by Fused Filament Fabrication (FFF). Results indicate that incorporating bare
nanoparticles, which arrange as well-dispersed mass fractals throughout the matrix, into
PMMA filaments leads to a slight increase the thermomechanical properties. Adding
PMMA-g-NPs significantly improves material properties relative to samples printed with
bare nanoparticles. These enhancements are attributed to increased interactions across

grafted nanoparticle/matrix interfaces because there is a direct correlation between loading
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level and changes in thermomechanical properties. In addition to using inorganic additives,
my research efforts demonstrate that copolymeric additives capable of forming
thermoreversible physical crosslinks are advantageous. They increase part performance at
use temperatures, but the dissociation of physical crosslinks at high temperatures (used for
polymer melt processing) alleviates any deleterious effect on the viscosity, rendering them
highly processable. These results demonstrate that molecular engineering can be used to
effectively manage interactions on the nanoscale, leading to substantial increases in the
performance of FFF-printed parts. These studies, which highlight the importance and
potential of non-bonded interactions, provide a compelling and useful pathway for
addressing challenges associated with the inferior performance of 3D printed polymeric

materials.
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CHAPTER 1: INTRODUCTION



1.1 Interfaces in Polymeric Materials

As described in Jones and Richards’ book, Polymers at Surfaces and Interfaces, the
examination of any material generally starts with a thorough investigation of the material’s
bulk properties.! However, the stark reality is that all materials, even bulk phases, consist
of myriad constituents that interact and assemble on a variety of length scales.! Therefore,
being able to design and control the properties of interfaces is essential for expanding the
known boundaries of material-property space. Polymer interfaces are found abundantly in
nature and are utilized in various technologies such as paints, coatings, lubricants, and
adhesives.?® The versatility of polymeric materials, which originates in the diversity of
monomer types, has significant impact on their surface properties. For instance, by
changing the chemical and physical composition of polymers, surface properties such as
wettability, friction, chemical resistivity, and lubricity can be effectively managed.* In
addition to using synthetic polymer chemistry to tune or manipulate surface or interfacial
properties, it is essential to assess physical properties and chemical functionality properties
of polymer interfaces with advanced characterization techniques.? Structure-property
relationships established from these types of research efforts allow one to understand and
alter interfacial interactions, so that products with tailored functionalities and performance
can be produced.?

Various methods can be used to modify the interface of polymeric materials
including energetic treatments, chemical functionalization and additive migration, as seen
in Figure 1.1. Energetic treatments, such as corona or plasma treatments, are demonstrated
to enhance the wetting and adhesion of polymer surfaces. For example, corona treatments

accelerate electrons into a polymer surface to fracture macromolecules at the surface.®
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Figure 1.1. The surface properties of polymeric materials can be altered using myriad
methods such as (A) energetic treatments, (B) chemical modification, and (C) surface

active additives.

Next, the surface is subjected to ozone treatment which functionalizes the surface with
carbonyl groups. The presence of carbonyl groups on the surface increases the
hydrophilicity thus increasing both the wettability and adhesion compared to untreated
polymer surfaces.®

In addition to using energetic treatments, recently researchers have demonstrated
that the wettability and adhesion of surfaces can be modified by varying the chemical and
physical composition of substrates functionalized with either small molecules or polymer
chains. For instance and as demonstrated by Lokitz et al., the wettability of poly(2-vinyl-
4,4-dimethyl azlactone) (PVDMA) brushes attached to silicon substrates can be effectively
managed by gradually immersing the polymer-modified substrate in a chloroform solution
containing an alkyl-amine, 1-tetradecylamine (TDA), at 0.25 wt%.% Specifically, they
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demonstrate that increasing the amount of TDA integrated in the brush layer of PVDMA-
modified substrates increases the hydrophobicity of the polymer-decorated surface. For
example, PVDMA-modified surfaces displayed a contact angle of 68°, while PVDMA
surfaces allowed to react with TDA for 2 and 5 hours displayed a contact angle of 81° and
94°, respectively. Increases in the hydrophobicity of TDA modified PVDMA surfaces were
attributed to presence of hydrophobic alkyl chains.

Lastly, research efforts have shown that surface-active additives can be used to
tailor the interfacial properties of polymeric materials. As reported by Stein et al.,
incorporating polymer bottlebrush (BB) additives, which are driven to interfaces via
entropy, in a linear polymer matrix provides an alternative route to tune the wettability of
polymer thin films.” Specifically, copolymer BBs containing poly(dimethylsiloxane)
(PDMS) and poly(lactic acid) (PLA) side chains were incorporated in a linear PLA matrix.
As compared to pure PLA thin films, which had a contact angle of 66°, increasing the
mol% of PDMS in PDMS-co-PLA BBs increased the hydrophobicity of PLA films. For
instance, increasing the mol% of PDMS in PDMS-co-PLA BBs from 26 mol% to 74 mol%
is demonstrated to increase the contact angle from 95° to 107°, respectively. These results
were attributed to the fact that copolymer BBs accumulate at the surface. Therefore,
increasing the PDMS mol % increases the hydrophobic content present at the surface which
manifest as an increase in the hydrophobicity of PLA thin films containing copolymer BBs.

While these reports highlight how modifications to polymer surfaces impact
wetting and adhesion, they stress how altering surface, or interfacial, properties provides a
novel route to control the performance of polymer materials. For instance and as
demonstrated in Chapter 2, utilizing favorable, physical interactions across the
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matrix/additive interface is demonstrated to enhance the properties of printed materials
printed with polymer nanocomposite filament. As exhibited in Chapter 3, the number
density and strength of interfacial interactions across the matrix/additive interface can be
effectively managed by decorating nanoparticle surfaces with polymer chains which results
in a significant increase in the mechanical properties as compared to parts containing bare
(unfunctionalized) additives. Additionally, Chapter 4 investigates how non-bonding
thermoresponsive interactions impact performance and processability of printed materials.
In total, the scope of my dissertation work examines how manipulating interfacial
interactions present in either polymer nanocomposites, or polymer blends, can be used to
control assembly on the nanoscale and increase the properties of parts manufactured by 3D

printing.

1.2 Motivation

Polymers are suitable for myriad applications due to their ease of processing and
wide range of functionality and properties that can be conveyed by different types of
monomers. Inspired by their thermoplastic behavior and processability, polymer-based
Additive Manufacturing (AM) methods have generated interest as a viable way to rapidly
and efficiently produce 3D-printed structures. AM works by coupling computer-aided
modeling with various material processing techniques to manufacture end-stage parts of
complex design in a layer-by-layer process. As compared to traditional manufacturing
techniques that require the use of pre-designed molds, AM provides a novel route to
fabricate prototype parts that can be assessed for performance prior to production. Fused

Filament Fabrication (FFF), a subcategory of AM, creates polymer scaffolds by heating a



thermoplastic polymer filament to a semi-molten state and extruding it onto a position-
controlled build platform to create a structure in a in layer-by-layer procedure, as displayed
in Figure 1.2.

As compared to specimens fabricated by injection molding, parts created by FFF
have inferior mechanical properties due to the presence of cavities between adjacent
filaments, or beads, and poor interfacial adhesion between beads due to limited diffusion
of polymer chains across interbead interfaces during the build process. These shortcomings
are inherent to the FFF printing process, and they also lead to anisotropic properties. While
researchers have demonstrated that the build direction and printing conditions can be
optimized to lessen the anisotropy or maximize mechanical properties in a particular
direction, these efforts do not address the fundamental issue: weak interbead interfaces are

responsible for the poor performance of parts generated by FFF. To address this principal

<= Filament

<— Stage

Figure 1.2. Illustration of how FFF can be used to generate polymeric scaffolds from
polymer feedstock. FFF operates by heating a thermoplastic filament to a semi-molten state
and extruding it in a layer-by-layer, or “bottom-up”, build process.
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drawback, my research takes a fundamentally different approach. My dissertation research
focuses on how polymer nanocomposites and “active”, functional additives can be utilized
to increase the mechanical properties of parts manufactured by FFF. Specifically, |
examine how tailoring interfacial interactions in polymer nanocomposites and polymer
blends can be used to direct the structure at the nanoscale and promote interdiffusion across
printed layers. These are expected to increase the mechanical properties of parts made by

the non-isothermal, nonequilibrium (vide infra) FFF process.

1.2.1 Polymer Nanocomposites

Compared to ceramics and metals, polymers have low mechanical properties, such
as strength and strain, which limit their use as structural materials. To improve the
performance of polymeric materials, research efforts have focused on utilizing polymer
nanocomposites, which consist of a polymer matrix imbedded with inorganic additives
having at least one dimension on the nanoscale. Polymer nanocomposites are known to
exhibit superior mechanical properties compared to the native polymer matrix containing
no additives. By blending the properties of hard and soft matter, polymer nanocomposites
allow one to retain the processability associated with polymers while improving the
material performance. However, it is well-known that the material properties of polymer
nanocomposites depend significantly on interfacial interactions between the inorganic
additive and polymer matrix. Favorable interactions generally lead to improvements in the
material properties, but repulsive interactions typically lead to a decrease in the
performance compared to that of the pure (unfilled) polymer. For instance, Brinson et al.

reported significant increases in the mechanical properties of poly(methyl methacrylate)



when single-wall nanotubes (SWNTSs) were incorporated. Specifically, they observed a
48% increase in the storage modulus when SWNTSs were incorporated in a PMMA matrix
at a 1 wt% loading. This increase was attributed to favorable interactions between the
SWNTs and the PMMA matrix, which reduced the mobility of polymer chains in contact
with the surface of the nanotubes and increased the stress-transmission from the matrix to
the particle.® On the other hand, Schadler et al. reported a decrease in the glass transition
temperature, Tg, Young’s modulus and ultimate tensile strength for PMMA
nanocomposites containing alumina nanoparticles.® They proposed that decreases in the
thermomechanical properties were due to repulsive interactions between matrix chains and
nanoparticle surfaces. Images acquired by transmission electron microscopy supported this
claim, as they displayed voids around nanoparticles where polymer chains were expected
to be present.

Although these reports provide insight into how the properties of polymer
nanocomposites at equilibrium are governed by the interfacial interactions that occur on
the nanoscale, only a few research efforts have been devoted to the use of polymer
nanocomposites in the context of additive manufacturing, which is inherently a
nonequilibrium situation. For instance Chen et al. investigated how the mechanical
properties of ABS parts created via FFF were impacted by the incorporation of various
inorganic additives, including silica, calcium carbonate, montomorillonite, and others,
which were added at a 1 wt% loading level.!® They observed that in all cases, regardless of
the type of nanofiller, the tensile strength and flexural strength were increased as compared
to virgin (unfilled) ABS parts. They suggested that the increase in performance was due
either to the orientation and dispersity of the additives or to polymer-particle interactions.

8



On the other hand, a study by Roberson et al. determined that mechanical properties of
ABS parts generated by FFF decreased significantly when nanofillers such as titanium
oxide, strontium titanate, and alumina oxide were added at a 5 wt% loading level (relative
to parts created with pure ABS).!! Decreases in the material properties with all additives
were attributed to the presence of voids within the structure and agglomeration of
nanoparticles.

In total, these reports clearly demonstrate that the mechanical properties of
polymeric materials modified with nanofillers depend on the interfacial interactions at the
nanofiller/ matrix interface. These studies proved that interfacial interactions affect not
only the spatial distribution of the nanoparticles within the matrix, but also control the
efficiency of stress-transfer from the polymer matrix to the nanoparticle. Therefore, the
ability to control or manipulate interactions across internal interfaces may provide a useful
route to improve the macroscopic properties of parts created by AM methods such as FFF.
In particular, designs and methods that promote particle/matrix interactions and enhance

diffusion across interbead interfaces may be especially effective.

1.2.2 Polymer Grafted Nanocomposites

While it is well-known that the material properties of polymer nanocomposites
depend on the nanoscale organization of nanoparticles within the polymer matrix,
controlling the spatial distribution of bare (unfunctionalized) nanoparticles is exceedingly
difficult due to strong van der Waals interactions between particles.’>*4 As a result, various
strategies have been used to control the nanoscale organization of nanoparticles over

multiple length scales. For instance, recent research efforts have examined how varying



the shape of the nanofiller, applying magnetic fields, or utilizing electrostatic repulsion can
be used to alter the organization of nanoparticles.® In addition to these methods, modifying
the nanoparticle surface with ligands or polymer grafts has proven to be an effective way
to control the interfacial interactions between nanoparticles, allowing hierarchal structures
to be generated in the nanocomposite. 21618

Advances in polymer synthesis have allowed researchers to systematically
investigate how varying the chemical composition, molecular weight, dispersity, and
grafting density of tethered chains that create polymer grafted nanoparticles impacts the
resultant nanostructure.'?> While all of these molecular parameters affect the spatial
distribution of polymer grafted nanoparticles in a symmetric system — a system in which
homopolymer chains grafted to the nanoparticle surface are chemically identical to matrix
chains — recent efforts suggest that the grafting density and ratio of the graft to matrix
molecular weight are the most important parameters for controlling the state of
nanoparticles.'? For instance and as described by Jayaraman, at high grafting densities the
graft chains extend due to crowding and adopt a brush conformation. When these polymer-
grafted particles are placed in a chemically similar matrix (athermal system) they aggregate
if the matrix chain molecular weight is higher than that of the graft, but disperse if the
matrix chain molecular weight is lower than that of the grafted chains, as seen in Figure
1.3.12Y7 This is because when the molecular weight of the matrix chains are smaller than
the grafted chains, the conformational entropy penalty is smaller than the gain in the
entropy of mixing.12!” Therefore, entropic mixing favors a dispersed state of polymer
grafted nanoparticles. However, in the opposite case when the matrix MW > graft MW,
the conformational entropic penalty for rearrangement of the grafted chains is higher than

10



Aggregation: M, matrix > M , graft Dispersion: M, matrix < M, graft

Figure 1.3. The nanoscale organization of densely-grafted nanoparticles in a symmetric,
athermal, system is controlled by entropic interactions. Specifically, when the matrix chain
molecular weight is larger than the graft chain molecular weight particle clusters are
observed, while dispersed particles are observed when the matrix chain molecular weight

is smaller than the graft chain molecular weight.

the entropy gained by mixing. At low grafting densities, the grafted polymers do not
completely cover the NP surface. In this case, the polymer-grafted NP has character like
an amphiphile, and the organization of nanoparticles is controlled by interactions between
the exposed surface of nanoparticles and the matrix and grafted chains.*? Recent research
by Kumar et al. have shown that polymer grafted nanoparticles having various grafting
densities can arrange in a variety of nanostructures that include connected sheets, strings,
aggregates and well dispersed.'>?° These reports suggest that the spatial distribution of the
grafted particles relies heavily on the molecular weight of the graft and matrix polymers
and also the grafting density.

In addition to altering interfacial interactions to control the spatial distribution of

polymer grafted nanoparticles, recent efforts have demonstrated that polymer-grafted
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nanomaterials provide an alternative way to increase the performance of the resulting
nanocomposites. For example Friedrich et al. determined that as compared to
polypropylene nanocomposites containing unfunctionalized silica nanoparticles,
polypropylene nanocomposites having polystyrene grafted nanoparticles displayed a 17 %
increase in the tensile strength at a 5 wt% loading level. This increase was attributed to an
increase in the number density of interactions between the polymer matrix and polymer
graft. Specifically, they suggested that the increase in the number density of
polymer/particle interactions were conveyed through interdiffusion and entanglements
between the graft and matrix chains.

These works are highlighted because they demonstrate that both the spatial
distribution and nanocomposite properties can be manipulated by polymer grafted
nanoparticles. More importantly, these examples stress the importance of interfacial
interactions. Thus, strategies that tune the interfacial interactions can be used to manipulate

both the nanoscale structure and macroscopic material properties.

1.2.3 Supramolecular Blends

Advances in the field of supramolecular chemistry have resulted in the development
of novel classes of macromolecules that utilize non-bonded interactions to direct molecular
assembly. As described by Meijer et al., supramolecular assembly of polymers can be
classified by the physical nature of the interaction used to dictate formation of the resultant
supramolecular network.?! With this classification scheme, supramolecular assembly of
polymers are categorized according to the major types of interactions: n-n interactions,

hydrophobic interactions, metal-ligand binding, and hydrogen bonding interactions.?
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Among these, strategies to generate responsive polymeric materials utilizing
complementary hydrogen bonding interactions have received interest due to their
thermosensitive nature.?? Specifically, incorporating groups that direct assembly via
complementary hydrogen bonding interactions in macromolecules has resulted in the
development of novel thermoresponsive polymers that adopt and retain their
supramolecular structure at use temperatures, but display low viscosities during processing
due to the thermoreversible dissociation of hydrogen bonding interactions that occur at
high (melt processing) temperatures.?>-2

For instance and as reported by Meijer et al., functionalizing the hydroxyl groups
of telechelic poly(propylene-block-ethylene oxide) oligomers with a self-complementary
multiple hydrogen bonding group, 2-ureido-4[1H]-pyrimidone (UPy), leads to self-
assembly that significantly impacts the melt flow characteristics. Specifically, Meijer et al.
compared the melt flow properties of poly(propylene-block-ethylene oxide) oligomers
covalently crosslinked through their hydroxyl end groups to the melt flow characteristics
of poly(propylene-block-ethylene oxide) oligomers modified with UPy groups, which
participate in physical crosslinks, as seen in Figure 1.4.28 They determined that copolymers
modified with UPy end groups displayed a substantially higher plateau modulus and
exhibited a rubbery plateau in the storage modulus compared to covalently crosslinked
analogues. Both of these results, an increase in the plateau modulus and the formation of a
rubbery plateau in the storage modulus for UPy-modified oligomers, were attributed to the
self-dimerization of UPy end groups that form an interconnected and thermodynamically
stable network at use temperatures. Whereas poly(propylene-block-ethylene oxide)
oligomers covalently crosslinked through hydroxyl groups represent a kinetically
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Figure 1.4. Functionalizing telechelic chain ends of poly(propylene-block-ethylene oxide)
oligomers with UPy groups that participate in thermoresponsive, physical crosslinks is
demonstrated to result in a denser, thermodynamically stable network compared to

oligomers covalently crosslinked through hydroxyl groups.

controlled system.?%?8 In addition to investigating how self-complementary hydrogen
bonding interactions installed at chain ends impact the properties of oligomers, others have
investigated how hydrogen bonding groups present as pendent groups on the repeating
units affect the resultant thermal and mechanical properties of macromolecules. For
example, Long et al. examined how the thermal properties of poly(butyl acrylate) polymers
were impacted as the content of a hydrogen bonding comonomer increased from 0 to 10
mol%. To accomplish this, they synthesized four random butyl acrylate copolymers made
from butyl acrylate and a hydrogen bonding comonomer, 2-ureido-4[1H]-pyrimidone
methacrylate (UPyMA) having different molar compositions with respect to the UPyMA
comonomer (1 mol%, 3 mol%, 5 mol%, and 10 mol%), as seen in Figure 1.5. They
determined that increasing the UPyMA comonomer content resulted in a linear increase
the Tg. Increases in the glass transition temperature were attributed to the self-dimerization

of UPy groups, which decreases free volume and manifest as an increase in Tyg.
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Figure 1.5. Incorporating UPyMA comonomers into the backbone of poly(butyl acrylate-
co-UPyMA) random copolymers is demonstrated to increase the melt flow characteristics
at temperatures below the dissociation temperature of UPy groups, while no deleterious

impact is observed at temperatures above the dissociation temperature.

Additionally, rheometric studies were completed to investigate how increasing the
UPYMA comonomer content affected the melt flow characteristics. They determined that
poly(butyl acrylate-co-UPyMA) random copolymers containing UPyMA at 3 mol%
increased the melt viscosity by an order of a magnitude compared to homopolymers of
poly(butyl acrylate) having analogous molecular weight. Further increases in UPyMA
comonomer content resulted in higher melt viscosities. These results, increases in the melt
viscosity as the UPyMA comonomer content increases, were attributed to physical
crosslinks between UPy groups that create an interconnected, physically crosslinked
network. However, at temperatures above the dissociation temperature (80 °C) the melt
viscosities for all poly(butyl acrylate-co-UPyMA) copolymers were nearly identical to that
of the poly(butyl acrylate) homopolymer, thus highlighting the thermoreversible nature of

the hydrogen bonding groups.



Moreover, Long et al. investigated how the mechanical properties of poly(2-
ethylhexyl methacrylate-co-UPyMA) random copolymers were affected as the UPyMA
comonomer content was increased.? Results from tensile testing indicated that increasing
the UPyMA commoner content from 0 mol% to 3 mol% changed the deformation pattern
from a viscoelastic solid (observed for homopolymers) to a brittle glass. Additionally,
increasing the UPyMA content up to 7 mol% resulted in a ten-fold increase in the modulus
of these copolymers. They attributed both the increase in the modulus and the change in
the deformation pattern to physical crosslinks that formed between the self-complementary
hydrogen bonding groups.?

These reports highlight how non-bonded interactions can be used to change the
thermal and mechanical properties of polymeric materials. Specifically, these research
efforts highlight how self-complementary hydrogen bonding groups can be used to create
an interconnected, physically crosslinked network that enhances the thermal and
mechanical properties at use temperatures but dissociates at elevated temperatures used for
melt processing. These studies exemplify how the thermomechanical properties of
polymers can be effectively managed by tailoring the number density of hydrogen bonding

interactions.

1.3 Synthesis and Characterization of Nanoscopic Additives

In my dissertation research, two different free radical polymerization strategies
were used to generate hydrogen bonding copolymers and polymer-decorated silica
nanoparticles. Specifically, uncontrolled free radical polymerization and controlled free

radical polymerization techniques were used. As stated by Matyjaszewski et al., one of the
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main advantages of free radical polymerization is facile statistical copolymerization,
especially when monomers having equivalent polarities and similar structures are
copolymerized.?® As described in Chapter 4, uncontrolled free radical polymerizations
were used to synthesize random copolymer additives comprised of methyl methacrylate
and UPyMA. Uncontrolled free radical polymerizations have three distinct mechanistic
steps: initiation, propagation and termination, as seen in Figure 1.6.

In the initiation step, radical species are generated, often by thermal decomposition,
or by electrochemical or photochemical reactions. In the propagation step, monomer adds
to the radical species in a chain growth process. This propagating radical may continue to
add monomeric repeat units, or it may participate in reactions that terminate the kinetic
chain. These terminating side reactions may include chain transfer reactions with either
solvent molecules, monomer units, or polymer chains. Another termination mechanism
that Kkills the propagating chain is biomolecular termination, which may proceed by either

a disproportion or combination mechanism. Long et al. successfully used uncontrolled free

Initiation: | ——2I
Propagation: N M M’ M, Pi-
Termination:

Coupling Pi" + Py —— P—P,

Disproportionation ~ Py* + Pyt ——=p, + P,
Figure 1.6. Uncontrolled free radical polymerizations, which are used to create self-

complementary, multiple hydrogen bonding additives in Chapter 4, have three main

mechanistic steps including: Initiation, Propagation, and Termination.
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radical polymerizations to randomly incorporate UPyMA comonomers in the backbone of
methacrylate based copolymers.?®2427 Therefore, self-complementary hydrogen bonding
random copolymers described in Chapter 4 were synthesized using this method.

Polymer-grafted nanoparticles, which were studied and are described in Chapter 3,
can be synthesized by two main synthetic strategies that are frequently known as “grafting
to” and “grafting from”. In grafting to, pre-made polymer chains functionalized with a
reactive end-group are attached through complementary groups on the surface. Generally,
grafting to is used when one desires to purify and characterize polymer chains prior to
attachment to the (nanoparticle) surface. In grafting from, polymer chains are grown from
initiation sites that are either attached or adsorbed to the particle surface. As compared to
grafting to, grafting from achieves higher grafting densities because steric crowding
inherent to attaching polymer chains to the nanoparticle surface are avoided. In either
method, living (controlled) free-radical polymerizations are often used to make the
polymers. Specific variants include atom transfer radical polymerization (ATRP),
nitroxide-mediated polymerization (NMP) or Reversible Addition Fragmentation Chain
Transfer (RAFT) polymerization.

Among these, RAFT polymerization distinguishes itself due to its ability to control
the molecular weight of polymer chains and its ability to produce polymers having a narrow
dispersity (D <1.2). Furthermore, RAFT polymerization is tolerant of oxygen and water,
and avoids contamination from a metal catalyst. As compared to ATRP, which uses a
metal-ligand complex to establish an equilibrium between growing “active” chains and
dormant “inactive” chains, RAFT utilizes a chain transfer agent (CTA) that forms a fast,
dynamic equilibrium between the propagating species and the dormant (stabilized radical)
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CTA. This fast, dynamic equilibrium allows for propagating chains to grow at the same
rate, which results in a narrow molecular weight distribution, and provides control over the
molecular weight of the polymer chains, as seen in Figure 1.7.

While most CTAs are comprised of either a trithiocarbonate or dithioester group,
CTAs also contain two functionalities, “R” and “Z”, that are essential for preserving the
living character. Specifically and as seen in Figure 1.7, the R group must be able to
homolytic cleave and reinitiate the polymerization, while the Z group controls the
fragmentation and addition rate and stabilizes the intermediate radical. Myriad CTAs have
been synthesized with diverse “R” and “Z” group functionalizes which allows RAFT
polymerizations to be used with a wide range of monomers. Furthermore, the number-
average molecular weight (Mn) of chains polymerized via RAFT can be controlled by
tailoring the ratio of monomer concentration ([M]) to RAFT CTA concentration ([CTA])

as seen in Equation 1.1:

[M]

M,, (theo) = Rarr] M,

(1.1

As denoted by Odian et al., this equation is based on the assumption that both the CTA and

monomer are fully consumed during the reaction and that the number of initiator-derived
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Figure 1.7. RAFT polymerization exhibits a fast, dynamic equilibrium due to degenerative
fragmentation-chain transfer that allows control over the polymerization, resulting in

narrow dispersity control over molecular weight of polymer chains.
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chains is negligible. (M, denotes the molecular weight of the monomeric repeat unit.) As
demonstrated in Chapter 3 of my dissertation, RAFT polymerization is used to grow
polymer chains that have a narrow dispersity and controlled molecular weights from the
surface of silica nanoparticles (Si NPs). Specifically, this was accomplished by
functionalizing the surface of Si NPs with an amino-silane that was subsequently reacted
with a CTA, as seen in Figure 1.8. Those CTA-modified nanoparticles were used to
synthesize poly(methyl methacrylate)-grafted Si NPs (PMMA-g-NPs).

The physical properties of polymer-grafted nanoparticles and random copolymer
additives are characterized using standard techniques. Specifically, *H nuclear magnetic
resonance (NMR) spectroscopy is used to determine the relative comonomer content in
random copolymer additives. Additionally, the molecular weight and dispersity of polymer
grafts and random copolymers are determined using gel-permeation chromatography
(GPC). Thermal gravimetric analysis (TGA) is used to determine the grafting density

(chains/area) of chains attached to Si NPs. Furthermore, thermal transitions, specifically
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Figure 1.8. Amino-silane functionalized nanoparticles are reacted with a dithioester CTA
to generate CTA-functionalized nanoparticles that are then used to grow polymer chains

from the surface of Si NPs.

20



the glass transition temperature, T4, of random copolymers are determined via dynamic

scanning calorimetry (DSC).

1.4 Characterization and Thermomechanical Properties

As mentioned throughout Section 1.2, tailoring the polymer design and nature of
interactions that operate at the nanoscale to enhance the macroscopic properties of
polymeric materials is the principal objective of my dissertation work. Therefore, it is
imperative to assess how nanoscopic additives impact the macroscopic properties of FFF-
printed parts. To accomplish this, numerous techniques were utilized including tensile
tests, dynamic mechanical analysis (DMA), and rheology. Of these, DMA and rheology
will be discussed; however, because these measurement techniques are extensive, the
purpose of this section is to provide context regarding the type of measurements completed
and what material properties are examined.

DMA is used to examine thermal transitions and the thermomechanical properties
of polymeric materials. In general, DMA applies a force in an oscillatory fashion and
measures the material’s response, as depicted in Figure 1.9. By measuring the response and
expressing it in terms of a change in amplitude or phase shift, myriad thermomechanical
properties are determined. In my dissertation work, two types of DMA measurements were
used. First, dynamic strain sweeps were completed to identify the linear viscoelastic region
(LVR) and to measure the Young’s modulus of FFF-printed polymer structures. This
testing method examines a materials response to increasing deformation. Specifically,
DMA strain-sweeps increase the amplitude, or strain, while keeping the frequency and

temperature constant as seen in Figure 1.10. From this measurement one can determine
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Figure 1.9. DMA works by applying an oscillating force to a sample and measuring the

sinusoidal response. By observing differences in the phase shift and/or amplitude one can

investigate the thermomechanical properties of polymeric materials.

Constant-Frequency Strain-Sweep

Figure 1.10. DMA strain-sweep (amplitude-sweep) measurements are used to determine

both the linear viscoelastic region and the Young’s Modulus of printed parts.
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both the LVR and the Young’s modulus of the polymer sample by plotting either the
storage modulus versus strain or stress versus strain. Identifying the LVR is imperative for
further DMA experiments. For example, measurements that alter frequency or temperature
must be completed in the LVR so that the applied sinusoidal force results in a sinusoidal
response (i.e. modulus is independent of strain). This allows one to investigate changes in
the phase shift. Specifically and as exhibited in my dissertation work, DMA constant-strain
temperature ramp measurements are completed in the LVR. During this testing method,
both the frequency and amplitude (strain) of the sinusoidal force are held constant while
the temperature is ramped. By examining how the phase shift between the applied force
and material’s response is impacted during a temperature ramp, one can discern the glass
transition temperature and examine how the storage and loss moduli of FFF-printed parts
are affected by temperature.

Rheology, or the study of deformation and flow of matter, is primarily used to
investigate the behavior of complex fluids, or materials that do not follow Newton’s law
of viscosity or Hooke’s law of elasticity.3®-3? Because the melt characteristics of polymers
influence the fluid and heat transfer properties during processing, and dictate the

performance of the polymer at use temperatures,®

it is imperative to investigate the
rheological response of FFF-printed materials containing additives. Therefore, | have used
small-amplitude oscillatory shear (SAOS) measurements as part of my studies of polymer
nanocomposites and multicomponent polymer blends, which provide perspective as to how
nanoscopic additives impact the relaxation behavior of the matrix chains. In a similar
fashion to DMA and as seen in Figure 1.9, SAOS measurements work by perturbing a

material with an oscillating shear force and measuring the material’s response. In my
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dissertation work, SAQS frequency sweeps were completed at a variety of temperatures
using a fixed strain. By measuring the phase shift between the applied force and material
response, the storage and loss moduli (G’, G”) and complex viscosity (|n*|) of FFF-printed
parts could be determined. Additionally, by using time-temperature superposition master
curves were constructed, which allow one to examine the relaxation behavior of matrix
chains over a broad range of frequencies. By comparing master curves of unfilled (pure)
FFF-printed parts to those containing nanoscopic additives, | investigate how the addition
of nanoscopic additives affect the relaxation processes of matrix chains.

In my dissertation research, | couple melt rheology measurements, which describe
the flow characteristics and deformation behavior of polymers, with assessments obtained
from DMA and tensile testing. By combining these results, | examine how altering
interactions across the polymer/additive interfaces controls organization on the nanoscale

and affects the performance of FFF-printed materials.

1.5 Research Objectives

The main focus of my dissertation work is to examine how interfacial interactions
that function at the nanoscale can be effectively used to augment the macroscopic
properties of polymer nanocomposites and multicomponent blends. The structure-property
relationships | develop in my work provide proof-of-concept that the thermomechanical
properties of polymeric structures created by FFF can be manipulated through those
interactions, which provides a novel route to address key limitations of polymeric parts

created via additive manufacturing. Specifically, the goals of my research are to:
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1.

Investigate how increasing the number density of interfacial interactions
between bare (unfunctionalized) silica nanoparticles and PMMA matrix chains
impacts the thermomechanical properties of PMMA nanocomposites;
Examine how tailoring interactions across the polymer matrix/particle
interface, accomplished by decorating nanoparticle surfaces with polymer
chains, impacts both the organization on the nanoscale and the
thermomechanical properties of FFF-printed nanocomposites; and

Develop design-structure-property relationships that describe how self-
complementary, multiple hydrogen bonding interactions, conveyed through
pendant groups present along the backbone of random copolymer additives
affect the melt flow characteristics of the multicomponent blends and

mechanical properties of FFF-printed parts.

Chapter 2 presents a fundamental study describing how the incorporation of bare

Si NPs into PMMA nanocomposites affects properties and performance of parts fabricated
by FFF. In this effort, Si NPs were mechanically mixed with PMMA beads and extruded
to generate nanocomposite filaments that were used to create PMMA nanocomposites by
FFF. By keeping the processing conditions, type of inorganic additive, and polymer matrix
constant, | systematically examined how increasing the number density of interactions
between the Si NP surface and the PMMA matrix chains, which increase as the loading
level of Si NPs increases, affects the performance of FFF-printed nanocomposites.
Improvements in mechanical properties appear to be due to attractive hydrogen bonding
interactions between hydroxyl groups on the Si NP surface and carbonyl groups present in

the PMMA backbone.
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Motivated by this work, the studies presented in Chapter 3 describe how grafting
chains onto Si NPs to create polymer-grafted nanocomposites affects properties and
performance of FFF-printed samples. For this, PMMA chains were end-anchored to the
surface of Si NPs, incorporated in PMMA to make filaments (at comparable loading levels
to the system described in Chapter 2), and printed. Macroscopic assessments indicate the
performance of parts containing PMMA-g-NPs markedly surpass those containing similar
loadings levels of bare Si NPs, with the average Young’s modulus of parts containing the
lowest loading level of PMMA-g-NPs exceeding the value obtained at the highest loading
level with bare Si NPs. Rheology measurements suggest that grafting polymer chains to Si
NP surfaces having the same chemical identity as the polymer matrix promotes
interdiffusion and entanglements across the graft/matrix interface. Analogous to patterns
of behavior observed in “bare” systems, increasing the number of interactions between the
matrix and PMMA-g-NP effectively improves stress-transfer in the nanocomposite. This
work provides proof-of-concept that tailoring interactions at interfaces through graft
copolymer design can be exploited to control the properties of polymer nanocomposites
printed via FFF.

In addition to using polymer nanocomposites, Chapter 4 describes how increasing
the content of a self-complementary multiple hydrogen bonding commoner present in
random copolymer additives impacts thermomechanical properties of FFF-printed parts.
Specifically, random copolymers additives comprised of methyl methacrylate and 2-
ureido-4-pyrimidone methacrylate (UPyMA) were incorporated into printed parts at a 1
wt% loading level. The UPyMA comonomer was chosen due to its thermoreversible, self-
complementary quadruple hydrogen bonding interactions offered through UPy groups. The
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results of DMA and tensile testing show remarkable improvements in mechanical
properties: For example, more than a 50% increase was observed in the Young’s modulus,
while the tensile modulus increased by ~100% as the UPyMA comonomer content
increases up to 5 mol%. The thermoreversible nature of UPy hydrogen bonding interactions
allows facile processing, but strong dimerization strengthens printed parts at use
temperatures.

Finally, Chapter 5 provides a brief summary of the main findings of my dissertation
research and also highlights the importance with regard to the fields of polymer science
and additive manufacturing. This chapter concludes with an outlook on how fundamental

research efforts expounded upon here provide a starting point for future investigations.
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CHAPTER 2: INTERFACIAL INTERACTIONS IN PMMA/SILICA
NANOCOMPOSITES ENHANCE THE PERFORMANCE OF PARTS
CREATED BY FUSED FILAMENT FABRICATION
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This chapter describes the work published in Polymer, 157, (2018), 87-94. | manufactured
all of the printed parts in this work and completed all of the thermomechanical
characterizations. Coauthors include Adeline H. Mah and Prof. Gila E. Stein, who
performed and fit SAXS and WAXS measurements, and Steven Patterson, James A
Bergman, and Jamie M. Messman, who provided initial insight and training for rheology
and tensile measurements. Additional coauthors include Deanna L. Pickel, who provided
helpful suggestions regarding filament and specimen fabrication, and Prof. S. Michael

Kilbey 11, who advised this work.

2.1 Abstract

As an additive manufacturing method, Fused Filament Fabrication (FFF) is
conceptually attractive due to its agility and adaptability. However, FFF-printed parts
exhibit poor mechanical properties as compared to parts manufactured by traditional
methods. Here, the addition of silica nanoparticles (Si NPs) into FFF-printed parts is
demonstrated to markedly improve a variety of thermomechanical properties. Specifically,
dynamic mechanical analysis (DMA) and tensile tests indicate that the glass transition
temperature, Young’s modulus, elongation at break, ultimate tensile strength, and storage
and loss moduli all increase with the Si NP loading. Small-angle X-ray scattering (SAXS)
and scanning electron microscopy (SEM) demonstrate similar hierarchical structures in all
FFF-printed nanocomposites, which suggests that improvements in material properties
with Si NP loading are likely due to an increasing number of hydrogen bonding interactions
between PMMA matrix chains and hydroxyl groups on the Si NP surface. The potential of

nanocomposite filaments to increase the thermomechanical properties of FFF-printed
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specimens provides a facile route to overcome limitations in FFF-printed part strength by

combining the properties of hard and soft matter.

2.2 Introduction

Additive Manufacturing (AM), colloquially referred to as 3D printing, combines
computer modeling with manufacturing technologies to produce prototypes and early stage
models that facilitate evaluation of design, fit, and performance prior to full-scale
manufacturing.3*3” AM has been used to create and test parts for automobiles, airplanes,
and microelectromechanical systems, and to produce anti-biofouling inserts for marine
vessels, tissue scaffolds for biomedical engineering, as well as prototypes for defense
applications.®“® Fused Filament Fabrication (FFF) is one of the most widely used AM
techniques, and it is used to produce functional end-stage parts of complex design and
shape from polymeric feedstocks without the need for further assembly.*4*® This is a result
of the build process in which a solid polymer filament is heated to a semi-molten state and
subsequently extruded and deposited in a layer-by-layer (bottom-up) fashion until the final
product is created.*6-48

Although FFF has considerable potential as a production platform compared to
traditional manufacturing techniques, parts created by FFF have significantly lower
strength due to the formation of voids and poor adhesion between successive layers and
adjacent filaments (or “beads™).*® To address these limitations, many researchers have
investigated how printing parameters, build orientation, and post-processing treatments can
be manipulated in order to optimize the mechanical properties of printed materials.*24448-

51 For example, Bagsik et al. examined how changing the build direction affects the
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mechanical properties of FFF-printed specimens made of a polyetherimide
(Ultem*9085™), They changed directionality of the build, printing tensile samples on their
edge, flat against the build plate, or vertically, which they denoted as X, Y, and Z-
directions, respectively. They reported that tensile specimens printed in the Y-direction
contained voids between raster beads that led to voids within the cross-section, while parts
printed in the X- and Z-directions contained voids between the contour and raster beads.
The location and directionality of voids between adjacent filaments creates a strong
relationship between break patterns and mechanical properties of FFF-printed specimens
and the build direction: specimens printed in the X-direction had the highest ultimate
tensile strength and elongation at break while specimens printed in the Z-direction had the
highest compressive strength.*4

Although this report by Bagsik et al. is one of many highlighting how the build
conditions can be effectively managed to improve the macroscopic performance of FFF-
printed parts, the mechanical properties of these parts are still inferior to their injection
molded counterpart. This is commonly attributed to weak inter-bead adhesion that arises
because of limited chain diffusion across bead-bead interfaces.>® The addition of fillers
into polymer matrices is generally regarded as a useful way to enhance properties. Initial
efforts focused on blending micron-sized additives with polymers to increase
thermomechanical properties, such as the Tq and modulus.>*° However, with micron-sized
fillers, it is generally appreciated that high loadings are required before material properties
change.® On the other hand, creating a polymer nanocomposite (PNC) by incorporating
nanometer sized particles, which have significantly higher surface-to-volume ratios, leads
to increases in material properties at lower loading levels. For example, in their studies of
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the mechanical properties of polypropylene Sumita et al. reported a 1.3-fold increase in the
yield stress and a 1.7-fold increase in Young’s modulus when nanoparticles were
incorporated as compared to microparticles.> Similarly, Petrovic and Zhang compared the
performance of elastomeric polyurethanes filled with silica nanoparticles and micron-sized
silica spheres (12 nm and 1.4 um, respectively). Relative to unfilled samples, they reported
a 6-fold increase in the elongation at break and a 3-fold increase in the tensile strength
when silica nanoparticles were used, but only a 2-fold increase in elongation at break and
a 1.7-fold increase in the tensile strength when the micron-sized silica particles were used.>®
Due to enhancements in thermomechanical properties and the ability to combine properties
of dissimilar materials, PNCs have widespread applicability across several technological
applications, including structural materials, gas separation membranes, energy conversion
and storage, and microelectronics,31%17:57-60

While the incorporation of nanoscale inorganic additives into polymeric materials
by melt blending or solution-based processing has received considerable attention, only a
few studies have focused on incorporating nanoparticles into polymer matrices in the
context of additive manufacturing. Wiria et al. examined how imbedding hydroxyapatite
(HA) sintered powder into poly-g-caprolactone scaffolds manufactured by selective laser
sintering (SLS) impacts the resulting mechanical properties. They showed that as the
loading level of HA was increased from 10 wt% to 30 wt%, the Young’s modulus and yield
stress increase by a factor of 1.5.% Similarly, Chung et al. investigated how the amount of
Si NPs incorporated into Nylon-11 affected the mechanical properties of hanocomposite
specimens fabricated by SLS. They determined that the tensile modulus increased from
620 MPa to 720 MPa as the loading level increased from 4 wt% to 10 wt% and showed
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that the compressive modulus increased from 1175 MPa to 1425 MPa as the loading level
was increased from 2 wt% to 10 wt%.5 Lastly, Chen et al. investigated how the mechanical
properties and thermal properties of ABS nanocomposite parts printed by FFF were
affected by the presence of different inorganic additives. They incorporated calcium
carbonate, montmorillonite clay, multiwalled carbon nanotubes, and silica, each at a 1%
loading by mass, and printed test specimens from the corresponding nanocomposite
filament. They observed enhancements — more than 10% but less than 30% in all cases —
in the mechanical properties of all FFF-printed specimens regardless of the inorganic
additive, but none of the FFF-printed nanocomposites exhibited material properties
comparable to parts made by injection molding of virgin ABS.° It is also worth noting that
a recent set of studies by Roberson and Chen suggest that the mechanical properties of
FFF-printed nanocomposite parts made with ABS as the matrix may be improved or
diminished, depending on the type of inorganic additive incorporated into the printed
specimen. 10!

Drawing inspiration from these reports, with this work | sought to provide a
fundamental understanding describing how the addition of inorganic nanoparticles
provides material reinforcement in printed parts made by the non-isothermal, non-
equilibrium (vide infra) FFF process. To achieve this, | systematically examine how
increasing the amount of silica nanoparticles in poly(methyl methacrylate) affects
mechanical and thermal properties of polymer nanocomposites specimens created by FFF
and assess their dispersion in nanocomposite printed specimens. The combination of
assessments of macroscale performance, rheology, and nanoscopic structure points to
particle-polymer interactions, which increase as the loading level of the additive increases,
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as governing the response to deformation, thereby providing a basis for understanding for

the reinforcement effect of FFF-printed nanocomposites.

2.3 Experimental Methods

Filament Preparation. Prior to filament extrusion, atactic poly(methyl methacrylate) beads
having a nominal molecular weight, MW = 100,000 g/mol (Polysciences Inc.) were dried
by heating at 100 °C under vacuum for 12 hours to remove any residual moisture. Silica
nanoparticles (Si NPs) (diameter of 14 + 4 nm) dispersed in 2-butanone (supplied as a gift
from Nissan Chemical) were isolated by precipitation into chilled hexanes followed by
centrifugation at 3500 RPM for 15 minutes. The supernatant was decanted, and the
nanoparticles were collected and dried overnight at 100 °C under vacuum. A Discovery
Series thermogravimetric analyzer coupled with a mass spectrometer (TGA-MS) was used
to determine if residual solvent and moisture were removed from Si NPs prior to their
incorporation into PMMA filaments. In a typical TGA-MS procedure, vacuum oven-dried
Si NPs (0.5-2.0 mg in a 100 uL high temperature platinum pan) were subjected to a
temperature ramp from 30 to 800 °C at a rate of 20 °C/min. Si NPs were considered dry
and used for filament preparation when the mass loss was < 3.0%. All other materials were
used as received unless stated otherwise.

To create nanocomposite filaments, Si NPs were combined with PMMA beads at
predetermined loading levels that are based on the mass of silica. After physically mixing
with a stirring rod, the mixture was added to a Magic Bullet® 250 W blender and pulsed
for five to ten cycles of one to three seconds each until the mixture appeared homogenous.

This mixture was then added to the hopper of a Filabot EX2 extruder. The Filabot EX2
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consist of a single-screw extruder with one heating zone. The extrusion screw has an L/D
ratio of 10:1. For this study, the heating zone was set to 205 °C and the nanocomposite
mixture was extruded at 25 RPM through a 2.85 mm circular die. After solidification, the
extruded nanocomposite filament was collected and measured with calipers to ensure
variation in the filament diameter was < 0.2 mm. Prior to printing by FFF, all filaments
were dried overnight in a vacuum oven at 100 °C to remove any residual moisture.

3D printing of test specimens. Specimens for dynamic mechanical analysis (DMA) and
tensile testing were drawn in accordance with ASTM D7028 and ASTM D638 (standard
V) specifications, respectively, using Autodesk® AutoCad® 2017. Each sample template
was saved in STL format, transferred to the computer used to control the Lulzbot Mini 3D
printer, and opened using the Lulzbot 3D printing software (Cura). This Lulzbot Mini 3D
printer was used to print at least five PMMA test specimens for each measurement type.
Each sample was printed in the X-Y plane at 230 °C with a +45/—45 raster angle. The bed
temperature was set to 110 °C. In a typical print, the printer settings were as follows: 0.5
mm nozzle size, 0.425 mm initial layer thickness, 0.25 mm layer height with a 100% fill
density, and all other settings were left at standard values set by the Cura software for ABS.
After each print and in order to minimize sample deformation, the bed was allowed to cool
to room temperature prior to removing the sample.

Instrumentation and Characterization. Tensile tests were performed on an MTS Criterion
Model 43 system with a 10 kN load cell. “Dog bone” specimens were tested following the
ASTM D638 procedure in which the samples were set at a grip separation distance of 25.4
mm and were elongated at 1 mm/s. The Young’s modulus, storage and loss moduli, and

the glass transition temperature (Tg) of FFF-printed nanocomposite specimens were
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determined using a TA DMA Q800 equipped with a dual cantilever clamp. Samples were
first equilibrated at 30 °C. To determine the Young’s modulus, an amplitude sweep from
20 to 2000 pum was completed using a constant frequency of 1 Hz at 30 °C. The T4 and
storage and loss moduli were determined using a constant-strain temperature ramp protocol
in which a strain of 0.1% was applied to the specimen while the temperature was ramped
from 30 to 140 °C at a rate of 3 °C/min. From these measurements, T4 was assigned based
on the peak of tan §.%3

A TA Discovery Hybrid Rheometer-3 was used to determine the complex viscosity
and storage and loss moduli of FFF-printed nanocomposite specimens. An experimental
protocol consisting of a constant-strain frequency sweep method at various temperatures
was used so that a master curve could be constructed by time-temperature-superposition.
In a typical procedure, the FFF-printed sample was placed between parallel plates (25 mm
diameter) and heated to 210 °C. After that temperature was reached, the molten polymer
sample was compressed to set a gap of 1000 um between the plates. Then, frequency
sweeps from 0.1 to 100 Hz at a strain of 0.1% were performed at various temperatures,
beginning at 210 °C and decreasing to 130 °C using decrements of 20 °C. The superposed
master curves were generated by the TA Discovery software after setting the reference
temperature of the frequency sweeps to 170 °C. The temperature-dependent frequency shift
factors (ar, WLF type) used to generate the master curves are presented in Figure A.1. (See
Appendix A.)

Small-angle and wide-angle x-ray scattering (SAXS and WAXS, respectively)

were used to characterize the nanoscale structure of FFF-printed nanocomposite
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specimens. SAXS and WAXS data were acquired at the 12-1D-B beamline at the Advanced
Photon Source (APS) at Argonne National Laboratory. Samples were measured at room
temperature in air with a 13.3 keV X-ray beam and a sample-to-detector distance of 2.3
meters. The scattered radiation was recorded as a function of scattering angle 20 using a
Pilatus 2M detector for SAXS and a Pilatus 300 detector for WAXS. For each sample, 3
measurements were taken at different positions (1 mm spacing) with a 0.1 second exposure
time. The 2-dimensional (2D) scattering images were then reduced to 1-dimensional (1D)
scattering curves by an azimuthal integration method using the SAXSLee software
developed at the 12-ID-B beamline. All data are reported as scattered intensity | as a
function of g, where q = 4n/A sin(0). The scattering data for each nanocomposite sample
was corrected by subtracting the average intensity of a virgin (unfilled) PMMA FFF-
printed specimen. The g-range detected was 0.004 — 0.89 A for SAXS measurements and
0.85 — 2.69 A for WAXS measurements. The WAXS signal disappears after subtracting
the signal of the pure PMMA specimen.

SAXS data were analyzed using the Unified Fit model (Equation 2.1) in the Irena

software package (Version 2.63) published by APS:5465

_qugiz

1@ = T Grexp (“525) + Bi(a)™ @Y

where q* = q/[erf( ngi/61/2)]3, i is the population/structural level, Gi is the Guinier
prefactor, Rgi is the radius of gyration, B; is the power-law prefactor and P; is the Porod
exponent. This model is used to evaluate the size distribution and dispersion behavior of
the nanoparticles in the PMMA matrix. In the present study, two levels of structure were

needed to describe the SAXS data: one level captures the larger-scale structure from
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collections of nanoparticles (low q), and a second level that captures the sizes, dispersion,
and interfacial characteristics of the primary nanoparticles. The parameters extracted from
Equation 2.1 are used to characterize the hierarchical structure of the composite: Pi >3
indicates surface fractal scattering, 2 < Pi < 3 indicates mass fractal scattering, and P; > 4
is consistent with a diffuse interface.®® For a spherical particle, the radius Ri can be
calculated from Rg; by Equation 2.2:
R, = \[5/3 Ry (2.2)
Scanning electron microscopy (SEM) was used in addition to SAXS and WAXS to
provide further insight into the structural formation of Si NPs incorporated into PMMA
parts printed by FFF. In a typical procedure, carbon paint was applied to the edge of FFF-
printed parts to increase the conductivity and then images were collected using a Zeiss

Auriga with a 0.5 keV electron beam.

2.4 Results and Discussion

The reinforcement effect of Si NPs incorporated into FFF-printed PMMA
specimens was examined by DMA, tensile tests and rheology. Representative DMA stress-
strain curves presented in Figure 2.1 show an increasing slope as the loading level of Si
NPs is increased. The Young’s modulus (values are reported in the legend as the average
+ standard deviation determined from measurements of five replicate samples)
consistently increases with nanofiller loading: a 44% increase relative to specimens printed
from pure PMMA filaments is observed for samples containing Si NPs at 1.0 wt.% loading.

While DMA measurements were used to probe the linear response regime, tensile

test measurements were completed to provide additional insight into the mechanical
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Figure 2.1. DMA results show an increase in the Young’s modulus with increasing amount
of Si NP incorporated into the filament. Values of the Young’s modulus given in the legend

are based on measurements of five replicate samples.

properties of FFF-printed nanocomposites through macroscopic failure. Representative
stress-strain curves shown in Figure 2.2 also reflect improvements in the mechanical
properties as nanofiller is added, which is analogous to behaviors observed from DMA.
The results show that all samples exhibit the same pattern of behavior: elastic deformation
gives way to yielding of the PMMA matrix (signified by the transition from elastic
deformation and the formation of a plateau)®”® followed by stain-hardening. However,
even though the deformation patterns are similar, the mechanical properties are drastically
affected by the incorporation of Si NPs. For instance, the Young’s modulus, which is
determined from the slope of the stress-strain curve prior to plastic deformation, increases
as the loading level of Si NPs increases. More specifically, an 87% increase in tensile

modulus is seen for PMMA samples containing Si NPs at a 1.0 wt.% as compared to FFF-
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Figure 2.2. Tensile testing of nanocomposite samples shows an increase in Young’s
modulus, ultimate tensile strength, and elongation-at-break as the Si NP loading increases.
A representative trace from a series of replicate tests is shown for each loading level and
the values of tensile modulus provided in the legend are based on measurements of five

replicate samples.

printed specimens made from virgin PMMA filaments. In addition to increases in modulus,
the ultimate tensile strength (UTS), which is the maximum stress a material can withstand
prior to fracture, and elongation at break increase as the amount of Si NPs incorporated
into PMMA filament increases. Virgin PMMA-printed parts had (on average) an UTS of
17.6 MPa and an elongation-at-break of 2.3% while FFF-printed parts containing Si NPs
at a 1 wt.% loading level show a dramatic increase (137%) in the UTS to 41.8 MPa and a
substantial improvement (91% increase) in elongation-at-break to 4.4%. It should be noted

that the addition of nanoparticle additives generally leads to reductions in the elongation at
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break;®*"® however, some researchers recently have observed increases in the elongation
at break with the introduction of nanoparticles.®’%"? The reason for this enhancement is
still a point of debate. Lastly, as the loading level of Si NPs increases a decrease in the
yield stress is observed, as seen in Figure 2.2. This reduction in the yield stress for polymer
nanocomposites has been attributed to strong interfacial adhesion between the matrix
polymer and nanoparticle additive.” The averages for all specimens are reported in Table
2.1, and the results obtained from tensile tests coupled with those obtained from DMA
suggest that incorporating Si NPs into PMMA to create nanocomposite filaments increases
the mechanical properties of FFF-printed specimens. Furthermore, as seen from the other
properties reported in Table 2.1, not only do the mechanical properties increase as the
loading level of Si NPs increases, but this trend is preserved across multiple measurement

techniques.

Table 2.1. Mechanical properties of PMMA nanocomposite samples manufactured by

FFF.2
Young’s Modulus

Ultimate Tensile Elongation at Young’s Modulus
Loading Level Tensile Test

Strength (MPa) break (%) DMA (MPa)

(MPa)

Pure PMMA 18+3 1159 + 162 2.3+0.9 1223 + 159
0.1 wt% Si NPs 21+3 1252 + 147 28+0.4 1353 + 126
0.5 wt% Si NPs 37+5 2003 + 207 45+0.8 1455 + 97
1.0 wt% Si NPs 42+ 4 2163 £ 99 44+0.6 1765+ 60

2All values (average + the standard deviation) result from measurement of 5 replicate

samples.
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Constant-strain temperature ramp experiments were also used to examine how
incorporating Si NPs into PMMA filaments impacts the thermomechanical properties, such
as Tg, and the storage and loss moduli. Two main observations can be deduced from these
results, which are displayed in Figure 2.3. First, as the loading level of Si NPs increases,
the T4 of the FFF-printed test specimens increases. (Values are given in the legend and as
noted previously, Tq is taken to be the maximum in the dissipation factor, tan 5.%%).Changes
in the T4 of polymer nanocomposites have been attributed to interactions between the
matrix polymer and inorganic additives that impact the mobility of polymer chains at or
near the internal interface.®’* Generally, a depression in T4 from the bulk value is attributed
to repulsive interactions between the polymer and filler,>’*"™ and increases in T4 are
indicative of attractive interactions between the nanoparticle and polymer that decrease the
mobility of chains near the surface.”*"®"® As seen from the normalized tan & curves
presented in Figure 2.3A, relative to the Tg4 extracted for pure FFF-printed PMMA (109
°C), as the loading level of Si NPs increases to 1 wt.%, the T4 of the nanocomposite
increases to 114 °C. It is understood that the carbonyl groups of PMMA hydrogen bond
with hydroxyl groups on Si NP surfaces, and this non-bonded, attractive interaction reduces
the dynamics of chains at nanoparticle/matrix interfaces, which manifests as an increase in
Tq.”"7980 Moreover, the increase in Tq as the loading level of Si NPs is consistent with an
increase in the number of hydrogen bonding interactions within the nanocomposite.

In addition, the pattern of behavior seen in the values of storage modulus, E’, and
loss modulus, E”, (Figures 2.3B and 2.3C, respectively) derived from constant-strain
temperature ramp experiments complement those obtained from tensile testing and from

the DMA strain-sweep experiments: All show that modulus increases as the loading level
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Figure 2.3. Constant-strain temperature ramp measurements completed on

PMMA

nanocomposite samples produced by FFF as a function of Si NP loading show that the

glass transition temperature (A) and storage (B) and loss moduli (C) increase with

increasing filler content.
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of Si NPs incorporated into FFF-printed PMMA nanocomposites increases. My research
shows that both the storage and loss moduli of the nanocomposite specimens in the glassy
state increases as the loading level of Si NPs incorporated in the printed PMMA
nanocomposites increases. A 72% increase in E’ is seen at the highest loading level (1 wt%
Si NP) compared to unfilled PMMA samples, and a 55% increase in the loss modulus E”,
which is indicative of the energy dissipated during deformation, is observed when Si NPs
are incorporated at 1 wt.% (relative to virgin PMMA samples). As suggested by Menard,®
although the storage modulus obtained from DMA only represents the elastic response of
a material, it can be considered essentially analogous to the Young’s modulus as long as
the test is performed at low strain. Here, this analogy between the storage modulus,
indicative of elastic recovery, and Young’s modulus is preserved because the low strain
(0.1%) used in the constant-strain temperature ramp experiments is within the linear
response regime (see Figures 2.1 and 2.2) and values of E” are relatively small. Therefore,
not only are the moduli determined from three different experiments self-consistent, the
pattern of increasing modulus with loading level is also consistently observed. In addition,
the constant-strain temperature ramp results displayed herein align with reports by
Ramanathan et al. and Wong et al. who determined that the Tg, E’, and E” of PMMA
nanocomposites increased as the loading level of graphite nanoplatelets and expanded
graphite increased, respectively. Both reports ascribe the improvements to favorable
interfacial interactions between the polymer matrix and inorganic additive, which led to
reduced polymer chain dynamics at the interface.’®8! Finally, the increase in the E’ and E”

as the loading level of Si NPs increases also agrees with previous reports suggesting that
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the mechanical property enhancements are due to the material properties of the
additive.8 88182

While these assessments of macroscopic behavior allow inferences regarding the
origin of the nanocomposite reinforcement to be made, it is useful to pair these with
perspectives of phenomena that occur on the nanoscale. In order to assess whether
increasing the amount of Si NPs imbedded into PMMA FFF-printed specimens increases
the number of polymer-surface interactions, rheometric studies using low-amplitude
oscillatory-shear measurements were completed. As suggested by Paul and Zheng, the
storage modulus (G’(w)) and complex viscosity (jn*|) are more sensitive to subtle changes
in the melt behavior of polymer nanocomposites,®84 and for that reason, | will focus the
discussion to how the patterns of behavior in these properties are impacted as Si NPs are
added. Figure 2.4 shows the angular frequency dependence of storage modulus and
complex viscosity of FFF-printed PMMA specimens containing no Si NPs (pure PMMA)
and nanocomposites containing Si NPs at 0.1 and 1.0 wt.% loading levels. From the
behavior of the elastic modulus (Figure 2.4A), it is clear that incorporating Si NPs affects
the nanocomposite properties denoted by the increase in G’(®) as the loading level of Si
NPs increases; however, regardless of the amount of additive incorporated into the
nanocomposite, all samples display a liquid-like behavior in the terminal regime. The
absence of a solid-like behavior within the terminal regime indicates that a percolated
network and the agglomeration of particles was avoided at these loading levels.®+%7 These
results align with similar reports that determined that the percolation threshold for ~14 nm
silica nanoparticles in polypropylene, polystyrene and poly(butyl acrylate), where solid-
like behavior arises, does not develop until the loading level of spherical nanoparticles is
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Figure 2.4. Rheological measurements show that the storage modulus (A) and complex
viscosity (B) of FFF-printed PMMA nanocomposite specimens increase as the loading
level of Si NPs increases. A reference temperature of 170 °C was used for time-temperature
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roughly 2.5 vol%.8-%° Thus, it is not surprising that liquid-like behavior is observed for the
FFF-printed nanocomposite systems studied here because loading levels of 0.1 wt% and
1.0 wt% correspond to 0.04 vol% and 0.4 vol%, respectively. The data also show that
compared to the behavior of pure PMMA, the enhancements in G’(®) observed at a 0.1
wt.% Si NP loading level are minimal. These results suggest that the total interaction
energy between the PMMA matrix chains and the Si NP surface, which ostensibly is the
product of the number of segment-surface contacts and the fundamental interaction energy,
is low. However, as the Si NP loading is increased by an order of magnitude (0.1 wt.% to
1.0 wt.%), the number of non-bonded, physical interactions (hydrogen bonding
interactions) between the segments of PMMA chains and surface silanol groups increase,
leading to a more substantial increase in G’(w), especially at low frequencies. This view of
the nanoscale interactions present in the system and pattern of behavior are consistent with
the macroscale behaviors seen from the DMA and tensile tests. Furthermore, the
frequency-dependent complex viscosity, which is displayed in Figure 2.4B, shows a
monotonic increase in the viscosity of the PMMA nanocomposites as the loading level of
Si NPs increases. At low frequencies, the formation of a plateau is clear and the increase
in n*| is more distinct. At high frequencies, the pure PMMA and PMMA nanocomposite
samples exhibit shear thinning behavior and the viscosities of all the samples become
similar. The monotonic increase observed in both the complex viscosity and storage
modulus is further highlighted in the results of small amplitude oscillatory shear
measurements, which are presented in Figure A.2 in Appendix A. These results align with

reports by Ray et al. and Giannelis et al., who ascribed the improvements in G’(®) and n*|
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in polymer-layered silicate nanocomposites to the decreased mobility of polymer chains
confined at the surface and enhanced polymer-surface interactions, respectively.%-%?

In addition, constant-strain temperature-ramp experiments also show that the
complex viscosity of the nanocomposite melt is similar to the melt viscosity of pure PMMA
at T >200 °C (data not shown) and is not affected by Si NP loading level. In fact, these
experiments were conducted first, and the results used to set the extrusion (Text = 205 °C)
and printing (Tprint = 230 °C) temperatures used for nanocomposite filament preparation
and FFF printing. These results are consistent with other reports indicating that the melt
viscosity of nanocomposite parts produced by FFF is not impacted when the amount of
added nanofiller is low.%%

Finally, it is widely accepted that the spatial distribution of nanoparticles directly
impacts nanocomposite properties. For example, agglomeration of nanoparticles can lead
to a significant decrease in the mechanical properties and optical clarity of polymer
nanocomposites, while dispersion leads to an increase in the thermal resistance,
thermomechanical properties and reduces permeability.'2%-% Therefore, SEM and SAXS
were used to examine how the spatial distribution of Si NPs was affected by the loading
level. The SEM micrograph of an FFF-printed PMMA nanocomposite specimen
containing Si NPs at a 1 wt.% loading level, shown as Figure 2.5, illustrates that individual
particles are well-dispersed throughout the matrix. Even at the highest loading level used,
only a few isolated clusters of nanoparticles are observed, and there are no large-scale
aggregates. While the SEM image suggests a well-dispersed system and provides insight
about the structure formation of Si NPs at the nanoscale, SAXS was used to calculate an

average structure size and particle distribution in nanocomposite samples. The corrected
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Figure 2.5. Scanning Electron Microscopy shows that Si NPs, present here at a 1 wt%
loading level, are well-dispersed throughout the FFF-printed PMMA nanocomposite

specimen. This image is a top-down view of a DMA sample printed by FFF.

scattered intensity curves, which are modeled using a Unified Fit, are shown in Figure 2.6.
Two samples were measured by SAXS for each particle loading, and data were recorded
from three areas on each sample. Each data set was modeled using the Unified Fit, and the
average values of the parameters are reported in Table 2.2 with an uncertainty of +1
standard deviation.

It should be noted that the following discussion focuses solely on the SAXS region
(scattering wavevector g < 0.4 A1) because the WAXS data contain only the scattering
contribution from the PMMA matrix as seen in Figure A.3. (See Appendix A.) As
expected, the scattered intensity of PMMA nanocomposite specimens increases with
increasing Si NP loading levels. Power law exponents, or fractal dimensions, and particle
sizes, were determined by using a Unified Fit model (Equation 2.1) to describe the

corrected SAXS data, and two levels of structure were needed, as reflected in the results
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Figure 2.6. Corrected scattered intensity curves from SAXS measurements of FFF-printed

PMMA nanocomposite specimens containing Si NPs at various loading levels.

Table 2.2. Unified fit parameters obtained from SAXS measurements on PMMA

nanocomposite specimens.

Power law Power law
Loading Level R (nm) Rg (nm)
exponent (high-q)  exponent (low-q)
0.1 wt% Si NPs 7.49 £1.88 5.81+£1.46 4.22+£0.15 1.78 £ 0.45
0.5 wt% Si NPs 7.36 +1.27 5.70+0.98 3.70+0.09 2.30+0.06
1.0 wt% Si NPs 7.44 +1.22 5.77 £ 0.94 3.81+0.18 2.31+0.28
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presented in Table 2.2. It should be noted that the scattering from the 0.1 wt.% samples
was weak and nearly indistinguishable from the PMMA reference, so these data should be
interpreted with caution. Each data set was fit without inclusion of a structure factor, which
as suggested by Kumar et al., indicates that interparticle interactions are not present within
the nanocomposite.”

For all of the FFF-printed samples, the primary particle size, reported as the radius
of gyration, Rg, was = 6 nm. Not only does this agree with the size of the Si NPs reported
by the manufacturer, this calculated particle size does not change as the amount of Si NPs
was increased. At low q, the Porod exponent for the 1.0 wt.% and 0.5 wt.% FFF-printed
nanocomposite samples was determined to be approximately 2, which is indicative of
mass-fractal scattering.®%%"° The low g Porod exponent for the 0.1 wt.% sample is also near
2, but the statistical uncertainty is high, as noted previously. The size of mass fractals could
not be determined from these data because resolution is limited to a minimum q of
approximately 0.005 A; however, it is well-established that a Porod exponent of 2 in the
low g regime is characteristic of a miscible polymer-particle system containing well-
dispersed mass fractals®’ or soft agglomerates,®® but values approaching 3 are expected
for larger-scale clusters. The high q exponent describes the type of surface fractals, or the
surface roughness of the polymer-nanoparticle interface. A value of 4 is expected for a
smooth surface, while a value of 3 indicates a rough surface. The exponent for all three Si
NP loadings is near 4, which is consistent with a smooth PMMAV/Si NP interface. Thus,
according to results from rheology, which showed no evidence of a secondary plateau in
the terminal regime, imaging by SEM, and the calculated Ry values and Porod exponents
at low g from SAXS, it is inferred that even in the non-equilibrium melt extrusion processes
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of FFF, the nanocomposite structure and average structural size are not impacted as the
loading level of Si NPs increases. Moreover, at all loading levels the Si NPs appear to be

well-dispersed throughout the nanocomposite.

2.5 Conclusions

Coupling assessments of macroscopic thermomechanical performance with
insights from SAXS, SEM, and rheometry provide a clear picture of how interfacial
interactions and nanoscale structure affect the macroscopic properties of FFF-printed
nanocomposite parts. My research shows that the enhancements obtained by the
incorporation of inorganic nanoparticles are due to the complex interplay of particle-
polymer surface interactions, which | attribute to hydrogen-bonding interactions between
the carbonyl groups of PMMA and the hydroxyl groups on the Si NP surface. These
interfacial entanglements lead to reduced chain mobility at the surface that enhances stress-
transfer from the polymer matrix to the inorganic additive. Moreover, altering the number
of interactions by varying loading level of the additive can be used as a way to adjustably
improve material properties and performance of FFF-printed parts. While the present study
is limited by its focus on a specific homopolymer that exhibits favorable physical
interactions with the inorganic additive, additional studies aimed at assessing relations
between loading level and polymer-surface interaction strength are discussed in Chapter 3.
Overall, the insights established from this work are expected to be generally advance the
implementation of additive manufacturing by using nanocomposites to provide a wider
range of material properties, thereby providing a way to address challenges associated with

inferior performance of FFF-printed parts.
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CHAPTER 3: TAILORING INTERFACIAL INTERACTIONS USING
POLYMER GRAFTED NANOPARTICLES IMPROVES
PERFORMANCE OF PARTS MANUFACTURED BY 3D PRINTING
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3.1 Abstract

Decorating nanoparticle surfaces with end-tethered chains provides a way to
mediate interfacial interactions in polymer nanocomposites. Here, polymer grafted
nanoparticles are investigated for their impact on the performance of polymer structures
created by fused filament fabrication (FFF). The nanoscale organization of poly(methyl
methacrylate)-grafted nanoparticles (PMMA-g-NPs) in PMMA matrices are examined via
small-angle X-ray scattering (SAXS). SAXS data indicate that all nanocomposites exhibit
particle-particle interactions and organize in the polymer matrix as surface fractals, or as
“connected sheets”. Additionally, increasing the loading level of PMMA-g-NPs produces
modest changes in Tg, but significant increases in the complex viscosity and storage
modulus, suggesting that the number density of entanglements between graft chains and
the matrix polymer increases with increasing PMMA-g-NP content. Increasing the number
density of entanglements and the formation of connected sheets manifest at the macroscale:
Dynamic mechanical analysis and tensile testing show that FFF-printed PMMA-g-
NPs/PMMA nanocomposites display a 65% increase in the Young’s modulus, 116%
increase in the ultimate tensile strength, and a 120% increase in the storage modulus
compared to parts printed with pure (unfilled) PMMA. This research effort highlights how
molecular engineering can enhance interactions on the nanoscale and improve the

macroscopic properties of parts printed by FFF.

3.2 Introduction

Layers of surface tethered polymers are routinely used to alter interfacial properties.

The diversity of monomer types and richness of copolymer design space provides a
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tractable way to alter the range, strength, and nature of interfacial interactions and surface
properties. Along these lines, decorating the surface of NPs with end-anchored polymer
chains to create polymer-grafted nanoparticles (PGNPSs) has proven to be a useful way to
mediate interparticle and particle-matrix interactions,!>%1% thereby affecting the
nanocomposite performance and spatial arrangement.'32%101102 Eor instance, polystyrene
(PS) will not wet “bare” (unfunctionalized) silica nanoparticles (Si NPs),% and as a result,
the addition of Si NPs to PS at modest loading levels (1-10 wt%) decreases the mechanical
properties relative to neat (unfilled) PS.1% However, Douglas et al. showed that
incorporating PS-grafted nanoparticles at a 5 wt% loading level increased the Young’s
modulus and facture strain of PS-grafted nanocomposites by 52% and 157% compared to
neat PS, respectively.!® They reasoned that the polymer grafts effectively shield
unfavorable polymer-particle interactions and increase the number density of interfacial
interactions between the PS-grafted nanoparticles and PS matrix chains. This effectively
enhances stress transmission from the polymer matrix to the reinforcing Si NPs. Similarly,
Friedrich et al. showed that the addition of unmodified Si NPs lowered the tensile strength
of polypropylene nanocomposites, but nanocomposites with a 1 wt% loading level of
polypropylene-grafted nanoparticles generated a ~22% increase in the tensile strength.%
The increase in mechanical performance also was attributed interdiffusion and
entanglements between the graft and matrix chains.

In addition to enhancing the performance of nanocomposites, Akcora et al.,
demonstrated that the spatial arrangement of PS-grafted nanoparticles in a PS matrix can
be altered by varying the ratio of the graft to matrix chain length and the grafting density
of chains decorating the nanoparticle surfaces.’® Specifically, PS-grafted nanoparticles
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with high grafting densities equilibrated in a polystyrene matrix were well-dispersed
(aggregated) when the graft chain to matrix chain ratio was large (small), which are
consistent with well-known behaviors of athermal systems that are dominated by
competition between mixing and conformational entropy.*”1%-110 |n addition, various
anisotropic nanostructures such as strings, fractals, and connected sheets were observed as
both the grafting density and graft to matrix chain length ratio were varied. Presumably,
these anisotropic nanostructures emerge because incomplete shielding of the nanoparticle
surface leads to non-symmetric inter-particle interactions.'>%’ These studies highlight how
the performance and spatial arrangement of polymer nanocomposites can be improved by
effectively managing interfacial interactions between the polymer matrix and nanoparticle
additive.

Inspired by these reports, herein | assess how tailoring interfacial interactions
across the matrix-additive interface can be used to improve the performance of 3D printed
parts generated by fused filament fabrication (FFF). While FFF provides a novel route to
create complex polymeric scaffolds, parts manufactured by FFF exhibit inferior
mechanical properties compared to parts created by traditional manufacturing methods.
This principal drawback is due to inefficient interfacial adhesion between adjacent
filaments, or beads, which is attributed to inability of polymer chains to diffuse and
entangle across bead-bead interfaces during processing.****! To address the issue of poor
mechanical performance, recent efforts have examined how polymer nanocomposites can
be utilized to provide mechanical reinforcement in printed systems.01195118-120 Fqp
instance, in Chapter 2 | determined that the thermomechanical properties of PMMA
specimen fabricated by FFF could be improved by the addition of Si NPs.*?! Specifically,
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results from dynamic mechanical analysis and tensile tests show a 44% increase in the
Young’s modulus and a 87% increase in the tensile modulus at a 1.0 wt% Si NPs loading
level compared to unfilled PMMA, respectively. Rheology measurements suggest that
these improvements are due to hydrogen bonding interactions between the hydroxyl groups
on nanoparticle surfaces and carbonyl groups along the polymeric backbone. The physical
non-bonded interaction tends to confine polymer chains at the nanoparticle surface, which
enhances stress-transfer from the polymer matrix to the additive, manifesting as an increase
in the mechanical properties.

While Chapter 2 demonstrates how the thermomechanical properties of FFF printed
scaffolds can be enhanced by the addition of bare nanoparticles, to the best of my
knowledge, there have been no reports describing how the incorporation of PGNPs impacts
the performance of FFF-printed parts. PGNPs are expected to be an inherently tailorable
platform that can be used to improve the mechanical properties of FFF-printed part. For
instance and as described earlier, compared to unfunctionalized additives, PGNPs provide
a novel route to shield unfavorable particle/polymer interactions and are reported to
increase the number density of entanglements between the matrix and nanoparticle, thus
enhancing stress-transmission. Herein, | systematically examine how increasing the
loading level of poly(methyl methacrylate)-grafted nanoparticles (PMMA-g-NPs) in
PMMA parts manufactured by FFF impacts structural organization and properties of the
resultant nanocomposites. Assessments of nanoscale structure formation and
thermomechanical properties underscore the importance of interfacial interactions and

suggest that the mechanical properties improvements of FFF-printed parts containing
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PMMA-g-NPs are due to interfacial interactions between graft chains with neighboring

polymer-decorated particles and the polymer matrix, which effectively dissipates stress.

3.3 Experimental Methods
3.3.1 Synthesis of Materials

Methyl methacrylate (Aldrich, 99%) was passed through a basic alumina column
to remove inhibitor. 2,2’-Azobis(2-methylpropionitrile) (AIBN, Aldrich, 98%) was
recrystallized twice from methanol. Atactic poly(methyl methacrylate) [MW = 100,000 g
mol™] beads obtained from Polysciences Inc. were heated in vacuo at 100 °C to remove
residual moisture before use. All other materials were used as received unless stated
otherwise.
Synthesis of CTA-Functionalized Silica Nanoparticles. The chain transfer agent, 4-
cyanopentanoic acid dithiobenzoate, was activated by coupling 2-mercaptothiazoline as
described by Benicewicz et al.}??> In a typical procedure, 1.40 g (5.0 mmol) of 4-
cyanopentanoic acid dithiobenzoate, 1.24 g (6.0 mmol) of dicyclohexylcarbodiimide, and
0.596 g (5.0 mmol) of 2-mercaptothiazoline were added to a 50 mL round bottom flask
containing 20 mL dichloromethane. Next, 61 mg (0.50 mmol) of 4-
(dimethylamino)pyridine was added to the solution dropwise and the reaction was stirred
at room temperature for 6 h. At that time, the salt was removed by filtration and the
activated 4-cyanopentanoic acid dithiobenzoate (ACPDB) was recovered by column
chromatography using a 5:4 mixture of hexane to ethyl acetate as the mobile phase, and
characterized via *H NMR.*?? (See Figure B.1 in Appendix B.) Next, Si NPs (14 + 4 nm

dispersed in methyl ethyl ketone (MEK)) supplied by Nissan Chemical were modified to
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present amine groups as reported by Schadler et al.”* To accomplish this, 0.5 mL of 3-
aminopropyldimethylethoxysilane was added to a 100 mL flame-dried, round bottom flask
containing 16 mL of Si NPs dissolved in MEK and 50 mL of THF. This mixture was
refluxed at 75 °C for 24 h and subsequently quenched by precipitating the reaction mixture
in 500 mL of chilled hexanes. The amine-modified nanoparticles were isolated by
decanting the supernatant after centrifugation at 4000 rpm for 10 minutes. The modified
nanoparticles were then re-dispersed in THF. This sequence of precipitation-
centrifugation-redispersion was completed three more times to ensure unreacted silanes
were removed. Next, the ACPDB was attached to the amine-decorated Si NPs following
protocols described by Benicewicz et al.'?? Briefly, 3.6 g of the amine-functionalized Si
NPs were dispersed in g 30 mL THF. This solution was added to a 100 mL round-bottom
flask containing 0.5 g (1.3 mmol) of ACPDB dissolved in 30 mL of THF. The reaction
mixture was stirred at room temperature for 6 h. After that time, the solution was
precipitated in a 4:1 (v/v) mixture of cyclohexane and ethyl acetate, and the ACPDB-
functionalized NPs were isolated by centrifugation at 4000 rpm for 10 minutes. After the
supernatant was decanted, the particles were re-dispersed in THF and then precipitated in
a 4:1 mixture of cyclohexane and ethyl acetate. As noted by Benicewicz et al., this
precipitation-centrifugation-dispersion procedure was repeated until the supernatant
remaining after centrifugation was colorless, which indicates that any residual (unattached)
ACPDB has been removed from the ACPDB-modified Si NPs.'?? To determine the mass
loss for ACPDB-decorated Si NPs, a TA Instruments Discovery Series thermogravimetric

analyzer (TGA) was used. In a typical procedure, 0.5 to 2 mg of dried ACPDB-modified

59



NPs were placed in a 100 uL platinum pan, which was subjected to a temperature ramp
from 30 to 800 °C at a rate of 10 °C/ min.

Synthesis of Polymer-grafted Nanoparticles. In a typical procedure, 6.0 g (59.92 mmol) of
MMA and 2.0 mg (0.0129 mmol) of AIBN were added to a 50 mL round bottom flask
containing 30 mL of THF. Next, 1.24 g (0.162 mmol) of ACPDB-functionalized Si NPs
were added to a round bottom flask, which then was sparged with argon for 15 minutes.
Next, the flask was placed in an oil bath that was heated to 70 °C and allowed to stir for 24
h. After that time elapsed, the reaction was quenched using liquid nitrogen and allowed to
thaw. Next, free polymer chains, derived from initiation in solution, were separated from
PMMA-g-NPs using a mixed solvent precipitation procedure involving THF and hexanes,
as described by Akcora et al.’® In brief, the crude reaction mixture (containing both free
polymer chains and PMMMA-g-NPs) was placed in centrifuge tubes and then a non-
solvent (hexanes) was added dropwise until the homogenous solution first showed
evidence of turbidity. At that point, the solution was centrifuged at 4000 rpm for 10
minutes. The clear supernatant layer, which contains the free polymer, was decanted into
hexanes. The PMMA-g-NPs were collected and again dissolved in THF. This precipitation-
centrifugation-dispersion procedure was completed at least four more times, or until no
precipitate (polymer) was observed when the supernatant was decanted into hexanes.

The grafting density of PMMA-g-NPs was determined by coupling assessments of
chain size determined by GPC and mass loss analyzed by TGA. To determine the number-
average molecular weight, My, of the polymer graft, chains were cleaved from the Si NPs,
recovered, and characterized as described by Benicewicz et al.*?? To accomplish this, 50

mg of PMMA-g-NPs were dissolved in 3 mL of THF. Next, 0.2 ml of aqueous HF (49%)
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were added and the solution stirred overnight. After that time elapsed, the solution was
poured into a PTFE dish, which was allowed to sit in a fume hood overnight to remove
volatiles. The recovered PMMA was then dissolved in THF and characterized via GPC.
Additionally, the amount (areal density) of PMMA chains grafted to Si NPs was
determined via TGA, as described above. The assessments of molecular weight by GPC
and mass loss corresponding to grafted chains by TGA are displayed in Figure B.2 and B.3

of Appendix B, respectively.

3.3.2 Extrusion of Filament and FFF

Filament Preparation. Polymer-grafted nanocomposite filaments comprised of PMMA
containing PMMA-g-NPs were fabricated as reported previously.'?* To make comparisons
to our previous report involving PMMA filaments blended with bare Si NPs, the loading
level (wt %) of PMMA-g-NPs in the extruded filament is based on the mass of silica. To
create polymer-grafted nanocomposite filaments, PMMA-g-NPs were blended with
PMMA beads using a Magic Bullet® 250 W blender. This mixture was pulsed for ten cycles
of one to three seconds each and then added to the hopper of a Filabot EX2 extruder that
had been preheated to 205 °C. (The Filabot EX2 is a single-screw extruder with one heating
zone and the extrusion screw has an L/D ratio of 10:1.) For this study, the heating zone
was set to 205 °C and the nanocomposite filament was extruded at 25 RPM using a 2.85
mm nozzle head. If the filament diameter deviated by more than 0.2 mm it was pelletized
and re-extruded. After successful extrusion, the filament was collected and heated

overnight in vacuo at 100 °C to remove residual moisture.
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3D Printing of Test Specimens. As described previously, DMA and tensile specimen
templates were drawn in accordance to ASTM D7028 and ASTM D638 (standard V)
specifications using Autodesk® AutoCad® 2017, respectively.'?* Once a specimen template
was created, it was exported as an STL file. This file was then opened on a Lulzbot Mini
3D printer that was used to print at least five samples for each testing method (DMA and
tensile). All specimens were printed in the x-y plane at 245 °C with a bed temperature of
110 °C and a +45° / -45° raster angle. Additional printer settings (layer thickness, nozzle
size, etc.) are reported elsewhere.*?! After each print, the build plate was allowed to cool
to room temperature before removing the sample to ensure the sample was not deformed

prior to testing.

3.3.3 Instrumentation and Characterization

'H NMR spectra were obtained using a Varian VNMRS 500 MHz spectrometer at
25 °C in deuterated chloroform. A TA Instruments Discovery Series TGA was used to
determine the mass loss of silane, ACPBD and PMMA decorated Si NPs following each
procedure described above. Number-average molecular weight, My, and dispersity, B, of
the PMMA grafts were determined in THF at room temperature with a flow rate of 1
mL/min using an Agilent 1260 Infinity Il GPC. The Agilent GPC is equipped with a Wyatt
Dawn® Helios® 8 Multi-Angle Light Scattering Detector, ViscoStar® 111, and an Optilab®
T-rEX™, Molecular weights were determined using conventional calibration against
polystyrene standards. Tensile tests were completed using an MTS Criterion Model 43
system containing a 10 kN load cell. Tensile tests were completed according to the ASTM

D638 procedure, in which samples were elongated at 1 mm/s at the gauge length is set to
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25.4 mm. A TA Instruments Discovery DMA Q800 equipped with a dual cantilever clamp
was used to examine how thermomechanical properties PMMA printed parts containing
PMMA-g-NPs. Specifically, strain-sweeps using an amplitude from 20 to 2000 pum and a
frequency of 1 Hz were used to determine the Young’s Modulus. The glass transition
temperature, Tq, and the storage and loss moduli of nanocomposite specimens were
determined using constant-strain temperature ramp experiments that applied a strain rate
of 0.1% while the temperature was ramped from 30 to 140 °C at 10 °C/ min. Values of Ty
for PMMA nanocomposite samples containing PMMA-g-NPs are reported as the peak
maximum of the normalized tan delta (tan 8).°3 A TA Instruments Discovery Hybrid
Rheometer-3 equipped with 25 mm parallel plates was used to determine the complex
viscosity and the storage and loss moduli of FFF-printed PMMA parts containing PMMA-
g-NPs. To accomplish this, fractured tensile bars were equilibrated at 210 °C and the molten
polymer was compressed to an interplate (gap) distance of 1000 um. Then, constant-strain
frequency sweeps from 0.1 to 100 Hz at a strain of 0.1% were performed at myriad
temperatures, starting at 210 °C and decreasing to 130 °C in decrements of 20 °C. Master
curves were constructed by time-temperature-superposition using the TRIOS software and
a reference temperature of 170 °C. The temperature-dependent frequency shift factors (a,
WLF type) used to generate the master curves are presented in Figure B.4. (See Appendix
B.)

Small-angle and wide-angle x-ray scattering (SAXS and WAXS) data were used to
characterize the nanoscale structure of PMMA-g-NPs in FFF-printed parts. Scattering

measurements were completed at the Advanced Photon Source (APS) at Argonne National
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Laboratory using beamline 12-1D-B. Simultaneous SAXS and WAXS measurements were
completed in air at room temperature using a sample-to-detector distance of 2.3 meters and
a13.3 keV X-ray beam (A = 0.93 A). The scattered radiation was collected using a Pilatus
2M detector and a Pilatus 300 detector for SAXS and WAXS measurements, respectively,
which record the intensity as a function of scattering angle (20). Three independent samples
were measured for each particle loading (0 wt%, 0.1 wt%, 0.3 wt% and 1 wt%), and data
were acquired from at least four positions on each sample. The exposure time was 0.1
second for each measurement. SAXSLee software, developed at the12-1D-B beamline, was
used to reduce 2-dimensional (2D) scattering images to 1-dimensional (1D) scattering
curves via azimuthal integration. These 1D curves are scattered intensity | as a function of
scattering vector modulus g, where q = 4x/A sin(0). The g-range detected was 0.004 < q <
0.89 A for SAXS measurements and 0.85 < g < 2.69 Al for WAXS measurements.
Uncorrected SAXS and WAXS measurements and the average scattering trace for PMMA
nanocomposites at various PMMA-g-NP loading levels are shown in Figure B.5 in
Appendix B.

The scattering data for each nanocomposite sample were corrected by subtracting
the average intensity of a virgin (unfilled) PMMA FFF-printed specimen. (The scattering
curves for each nanocomposite sample are scaled to the average PMMA curve, which
means the WAXS signal disappears after subtracting the PMMA reference.) SAXS data
were then modeled using Porod’s law, the Unified Fit,%% and a hard-sphere structure

factor. Porod’s law and the Unified fit are shown in Equation 3.1:

—g2R..>2
P(@) = Biq™" + By(a) ™ + Grexp (“52) (31
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B: and Py are the power-law prefactor and Porod exponent for larger-scale structures, such
as nanoparticle clusters, which produce scattering at low q. The parameters Bz, G2 and R

are the power-law prefactor, Guinier prefactor and radius of gyration of the primary

structure (i.e., nanoparticles), where q* = q/[erf( ngi/61/2)]3. As described by Kumar
et al., polymer grafted nanoparticles are expected to behave as objects with well-defined
interfaces, thus the high-q Porod exponent value for the primary particles was constrained
to 4 in all cases.!®! If the nanoparticles are well-dispersed, then the scattering intensity is
1(q) = P(q).”!** However, while this approach could fit the SAXS data, the optimized
value of Rg2 was nearly double the expected value. Therefore, the model was amended to
include a hard-sphere structure factor, as seen in Equation 3.2:

1(q) = P(q)S(q) (3.2)
The hard-sphere structure factor, S(q), is a function of the hard-sphere radius (Rns) and the
nanoparticle volume fraction within a cluster (¢).%%%°1%* Data were analyzed in Matlab
using nonlinear regression with a Cauchy weighting function to optimize the 7 unknown
parameters. The parameters of most interest from this analysis are P1, Rg2, Rns, and ¢, and
these characterize the types of interactions among nanoparticles in the composites. First,
the power-law exponent P1 helps to classify the larger-scale structure: 3 < P1 <4 indicates

surface fractal scattering, while P < 3 indicates mass fractal scattering.®® Second, for a
spherical particle, the radius is calculated from R = /5/3 R;. Third, the parameter Rus

quantifies the distance of closest approach between particles. Finally, the parameter ¢ is
the local volume fraction of particles (in a cluster), which may deviate from the bulk

composition.
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3.4 Results and Discussion

Poly(methyl  methacrylate)-grafted nanoparticles (PMMA-g-NPs)  were
synthesized and characterized, and then incorporated in PMMA filaments. Specifically,
PMMA chains recovered after HF cleaving were found to have an M, = 31,000 g/mol and
b = 1.4. (GPC trace displayed in Figure B.2 in Appendix B) With this information, the
grafting density of chains, o, was determined from the mass loss determined by TGA.
Figure B.3 in Appendix B presents TGA for “bare” Si NPs, CTA-modified NPs and
PMMA-g-NPs. Following protocols by Jayaraman et al., we find opmma = 0.07
chains/nm?.1%

It is well-established that the spatial distribution of nanoparticles has a significant
impact on the performance of polymer nanocomposites.*>2%1% For instance, well-dispersed
nanoparticles and a variety of anisotropic nanostructures, such as strings and sheets, are
demonstrated to enhance the mechanical properties of polymer nanocomposites.?°%126 On
the other hand, the presence of agglomerated structures are observed to degrade the
mechanical properties of polymer nanocomposites.® Nanoscale organization and the
resultant material properties of polymer nanocomposites are attributed to a complex
interplay between interfacial interactions between the polymer matrix and nanoparticles.?
Therefore, to assess how the mechanical properties of FFF-printed PMMA parts are
affected by the addition of PMMA-g-NPs, it is imperative to examine how nanoparticles
are organized within the polymer matrix and investigate polymer-particle interactions.

The nanoscale organization of PMMA-g-NPs in PMMA parts printed by FFF are

examined with SAXS. SAXS is a popular technique for examining the hierarchical
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structure in polymer-based nanocomposites. These data cannot be “inverted” to a real-
space picture, so analysis relies on building a model to describe the scattering and then
optimizing the model parameters to achieve agreement with the experiment. Figure 3.1
displays the average trace of all SAXS measurements at each PGNP loading (open
symbols) and the corresponding fit (solid line) to the model described by Equations 3.1 and
3.2. Table 3.1 reports the optimized model parameters based on fits of at least 12
independent measurements at each particle loading, and the distributions for each
parameter are shown in Figures B.6 in Appendix B.

In all samples, the average particle radius (R) is approximately 7 nm, which is the
expected value based on manufacturer specification and our prior work.”®1°%12! The hard-
sphere radius (Rns), which characterizes the distance of closest approach between two
particles in a larger fractal structure, is approximately 8.5 nm. The average Porod exponent
P1, corresponding with the power-law behavior at low g, is approximately 3 for all loading
levels. This value marks the transition from mass fractal to surface fractal behavior.
However, the average value of Py is misleading for nanoparticle loadings of 0.1 and 0.3
wt%, as the distributions are trimodal and bimodal, respectively, as seen in Figure S6. This
implies that the hierarchical arrangements of nanoparticles at low loadings is somewhat
heterogeneous, and some regions are dominated by surface fractals while others are
dominated by mass fractals. Such heterogeneities are difficult to examine more
quantitatively with SAXS, as they are too large to be directly detected. The average volume
fraction of nanoparticles within the fractal structure increases with particle loading, but the
distribution is very broad, so this outcome should be interpreted with caution.

In my prior work, I examined the structure of bare silica NPs in PMMA at loading
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Figure 3.1. Average of all SAXS profiles for each PMMA-g-NP loading level (open

symbols) and best-fit to the model described by Equations 3.1 and 3.2.

Table 3.1. Optimized model parameters based on fits of at least 12 independent
measurements at each particle loading level. P is the Porod exponent for the low-q region,
R is the particle radius, Rns is the hard sphere interaction radius, and ¢ is the volume
fraction of particles in a cluster. independent measurements, and the uncertainty is reported

as = 1 standard deviation.

Loading Level R (nm) Rus (nm) P1 (low-q) )
0.1 wt% PMMA-g-NPs 7.2+0.3 84+0.3 3.0+£04 0.13 £0.02
0.3 wt% PMMA-g-NPs 7.1+0.3 8.6+0.3 28+0.3 0.15+0.03
1.0 wt% PMMA-g-NPs 71+0.2 8.6+0.2 3.0+£01 0.17 £0.02

& Large uncertainties in low-g power law reflect multimodal distributions, as seen in Figure

B.6. (See Appendix B.)
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levels from 0.1 wt% to 1 wt%, and all SAXS data were consistent with a model for well-
dispersed mass fractals.?! In contrast, incorporating PMMA-g-NPs in FFF-printed PMMA
parts at comparable loading levels results in the formation of a larger hierarchical structure,
as evident by the increase in the low-q exponent from 2 to 3. Although the incorporation
of PMMA-g-NPs results in the formation of larger structures, we note that the SAXS results
show that both the primary particle size (~7 nm) and low-q power law exponent (3) are
independent of particle loading, which indicates that the size of the nanostructure is not
impacted as the loading level increases.®* These results — a low-q power law exponent of
3 for all loading levels for PMMA-g-NPs — align with previous reports by Kumar et al. that
focused on the nanoscale organization of polymer-grafted NPs dispersed in a chemically
similar polymer matrix.”®% Specifically, they observed surface fractals (low-g exponents
of 3) for nanocomposites (either PMMA or polystyrene) having a low (<1) graft to matrix
chain length ratio at numerous grafting densities (0.05 — 0.12 chains/nm?).7%101
Furthermore, they determined that these surface fractal nanostructures consist of connected
sheets of 3-5 particles each that span up to 1-10 um. Based on morphology diagrams for
polymer-grafted nanocomposites, the grafting density (0.07 chains/nm?) and graft to matrix
chain length ratio (0.3) used here suggests that our PMMA-g-NPs will organize in
connected sheets throughout the polymer matrix.2%:7%100.101 Based on this supposition and
the results from SAXS, I infer that even after the non-equilibrium, non-isothermal FFF
print process used to create these samples, PMMA-g-NPs in FFF-printed PMMA parts are
organized as surface fractals, or connected sheets, throughout the PMMA matrix.
Rheometric studies using low-amplitude oscillatory-shear measurements were

completed to investigate how increasing the loading level of PMMA-g-NPs affects the
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linear viscoelastic properties of FFF-printed nanocomposites. The following discussion
will focus on how the storage modulus, G’(w), and complex viscosity, n*|, are affected by
the addition of PMMA-g-NPs because it is well-known that the these properties are more
sentient to changes in the melt flow characteristics of polymer nanocomposites.838+121 The
angular frequency dependent storage modulus and complex viscosity master curves, which
are generated by time-temperature superposition, are displayed in Figure 3.2A and 3.2B,
respectively. Specifically, Figure 3.2A compares the storage modulus of PMMA printed
parts containing no filler (pure) and nanocomposite samples containing PMMA-g-NPs at
a 0.1 wt% and 1.0 wt%. The G’(w) curve for pure (unfilled) PMMA exhibits the typical
response for an unfilled entangled melt: Specifically, an elastic response is observed at high
frequency while a viscous response is displayed at low frequencies.*?’” Moreover, the pure
PMMA sample exhibits a high-frequency power law exponent of %2, which is expected for
an entangled melt, but deviates from the power-law dependency of 2 expected for a
monodisperse, entangled melt at low frequencies. This is due to the fact that the PMMA
resin utilized here has a large dispersity (B = 1.5); thus the characteristic behavior for a
monodisperse melt should not be expected.

When PMMA-g-NPs are incorporated in PMMA parts printed by FFF, a noticeable
increase in the G’(w) response is observed across all frequencies. Enhancements in G’ ()
are indicative of interfacial interactions between polymer matrix chains and nanoparticle
additives that alter the relaxation dynamics of the matrix polymer 9121127 Ag expected,
increasing the loading level of PMMA-g-NPs by an order of a magnitude (0.1 wt% to 1.0
wt%) increases the number density of interactions, conveyed through either interdiffusion
or entanglements between the polymer matrix and polymer graft, which results in an
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Figure 3.2. Rheological measurements show that increasing the loading level of PMMA-
g-NPs in FFF-printed PMMA parts increases both the storage modulus (A) and complex
viscosity (B). A reference temperature of 170 °C was used to create time-temperature

superposition master curves displayed here.
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increase in the melt response. Specifically, at intermediate frequencies (wat > 10 rad/s),
G’(w) increases as the PMMA-g-NP loading level increases. Increases in the storage
modulus at intermediate frequencies are attributed to elastic reinforcement provided by the
presence of polymer-grafted Si NPs. 2" Moreover, all samples exhibit a liquid-like response
in the terminal regime, and samples containing PMMA-g-NPs exhibit the same high-
frequency and low-frequency power law exponents as pure PMMA. This type of behavior
is expected for polymer nanocomposites containing spherical additives as previous
research efforts have determined that a solid-like response does not develop until ~2.5
vo1%.8%90128 Thys, a liquid-like response is expected since PMMA-g-NP loadings of 0.1
wt% and 1.0 wt% correspond to 0.04 vol% and 0.4 vol%, respectively. However, even
though all samples display a liquid-like response in the terminal regime, increasing the
loading level of PMMA-g-NPs is demonstrated to increase the G’(®) response in the
terminal region. These results align with previous research efforts investigating the
rheological response of polymer-grafted nanoparticles assembled in surface fractal
nanostructures. 10127

Specifically, Kumar et al. observed that the elastic response of polystyrene-grafted
nanocomposites having a connected sheet nanostructure increased as the loading level
increased from 0.5 to 5.0 wt%.%! Increases in the G’(w) response were attributed to
interfacial interactions involving graft chains with the graft chains of neighboring polymer-
grafted particles and graft chain interactions with polymer matrix chains. Coupling
assessments of SAXS and melt rheology, | infer that the PMMA-g-NPs utilized herein
organize in connected sheet nanostructures throughout PMMA printed parts. While these
nanocomposites do not display a solid-like response, it is apparent that increasing the
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loading level of PMMA-g-NPs increases the elastic response. The gradual increase in the
G’(w) response as a function of loading level is attributed to increases in the number density
of interfacial interactions between graft chains with graft chains on adjacent particles and
with polymer matrix chains.

Furthermore, frequency-dependent complex viscosity curves, which are presented
in Figure 3.2B, show a monotonic increase in the complex viscosity of FFF-printed
nanocomposites as the loading level of PMMA-g-NPs increases. Increases in n*| are
suggestive of favorable interfacial interactions between the polymer matrix and
nanoparticle that alter the relaxation dynamics of the matrix polymer.®**?! This observation
—an increase in the complex viscosity as the loading level of PMMA-g-NPs - is expected
because increasing the loading level by an order of magnitude (0.1 wt% to 1.0 wt%) should
increase the number of interfacial interactions between the polymer graft and matrix
polymer. Although [n*| increases as the nanoparticle content increases, all sample patterns
behave similarly. Specifically, at low frequencies the formation of a plateau is present,
while at high frequencies all samples exhibit the non-Newtonian behavior of shear
thinning.

To assess how the incorporation of PMMA-g-NPs into FFF-printed PMMA parts
impacts the thermomechanical properties, such as the glass transition temperature (Tg) and
the storage and loss moduli, dynamic mechanical analysis (DMA) using a constant-strain
temperature ramp protocol were completed. As seen from the temperature dependence of
tan 6, which is presented in Figure 3.3A, the T4 of FFF-printed nanocomposites increases
as the loading level of PMMA-g-NPs increases. (As noted previously, the maximum in the

normalized dissipation factor tan & is assigned as the T4, and values are shown in the
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Figure 3.3. Constant-strain temperature ramp measurements show that the glass transition
temperature (A), storage modulus (B), and loss modulus (C) of nanocomposite PMMA

parts containing PMMA-g-NPs increase with increasing filler content.
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legend of Figure 3.3A.) Deviations from bulk T4 values for polymer nanocomposites are
attributed to interfacial interactions between the additive and polymer matrix that alter
chain dynamics within the interfacial zone, which manifest as a change in the Tg of the
nanocomposite.®>’* More specifically, depressions in bulk Ty values are attributed to
repulsive interactions,®’*"> while increases from bulk Ty values suggest favorable
interactions between the nanoparticle and polymer.’*"6-"® As seen from the normalized tan
d curves displayed in Figure 3.3A, relative to the bulk T4 value for pure (unfilled) FFF-
printed PMMA (108 °C), as the loading level of PMMA-g-NPs increases to 1 wt% the Tg
of the nanocomposite increases to 110 °C. These results compliment rheology
measurements, which suggest that increases in melt rheology were due to interfacial
interactions involving graft and matrix chains. Furthermore, these results are consistent
with those reported by Dubois et al.,, who observed increases in the Ty of poly(e-
caprolactone) nanocomposites as the loading level of polymer-grafted cellulose
nanocrystals increased. As described by Dubois et al., increases in the Ty of
nanocomposites suggests that interfacial interactions, such as interdiffusion and
entanglements between the graft and polymer matrix chains, restrict the molecular motions
of polymer matrix chains, resulting in an increase in the T.1%°

Furthermore and as seen in Figure 3.3B and 3.3C, increasing the loading level of
PMMA-g-NPs up to 0.3 wt% increases both the storage, E’, and loss, E”, moduli of FFF-
printed PMMA nanocomposites. Specifically, compared to virgin PMMA samples, a 120%
increase in E” and a 118% increase in E” is observed in the glassy regime when PMMA-g-
NPs are incorporated at a 0.3 wt% loading level. These results are consistent with previous

research efforts that examined how the thermomechanical properties of polymer
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nanocomposites are affected by the addition of polymer-grafted nanofillers.*?°'% For
example, Shi et al., observed a 14% increase in the storage modulus when PMMA-g-NPs
were incorporated in poly(vinyl chloride) at a 2.5 wt% loading level, while Goh et al.,
observed a 50% increase in the storage modulus of poly(vinylidene fluoride)
nanocomposites containing PMMA-g-NPs at a 0.42 wt%.'3%13! As described by Schadler
et al., increases in E’ for polymer nanocomposites containing surface-modified additives
is indicative of favorable particle-polymer interactions that enhance the stress-transition
from the polymer matrix to the nanoparticle additive thereby providing material
reinforcement.**? The combination of DMA results and assessments from rheology support
this interpretation.

To assess the effect of incorporating PMMA-g-NPs into PMMA filaments on the
macroscopic properties of parts printed by FFF, DMA strain-sweeps and tensile tests were
completed. Representative DMA stress-strain curves displayed in Figure 3.4 show that
compared to parts printed with pure (unfilled) PMMA, the Young’s modulus increases
when PMMA-g-NPs are incorporated in PMMA printed parts. While Figure 3.4 shows one
set of representative samples, average values of Young’s modulus are ~50% higher at all
loading levels of PMMA-g-NPs, with the greatest increase (61%) in the Young’s modulus
observed at 0.3 wt%. As suggested by Kumar et al., increases in the Young’s modulus for
nanocomposites containing particulate additives are expected in the linear response regime
because the nanocomposite blends the properties of hard and soft matter.%

In addition to DMA strain-sweep measurements that examine the linear response
regime, tensile tests were used to investigate how the addition of PMMA-g-NPs impacts
the extensional properties of FFF-printed PMMA nanocomposites that are strained to
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Figure 3.4. DMA results show that all samples display a significant increase in the Young’s
modulus even at low loading levels (< 1.0 wt% based on Si), with the largest increase
(61%) observed at 0.3 wt%. Values of the Young’s modulus given in the legend are based

on measurements of five replicate samples and the corresponding standard deviation.

macroscopic failure. Tensile measurements show an increase in the tensile modulus and
ultimate tensile strength (UTS) as the loading level of PMMA-g-NPs increases as displayed
in Figure 3.5. These results are similar to the behavior observed from DMA measurements.
As seen in Figure 3.5, all samples display analogous deformation patterns regardless of the
PMMA-g-NP loading level. The samples exhibit elastic deformation followed by yielding
and then stain-hardening. This pattern of behavior has been observed previously for FFF-
printed materials containing nanoparticles,'?! and as stated by Vaia et al., when
nanocomposite deformation patterns are similar to that of the unfilled polymer, regardless
of the additive loading level, it indicates that the macroscopic deformation process is

predominantly governed by the matrix polymer.t3® Given the low loading levels used
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Figure 3.5. Representative tensile tests show an increase in the tensile modulus and UTS
as the loading level of PMMA-g-NPs increases. While the sets of data shown are from
single measurements, values of the tensile modulus given in the legend are based on

measurements of five replicate samples.

herein, this is a reasonable conclusion. Nevertheless, while the nanocomposites have
identical deformation patterns, the addition of PMMA-g-NPs into PMMA has a
considerable impact on the mechanical properties of parts printed by FFF. For instance, as
compared to unfilled PMMA, increasing the loading level of PMMA-g-NPs up to 0.3 wt%
(based on Si wt%) increases the tensile modulus by 52% and the UTS by 116%. Increases
in the tensile modulus and UTS of polymer nanocomposites are generally attributed to
favorable interactions between the inorganic additive and polymer matrix. For instance,
increases in the UTS of polymer-grafted nanocomposites are attributed to increases in the
number density of interfacial interactions between graft chains and matrix chains, which

improve the polymer-grafted nanocomposites ability to dissipate stress,’9101:105.134
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Although both the UTS and tensile modulus increase with increasing PMMA-g-NP
content, the elongation at break remains essentially unaffected. Some researchers report
that the addition of nanoparticles decreases the elongation at break, while others observe
increases in the elongation at break when nanoparticles were added.®®%7212L As a result of
these diverging reports and to avoid speculation, an explanation for the elongation at break
values is not provided.

Overall, the results obtained from DMA measurements and from tensile tests
clearly indicate that incorporating PMMA-g-NPs in PMMA resin to create hanocomposite
filaments increases the mechanical properties of FFF-printed specimens. The average
values from DMA and tensile measurements are reported in Table 3.2. As seen in Table
3.2, the mechanical properties increase as the loading level of PMMA-g-NPs increases,
and there is a signature of an optimal loading level. Additionally, results from DMA strain-
sweep and tensile measurements agree with constant-strain temperature ramp
measurements. For instance, all measurements exhibit an increase in the modulus as the
loading level of PMMA-g-NPs incorporated into FFF-printed PMMA nanocomposites
increases. Additionally, the pattern of increasing modulus as the loading level of PMMA-
g-NPs increases up to 0.3 wt% is observed across multiple measurement techniques.

These macroscopic assessments demonstrate how molecular engineering, conveyed
by tailoring polymer-particle interactions at the nanoscale via polymer-decorated
nanoparticles, dictates the macroscopic performance of FFF-printed parts. Coupling these
assessments with SAXS and rheology results allow inferences to be made regarding the
mechanism of reinforcement. Specifically, SAXS results indicate that the nanostructure
does not change as the loading level of PMMA-g-NPs increases, but increasing the loading
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Table 3.2. Mechanical properties of PMMA nanocomposite samples containing PMMA-g-

NPs manufactured by FFF.2

Ultimate Tensile Elongation at Young’s
Tensile Modulus
Loading Level® Strength break Modulus
(MPa)
(MPa) (%) (MPa)

Pure PMMA 18+3 1159 + 162 23109 1223 + 157
PMMA w/ 0.1 wt% PMMA-g-NPs 30+4 1710 £ 192 27+0.1 1852 + 116
PMMA w/ 0.3 wt% PMMA-g-NPs 39+5 1931 + 136 3.1+£0.7 1988 + 126
PMMA w/ 1.0 wt% PMMA-g-NPs 25+1 1508 + 85 26+0.1 1799 + 54

aAll values (average + the standard deviation) result from measurement of 5 replicate
samples.

b |oading level based on wt% of Si.

level of PMMA-g-NPs has an observable impact on the rheological response. These sets
of results suggest that the nanostructure of all nanocomposites are organized in connected
sheets (surface fractals) and increasing the loading level by an order of a magnitude (0.1
wt% to 1.0 wt%) increases the number density of interfacial interactions between graft
chains with neighboring polymer-decorated particles and matrix chains. Increases in the
number density of interactions within the particle network are demonstrated to enhance
stress-transmission from the polymer matrix to the nanoparticle additives, which provide
mechanical reinforcement as seen in DMA and tensile tests. These inferences align with a
previous report by Kumar et al., who demonstrated that polystyrene-g-NPs arranged in
surface fractals participate in interfacial interactions with matrix chains and the graft chains

on surrounding particles.’® While a percolated network is not observed here, we similarly
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infer that interfacial interactions, conveyed as entanglements and interdiffusion across the
polymer matrix/additive interface, allow stress to be dissipated to particle clusters within
the nanocomposites which increase the performance of FFF-printed parts.%

Although the incorporation of polymer grafted nanoparticles improves the material
properties of 3D printed parts, the decrease in the mechanical properties observed when
loading level of PMMA-g-NPs increases to 1.0 wt% suggests there is an optimal loading
level. This pattern of behavior — the presence of an optimal loading level that maximizes
mechanical properties —has been reported in various nanocomposite studies.>!313" As
described by Schadler et al., a drop off in performance observed at higher loading levels is
attributed to the formation of an agglomerated state.® The presence of a large agglomerated
state could be present at 1.0 wt% but the size of these structures cannot be detected from
the g-range covered by SAXS. Therefore, additional research utilizing USAXS and higher
loadings levels than 1.0 wt% are needed to clarify the reason for the relative decrease in
performance.

It is useful to frame the impact of the technological innovation manifest in the
approach and results by comparing the results reported here to those of observed in our
previous effort when bare (unfunctionalized) Si NPs were incorporated into FFF-printed
parts. Specifically, SAXS results demonstrate that PMMA-g-NPs arrange in larger,
connected sheets compared to bare (unfunctionalized) Si NPs that are arrange in well-
dispersed mass fractals.*?! Additionally and as seen in melt rheology master curves
displayed in Figure B.7 and B8 in Appendix B, compared to bare Si NPs, incorporating
PMMA-g-NPs results in significant increases to both the elastic response, G’(®), and
complex viscosity at comparable loading levels. Increases in the melt properties for

81



nanocomposites containing PMMA-g-NPs are accompanied by a marked improvement in
the mechanical properties. For example, at the highest loading level of bare Si NPs
previously studied (1 wt%) only a 41% increase in the Young’s modulus was observed,
whereas incorporating PMMA-g-NPs at 0.3 wt% lead to a 61% increase in the Young’s
modulus.*?! Furthermore, not only are the improvements in the Young’s modulus observed
for nanocomposites containing PMMA-g-NPs well above those obtained when bare Si NPs
were incorporated, but even the Young’s modulus value obtained at the lowest loading
level (0.1 wt%) of PMMA-g-NPs surpass those obtained at the highest loading level (1.0
wt%) of bare Si NPs.!?! Additionally, at low loading levels (0.1 wt% and 0.3 wt%),
incorporating PMMA-g-NPs led to a noticeable improvement in the UTS, Young’s
modulus, storage modulus, and loss modulus compared to equivalent loading levels when
bare Si NPs were utilized.?* These results highlight how tailoring interactions on the
nanoscale, expressed here by polymer-grafted nanoparticle, can be effectively managed to

control the mechanical properties of polymer nanocomposites.

3.5 Conclusions

This research effort demonstrates that the thermomechanical properties of parts
manufactured by FFF can be enhanced by tailoring the interfacial interactions between the
polymer matrix and additive. Specifically, attaching PMMA chains to silica nanoparticles
provides a novel route to increase the number density of interfacial interactions between
the polymer matrix and nanoparticle additive, which increases the stress-transfer within the
nanocomposite and improves the mechanical properties. This inference is supported by

SAXS and rheology measurements, which suggest that PMMA-g-NPs arrange in
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connected sheets which dissipate stress through graft chain interactions with the polymer
matrix and the graft chains of nearby PMMA-g-NPs. The results reported herein provide
proof-of-concept that the thermomechanical properties of parts fabricated by FFF can be

enhanced by tailoring the interfacial interactions between the additive and polymer matrix.
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CHAPTER 4: SELF-COMPLEMENTARY MULTIPLE HYDROGEN
BONDING ADDITIVES ENHANCE THERMOMECHANICAL
PROPERTIES OF PMMA STRUCTURES CREATED BY FUSED
FILAMENT FABRICATION
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This chapter describes work submitted to ACS Macromolecules in 2019. | synthesized all
of the copolymer additives and generated all of the printed parts in this work and performed
all of the thermomechanical characterizations. Coauthors include William K. Ledford and
Abigail A. Allison who helped with filament preparation and additive characterization,
Steven Patterson and Jamie M. Messman who completed tensile measurements, Brad
Lokitz who helped with instrument training, Deanna L. Pickel who provided insight

regarding specimen fabrication, and Prof. S. Michael Kilbey I1, who advised this work.

4.1 Abstract

Nonbonded interactions provide a way to guide the assembly and alter the physical
properties of soft polymeric materials. Here, self-complementary hydrogen bonding
interactions conveyed through polymeric additives dramatically enhance
thermomechanical properties of poly(methyl methacrylate) specimens printed by Fused
Filament Fabrication (FFF). Random copolymer additives comprised of methyl
methacrylate (MMA) and a methacrylate monomer containing 2-ureido-4-pyrimidone
(UPy) pendant groups (UPyMA), which self-dimerize through quadruple hydrogen
bonding interactions, were incorporated at 1 wt% in a high molecular weight PMMA
matrix. Results from dynamic mechanical analysis show that as the UPyMA comonomer
content in the p(MMA-r-UPyMA) copolymer additive increases up to 5 mol%, there is a
50% increase in the Young’s modulus and a 62% increase in the storage modulus.
Concomitantly, there is an 85% increase in ultimate tensile strength and a 100% increase
in tensile modulus. Additionally, melt rheology measurements indicate that the storage

modulus and complex viscosity of the multicomponent blends are unaffected by the
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incorporation of p(MMA-r-UPyMA) additives, regardless of the UPyMA content. In
aggregate, these results suggest that using reversible, non-bonded intermolecular
interactions, such as multidentate hydrogen-bonding, provides a novel route to overcome
the mechanical property limitations of FFF-printed materials without affecting melt

processability.

4.2 Introduction

Advances in supramolecular chemistry have fostered the development of tailored
polymers that are triggered to organize and assemble by non-bonded interactions. Of the
three principle mechanisms used by nature to drive self-assembly — hydrogen bonding,
metal ion coordination, and r-stacking — hydrogen bonding interactions are used most often
to create responsive or functional polymeric materials.!® The fact that hydrogen bonding
interactions can be broken at elevated temperatures has stimulated the development of a
variety of novel thermoresponsive polymers that exhibit excellent mechanical properties at
use temperatures and low viscosities during melt processing.?>-2"13%140 QOne of the first
examples along these lines was work by Meijer et al., who described how functionalizing
hydroxyl end groups of a telechelic poly(ethylene oxide-co-propylene) copolymer with 2-
ureido-4[1H]-pyrimidone (UPy) groups impacted thermomechanical properties of the
copolymer in the melt state.?® Specifically, unfunctionalized PEO-co-PPO copolymers
were covalently crosslinked through terminal hydroxyl groups and the melt state
characteristics were compared to telechelic PEO-co-PPO copolymers functionalized with
UPy groups, which crosslink through thermoreversible physical interactions. They showed

that in comparison to the covalently crosslinked polymers, PEO-co-PPO copolymers
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functionalized with UPy end groups displayed an increase in the plateau modulus,
enhanced shear-thinning, and exhibited a rubbery plateau region in the storage modulus.
These enhancements were attributed to hydrogen bonding interactions between UPy
groups, which are known to self-dimerize in a donor-donor-acceptor-acceptor fashion.
They concluded that the reversibility of the self-complementary, tetradentate hydrogen
bonding interactions between UPy groups allows the copolymers to assemble efficiently,
creating a more interconnected, thermodynamically stable network. On the other hand,
covalent crosslinking of the unfunctionalized copolymer is irreversible, leading to a
kinetically hindered network.?®

In addition to attaching UPy groups to polymer chain ends, Meijer et al. also
examined how varying the interaction strength of hydrogen bonding groups impacted the
properties of telechelic oligomers.*-143 For example, they investigated how the melt state
properties of telechelic PEO-co-PPO systems were affected when terminal hydroxyl
groups were either covalently crosslinked, modified with urea groups, or modified with
UPy (which has a high self-dimerization constant). In comparison to the covalently
crosslinked copolymer, they found that telechelic copolymers modified with hydrogen
bonding groups exhibit a higher plateau modulus due to the formation of a highly
interconnected, thermodynamically stable network. However, even though UPy or urea-
functionalized copolymers created a thermally-reversible, hydrogen bonding network, the
bulk viscosity of copolymers modified with urea was noticeably higher than those
containing UPy groups. Meijer et al. attributed this behavior to differences in the hydrogen
bonding interactions that lead to the formation of two distinct polymer networks.
Specifically, they determined that copolymer systems with urea groups organize in
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microphase separated, hydrogen bonding arrays, while those with UPy groups dimerize in
a unidirectional, end to end arrangement.4!

These seminal reports stimulated numerous studies that examine how incorporating
self-complementary multiple hydrogen bonding (SCMHB) groups along the backbone of
macromolecules impact the resultant thermomechanical properties.***4" For example,
Long et al. investigated how the thermomechanical properties of random copolymers
containing 2-ethylhexyl methacrylate and 2-ureido-4[1H]-pyrimidone methacrylate
(UPYMA) were affected as the UPyMA comonomer content increased. The role of
noncovalent associations on properties were probed by tensile tests, creep compliance
measurements, and melt rheology. They showed that the tensile strength increased by
400% as the UPyMA comonomer content increased to 3 mol%. Moreover, storage modulus
master curves obtained from rheology measurements show that the plateau modulus was
elevated and lengthened significantly as UPyMA comonomer content increased.
Improvements in the thermomechanical properties of these copolymers were attributed the
formation of a physically crosslinked material due to self-complementary, multiple
hydrogen bonding of UPy groups, which have a high self-dimerization constant.?®
Additionally, Coates et al. examined how the mechanical properties of polyolefin films
were affected as the comonomer content of a UPy-containing 1-hexene derivative
increased from 0 mol% to 2 mol%.**" Specifically, they synthesized polyolefins by
copolymerizing 1-hexene and a 1-hexene derivative containing a terminal UPy-group. As
compared to homopolymer films of poly(1-hexene), copolymer films containing UPy
motifs displayed a 1600% increase in the ultimate tensile strength at a UPy comonomer
content of 2 mol%. This increase was attributed to physical crosslinks between UPy groups,
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which inhibits polymer chains from moving past one another during deformation. As a
result, the amount of stress required to deform the films increased significantly.

Inspired by these research efforts, with this work | detail for the first time how the
addition of copolymers containing UPy groups provide reinforcement to 3D-printed parts
made by FFF. It is well known that polymeric structures created by FFF exhibit inferior
properties compared to monolithic structures fabricated by conventional processing
methods such as injection molding or blow molding. Moreover, although the FFF process
relies on melt extrusion, rapid cooling of the printed bead gives rise to exceptionally weak
interfaces because chains from adjacent beads do not have time to entangle across bead
interfaces before cooling below their glass transition temperature. Motivated by these
issues and the potential for reinforcement through supramolecular assembly across bead
interfaces, | systematically examine how increasing the composition of p(MMA-r-
UPyMA) additives affects the mechanical and thermal properties of PMMA-printed parts.
While melt rheology suggests that the thermoreversible nature SCMHB negates any impact
on processing of the blends, assessments of macroscale performance indicate that the self-
dimerization of the UPy groups in the random comonomer additive is responsible for
significant increases in thermomechanical properties of FFF-printed parts. These
fundamental studies suggest that multiplexed nonbonded interactions can be used to
enhance the thermomechanical properties of parts created by the non-isothermal, non-

equilibrium FFF process.
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4.3 Experimental Methods
4.3.1 Materials and Copolymer Synthesis
Materials. To remove the inhibitor, methyl methacrylate (MMA) (Aldrich, 99%) was
passed through a basic alumina column. 2,2°-Azobis(2-methylpropionitrile) (AIBN,
Aldrich, 98%) was recrystallized from methanol. Atactic poly(methyl methacrylate) beads
(Polysciences Inc., MW = 100,000 g mol™) were heated in vacuo at 100 °C before use. All
other materials were used as received unless specifically stated otherwise.
Monomer and Copolymer Syntheses. The self-dimerizing hydrogen bonding monomer, 2-
ureido-4[1H]-pyrimidone methacrylate (UPyMA), was synthesized according to protocols
described by Long et al.?®?" In a typical procedure, 54.80 g (35.4 mmol) of 2-
isocyanatoethyl methacrylate and 40.18 g (32.1 mmol) of 2-amino-4-hydroxy-6-
methylpyrimidone were added into a flame-dried 250 mL round bottom flask containing
200 mL of DMSO under an argon atmosphere. (Note: as suggested by Long et al., 2-amino-
4-hydroxy-6-methylpyrimidine was heated overnight in vacuo at 100 °C before use.?>?")
The round bottom flask was immersed in an oil bath pre-heated to 150 °C for 30 minutes
and then it was removed and allowed to cool to room temperature, which causes the
product, UPyMA, to precipitate from solution. The solid product was isolated by vacuum
filtration, rinsed with methanol to remove residual DMSO and starting materials, and then
dried at room temperature in vacuo overnight. The UPyMA monomer was characterized
by *H NMR. (See Figure C.1 in Appendix C.)

Random copolymers consisting of MMA and UPyMA comonomers were
synthesized via free radical polymerization. The preparation of a copolymer targeted to be

3 mol % UPyMA is offered as an example: First, 1.75 g (17.5 mmol) of MMA and 156 mg
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(0.562 mmol) of UPYMA were added to a 100 mL round bottom flask containing 4 mg
(0.0225 mol) of AIBN dissolved in 50 mL of THF and a magnetic stir bar. The flask was
sealed with a rubber septum, the contents were sparged with argon, and then the flask was
lowered into an oil bath pre-heated to 60 °C. After 24 h, the reaction was quenched by
immersing the flask in liquid nitrogen. Once the reaction mixture thawed, it was filtered to
remove any undissolved UPyMA monomer. The filtrate was precipitated into chilled
hexanes and the solid copolymer was collected and dried overnight in vacuo at 30 °C. The
molar composition and molecular weight of the p(MMA-r-UPyMA) additives were
determined via *H NMR and GPC and results are presented in Figure C.2 and Figure C.3,
respectively, as seen in Appendix C. Copolymers having different compositions were made
by adjusting the ratio of MMA:UPYMA while keeping the total monomer concentration
constant at 18.1 mmol. Throughout the manuscript, the p(MMA-r-UPyMA) copolymers

are referred to by the UPyMA comonomer feed composition.

4.3.2 Extrusion of Filament and FFF

Filament Preparation. To create multicomponent PMMA filaments containing the
SCMHB copolymer additive, PMMA beads were combined with the UPyMA-containing
copolymer at 1 wt% loading with respect to the copolymer additive. A 1 wt% additive
loading level was chosen based on the view that additives should be effective at low levels
as well as my previous research involving nanocomposite filaments.*?! Due to the capacity
of the extruder, 400 mg of the p(MMA-r-UPyMA) additive was added to 39.6 g of PMMA
beads and the mixture was blended at high speed using a Magic Bullet® 250 W. This

mixture was added to the hopper and extruded through a 2.85 mm circular die using a

91



Filabot EX2 extruder. The Filabot EX2 extruder is a single screw with one heating zone
and an L/D ratio of 10:1. Multicomponent filaments were extruded with the heating zone
set to 180 °C and a screw speed of 25 RPM. After extrusion, the diameter of the
multicomponent filaments was measured with calipers at numerous locations to verify that
the filament diameter varied by < 0.2 mm.

3D Printing of Test Specimens by FFF. A Lulzbot Mini 3D printer was used to fabricate
PMMA specimens containing p(MMA-r-UPyMA) additives. DMA and tensile specimens
conforming to ASTM D7028 and ASTM D638 (standard V) specifications, respectively,
were generated using Autodesk® AutoCad® 2017s (student version). Once a template was
created in AutoCad, the file was exported as an STL file and then imported into the Cura
software used by the Lulzbot for 3D printing. At least five samples of each type (DMA and
tensile bars) were printed for each testing method. Specimens were printed in the x-y plane
using an extrusion temperature of 240 °C and a bed temperature of 110 °C. Samples were
fabricated using a +45/—45 raster angle and the printer settings were as follows: 0.5 mm
nozzle size, 0.425 mm initial layer thickness, 0.25 mm layer height with a 100% fill density.
(The remaining settings were left at standard values for ABS established by the Cura
software.) The print bed was allowed to cool to room temperature prior to sample removal

to minimize deformation prior to mechanical testing.

4.3.3 Instrumentation and Characterization

IH NMR spectra of random copolymers in deuterated chloroform at 25 °C were
obtained using a Varian VNMRS 500MHz spectrometer. Number-average molecular

weight, My, and dispersity, D, of each copolymer were determined at 25 °C using an
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Agilent 1260 Infinity 1l GPC using THF at a flow rate of 1.0 mL/min as the mobile phase.
The Agilent GPC was equipped with a Wyatt Dawn® Helios® 8 Multi-Angle Light
Scattering Detector, ViscoStar® 111, and an Optilab® T-rEX™. Molecular weights reported
herein are obtained via conventional calibration analysis using polystyrene standards. The
glass transition temperature, Ty, of each copolymer additive was measured using a TA
Instruments Q-2000 Differential Scanning Calorimeter. In a typical procedure, 5-10 mg of
the copolymer was sealed in an aluminum pan, which was subjected to a heat/cool/heat
cycle from 50-160 °C at a rate of 10 °C/min. Tq4 values are reported as the midpoint of the
transition recorded on the second heating ramp. A MTS Criterion Model 43 Test System
equipped with a 10 kN load cell was used for tensile measurements. Tensile testing adhered
to the ASTM D638 standard, which utilizes a 1 mm/s elongation rate and a grip separation
distance of 25.4 mm.

A TA Instruments DMA Q800 equipped with a dual cantilever clamp was utilized
to investigate the thermomechanical properties of FFF-printed multicomponent blends. To
determine the Young’s Modulus, the samples were first equilibrated at 30 °C and then
subjected to a constant-frequency strain sweep using a frequency of 1 Hz while completing
an amplitude sweep from 20 to 2000 pum. Storage and loss moduli and T4 were determined
from constant-strain temperature ramp experiments using a 0.1% strain and a temperature
ramp from 30 to 140 °C at 10 °C/ min. T4 values are reported as the peak maximum of tan
8. The frequency-dependent complex viscosity and storage modulus of FFF-printed
multicomponent blends were determined using a TA Instruments Discovery Hybrid

Rheometer-3. For these measurements, a constant-strain frequency sweep was completed
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at various temperatures to construct master curves via time-temperature superposition.
Specifically, an FFF-printed sample was equilibrated at 180 °C and then the molten
polymer was compressed between parallel plates (25 mm diameter) to set an interplate gap
of 1000 um. Next, a series of frequency sweeps from 0.1 to 100 Hz using a strain of 0.1%
were completed at various temperatures, beginning at 180 °C and decreasing to 130 °C
using decrements of 10 °C. Frequency-dependent master curves were created using time-
temperature superposition analysis (using the TRIOS software provided by TA
Instruments). The master curves displayed later in this Article were generated by setting
the reference temperature of the frequency sweeps to 180 °C and the shift factors, a: (WLF
type), used to construct the frequency-dependent complex viscosity and storage modulus

master curves are displayed in Figure C.4 in Appendix C.

4.4 Results and Discussion

Four methacrylate-based copolymers containing the UPyMA comonomer in
different molar proportions (1 mol%, 3 mol%, 5 mol%, and 10 mol% relative to MMA;
indexed to feed composition) were synthesized and characterized. These copolymers were
used to investigate how hydrogen-bonding interactions, conveyed through pendant UPy
groups along the backbone, impact the thermomechanical properties of FFF-printed parts.
For convenience, these copolymer additives will be referred to as p(MMA-r-UPyMA).
Table 4.1 reports the molecular characteristics of the copolymers. Molecular compositions
determined by *H NMR show that the incorporation of the UPyMA comonomer can be
tailored, and the compositions closely follow the comonomer ratios used during free radical

polymerization. The set of functional H-bonding copolymers have comparable molecular
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Table 4.1. Molecular characteristics of p(MMA-r-UPyMA) additives synthesized via free

radical polymerization.

Monomer Feed UPYMA
Ratio Content in Muw b Ty¢
Sample Name MMA:UPYyMA Copolymer @ (g molh) 2 ®)
(mol %) (mol %)
p(MMA-r-UPyMA) 1% 99:1 0.6 31,820 1.39 117
p(MMA-r-UPyMA) 3% 93:7 35 29,120 2.20 125
p(MMA-r-UPyMA) 5% 95:5 4.8 32,950 1.45 132
p(MMA-r-UPYMA) 10% 90:10 9.6 24,630 1.35 141

a Determined by *H NMR spectroscopy.
b Determined by GPC.

¢ Determined via DSC.

weights and a monotonic increase in the glass transition temperature, T, is observed as the
relative amount (mol %) of UPyMA comonomer increases. The increase in T4 observed
for these UPy-containing copolymers is consistent with previous reports by Long et al.,
who ascribe the increase in Tg as the UPyMA content increases to strong interactions
between the UPy pendant groups.??’

Using this set of copolymers, multicomponent filaments were successfully
produced by compounding the p(MMA-r-UPyMA) additives with PMMA pellets and
extruding the resulting blend. For convenience and because all multicomponent blends
contain the same loading level of the copolymer additive (1 wt%), parts printed from
multicomponent filaments will be referred to as PMMA with X mol% UPyMA, where
“PMMA” designates the matrix polymer and “X mol% UPyMA” captures the UPyMA

content of the random copolymer additive as set by comonomer feed ratio. The conditions
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reported in the Experimental section and used to extrude the multicomponent filament,
including the process temperature, screw speed, etc., represent an optimized condition for
the system. (Results of trial extrusion and printing are not presented.) As noted earlier, the
p(MMA-r-UPyMA) additives were incorporated at a loading level of 1 wt%, a choice that
is guided by the general notion that additives should be effective at low loading levels and
also based on my previous report showing that silica nanoparticles at 1 wt% loading gave
the greatest enhancement in thermomechanical properties of FFF-printed
nanocomposites.'?* Also, fixing the loading level of the copolymer additive and molecular
weight allows the impact of UPyMA content to be systematically examined.

DMA measurements and tensile tests were used to examine how increasing
UPyYMA content impacts the mechanical properties of the additive modified FFF-printed
parts. Representative DMA curves displayed in Figure 4.1 show that increasing the
UPyMA content in the copolymer additive up to 5 mol% increases the Young’s modulus
of FFF-printed specimens made from the multicomponent filaments. Specifically,
incorporating the UPyMA comonomer up to 5 mol% led to a 50% increase in the Young’s
modulus as compared to PMMA parts fabricated from virgin (unmodified) filaments. It is
important to note that the values of Young’s modulus reported in the legend of Figure 4.1
are averages resulting from measurements of five samples (+ the standard deviation), while
the data plotted in the figure is a set of individual samples.

While DMA measurements probe the linear response regime, tensile tests also were
completed to examine how the presence of additives that offer SCMHB impact mechanical
properties of FFF-printed parts that are strained through failure. Representative stress-
strain curves from tensile testing shown in Figure 4.2 indicate that increasing the UPyMA
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Figure 4.1 DMA results show an increase in the Young’s modulus of all FFF-printed parts
containing copolymer additives compared to the unmodified PMMA. Moreover, the
Young’s modulus increases as the UPyMA composition increase from 1 mol% to 5 mol%.
Values of the Young’s modulus given in the legend are averages based on measurements

of five replicate samples.
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Figure 4.2. Multicomponent blends containing random copolymer additives having

SCMHB UPy groups show increases in tensile modulus and ultimate tensile strength as the

UPYMA content present in the copolymer additive increases up to 5 mol%. A

representative trace from a series of replicate tests is shown for each copolymer additive,

and the values of tensile modulus provided in the legend are based on measurements of

five replicate samples.
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comonomer content up to 5 mol% increases the mechanical properties, which is similar to
the trend observed from DMA.. Here again, values in the legend report the average tensile
modulus obtained from five samples (and the corresponding standard deviation). While the
deformation behavior of all FFF-printed samples is similar, the mechanical properties of
FFF-printed parts are significantly affected by the addition of copolymer additives
containing UPy pendant groups. For example and as shown in Table 4.2, the tensile
modulus increases as the UPyMA comonomer content increases: there is an 85% increase
in the tensile modulus relative to pure (unmodified) PMMA samples when the UPyMA
content in the random copolymer is increased up to 5%. In addition to the enhancements
observed in the tensile modulus, the ultimate tensile strength (UTS) also increases as the
UPyYMA content increases. For instance, an average UTS of 42 MPa is observed for FFF-
printed parts enriched with the copolymer additive having 5 mol% UPyMA comonomer,
while parts created using pure PMMA had an average UTS of 21 MPa. The trends observed
herein agree with previous investigations of single component systems in which
incorporation of UPy comonomers was used to improve the mechanical properties of the
resulting polymeric materials.?>*’ For example, in their study of poly(ethylhexyl
methacrylate-co-UPyMA) copolymers, Long et al. showed that in comparison to
poly(ethylhexyl methacrylate) homopolymers, a random copolymer having 3 mol%
UPYMA increased the UTS by 400% and the tensile modulus by 10-fold. Both the
enhanced stiffness and tensile strength were ascribed to physical crosslinking due to
hydrogen bonding interactions conveyed through the UPy pendant groups.?® Although the
magnitude of the changes seen for the UPy-containing copolymers incorporated as
additives are not as large because PMMA is the majority component, they are significant
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Table 4.2. Mechanical properties of FFF-printed parts containing p(MMA-r-UPyMA)

copolymer additives.

Tensile Ultimate
Sample Name Young’s Modulus Modulus Tensile Elongation at
P (MPa) (MPa) Strength break (%0)
(MPa)
Pure PMMA 1493 * 65 1353 + 200 21+ 6 241
PMMA w/ 1 mol% UPyMA 1858 + 128 2197 + 124 35+2 1.7+01
PMMA w/ 3 mol% UPyMA 2004 + 81 2391 + 181 38+5 1.8+0.2
PMMA w/ 5 mol% UPyMA 2240 + 66 2510+ 40 42 +5 23+0.7
PMMA w/ 10 mol% UPyMA 1832 + 159 2307 + 142 37x1 24+0.5

2 All p(MMA-r-UPYMA) additives were incorporated into a PMMA matrix [Mw = 100,000

g mol™?] at 1 wt% loading.

and it is inferred that the increases in stiffness and tensile strength are due to hydrogen
bonding interactions between UPy motifs.

The results presented in Figure 4.2 also show that while the UTS and tensile
modulus increase when additives are present, the addition of UPyMA copolymers does not
affect the average elongation at break (failure strain) or the characteristic deformation
pattern. As reflected in the representative stress-strain curves presented in Figure 4.2, all
samples show elastic deformation followed by brittle fracture. Because the deformation
behavior of the additive modified composite material is similar to that of the unfilled
material (here, pure PMMA), it suggests that the macroscopic deformation process is
mainly governed by the matrix polymer and is not influenced by the addition of the

additive.133
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While these results are a powerful demonstration of how molecular assembly,
which operates at the nanoscale, leads to a significant improvement in the macroscopic
performance of printed materials, it is worth noting that a decrease in the mechanical
properties is observed when the UPyYMA content is increased to 10 mol%. Although
additional studies are being completed to determine the origin of this effect, it is believed
that this is a direct result of competition between intermolecular and intramolecular
hydrogen bonding. It is reasonable to hypothesize that as the UPy content in the random
copolymers increases, there is a concomitant increase in intramolecular hydrogen bonding,
which reduces the density of “active” physical crosslinks present in the FFF-printed parts.
This supposition is consistent with a report by Long et al. that focused on the behavior of
UPy-containing random copolymers.?® Specifically, they noted that in comparison to
copolymers containing lower UPy content (i.e. 1-7 mol% in the random copolymer),
copolymers containing 10 mol% UPy had a significantly higher complex viscosity and
exhibited a different viscosity-temperature profile. Also, they reported that tensile testing
of the random copolymer containing more than 7 mol% UPy could not be completed
because those samples experienced brittle fracture when clamped in the instrument. Based
on these observations, they suggested that the random copolymer system has a critical
concentration of UPy groups, above which the polymeric materials exhibit different
properties and patterns of behavior.?® Thus, the decrease in performance observed in the
multicomponent blends used to make FFF-printed parts when UPyMA content in the
additive reaches 10 mol% suggests that a critical concentration of UPy-pendant groups has
been reached. Additional experiments to access higher UPy content in order to test this
supposition of there being an upper limiting concentration were unsuccessful due to
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solubility issues that arose during polymerizations. Similar issues were reported by Long
et al.”® Therefore copolymers containing more than 10 mol% UPyMA were not used to
make filaments and FFF-printed parts.

Average properties for all specimens examined via DMA strain-sweep
measurements and tensile testing are reported in Table 4.2. The results clearly show that
the mechanical properties of FFF-printed specimens containing random copolymer
additives containing UPyMA comonomers increases as the random copolymer
composition increase up to 5 mol% UPyMA. Furthermore, not only do the mechanical
properties increase as the UPyMA comonomer content increases, but this trend is also
consistent across numerous measurement techniques.

Because self-assembly by hydrogen bonding interactions is temperature dependent,
additional measurements were completed to investigate the temperature dependence of
thermomechanical properties of printed parts containing the SCMHB additives.
Specifically, constant-strain temperature ramp measurements were used to investigate how
increasing the UPy content in p(MMA-r-UPyMA) additives impact the storage modulus,
loss modulus and glass transition temperature of FFF-printed parts. As seen in Figure 4.3A,
the addition of UPy-containing copolymers increases the glass transition temperature of
samples made from the multicomponent blends (113 °C) relative to pure PMMA (109 °C).
While all of the multicomponent FFF-printed samples show a higher Tqrelative to that of
the unmodified PMMA, progressively increasing the UPyMA content in the copolymer
additive does not produce an observable, corresponding change in the Tq4 of the printed
samples. This is likely a product of the low loading level of the random copolymers as well
as the broad transition from an amorphous glass to a viscoelastic fluid. Nevertheless, the
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Figure 4.3. Constant-strain temperature ramp measurements of PMMA-based samples
containing SCMHB random copolymer additives produced by FFF as a function of the
UPyYMA content show that the (A) glass transition temperature, (B) storage modulus, and
(C) loss modulus increase with increasing UPYMA content. These enhancements are

attributed to hydrogen bonding interactions between UPy groups, which serve as physical

crosslinks.
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signal of an increase in the Ty due to the presence of hydrogen bonding additives agrees
with previous reports describing how hydrogen bonding additives affect thermal transitions
of polymer blends. #8151 For example, Inoue et al. showed that increasing the loading level
of a small molecule hydrogen bonding additive, 4,4’-thiodiphenol, in poly(e-caprolactone)
(PCL) from 0 to 40 wt% increased the Tq of the polymer blend by 20 °C.1*° They ascribe
the increase in Tq4 to the formation of a hydrogen-bonded network that produces a
physically-crosslinking polymer network and suggests this lowers the “flexibility” of the
matrix polymer and manifests as an increase in the Ty of the blend.}#1%° Although |
maintained the loading level of the UPy-containing copolymer additives constant at 1 wt%,
the increase in Tgq similarly suggests that the hydrogen bonding interactions provided by
the random copolymer additives leads to the formation of a hydrogen-bonded network.

In addition and as seen in Figure 4.3B and 4.3C, although all samples show similar
patterns of behavior, the thermomechanical properties in the glassy regime are significantly
impacted by the addition of p(MMA-r-UPyMA) additives. For instance, at the initial
temperature used in these measurements (30 °C), both the storage modulus, E’, and loss
modulus, E”, are markedly higher compared to the unmodified PMMA samples. At a
random copolymer composition of 5 mol% UPyMA, there is >60% increase in both E’ and
E”, which are dramatic improvements given that the p(MMA-r-UPYMA) copolymers are
added at only 1 wt%. Also, the results indicate that the storage and loss moduli increase as
the UPyMA comonomer content increases up to 5 mol% but decreases thereafter. The
enhancements in E” and E” as a function of UPy-content appear to be sustained until T ~90
°C, at which point, the curves begin to overlay one another. This pattern of behavior is
compelling and suggests that at temperatures below the dissociation temperature (reported
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to be 80 °C)?*?7, hydrogen bonding interactions between UPy groups are active, leading to
enhancements in thermomechanical properties of FFF-printed parts. Additionally, it is
expected that as the temperature approaches and exceeds the dissociation temperature, self-
complementary quadruple H-bonding of UPy groups is disrupted, thereby diminishing and
eventually eliminating the enhancements in thermomechanical properties. While the data
in Figures 4.3B and 4.3C are consistent with this view, it is noted that PMMA begins to
transition from a glass to a viscoelastic rubber in the same temperature window. (See Figure
4.3A.) Thus, additional studies utilizing a matrix polymer with a T that is distinctly above
the dissociation temperature of UPy groups would be needed to separately assess the
impact of dissociation of UPy groups on the thermomechanical properties of FFF-printed
parts. The increase in the storage and loss moduli as a function of UPy-content is consistent
with previous reports showing that the thermomechanical properties of polymer blends can
be improved by hydrogen-bonding interactions. 48151-153 For example, Abetz et al. showed
that the storage and loss moduli of styrene-b-styrene-r-butadiene-b-styrene (S-S/B-S)
triblock copolymers increased when the butadiene units present in the middle block were
modified such that they presented hydrogen bonding groups.*®? Specifically, they showed
that modifying butadiene repeat units with benzoic acid enhanced the storage and loss
moduli relative to unfunctionalized S-S/B-S copolymers, and increasing the number of
benzoic acid groups increased the moduli. This behavior was attributed to physical
crosslinking through self-complementary, hydrogen bonding between carboxylic acid
groups.*?

In addition to DMA and tensile tests, which highlight how the macroscopic
properties of FFF-printed parts are impacted by the incorporation of copolymer additives
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containing hydrogen bonding motifs, low-amplitude oscillatory-shear measurements were
completed to examine melt flow characteristics. The angular frequency-dependent storage
modulus and complex viscosity of FFF-printed PMMA parts containing no copolymer
additive (designated as Pure PMMA) and multicomponent samples containing p(MMA-r-
UPyMA) additives with increasing UPyMA comonomer content (1-10 mol%) are shown
in Figure 4.4. These results suggest that neither the storage modulus nor the complex
viscosity are affected by the incorporation of p(MMA-r-UPyMA) additives. Specifically,
the frequency dependent storage modulus, G’(®), which is shown in Figure 4.4A, suggests
that the melt flow behavior of multicomponent blends containing p(MMA-r-UPYyMA)
additives is similar to that of the homopolymer PMMA, regardless of the UPyMA content:
All of the G’(w) curves overlay one another and exhibit similar rheological behavior.
Specifically, all samples exhibit a viscous response at low frequencies and an elastic
response at high frequencies. Moreover, all samples exhibit the same power law exponent
at high (*2) and low (1) frequencies, regardless of UPy content. A power law exponent of
Y is expected at high frequencies for an entangled polymer melt, but it is noted that the
behavior of all samples deviate from the power law exponent of 2 expected for a
monodisperse entangled melt at low frequencies.?>% This is attributed to the fact that the
matrix PMMA has a large dispersity (B= 1.5), which leads to a deviation from the
rheological response expected for a monodisperse melt.’> Additionally, all blends exhibit
liquid-like behavior in the terminal regime regardless of the UPyMA content. Specifically,
there is no evidence of a secondary plateau and G”(®) > G’(®).2° Both of these
characteristics (G”(w) > G’(®) and the absence of a secondary plateau in the terminal
regime) are indicative of a liquid-like response and suggest that physical crosslinks
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Figure 4.4. Melt rheology measurements show that the storage modulus (A) and complex
viscosity (B) of FFF-printed PMMA multicomponent blends are unaffected by the presence

of p(MMA-r-UPyMA) additives. A reference temperature of 180 °C was used for time-

temperature superposition.
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between UPy groups are avoided in the melt state.”® (A master curve for each blend
highlighting the relationship between G’(w) and G”(w) is displayed in Figure C.5, as
displayed in Appendix C.) Furthermore and as seen from the frequency-dependent complex
viscosity, m*|, which is shown in Figure 4.4B, the frequency dependent complex viscosity
of the multicomponent polymer blends is consistent with the behavior of the pure PMMA
homopolymer: All curves overlay one another, exhibiting a plateau at low frequencies and
shear-thinning behavior at high frequencies. These results are consistent with non-
Newtonian behavior despite the presence of the hydrogen bonding motifs along chain
backbones. These results agree with a report by Long et al. who determined that the melt
characteristics of copolymers comprised of butyl acrylate and UPyMA comonomers were
nearly identical to that of butyl acrylate homopolymers at T > 80 °C, which was assigned

as the dissociation temperature of the UPy groups.?’

4.5 Conclusions

Random copolymer additives containing UPy groups, which offer self-
complementary, multidentate hydrogen bonding interactions, have a dramatic impact on
the performance and properties of PMMA specimens printed by FFF. Mechanical property
characterizations demonstrate substantial increases in the Young’s modulus and ultimate
tensile strength (increases of 50-100%) when p(MMA-r-UPyMA\) additives containing up
to 5 mol% UPy are incorporated in FFF-printed parts, while rheometric studies indicate
that the addition the copolymer additives does not impact the melt flow characteristics,
regardless of the UPy-content. This behavior —a dramatic increase in mechanical properties

but no change in melt properties — is significant but not unexpected for the p(MMA-r-
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UPyMA) thermoresponsive additives investigated. This behavior is a direct result of the
reversible, non-bonded hydrogen-bonding interactions provided by UPy groups, which
operate at the nanoscale but manifest in the macroscopic behaviors. Although FFF is a non-
equilibrium, non-isothermal process, the significant enhancements in mechanical
properties at low additive loading levels suggest that self-assembly through weak and
reversible intermolecular interactions have outstanding potential in the context of polymer
additive manufacturing, especially in consideration of the enormous composition,

chemical, and topological design space accessible with polymers.
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CHAPTER 5: SUMMARY, CONCLUSIONS, AND FUTURE WORKS
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5.1 Summary

Understanding how interfacial interactions can be manipulated to drive assembly
at the nanoscale and provide reinforcement at the macroscale is crucial for expanding the
known boundaries of material-property space for 3D printed materials. Specifically, my
dissertation research examines how controlling interfacial interactions across the matrix
/nanoparticle interface in polymer nanocomposites and how using hydrogen bonding
interactions in multicomponent blends impacts the resultant properties of parts printed by
Fused Filament Fabrication (FFF). The structure-property relationships established from
these research endeavors provide a foundation for future efforts that use nanoscopic
additives to control the performance of parts printed by the non-isothermal, nonequilibrium
FFF process. The first research effort describes how the thermomechanical properties of
FFF-printed PMMA parts are impacted by the addition of unfunctionalized (bare) Si NPs.
This research work demonstrates that increases in the macroscopic performance of PMMA
nanocomposites containing Si NPs are due to favorable, hydrogen bonding interactions
between hydroxyl groups on Si NP surface and carbonyl groups within the backbone of
PMMA chains. The number density of polymer-particle interactions increase as the loading
level of Si NPs increases, which enhances stress transmission and results in an increase in
the performance of PMMA printed nanocomposites. This effort is noteworthy because it
highlights the importance of interfacial interactions as a way to enhance the performance
of polymer nanocomposites in the context of 3D printing.

The second major theme of my dissertation research describes the first example of
incorporating polymer-grafted nanoparticles in FFF-printed nanocomposites. In that

research effort, | examined how attaching end-tethered chains to the surface of Si NPs
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controls organization on the nanoscale and alters the macroscopic properties polymer-
grafted nanocomposites. Specifically, PMMA-grafted nanoparticles (PMMA-g-NPs)
having low molecular weight graft chains and an intermediate grafting density are
demonstrated to arrange in surface fractals, or connected sheets, throughout PMMA
nanocomposites generated by FFF. Macroscopic assessments coupled with rheology
measurements suggest that these interconnected sheet-like nanostructures effectively
dissipate stress throughout the nanocomposite through graft chain interactions with matrix
chains and graft chains on neighboring particles. Additionally, the mechanical performance
of FFF-printed parts described in this work surpass those obtained when bare Si NPs were
used, which further highlights how manipulating interfacial interactions in polymer
nanocomposites, conveyed here by grafted polymer chains, controls organization on the
nanoscale and affects the performance of polymer nanocomposites. This work is significant
because it emphasizes how the performance of polymer nanocomposites depend on both
the spatial distribution of nanoparticles and interfacial interactions. From this research
effort, additional studies examining how variation in the grafting density of chains or graft
chain length impact nanoscale organization can be completed. These research efforts may
provide a useful way to effectively control the stress-transmission from the matrix chains
to Si NPs and also may provide a way to promote particle diffusion across bead-bead
interfaces.

Lastly, I examined how the melt characteristics and thermomechanical properties
of FFF-printed PMMA parts were affected by the addition of polymeric additives
containing self-complementary, hydrogen bonding groups. These research studies provide
the first example showing how thermoreversible, hydrogen bonding interactions offer
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mechanical reinforcement at use temperatures, but exhibit no delirious impact on the
processability at temperatures above the dissociation temperature of the hydrogen bonding
interaction. Specifically, | synthesized random copolymer additives consisting of methyl
methacrylate and 2-ureido-4[1H]-pyrimidone methacrylate (UPyMA). By varying the
UPYMA content, the number density of self-complementary, hydrogen bonding
interactions between UPy groups could be manipulated. Results from macroscopic
assessments demonstrate that increasing the number of physical crosslinks, conveyed by
the self-dimerization of UPy groups, increased the mechanical properties of PMMA parts
printed by FFF, but no changes in the melt characteristics were observed. Results from this
research show that the properties of parts printed from these multicomponent blends
depend on the self-dimerization strength of the hydrogen bonding groups and the number
density of non-bonded interactions. This work is impactful because it demonstrates how
the strength and number density of non-bonded, physical interactions can tuned to
effectively manage the properties of FFF-printed materials at use and production
temperatures.

While these research efforts provide strong proof for the concept that the
performance of FFF-printed parts are dictated by the interactions on the nanoscale,
improvements in the properties of FFF-printed parts are limited by the amount of additive
that can be successfully incorporated in PMMA filaments. For instance, all
multicomponent or nanocomposite filaments generated herein (by using either Si NPs,
PMMA-g-NPs, or SCMHB copolymer additives) exhibit degradation in the structural
integrity of filaments and the appearance of macroscopic agglomerates as the loading level
of the additive increases above 1.0 wt%. These problems are attributed to inefficient mixing
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during either mechanical mixing or melt extrusion. Two methods are suggested for
resolving this problem: First, it may be useful to use a different preparation procedure to
incorporate additives in PMMA filament. For instance, instead of using a mechanical
mixing procedure, one may use a solution mixing method which has been used previously
to create nanocomposites. By allowing the matrix chains and additive to mix in solution, a
more homogenous nanocomposite (or blend) may be obtained, and this strategy may help
to eliminate macroscopic agglomerates. In addition to altering how the different
components are mixed prior to filament extrusion, it may be useful to consider using an
extruder with a longer length-to-diameter (L/D) ratio of the extrusion screw and multiple
heating zones, as these may enhance mixing during melt processing. This method also may
decrease the presence of macroscopic agglomerates and allow structurally stable filaments

that can be used for printing to be generated.

5.2 Future Work

My dissertation work provides clear proof that the addition of additives, either
inorganic particles or self-complementary, multiple hydrogen bonding macromolecules,
enhance the performance of FFF-printed parts and provides motivation for future studies
aimed at investigating how manipulating nanoscale interactions can be used to control the
macroscopic properties of printed materials. As demonstrated in Chapters 2 and 3, the
ability to control interfacial interactions across the particle/matrix interface provides a
novel way to control both the nanoscale organization and properties of polymer
nanocomposites. Due to the ability to synthetically control the characteristics of polymer-

grafted nanoparticles, such as the grafting dentistry, graft chain molecular weight and
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chemical composition of the graft chain, there is a need to develop structure-property
relationships regarding the incorporation of polymer-grafted nanoparticles into materials
created by the non-isothermal, nonequilibrium (vide infra) FFF process. In addition to
tailoring interactions in polymer nanocomposites, incorporating surface-active additives
into filaments provides a novel route to address the principal issue of weak interbead
interfaces in printed parts. By promoting diffusion across bead-bead interfaces, surface-
active additives offer a compelling approach for increasing the performance of printed
materials. | believe that both of these areas, tailoring the properties of polymer-grafted
nanoparticles and using surface-active additives, are worthy of further exploration, and

each will be discussed briefly.

5.2.1 Random Copolymer Grafted Nanocomposites

As mentioned previously, it is well established that incorporating nanoparticles in
polymeric materials can improve the mechanical, optical, and electrical properties of the
nanocomposite due to the superposition of specific material properties. However,
nanocomposite properties are sensitive to both the arrangement of nanoparticles throughout
the polymer matrix and the interactions between the additive and matrix. As highlighted in
Chapters 2 and 3, the nanoscale organization and stress-transmission from matrix chains to
nanoparticles can be effectively managed by tailoring interactions across the
matrix/particle interface. The polymer-grafted nanocomposites examined in my
dissertation work were athermal systems in which the matrix chains and graft chains have
the same chemical composition. Athermal systems are entropically controlled, and as a

result, there are two possible states when the grafting density is high enough to “cover”
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polymer-surface interactions: polymer-grafted nanoparticles will disperse in the matrix
when the molecular weight of the matrix chains is less than the molecular weight of the
graft chains, but they will form anisotropic clusters when the molecular weight of the
matrix chains is greater than the molecular weight of the graft chains. Because it is
synthetically challenging to graft high molecular weight chains on nanoparticle surfaces, it
is difficult to achieve a dispersed nanoparticle state in so-called “symmetric” systems
because matrix chain molecular weights are typically high (nominally 100 kDa). Thus,
polymer-grafted nanoparticles often arrange in clusters, as evident from the studies
presented in Chapter 3. As a result, a novel method to control the interfacial interactions
between the graft and matrix polymers to promote dispersion and improve
thermomechanical properties in high molecular weight matrices is desirable.

To address this challenge, a profitable theme for future efforts may be to investigate
how the composition of random copolymer grafted nanoparticles (RCGNPs) affects
particle organization at the nanoscale and the thermomechanical properties, such as the
glass transition temperature, Tg, and storage and loss moduli of FFF-printed parts. The
methacrylate monomers presented in Figure 5.1 provide a way to explore how changing
the Tg4, by comonomer type and level of incorporation, affects interfacial interactions across
the matrix/particle interface and controls the resultant nanocomposite properties.

Specifically, this line of research is focused around addressing two main questions:
How does the choice of comonomer and copolymer composition affect (1) the spatial
distribution of random copolymer-grafted nanoparticles (RCGNPs), and (2) the
thermomechanical and melt characteristics of the resulting nanocomposite? To complete
these studies, random copolymers of varying compositions can be polymerized from
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PPMA
PnBMA
PAdAMMA

Tg=100°C T4=65°C T4=35°C Ty=20°C T4=200°C
Figure 5.1. A series of methacrylate-based monomers that provide access to various
copolymer Tg values. Using random copolymer-grafts based on various methacrylate
comonomers offers an innovative way to change the nature of the interfacial layer and

potentially control interactions across the grafted-nanoparticle/PMMA matrix interface.

nanoparticle surfaces and blended with PMMA pellets to create random copolymer-grafted
nanocomposite filaments. To answer the first question, SAXS and WAXS measurements
can be used to analyze the nanostructure of the random copolymer grafted-nanocomposites.
The second question will be answered by using various techniques, such as DMA and
rheology, to evaluate how the properties of PMMA parts printed by FFF are impacted by
the addition of the RCGNPs. These studies will provide fundamental insight into how the
spatial arrangement and thermomechanical properties of polymer nanocomposites can be
managed by tailoring interactions across the particle/matrix interface by random copolymer
grafts.

This research is essential to understanding design-structure-property relationships
of polymer grafted nanocomposites that are potentially useful in FFF, and there is

fundamental value to these studies because a detailed study of random copolymer grafted
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nanoparticles in polymer matrices has not been completed. The design-structure-property
relationships established by this research will be useful for future implementation of

tailored nanocomposites in a variety of applications, including 3D printed materials.

5.2.2 Surface-Active Additives Promote Diffusion Across Bead-Bead Interfaces

As noted in the introductory chapter, FFF-printed parts have poor mechanical
properties due to the formation of voids and weak interfacial adhesion between adjacent
filaments that results from limited diffusion of polymer chains across bead-bead interfaces
during the printing process. Thus, in addition to manipulating interfacial interactions in
polymer nanocomposites to control the organization of nanoparticles on the nanoscale and
the stress-transmission from the polymer matrix to the inorganic additives, promoting
diffusion across interbead interfaces offers an attractive route to improve the properties of
FFF-printed materials. Recent research efforts suggest that incorporating linear additives
of the same chemical type but lower molecular weight than the polymer matrix is useful
because the lower molecular weight chains will diffuse across interbead interfaces, thereby
increasing the mechanical properties of printed parts.'® However, these claims are
speculative, as there is no quantitative information linking the diffusion of additives to the
increase in performance that was observed. Thus, it is imperative to examine this issue in
detail, and a set of studies that quantitatively link additive design to surface-activity and
composition across bead-bead interfaces is sorely needed. One way to do this is to use non-
linear chains that offer a high number of end groups that can be detected.

At the end of my dissertation work, |1 began some initial studies to assess the

practically of such studies. In that work, surface-active polystyrene bottlebrushes (PS BBSs)
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were incorporated into filaments and subsequently used to produce printed parts. PS BBs
were chosen based on previous research efforts showing that they migrate to polymer thin
film interfaces. Specifically, thin film blends containing linear PS chains and PS BBs
additives show spontaneously segregation of the PS BBs to both the film/air interface and
the film/substrate. The segregation of PS BBs to the surface and substrate is attributed to a
strong, entropy-controlled surface attraction. Inspired by these results and the need to
promote diffusion across bead-bead interfaces in 3D printed materials, a full phase study
devoted to studying FFF filaments made by blending linear PS and PS BBs and extruding,
printing, and characterizing those samples should be pursued. Figure 5.2 shows
schematically the analogous entropy-driven segregation of PS BBs additives to bead
surfaces.

This research will address two main questions: (1) do PS BBs accumulate at
filament interfaces, and (2) does the accumulation and diffusion of PS BBs across filament
interfaces improve the mechanical properties of FFF-printed parts? To address the first
question, first PS BBs will be synthesized via ring-opening polymerization using

macromonomers. The macromonomers can be made using RAFT polymerization, which

ééé% Polystyrene BB additive

Figure 5.2. Surface active polymer bottlebrushes can promote diffusion across interbead
interfaces and increase the mechanical properties of FFF-printed parts.
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creates side chains. Because the side chains are functionalized with a dithioester or
trithiocarbonate (from the chain transfer agent), scanning electron microscopy — energy
dispersive X-ray spectroscopy (SEM-EDS) can be used to determine the elemental
composition of sulfur across the beads. The elemental sulfur composition at filament
interfaces can be compared to composition in bulk or at the center of the filament, providing
a quantitative description of the concentration of PS BBs at bead-bead interfaces.
Parametric studies of various processing parameters, such as the extrusion temperature and
screw speed, printing temperature and print speed, and build plate temperature will provide
a basis for effectively tailoring the amount of PS BBs that accumulates at interfaces.
Finally, mechanical tests, such as T-peel tests and tensile tests, should be completed to
determine how increasing BB content at filament interfaces impacts the performance of
parts printed by FFF.

Overall, this research effort will offer insight regarding how the melt processability
of polymer filaments is affected by the addition of BB additives. Additionally, this effort
will provide the first quantitative report examining how varying the temperature and time
during extrusion and printing impact the surface migration of PS BBs and how this impacts

the resultant properties of the printed parts.

5.3 Conclusions

Overall, my dissertation research establishes structure-property relationships for
polymer nanocomposites and multicomponent filaments that are used to print FFF parts.
Research efforts described herein examine how interactions on the nanoscale can be

effectively used to address the inferior mechanical properties associated with parts
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manufactured by FFF. Specifically, | have demonstrated that incorporating either inorganic
nanoparticles or thermoresponsive copolymer additives into FFF-printed parts significantly
impact the thermomechanical properties of printed structures and, to varying degrees
depending on the nature of the additive, alter melt flow characteristics. My research
provides a foundation for future research efforts aimed at investigating how altering the
design of polymer-grafted nanoparticles (such as grafting density, graft chain composition,
graft chain molecular weight, etc.) or the number density and interaction strength of self-
complementary hydrogen bonding groups impacts the resultant properties of advanced

polymeric materials fabricated by FFF.
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Appendix A — Supporting Information for Chapter 2: Interfacial Interactions in
PMMA/Silica Nanocomposites Enhance the Performance of Parts Created by Fused
Filament Fabrication
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Figure A.1. Frequency shift factors (ar) for FFF-printed PMMA nanocomposites.
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Figure A.2. Small amplitude oscillatory shear measurements completed at 170 °C display
a monotonic increase in the storage (A) and complex viscosity (B) as the loading level of

Si NPs increases.

147



j ., m Pure PMMA
e, s PMMA with 0.1 wt% Si NPs
100 4 o *  PMMA with 0.5 wt% Si NPs
] e ® * PMMA with 1.0 wt% Si NPs
s 105
‘K-i -
i
13
0.1 1
0.01 4
T LI | i ALY | T R | b |
1E-3 0.01 01 1 10

Figure A.3. Uncorrected SAXS and WAXS results of FFF-printed PMMA nanocomposites

with increasing loading levels of Si NPs. As noted in the Article, the WAXS signal ( 0.85

<q (A1) <2.69) is the same for all samples.
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Appendix B — Supporting Information for Chapter 3: Tailoring Interfacial
Interactions Using Polymer Grafted Nanoparticles Improves Performance of Parts
Manufactured by 3D Printing
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Figure B.1. 'H NMR spectrum (500 MHz, 25 °C, CDCls) of the modified CTA; & (ppm):
7.90 (d,2H,CH), 7.56 (t, 1H, CH), 4.59(t, 2H, CH>), 3.62 (m, 2H, CH>), 3.30 (t, 2H, CH>),
2.50-2.70 (m, 2H, CH>), 1.95 (s, 3H, CHj3). Solvent residual peaks for chloroform and ethyl

acetate (EA) are identified.
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Figure B.2. GPC trace of PMMA graft chains cleaved (using HF) from 14 nm Si NPs

measured using dR1 detection.
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Figure B.3. TGA traces reflect an increase in mass loss after bare Si NPs (black trace) are
functionalized with the aminosilane (red trace) and after PMMA chains are grown from the

NP surface (blue trace).
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Figure B.4. WLF-type frequency shift factors, ar, generated using time-temperature

superposition for PMMA nanocomposites containing PMMA-g-NPs.

153



A) PMMA Pure B) PMMA w/ 0.1 wt% PMMA-g-NPs

102 10" 10° 107 10 10°
q. 1/A q 1/A

C) PMMA w/ 0.3 wt% PMMA-g-NPs D) PMMA w/ 1.0 wt% PMMA-g-NPs

102 107 . - "
107 10° 10° 10 10 10°
q 1/A q, 1/A

Figure B.5. Uncorrected SAXS and WAXS data for FFF-printed PMMA nanocomposites
containing PMMA-g-NPs at various loading levels. The red line represents the average

trace.
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Figure B.6. SAXS parameter plots for the (A) Porod Exponent, (B) Radius, (C) Hard

Sphere Radius, and (D) volume fraction.
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Figure B.7. Angular frequency-dependent storage modulus master curves show how the

melt flow characteristics of FFF-printed PMMA parts are significantly affected by the

addition of PMMA-g-NPs compared to bare (unfunctionalized) Si NPs at (A) 0.1 wt% and

(B) 1.0 wid%.
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Figure B.8. Angular frequency-dependent complex viscosity master curves reflect an

increase in the melt flow properties of PMMA parts containing PMMA-g-NPs compared

to bare Si NPs at equivalent loading levels, such as (A) 0.1 wt% and (B) 1.0 wt%.
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Appendix C — Supporting Information for Chapter 4: Self-Complementary Multiple
Hydrogen Bonding Additives Enhance Thermomechanical Properties of PMMA
Structures Created by Fused Filament Fabrication
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Figure C.1. *H NMR spectrum (500 MHz, 25 °C, CDCIs) of UPyMA monomer; & (ppm):
12.97 (s,1H,NH), 11.95 (s, 1H, NH), 10.50 (s, 1H, NH), 6.18 (s, 1H, CH), 5.78 (s, 1H, CH),
5.54 (s, 1H, CH), 4.27 (s, 2H, CH2), 3.58 (s, 2H, CH>), 2.23 (s, 3H, CH3), 1.93 (s, 3H,

CHa).
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Figure C.2. Representative *H NMR spectrum (500 MHz, 25 °C, CDCls) of MMA-r-
UPyMA copolymer (3 mol% UPyMA); & (ppm): 12.96 (s, 1H, NH in UPyMA units), 11.94
(s, 1H, NH in UPyMA units), 10.49 (s, 1H, NH in UPyMA units), 5.78 (s, 1H, CH in
UPYMA units), 3.59 (s, 3H, CHz in MMA units), 3.48 (s, 2H, CH> in UPyMA units), 0.8-

2.3 (b, CH2, CHz in MMA and UPyMA units).
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Figure C.3. GPC traces of p(MMA-r-UPyMA) copolymer additives synthesized via free

radical polymerization measured using dRI detection.
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Figure C.4. Frequency shift factors (a:) generated by time-temperature superposition for

PMMA multicomponent blends printed via FFF.
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Figure C.5. Storage and loss moduli master curves measured for the PMMA matrix
polymer (A) and multicomponent blends with 1 wt.% random copolymer additive of
different composition (B-E) display liquid-like behavior in the terminal regime, G”(®) >
G’(w), regardless of the UPYMA content. This suggest that at temperatures exceeding the

dissociation temperature (taken to be T = 80 °C) the physical crosslinks are, in essence,

broken.
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