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ABSTRACT 

 
Nuclear energy technology can be exponentially advanced using 

advanced manufacturing, which can drastically transform how materials, 
structures, and designs can be built. Ultrasonic Additive Manufacturing (UAM) 
represents one of the four main additive manufacturing methods, although it is 
also the newest. As UAM technology and applications develop, a fundamental 
understanding of the bonding mechanism is crucial to fully realize its potential. 
Currently UAM bonding is considered to occur through breaking down surface 
asperities and removing surface oxides. Plastic deformation occurs although its 
role is currently unclear. This research analyzes material configurations in a 
variety of geometries, with similar and dissimilar material interfaces, and with 
pure metals and complex engineered materials. A variety of characterization 
techniques were used to develop a general description that UAM bonding 
requires plastic deformation.  

First, we analyzed various dissimilar material interfaces created between 
UAM foils and the coating of embedded optical fibers. Enhanced interdiffusion of 
elements was found beyond that expected from the thermal profile experienced 
during bonding. This interdiffusion was rationalized based on enhanced point 
defect vacancies creating additional diffusion pathways. Following on this study, 
we analyzed the local strengthening at one of these interfaces. These interfaces 
strengthened through a complex interaction dominated by dislocation forest 
hardening, reduced grain sizes, and vacancy clusters created by the 
agglomeration of vacancies. UAM bonding of pre-treated Al 6061 was also 
performed and analyzed using multi-length scale characterization. Macroscale 
strengthening was observed as well as foil-foil interface strengthening. This was 
a result of dynamic recrystallization, dynamic recovery, adiabatic heating, and 
precipitate dissolution (as the vacancies allowed enhanced diffusion of 
elements). Finally, UAM bonding of titanium was analyzed. The HCP phase of 
titanium significantly resisted plastic deformation, which resulted in a phase 
transformation to the BCC phase, which was stabilized by the introduction of 
certain stabilizing elements. The strain induced phase transformation and 
enhanced vacancy driven interdiffusion were utilized to demonstrate a viable 
method of improving UAM bonding by focusing on the plastic deformation 
requirement. The phenomena outlined in this research demonstrates an 
improvement in our understanding of the fundamental bonding requirements of 
UAM, and deformation induced vacancy formation. 
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CHAPTER 1  

INTRODUCTION    
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Advancing nuclear energy technology is one of the grand challenges of the 21st century. 
Metal additive manufacturing (AM) provides a very promising method of accelerating the 
growth of nuclear power through creating new materials, structural designs, and active 
health and process monitoring. Although fascinating advances in technology can be 
realized through AM, the fundamental understanding of how certain processes occur is 
still unclear. Through studying the physical and mechanical metallurgy of materials 
created through AM, our knowledge of material science is expanded, which is 
complementary to the readiness of these related advanced applications. 
 
One of the core additive manufacturing technologies in the Ultrasonic Additive 
Manufacturing (UAM) method. This differs from other AM techniques in that it bonds 
using a solid-state means, rather than melting and solidifying materials. The UAM 
method provides significant advantages because it can join dissimilar metals, and it can 
create valuable multi-material composites including embedding fragile materials. 
 
The metallurgical bonding process of UAM has been thoroughly studied using a variety 
of techniques, and several key components of bonding have been identified (i.e. 
collapse of surface asperities, dispersal of oxides, and the creation of atomically clean 
surfaces). It is well recognized that during UAM bonding, significant plastic deformation 
occurs. The role of this plastic deformation is currently unclear, as some researchers 
suggest the plastic deformation is a by-product of creating clean surfaces, while others 
hint that plastic deformation is a requirement of bonding. 
 
If plastic deformation is a requirement of UAM bonding, it would represent a significant 
shift in the scientific and technical perspective of approaching UAM. This could provide 
a better fundamental understanding of how materials move during plastic deformation 
from ultrasonic shear forces. Additionally, UAM bonding techniques could be altered 
with the design approach of promoting more plastic deformation thereby improving the 
bonding of extremely difficult or impossible to weld materials.  
 
The purpose of this dissertation is to understand the effects of plastic deformation on 
the microstructure of materials bonded through UAM. An emphasis will be placed on 
understanding the metallurgical components involved in UAM bonding as well as 
describing the movement of atoms, evolution of the microstructure, and potential phase 
formation. A short brief of each of the following chapters covered in this dissertation is 
described below. 
 
Chapter 2: A motivation and overview of published literature on Metal Additive 
Manufacturing and Ultrasonic Additive Manufacturing is presented. A review of the 
physical and mechanical metallurgy of analogous solid-state bonding processes and the 
effects from severe plastic deformation is discussed. A review is provided about the role 
of lattice defects in severe plastic deformation and the initial evidence of this in 
ultrasonic bonding. 
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Chapter 3: Several UAM bonded dissimilar metal interfaces between a foil and an 
embedded optical fiber coating are explored. Interdiffusion of elements is observed at 
rates faster than equilibrium processes could predict. The enhanced elemental 
migration is correlated with elevated concentrations of lattice defect vacancies at the 
interfaces creating short circuit diffusion pathways. 

 
Chapter 4: Mechanical properties across a nickel-gold interface (one of the same from 
Chapter 3) are explored. Strengthening is observed and is correlated to the 
microstructure evolution that occurred. The significant features include a refined grain 
structure, elevated dislocation densities, and vacancy clusters. The vacancy clusters 
are compared to the point defect vacancies created during the interdiffusion of 
elements. A sensitivity analysis of the various strengthening effects is performed, as 
well as a superposition principle to describe their interaction. 

 
Chapter 5: UAM bonding was performed on pre-treated aluminum (Al6061 in the 
quenched and annealed condition). Following bonding, multiscale characterization was 
performed demonstrating strengthening occurred in the entire build, and local foil-foil 
interfaces became stronger. The microstructure evolution of the aluminum resulted from 
dynamic recrystallization, dynamic recovery, adiabatic heating, and precipitate 
dissolution. 

 
Chapter 6: UAM bonding was performed on commercially pure titanium and the Ti-6Al-
4V alloy. Successful bonding occurred as the titanium’s hexagonal close packed (HCP, 
α) crystal structure transformed into a body centered cubic (BCC, β) crystal structure 
from the UAM plastic deformation. The phase transformation was supported by the 
introduction of BCC stabilizing elements through lattice defect vacancies, and the 
transformed material’s microvoids are rationalized based on the α -> β phase 
transformation and plastic deformation. Bonding can be improved by focusing on the 
plastic deformation requirement of UAM, and examples are shown of this. 
 
Chapter 7: The effect of surface roughness on plastic deformation of UAM was 
considered. Variation of work hardening is likely present throughout UAM interfaces 
although accurate characterization of this effect is not trivial and outside the scope of 
reasonable work here. 

 
Chapter 8: The conclusions and significance from this work are discussed along with 
proposed future work. Due to that variety of materials and geometries explored in this 
dissertation, a general assertation can be made that plastic deformation is a 
requirement for UAM bonding. By utilizing plastic deformation, significant advances can 
be made in UAM bonding. ***update**Additionally, future scientific studies such as the 
mechanism for strain induced phase transformation and stabilization would greatly 
improve our materials science understanding.  
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CHAPTER 2  

LITERATURE REVIEW   
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2.1 Motivation: Developing Nuclear Energy Through Advanced 
Materials and Manufacturing 

 
Displacing traditional fossil fired energy sources with nuclear energy is critical for 
providing economic and environmentally sustainable energy to the United States, as 
well as creating energy independence and security. Nuclear energy is a carbon free 
energy source, which can avoid the 470,000,000 metric tons of carbon production each 
year currently produced. Nuclear energy currently adds $6 billion to the U.S. gross 
domestic product, and it provides 500,000 jobs per year with salaries approximately 
thirty percent higher than local average, while also creating twice as many jobs per 
power plant than fossil fueled plants can provide 1.  
 
Although nuclear energy can provide clean sustainable power, it currently supplies only 
20% of the U.S. energy. Limitations include the high capital costs of building power 
plants, public perception, and operation safety. Additionally, most advanced reactor 
designs require materials capable of withstanding higher operating temperatures and 
irradiation damage. All current nuclear power plants in the U.S. are large light water 
reactors (LWR), which can provide over 700 MW electric of power. These large power 
plants often take over a decade to be built and licensed, and construction costs often 
become overbudget 2. 
 
An advanced reactor design with strong potential to mitigate these issues is the small 
modular reactor (SMR). Although SMRs produce less power than an LWR, up to 300 
MW electric, their small design reduces capital costs, simplifies the reactor design, 
creates intrinsic safety, and provides production scalability for licensing a fleet of 
reactors 2. The compact design of the SMR also provides the opportunity to reimagine 
how reactors are designed and created using techniques such as additive 
manufacturing. For example, additive manufacturing allows for the creation of advanced 
materials and new structural and neutronic designs to be rapidly prototyped and 
evaluated. Designs are no longer limited by what conventional manufacturing can 
create; therefore, reactor components and configurations can be optimized for their 
specific application. Additive manufacturing also provides the ability to create complex 
three-dimensional components, such as embedding sensors into critical structures to 
enable health monitoring and autonomy 3,4.  
 
The national priority of creating advanced nuclear reactors via additive manufacturing 
can be exemplified through programs such as the Department of Energy 
Transformational Challenge Reactor 5. The commercial, economic, and environment 
viability is also demonstrated through the investments by the Tennessee Valley 
Authority® 6, Dominion Energy® 7, BWXT® 8, Ultra Safe Nuclear® 9, Terrapower® 10, 
Hyperion® 11, Holtec® 12, and NuScale® 13 to name a few. As mentioned above, the 
development of materials, processing, and technologies is a vital component of 
transitioning to nuclear energy. The development of relevant materials and advanced 
manufacturing through metal additive manufacturing is demonstrated in the sections 
below.  
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2.2 Introduction to Metal Additive Manufacturing 

 
Metal additive manufacturing (AM) is a popular and relatively new manufacturing 
method for creating near net shaped three-dimensional components all at one time. 
This allows for the application of new materials, shapes, and devices previously 
impossible with traditional manufacturing methods. The development of metal AM is 
complementary to the materials science understanding from these AM techniques. Per 
the ASTM F42 process terminology on Additive Manufacturing there are seven standard 
categories of AM. Four of these categories relate to metal AM. Three of the categories 
are solidification bonding (Powder Bed Fusion, Direct Energy Deposition, and Binder 
Jet), and one is solid-state bonding (Sheet Lamination) 14.  

2.2.1 Solidification Bonding 

 
The three solidification-bonding additive manufacturing methods (i.e. Powder Bed 
Fusion, Direct Energy Deposition, and Binder Jet) are briefly described below. Powder 
Bed Fusion (PBF), as shown in Figure 2.1a, uses a focused energy beam (laser or 
electron beam) to selectively melt or sinter the top layer of a metal powder bed. The 
metal powder bed then has a new layer of powder raked on top and the process is 
repeated. Once the part is created, the excess powder can be removed and recycled. In 
this way a three-dimensional part can be created. Typical build volumes below 0.03 m3 
can be achieved 15. Although PBF is a straightforward technique and provides parts with 
high precision and complexity (layer thickness ~10-50 µm), warpage and defects 
resulting from closed internal features and lack of fusion can occur 16,17. 
 
The direct energy deposition (DED) process, as shown in Figure 2.1b, creates a metal 
part by depositing feedstock directly onto a molten pool, as opposed to melting a 
powder bed. The DED process uses a laser, arc, or electron beam as a heat source, 
and the feedstock can be either a powder or a wire. The origin of DED can be traced to 
traditional welding technology where a material is deposited onto a melt pool and a 
shield gas is flowed over the melt pool 18–21. The build set-up can be quite larger than 
powder bed fusion and can utilize a 3-axis or 5-axis setup to create complex geometries 
22. Although DED has a rougher surface finish and requires post-processing, it is a 
powerful tool for repairing damage 23.  
 
The binder jet process, as shown in Figure 2.1c, differs from PBF and DED in that each 
layer of deposited material is not melted or sintered to bond with the layer beneath. 
Instead, the binder jet process deposits a liquid binder on the metal powder, then cures 
the binder which holds the material together. After the part has been created in this 
layerwise process, the consolidated green body part is sintered. This removes the 
binder, creating the final part. Binder jetting also allows for a secondary metal to be 
infiltrated into the part, achieving a high final density 24–26. The main challenges with this 
process include difficulty in controlling the porosity and shrinkage during sintering 22. 
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Figure 2.1. Four types of metal AM manufacturing. a) Powder Bed Fusion 27, b) Direct 
Energy Deposition 28, c) Binder Jet 29, d) Sheet Lamination 30 
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2.2.2 Solid-State Bonding   

 
Sheet lamination is unique from the previous three metal additive manufacturing 
processes in that melting or sintering of the layers is not required to join the material. 
Instead, the materials are joined while they remain in the solid form. Sheet lamination 
uses precisely cut thin foils stacked on top of each other to create a three-dimensional 
part. Sheet lamination provides low geometric distortion, relatively good surface finish, 
low costs, and relatively low bonding temperatures, although several disadvantages are 
also present. Sheet lamination suffers from mechanical property degradation in the z-
direction (build height), and the difficultly of creating overhang features. The most 
popular sheet lamination process for additive manufacturing is Ultrasonic Additive 
Manufacturing (UAM). In the UAM process, a rolling horn, known as a sonotrode, 
applies the bonding force, while alternating machining operations remove unwanted 
material. This is shown in Figure 2.1d. A thorough description of the UAM process is 
described below (Section 2.3). 
 
An introduction to various solid state bonding processes can help provide context, 
advantages, and limitations of UAM. The following sections will first briefly discuss other 
solid state bonding processes (i.e. accumulated roll bonding, diffusion bonding, friction 
bonding, and explosive bonding) before discussing ultrasonic bonding. 
 
Layered materials can be created through an accumulated roll bonding process (ARB), 
shown in Figure 2.2a, in which similar or dissimilar sheets or foils are rolled together. 
Bonding is achieved when the deformation reduction between the materials reaches a 
threshold value. The surface conditions of the materials to be joined are critical to 
achieve bonding, therefore scratch brushing and degreasing are often used. Once the 
surface contaminants are removed, the materials are passed through a rolling mill which 
reduces the thickness of the materials through creating significant plastic deformation 31. 
As bonding creates severe plastic deformation (𝜀̇ up to 104 s-1 32 ), the surface oxides 
are fractured. Heat can sometimes be applied to reduce the yield stress and to require 
less reduction of thickness to create bonding. FCC materials such as aluminum, copper, 
gold, and silver can be easily joined using roll bonding, while HCP materials have much 
more difficulty in roll bonding. The reason for this is suggested that the oxide films on 
the HCP metals break up independently of each other, while the oxide films on FCC 
materials break up coherently with each other. This can create a larger area for the 
materials to join. Additionally HCP materials can work harden and fracture in locations 
besides the interface, as compared to FCC materials which do not 33. 
 
Diffusion bonding occurs when materials are brought into intimate contact under an 
applied pressure (𝜀̇ up to 10-4 s-1 34,35) at an elevated temperature. This is shown in 
Figure 2.2b. The bonding occurs through the interdiffusion of elements across the joint 
interface. Rougher surfaces typically create superior strength and a more bonded 
interface, and the most well bonded interfaces typically require long holing times over 
an hour. Lack of bonding is typically due to air entrapment at the interfaces 36.  
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Figure 2.2. Additional solid-state bonding processes. a) Accumulated roll bonding, b) 
Diffusion bonding, c) Explosive bonding, d) Friction bonding 
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Diffusion bonding is achieved through the following process: (i) asperity contact, (ii) 
asperity deformation, (iii) grain boundary migration, recrystallization, and pore size 
reduction, and (iv) bulk diffusion, oxide and contaminated dissolution, and pore 
elimination 37. Although diffusion bonding allows large areas to be joined together 
without distortion, the bonding requires temperatures above 0.75 Tm. This can allow 
surface oxidation and intermetallic formation which can be detrimental to the materials 
38.  
 
Friction bonding, as shown in Figure 2.2c, occurs through the heat generation produced 
by the relative motion between interfaces being joined. Friction bonding relies on the 
direct conversion of mechanical energy to thermal energy to form the weld. Typically, 
friction bonding occurs as one rotating part contacts another stationary part. As the 
pressure between parts increases, the interfacial temperature increases and lowers the 
yield strength. This continues until the welding temperature is reached. Once the 
materials reach the plastic temperature range, welding can occur. There are several 
variations of friction welding including linear friction welding, friction stud welding, friction 
stir welding, and friction stir additive manufacturing. Although there are geometry 
restrictions for friction welding, surface preparation and oxide removal are not 
necessary 39. The effective strain rate created in the material due to the high rotational 
velocities could exceed 103 s-1 40.  
 
Explosive welding, as shown in Figure 2.2d, occurs when an explosive device is used to 
create an accelerated oblique impact between a sheet of material (flyer plate) and 
another base plate (parent plate). As the materials crash into each other, severe plastic 
deformation occurs. The severe plastic deformation removes a thin surface layer of 
material (< 50 µm), and creates a metallurgical bond 41. The bonded interface has a 
characteristic wavy shape. This is likely due to the material jetting which scours the 
surfaces clean during impact. Estimates of the plastic strain rate created during 
explosive welding can exceed 107 s-1 42. 
 
The solid-state bonding processes, as described above, have demonstrated that 
surface contact is important for bonding, as well as severe plastic deformation and 
induced heat through material contact. 
 

2.3 Mechanism of Ultrasonic Additive Manufacturing (UAM) Bonding: 
Known & Unknown 

2.3.1 Overview  

 
Ultrasonic Additive Manufacturing (UAM), initially developed by White 43,44, is a method 
in which three dimensional metallic components can be fabricated through cyclic 
additive and subtractive operations. During additive operations, foil tape layers (~150 
μm thick) are bonded to each other and to a substrate through a solid-state process that 
relies on high strain rate (~105 s-1 45,46) ultrasonic oscillations (20 kHz) without melting 
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the materials. The ultrasonic vibrations are applied using a rolling cylindrical horn called 
a sonotrode. The sonotrode simultaneously applies a downward force on the foil (in the 
z-direction) and laterally scrubs (in the y-direction) as it traverses forward (in the x-
direction). The additive bonding process can be alternated with subtractive machining 
(such as computer numerical control or laser machining) to create an intricate three-
dimensional component. A diagram of the two-part UAM process is displayed in Figure 
2.1d. 
 
The bonding system consists of an ultrasonic transducer, a booster, the sonotrode 
welding horn, and a secondary ‘dummy’ booster. The ultrasonic vibrations are sent 
through the sonotrode as it rolls in the x-direction bonding the material. The ultrasonic 
transducer operates at a vibration frequency of 20 kHz, and the power can vary from 1.5 
kW to 9 kW. The higher power system, termed Very High Power UAM, with a dual 
transducer is a more recent update to the design of UAM systems. This was introduced 
to allow bonding of more difficult to weld materials 47. 
 
The UAM process is unique because it is a low temperature 48–51 process that can bond 
dissimilar and difficult to weld materials, while allowing for the creation of complex three-
dimensional components 22,52–54. A few of the unique and advantageous materials 
created using UAM include bonds of copper 55, steel-nickel 56, steel-tantalum 57, 
titanium-aluminum 58–62, aluminum-copper 63–65, nickel-gold 65,66, aluminum-carbon fiber 
reinforced polymer 67, zirconium 68, nickel-titanium wires 69, embedded sensors 66,70,71, 
actuators 72, parts for thermal management 30,73 or cooling channels 74, chemical 
microflow reactor 75, magnetic fields 53,76,77, neutron poison systems 78–80, and 
embedding fragile materials such as SiC ceramics 81–83 or sensors 70,71,84,85. The 
readers are referred to the review article by Wolcott 53 thoroughly describing current 
applications of the UAM process. UAM processing relies on good metallurgical bonding 
between the materials. Therefore, the mechanical and physical metallurgy relating to 
UAM bonding must be well understood. This forms the basis for the current dissertation. 
 

2.3.2 Current Understanding of Bonding Mechanism  

 
The intense ultrasonic oscillations from the sonotrode (20 kHz) lead to cyclic 
displacement of surfaces at the foil-sonotrode and at foil-foil interfaces. This cyclic 
displacement leads to the dispersal of surface oxides and collapse of surface asperities, 
key requirements for solid-state bonding 86. Once the surfaces are broken down, 
atomically surfaces are exposed to each other. Following this, the materials bond, well 
below their respective melting temperatures 86,87.  
 
The role of surface oxide removal during UAM has been studied by Johnson et al. 88. 
Using ion beam microscopy, the author observed features directly outside the faying 
surfaces corresponding to the dispersed surface oxides (Figure 2.3a). This 
demonstrates that the UAM process removes prior oxides on the surface of materials to 
enable bonding. Fuji et al. 89 also studied UAM bonding and demonstrated how surface 
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asperities yield and collapse during bonding (Figure 2.3b). All materials have 
microasperities rather than being perfectly flat surfaces. This allows only a small fraction 
of the material surfaces brought together to truly be in contact 90,91. When a normal load 
is applied on two metal surfaces, the microasperities can yield, forming a joint. 
Additionally shear loading of two metal surfaces has been proven to create stronger 
bonds than just normal loading 92. This is due to the increased area of contact when 
asperities are more effectively collapsed 91,92. This is the bases of using a normal and 
shear force to bond UAM materials. When Lu et al. 93 placed oxide-free room 
temperature atomically flat gold nanowires in contact, the materials could be joined. 
Although these are very thin wires (~2 nm wide), this initially suggests that when metal 
surfaces are in nascent contact without surface asperities or oxides present, they can 
bond at negligible temperatures. 
 
The removal of the asperities and roughness are key requirements for UAM bonding, 
but there is also high strain and strain-rate (105 s-1 46) plastic deformation that occurs, 
which prepares the surfaces. The plastic deformation at the faying interfaces typically 
results in significant grain refinement, associated with a dynamic recrystallization event. 
The grains undergo severe plastic deformation causing the crystal structure to reorient 
and form grains in a lower energy state. This was first rationalized by Dehoff & Babu 94 
in which foils exhibited a strong rolling direction prior to UAM bonding (observed in the 
bulk foil regions) and while small equiaxed grains were observed at the bonded regions 
(Figure 2.3c). Typically the refined grain structure is confined to a local region (10-15 
µm) near the interface while the remaining bulk material is unaffected 45,55,57,94,95. 
Although grain recrystallization events is commonly observed 62,96–98, it does not always 
happen. When metal surfaces are not in perfect contact, they do not bond. This results 
in a large void between the foils, and the lack of grain refinement 98 (Figure 2.3d). 
 
Although external temperature is typically not applied, local temperature rises have 
been observed during UAM bonding. Accurate temperature measurements are difficult 
to obtain due to the rapid nature of the process, although temperature profiles of 150-
200°C have been recorded in soft FCC interfaces 99,100, while higher values have been 
suggested in difficult to weld materials 50,68. The measured thermal cycles are typically 
less than 0.5 seconds, which includes the ramp up and down in temperature 55,99,100. 
Other factors such as welding power, normal force, and amplitude can also affect the 
local temperature rise (Figure 2.3e). The cause of the temperature rise is due to the 
adiabatic heating from the plastic deformation of the material during bonding. The 
readers are referred to the ASM handbook for more details of the current understanding 
of the metallurgy of the UAM process 87. 
 
As described above, the current understand of UAM bonding is that the mating surfaces 
must be clean of oxides and roughness for bonding to occur. Plastic deformation occurs 
as a by-product of creating clean atomic surfaces. Currently literature is split on this 
role, as some preliminary indications suggest that instead, plastic deformation is a 
requirement of bonding. 
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Figure 2.3. Effects from UAM severe plastic deformation: a) Oxide dispersion at faying 
interfaces 88, b) Asperities collapse 89, c) Dynamic recrystallized grains at interface 94, d) 
Lack of bonding void without grain refinement 98, e) Temperature rises during bonding 

100 
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2.3.3 Knowledge Gap 

 
The role of plastic deformation in UAM bonding is currently unclear. It could be a by-
product of bonding, or it could be a requirement. As mentioned previously, some studies 
indicate that bonding occurs once atomically clean surfaces are created 93, while other 
studies suggest that plastic deformation increases bonding 101. Furthermore, most of the 
bonding techniques described in Section 2.1 require atomic motion to some degree 
during bonding. Therefore, a logical question to address is: what is the role of plastic 
deformation during UAM bonding? 
 
To analyze this knowledge gap further, other processes that use high strain rate severe 
plastic deformation (SPD) can be considered. During plastic deformation of metals, the 
materials microstructure gets harder due to work hardening, dislocation generation, and 
lattice defect formation 102. During low temperatures (<0.5 Tm) high strain rate SPD high 
concentrations of lattice defects including vacancies have been postulated as being 
created 103. There are only a small number of reports of deformation induced vacancies. 
These include SPD processes such as the accumulated roll bonding (ARB) 104–106, 
equal-channel angular pressing (ECAP) 107,108, and high-pressure torsion (HPT) 109,110 
processes. During lower temperatures, higher strains and strain rates, higher 
concentrations of lattice defects are reported 104–107,111. These defects can cause 
vacancy cluster defects 104–106 and accelerated atomic migration including precipitation 
and diffusion. Vacancies concentrations has high at 10-4 have been reported in some 
cases 108,110. 
 
Lattice defect formation during plastic deformation dislocation movement has been 
postulated to occur in several ways. Screw dislocations intersecting on oblique planes 
could result in one dislocation bowing around the other one, eventually pinching off in a 
similar fashion to a Taylor-Orowan obstacle. This results in pinching off edge dislocation 
on neighboring planes. As these annihilate, they can leave behind rows of vacant lattice 
sites or interstitial sites. Another manner of vacancy formation occurs as mixed 
character dislocations have a jog that gets caught by an obstacle. It can wrap around 
the impediment, and as the loop meets the jog, it can leave behind a trail of defects 112. 
Furthermore, as edge dislocations climb over obstacles and multiple jogged screw 
dislocations interact, they can form vacancies. The intersecting dislocations migrate in a 
non-conservative manner, leaving a trail of vacancies or interstitial atoms behind 113. 
Formation of vacancies typically dominates over the formation of interstitials because of 
the lower vacancy formation energy. Additionally, vacancies that are created in a string 
relatively close together can lead to more vacancy agglomeration into clusters, which 
are more easily observed. The production rate of vacancy formation is related to the 
stress and strain rate experienced by the material 114,115; therefore, it is not surprising 
that the higher flow stress and work induced on a material during high strain rate 
deformation processing would create more vacancies. 
 
Initial evidence of enhanced atomic movement has been observed in UAM, although the 
kinetics has yet to be understood. Using atom probe tomography, Sridharan et al. 
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observed enhanced atomic migration of oxygen and magnesium in a UAM interface of 
Al6061 116 and iron-Al6061 117 (Figure 2.4a). Grain boundary segregation and non-
equilibrium oxide formation were suggested as potential mechanisms, although the 
exact mechanism of the atomic kinetics was outside the scope of the study. The results 
demonstrate initial evidence of plastic deformation resulting in atomic motion and non-
equilibrium defect formation. 
 
Ultrasonic spot welding can also provide initial guidance of enhanced atomic movement 
and lattice defect formation. Chen et al. 118 found a heat affected zone (HAZ) and a 
thermo-mechanically affected zone (TMAZ) during welding of Al 6111 T4. Surprisingly, 
the aluminum aged faster than expected and even beyond the parent material. 
Transmission electron microscopy showed precipitate growth over an 8-month period 
(Figure 2.4b), which hardness testing also confirmed. The accelerated natural aging of 
the HAZ corresponded to an excess vacancy concentration of at least 100 times larger 
than that expected in the quenched material, although the authors conceded their 
vacancy calculations were unrealistically large. The results suggest accelerated post 
weld natural aging caused the dissolution of solute clusters and Guinier-Preston zones 
(GPZ) 118, which are often associated with excess vacancy concentrations 119. As 
described above, there have been a small number of ultrasonic bonding studies in 
which surprising material changes have been observed. An in-depth analysis has not 
yet been performed of the effect of plastic deformation on UAM bonding and the 
corresponding non-equilibrium lattice defects and vacancies. This deficiency will be 
addressed with this dissertation. 
 

2.4 Scientific and Technical Approach  

2.4.1 Underlying problem statement 

 
Ultrasonic additive manufacturing (UAM) is a relatively new additive manufacturing 
process, and the fundamentals of the bonding mechanism are relatively unclear. 
Although clearly the surface asperities and oxides must be removed prior to bonding, 
the effect of plastic deformation on bonding is unknown.  Several previous studies have 
demonstrated that severe plastic deformation occurs on the faying surfaces, but the 
important question remains: is the plastic deformation a by-product of bonding, or is it a 
requirement? A comprehensive understanding of the effects of plastic deformation is not 
yet realized. An understanding of these effects and the kinetics of the deformation 
induced lattice defects created by UAM is required to further implement this science and 
technology. 
 
A preliminary examination of expected atomic motion can further illustrate the problem 
statement. Consider the classical diffusion expressions such as the Arrhenius equation 

𝐷 = 𝐷0𝑒𝑥𝑝 (
−𝑄

𝑘𝑇
) and Fick’s 2nd law 𝑥~√𝐷𝑡, where, D is the diffusivity, D0 is the pre-

exponential constant, Q is the activation energy for diffusion, k is Boltzmann’s constant, 
T is temperature, x is the diffusion distance and t is time. 
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Figure 2.4. Initial evidence of lattice defects during UAM: a) Atomic migration of Mg and 
O 117, b) Accelerated post weld natural aging of Al 6111 118 

  



 

 17 

Since the UAM process is a low time and temperature bonding process, these 
expressions predict that the expected diffusion of atoms should be negligible during 
UAM. Contrary to this, recent experiments have suggested that significant elemental 
segregation and accelerated material aging could occur. This discrepancy requires 
further attention to understand the processes occurring during UAM plastic deformation, 
and this is our current motivation. 

2.4.2 Hypothesis for this study 

 
The hypothesis is that plastic deformation is a requirement for UAM bonding, and this 
plastic deformation can create significant crystalline lattice defects. Towards this end, 
UAM bonding will be performed, experimental observations and computational 
thermodynamic calculations will be performed, and physical and mechanical metallurgy 
analysis will be used to rationalize the results. The microstructure evolution will be 
evaluated to determine the role of plastic deformation and the potential of enhanced 
crystal lattice defect formation.  
 
Evaluations will be performed on a variety of UAM materials and geometric 
configurations to generalize the results. This study will analyze asymmetric interface 
geometries between a foil and optical fiber coating, and symmetric geometries between 
two foils. UAM bonded interfaces will be evaluated using commercially pure metals, as 
well as interfaces with complicated engineered materials. To isolate individual 
mechanisms related to plastic deformation bonding, small interlayers are applied to 
certain difficult-to-weld materials. Prior to experimental bonding, the composition of the 
interlayer with respect to the bonding material is evaluated using computational 
thermodynamics. The composition is selectively identified to promote UAM bonding by 
improving plastic slip and/or lattice defect vacancy formation. 
 

2.4.3 Tools Used for Capturing this Effect 

 
UAM bonding to create these materials was performed at Fabrisonic ®, Ohio State 
University, and Oak Ridge National Laboratory (ORNL). Metallography preparation and 
analysis is performed at the University of Tennessee, Knoxville (UTK) Institute for 
Advanced Materials and Manufacturing (IAMM), the National Institute for Materials 
Science (NIMS), Oak Ridge National Laboratory (ORNL), the Manufacturing 
Demonstration Facility (MDF) at ORNL, KLA ®, and the 11-BM beamline at Argonne 
National Laboratory (ANL). Computational thermodynamics was performed using the 
Thermo-calc ® software. Experimental characterization of materials before and after 
UAM bonding was performed using optical microscopy, scanning electron microscopy 
(SEM), and transmission electron microscopy (TEM). Electron microscopy is coupled 
with energy dispersive spectroscopy (EDS) to determine the elemental composition of 
the materials and interfaces. Nanoindentation was used to determine microstructural 
strengthening properties. Electron back scatter diffraction (EBSD), x-ray diffraction 
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(XRD), and convergent beam electron diffraction (CBED) were also used to 
characterize the crystalline structure of the materials. 
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CHAPTER 3  

INTERDIFFUSION OF ELEMENTS DURING 

ULTRASONIC ADDITIVE 

MANUFACTURING 
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Abstract 
 
This paper reports evidence for enhanced elemental interdiffusion during ultrasonic 
additive manufacturing (UAM) across metal boundaries of copper-aluminum, nickel-
gold, and nickel-gold-aluminum. The high solute interdiffusion measured by energy 
dispersive x-ray spectroscopy line scans is rationalized with calculated vacancy 
concentrations orders of magnitude larger than thermal equilibrium values.  The above 
estimates are supported by existing knowledge related to defect physics and UAM 
thermal cycles. The observation of pronounced elemental mixing are evidence for the 
presence of enhanced nonequilibrium immiscible metal interdiffusion during UAM 
processing. 
 

3.1 Introduction 

 
This research was motivated by the unexpected experimental observation of 
pronounced interdiffusion during the routine characterization of metallized fiber optics to 
create smart structures for nuclear reactor applications 120. These smart structures were 
produced by embedding optical fibers using ultrasonic additive manufacturing (UAM). 
 
A broad introduction to the UAM process is described in Section 2.3, and a detailed 
literature review is provided below for context to this study. The UAM process can be 
used to embed fragile materials such as optical fiber strain sensors by interrupting the 
alternating additive and subtractive operations, as shown in Figure 3.1a below.  
 
The ultrasonic vibrations from the sonotrode cause the localized surface asperities to 
deform plastically and the surface oxides at the interface of the foils to break down. This 
operation creates two atomically clean surfaces that bond at temperatures significantly 
below their respective melting temperatures 86. This is shown below in Figure 3.1b. The 
additive layering operations are alternated with subtractive operations using a computer 
numerical controlled (CNC) mill to remove unwanted material. In this way, a near net 
shape 3D component can be fabricated 22,52,81,89,94. Optical fiber strain sensors can be 
embedded through exploiting the alternating additive and subtracting operations in the 
following manner. The additive process is paused after several foil layers have been 
added to the substrate, then the CNC mill is used to cut an optical fiber optic sized 
channel (straight or curved) into the top foil. The optical fiber can then be placed into 
this channel and the additive process is resumed adding more foil layers on top of the 
now embedded optical fiber 70,120,121. This is shown below in Figure 3.1c. 
 
UAM is similar to other solid-state welding techniques in the sense that it relies on 
plastic deformation to achieve oxide dispersion and bring about nascent metal contact 
which are necessary conditions for solid state welding to occur 55,62,94.  
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Figure 3.1 Schematic of UAM process. (a) Overview of the additive and subtractive 
stages, (b) Optical fiber embedding process, (c) Micrometer level bonding process, (d) 

Atomic level bonding process 
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However, it remains unclear whether this joining process occurs with significant 
macroscopic heat generation, as is the case with friction welding and friction stir 
welding. This is primarily due to the difficulties in conducting measurements at the time 
scales involved in UAM 99,100. However, recent theoretical calculations have shown that 
the interface temperatures may exceed the recrystallization temperature (i.e., 50% 
melting point temperature in kelvin). These observations have been confirmed with 
detailed microscopy of the weld interfaces which show grain refinement corresponding 
to a dynamic recrystallization 49,50,118,122,123. However, literature also postulates that 
during joining of dissimilar metals, high strain rate deformation through UAM may affect 
elemental interdiffusion through elevated concentrations of vacancies 124. This 
hypothesis is also illustrated schematically in Figure 3.1d. 
 
Additionally, the microscopic interface interactions between the UAM foils and fiber optic 
metal coatings have received limited attention in lieu of the technical demonstrability of 
the fiber optic embedding process. The full technical implementation of embedded fiber 
optics for nuclear applications mandates a scientific understanding of the material 
interactions during the embedding process. 
 
Embedding fiber-optic sensors with UAM is intriguing because the sensors can be used 
for spatially distributed strain monitoring for various applications 66,70,125–129. Although 
fiber optic mechanisms are not this paper’s focus, several fundamentals are briefly 
reviewed for context. The conventional polymer coatings of fiber optics could survive the 
UAM embedding process 130, although they are unsuitable for performance in harsh 
environments, such as high-temperature, high-radiation fluence, and chemically reactive 
environments limiting the end use. Thus, optical fibers embedded into structural 
materials in these demanding environments must have the polymer coating stripped 
away and replaced with a metal coating 70,121. The process of coating an optical fiber 
(metallization) can be performed through electroplating (for copper or gold coatings) or 
through electroless deposition (for nickel coatings) 66,131,132. Since the UAM process 
allows dissimilar metals to bond, the optical fiber can be coated with any metal required 
for its specific application. The exact mechanisms of dissimilar metal welding under 
these geometrical constraints are not clear.  
 

Previous UAM work has shown that similar metals 89,98, and dissimilar metals undergo 
intense plastic deformation at the interface to induce bond formation 56,57,62. Almost all 
literature show that the plastic deformation is localized almost entirely in the softer metal 
56,57,60,62. However, whether the extensive plastic deformation could contribute to 
enhanced interdiffusion is still not clear. Previous multi-scale characterization of high 
strain rate solid-state impact welds made with steel and aluminum showed extensive 
interdiffusion of elements due to localized diffusion promoted by melting 133. However, 
similar studies performed on UAM samples did not show any significant interdiffusion 
117. One can rationalize these differences based on differences in the extent of adiabatic 
heating between these two processes. 
 
In the case of high strains induced during accumulative roll bonding (ARB) where two 
metal sheets are joined in the solid state by cold rolling, significant interdiffusion has 
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been documented. The unique results observed in ARB refinement include remarkable 
deviation from thermodynamic equilibrium. In composite structures, such as Cu-Nb 
layers, mechanical alloying of the immiscible phases was found. The previously sharp 
interface boundary between the copper and niobium widened as both elements appear 
intermixed. Although research is still underway in this field, the models used to explain 
this phenomenon include ballistic mixing and other nonequilibrium diffusion processes, 
such as plasticity-driven mechanical mixing and severe plastic deformation (SPD) 134,135. 
While the overall strains may be comparable to the UAM process, the ARB strain rate at 
which the deformation occurs is over 3 orders of magnitude lower. 
 
Gunduz et al. 124 investigated the possibility of interdiffusion in ultrasonic welding using 
an aluminum and zinc dissimilar metal pair. The authors performed Energy Dispersive 
X-ray Spectroscopy (EDS) analyses in a Scanning Electron Microscope (SEM) and 
showed the presence of a micron scale interdiffusion zone. Interestingly, Gunduz et al. 
assumed there was no temperature increase during bonding and concluded that the 
diffusion profile must be linked to a strain rate-induced vacancy concentration of up to 
0.07 atomic fraction. This assumption would lower the local melting temperature and 
increase the interdiffusivity by a factor of 105. Currently, researchers in the field 
disagree on the mechanism of interdiffusion seen across UAM interfaces. Chen et al. 118 
accepted the Gunduz et al. claim that an increased vacancy concentration and 
associated diffusivity could exist for their alloy system even though their experiment had 
higher welding temperature. With an increase in temperature the vacancy annihilation 
rate could also be enhanced. Fujii et al. 50 used the Gunduz et al. claim of an elevated 
vacancy concentration to rationalize how recrystallization could occur at lower 
temperatures. However, Fujii et al. could not calculate a vacancy concentration as high 
as Gunduz et al. Ward et al. 95 criticized the Gunduz et al. assumption of the absence of 
a temperature rise and the extremely high vacancy concentration (~10-1) citing that it 
would destabilize the crystalline lattice. Instead, Ward et al. modeled the UAM interface 
using elevated temperatures and thermodynamically equilibrium vacancy 
concentrations. Sietins et al. 64 used high resolution transmission electron microscopy 
(TEM) EDS techniques to observe UAM interfaces. Based on these measurements, the 
authors attributed the interdiffusion to bulk diffusion without invoking elevated vacancy 
concentration arguments. Other low-resolution SEM observations of UAM interfaces 
58,59,62,69 have also conceded that due to the spatial resolution of the equipment being 
used, significant diffusion could not be resolved. Based on this literature review, one 
can conclude that there are disagreements in the community with regard to 
interdiffusion occurring across UAM interfaces. 
 
Therefore, the scope of this research study pertains to interdiffusion of elements from 
the coatings of the fiber optic strain gauges into the foils during UAM and rationalization 
of the same using physics of interdiffusion. 
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3.2 Experimental Procedure 
 

3.2.1 Introduction to Fibers and Coatings 

 
Three sets of samples were evaluated: the Al-Cu sample, the Ni-Au sample, and the Al-
Au-Ni sample. The Al-Cu sample configuration was based on an optical fiber 
electroplated with copper (20 μm ± 5 μm) (CU1300 fiber from IVG Fiber), embedded 
into Al-6061 foils using UAM. Two interfaces from the Al-Cu samples were analyzed. In 
addition, an optical fiber with electroplated copper before the embedding process, called 
the copper baseline sample, was also considered as a baseline. The cross-sectional 
areas of the electroplated copper regions were characterized before and after the 
embedding process. The Ni-Au sample configuration was based on an optical fiber 
electroplated with gold (15 μm ± 5 μm) (ASI9.0/125/155G fiber from Fiberguide 
Industries), which was then embedded into Ni-200 foils using UAM. An optical fiber with 
electroplated gold, called the gold baseline sample, was also considered as a baseline 
for comparison before the embedding process. The Al-Au-Ni sample configuration had 
an optical fiber coated with nickel (1.5–5 µm) through an electroless process, then 
immersed in gold (ENIG) (0.15–0.20 µm) (3896 fiber from OZ Optics), and then 
embedded into Al-6061 foils using UAM. Two bilayer interface combinations (i.e., Al-Cu 
and Ni-Au) and one tri-layer interface combination (i.e., Al-Au-Ni) were explored. All the 
SEM images from the interface regions were analyzed using Image-J software. 
 

3.2.2 UAM Processing Conditions 

 

All samples were produced using a 9kW UAM machine at Fabrisonic LLC (Columbus, 
OH) using 150 µm thick × 25.4 mm wide foils. During UAM processing of the Al-Cu and 
the Al-Au-Ni samples, the sonotrode horn exerted a downward force (in the z-direction) 
of 4,000 N and traveled forward (in the x-direction) at a speed of 0.033 m/s with a 
horizontal oscillation amplitude (in the y-direction) of 28 µm. For the Ni-Au sample, the 
sonotrode horn exerted a downward force of 7,000 N and traveled forward at a speed of 
0.022 m/s with a horizontal oscillation amplitude of 38 µm. During all the above 
experiments, the sonotrode vibrations were set at a frequency of 20 kHz. The estimated 
temperature profile was extracted from the non-dimensional data published by Sririman 
et al. 99 using WebPlotDigitizer software136. Fifty data points were extracted and 
extrapolated by setting the maximum temperature as described in section 3.4 and 
setting the room temperature at 298K. After the fabrication process, samples were cut in 
different sections, cold mounted in epoxy, and polished to a 0.05 μm finish using 
standard metallography techniques.  
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3.2.3 Optical and Electron Microscopy 

 
For the optical microscopy, a Zeiss AxioCam 30.5 was used. The microstructures were 
recorded using bright-field (BF) imaging and extended depth-of-focus corrections. 

 
For the scanning electron microscopy (SEM) analysis, the field emission Hitachi S4800 
was used. The samples were carbon coated to reduce electrostatic charging effects. A 
working distance of 8.8 mm was used with an acceleration voltage of 20 keV and a 
probe current of 10 μA with an equipped electron dispersive X-ray spectroscopy (EDS) 
detector. The SEM-EDS analysis used the quantitative ZAF correction technique.  
 
Samples for transmission electron microscopy (TEM) analysis were extracted from 
metallic foil-fiber coating interfaces and baseline fiber coatings. To prepare for TEM 
analysis, the cold-mounted samples were milled into thin foils using a Ga+ focused ion 
beam (FIB), Hitachi NB5000. The energy of the Ga+ ions progressively decreased from 
30 keV to 5 keV to create the thin foils with approximate dimensions 3000x6000x50 nm. 
The thin foils were welded onto molybdenum grids and stored in a Ted Pella vacuum 
chamber. Molybdenum grids were used instead of standard copper grids to mitigate 
potential florescence effects from the grids during analysis.  
 
For the TEM analysis, a field emission Talos F200X was used with an acceleration 
voltage of 200 kV and a probe current of ~1,000 pA with an equipped EDS detector. 
Scanning transmission electron microscope images of the BF, dark field (DF), and high-
angle annular DF (HAADF) were collected at angles of 9 mrad, 12-20 mrad, and 61-200 
mrad respectively. The TEM EDS analysis was performed using a standardless semi 
quantitative analysis on Bruker ESPRIT 1.9 software that used Cliff-Lorimer corrections. 
Every EDS spectrum and line scan were taken at three locations on the sample with 
three repetitions at each location to improve statistical significance. The EDS line scans 
plotted below represent the average of the three-line scans taken across each interface 
with errors bars representing the range of the collected data equally spaced for visual 
clarity.  

 

3.3 Results 

 

3.3.1 Baseline Samples 

 

As mentioned earlier, the optical fibers were examined before embedding. The baseline 
copper-coated fiber and the baseline gold-coated fiber were imaged, and their 
elemental compositions were quantified. The EDS spectra for the coatings were taken 
in high-magnification windows encompassing solely the metal coating. The images and 
EDS spectra are shown below in Figure 3.2. The arrows in Figure 3.2a show the slight 
charging effects present in the image. Figure 3.2a shows the copper-coated optical 
fiber, and its corresponding EDS spectrum is shown in Figure 3.2c. 
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Figure 3.2 Baseline coated fiber images and EDS scans. (a) SEM image of copper-
coated fiber, (b) SEM image of gold-coated fiber, (c) TEM EDS spectrum of copper-

coated fiber, and (d) SEM EDS spectrum of gold-coated fiber 
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Figure 3.2b shows the gold-coated optical fiber, and its corresponding EDS spectrum is 
shown in Figure 3.2d. From the SEM image of the baseline copper sample, the cross-
sectional area of the electroplated copper is 9110 µm2. The EDS spectra were analyzed 
using the procedure described above to create the elemental composition results, as 
shown in Table 3.1 and Table 3.2. To perform the TEM EDS characterization of the 
baseline copper-coated fiber (Table 3.1), the FIB sample was welded to a molybdenum 
grid. Although molybdenum appears in the EDS spectrum, the elemental composition 
deconvoluted the contribution of the molybdenum to the overall composition. This 
resulted in the copper-coated baseline fiber having a majority of copper with 
approximately 4.5 at. % aluminum impurity. In the SEM EDS characterization of the 
baseline gold-coated fiber (Table 3.2), the carbon and oxygen found in the spectrum 
were also deconvoluted from the elemental composition. This resulted in the gold-
coated sample having 100% gold. 
 

3.3.2 Bi-layer Interfaces 

 

This section describes the results pertaining to the bi-layer interface between the two 
different metals. The Al-Cu sample was examined at two different interface locations, 
and the Ni-Au sample was examined at one interface location. Two different interface 
locations of the Al-Cu sample were analyzed because the interfaces appeared 
significantly different with an open boundary (i.e. not good joint) appearing in the first Al-
Cu interface and a tight boundary (i.e. good joint) appearing in the second Al-Cu 
interface. Since the focus of this paper is related to interdiffusion across the interfaces 
that have been joined, the analysis primarily focused on the tight boundaries including 
the second Al-Cu interface and the Ni-Au interface. The data from the 2nd Al-Cu 
interface is also used in the diffusion calculations to be described later. Once the 
calculations are calibrated for these conditions, these calculations were extended to the 
other interfaces to obtain the final diffusivity and vacancy concentration values. 
 
The first Al-Cu interface is shown in Figure 3.3. Figure 3.3a and Figure 3.3b show an 
optical micrograph and SEM overview of the embedded metallized optical fiber. The 
aluminum foil, copper coating, and SiO2 optical fiber are shown. The halo (indicated by 
an arrow in Figure 3.3b) is caused by charging effects in the electron microscope. 
Figure 3.3c, Figure 3.3d, and Figure 3.3e show high-magnification TEM images of the 
interface between the copper and aluminum. There are many nano-scale voids, 
porosities, and open spaces between the two metals, as indicated by the circles in 
Figure 3.3c, Figure 3.3d, and Figure 3.3e. From the TEM images, the interface region is 
roughly 250 nm wide. From the SEM image of the embedded electroplated copper, the 
cross-sectional area is 9878 ± 17 um2. The elemental concentration variation across the 
first Al-Cu interface is shown in Figure 3.4. Copper, aluminum, oxygen, carbon, silicon, 
and magnesium are shown. The interface region between the copper and the aluminum 
region is highlighted. Large amounts of oxygen and carbon are present in this region, as 
well as minor amounts of silicon and magnesium. From the TEM EDS data, the 
interface region is concluded to be approximately 300 nm wide. 
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Table 3.1 TEM EDS results of baseline copper-coated fiber. 

Element Carbon Oxygen Aluminum Silicon Copper Molybdenum 

At. % 7.2 2.1 4.5 0.1 86.1 0 
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Table 3.2 SEM EDS results of baseline gold-coated fiber. 

Element Carbon Oxygen Gold 

At. % 0 0 100 
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Figure 3.3 First Al-Cu interface images: (a) optical, (b) SEM, (c) BF, (d) DF, and (e) 
HAADF. The interface is normal to the beam direction 
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Figure 3.4 TEM EDS line-scan profiles of the first Al-Cu interface. 
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The second Al-Cu interface is shown in Figure 3.5. The high-magnification TEM images 
shown in Figure 3.5 are from the same original sample shown in Figure 3.3a and Figure 
3.3b; thus, the optical micrograph and SEM overview images are not repeated in Figure 
3.5. The highlighted circles indicate the part of the interface region between the metals. 
Although some open regions could exist, there are fewer voids, porosities, and open 
regions than in the first Al-Cu interface (Figure 3.3). From the TEM images, there 
appears to be some type of intermixing between the aluminum and copper in this 
region. This region is measured to be ~40 nm wide. 
 

The elemental spectrum across the second Al-Cu interface is shown in Figure 3.6. 
Copper, aluminum, oxygen, carbon, silicon, and magnesium are shown. The interface 
region between the copper and the aluminum region is highlighted. The interface region 
of the second Al-Cu interface (Figure 3.5 and Figure 3.6) is significantly different than 
first Al-Cu interface (Figure 3.2 and Figure 3.3). In the second interface region, a 
combination of copper, aluminum, and oxygen comprise the majority of the interface 
region. Other elements—such as carbon, silicon, and magnesium—comprise nearly 
insignificant portions of the interface. Over half the interface region is a combination of 
aluminum and oxygen, suggesting that an aluminum oxide is present. From the TEM 
EDS data, the interface region is measured to be ~70 nm wide. 
 

The Ni-Au interface images are shown in Figure 3.7. Figure 3.7a and Figure 3.7b show 
an optical micrograph and SEM overview of the embedded metallized optical fiber. The 
nickel foil, gold coating, and SiO2 fiber are shown. The particles indicated by the arrow 
in Figure 3.7b could be from carbon particles deposited onto the SEM surface to reduce 
charging effects. The particles could also be impurities caught in the open region 
between the coating and the film before imaging that escaped during the microscopy 
vacuum process. Figure 3.7c, Figure 3.7d, and Figure 3.7e show the high-magnification 
TEM images of the interface between the gold and nickel. The interface between the 
two metals is highlighted with circles. From the TEM images, the interface region is 
roughly 40 nm wide. Additionally, there is a small void on the left side of the highlighted 
gold-nickel interface seen in the TEM images. This void appears bright in the BF image 
in Figure 3.7c and dark in the HAADF image in Figure 3.7e. The SEM image of Figure 
3.7b has gold coating in the upper right corner, but the optical image of Figure 3.7a 
does not. Although the samples are the same, the optical image was taken after re-
polishing after the FIB-TEM sample preparation, resulting in an optical image roughly 20 
μm below the surface of the SEM image.  
 

The elemental spectrum across the Ni-Au interface is shown in Figure 3.8. Gold, nickel, 
iron, aluminum, and oxygen are shown. The interface region between the gold and 
nickel region is highlighted. In this interface region, gold and nickel are present 
simultaneously with very minor contributions by other elements, such as iron, aluminum, 
and oxygen. Since gold and nickel are immiscible metals, the presence of both metals 
in the same region is very surprising and unusual. From the TEM EDS data, the 
interface region is measured to be ~50 nm wide. 
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Figure 3.5 Second Al-Cu interface images: (a) BF, (b) DF, and (c) HAADF. The 
interface is normal to the beam direction 
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Figure 3.6 TEM EDS line-scan profile of the second Al-Cu interface.  

  



 

 35 

 

Figure 3.7 Ni-Au interface images: (a) optical, (b) SEM, (c) BF, (d) DF and (e) HAADF. 
The interface is normal to the beam direction. 
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Figure 3.8 TEM EDS line-scan profiles of the Ni-Au interface. 
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3.3.1 Tri-Layer Interfaces 

 

The tri-layer interface across three different metals was explored in the Al-Au-Ni 
sample, as shown in Figure 3.9 and Figure 3.10. The Al-Au-Ni interface images are 
shown in Figure 3.9. Figure 3.9a and Figure 3.9b show an optical micrograph and SEM 
overview of the embedded metallized optical fiber. The aluminum foil, nickel coating, 
and optical fiber are shown in these overview images. The gold monolayer is not 
apparent in these low-magnification images. Figure 3.9c, Figure 3.9d, and Figure 3.9e 
show the high-magnification TEM images of the tri-layer interface. The nickel is on the 
left, the aluminum is on the right, and the gold monolayer is in the middle. This small 
gold layer is highlighted with circles. From the TEM images, the width of the gold 
monolayer is measured to be 90 nm wide. 
 

Figure 3.10 shows the elemental spectrum across the Al-Au-Ni interface. Nickel, gold, 
aluminum, oxygen, and phosphorous are shown in this highlighted interface. The gold 
monolayer between the nickel and aluminum can be clearly seen. There is a relatively 
broad boundary interface between the nickel and the gold and a relatively sharp 
boundary interface between the gold and the aluminum UAM foil. Additionally, there is a 
significant rise in oxygen content on the aluminum side of the interface, which suggests 
that an aluminum oxide combination could be present at that interface. According to the 
TEM EDS data, the interface region of the nickel and gold is ~90 nm wide, and the 
interface between the gold and the aluminum foil is less than ~5 nm wide. 

3.3.1 Measured Solute Diffusion 

 

In Figure 3.10, the total interface distance between the gold monolayer and the 
aluminum foil is less than ~5 nm, which is near the resolvable limit of the TEM EDS 
analysis after considering beam broadening effects and possible slight tilting and 
twisting of the interface relative to the incident electron beam. Therefore, the gold 
monolayer on the outside of the nickel-coated fiber could have prevented any significant 
interdiffusion in the tri-layer Al-Au-Ni sample. Figure 3.4, Figure 3.6, Figure 3.8, show 
that there is interdiffusion across the bi-layer metal interface after the UAM embedding 
process.  
 

To quantitatively interpret interdiffusion across the bi-layer interfaces, a time and 
temperature profile that the samples experienced must be estimated, although it was 
not directly measured in this study. The temperature profile during ultrasonic 
consolidation (UC) can be affected by several factors including power from the 
sonotrode, normal force, metal-metal contact area, sonotrode speed, and oscillation 
frequency. The temperature contribution from these factors has been experimentally 
measured during UAM bonding 99,100 and ultrasonic spot welding (USW) 49,50,118,122,123 
using type K thermocouples and thermal imaging cameras. A term of energy per unit 
area (J/mm2) is typically used to normalize the UC welding parameters. 
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Figure 3.9 Al-Au-Ni interface images: (a) optical, (b) SEM, (c) BF, (d) DF, and (e) 
HAADF. The interface is normal to the beam direction. 
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Figure 3.10 TEM EDS line-scan profiles of the Al-Au-Ni interface. 
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Using a simple derivation described by Sriraman et al. 100, the energy per unit area 
experienced by the samples in this study is 10-16 J/mm2, which according to previous 
studies 49,50,99,100,118,122,123 corresponds to a peak temperature between 115 - 400°C. 
The oscillation amplitude and frequency could also adjust the mean temperature value 
by 20°C 99, although these are relatively minor factors compared to the 275°C 
temperature variation found throughout literature. The large range of the potential peak 
temperatures is strongly affected by the large experimental errors which exist in UAM 
temperature measurements. As mentioned above, the applied ultrasonic frequency is 
20 kHz. Therefore, the time resolution required to accurately measure temperature from 
each back-and-forth pass of the sonotrode must be below 0.05 ms (1/20 kHz). 
 
UAM thermal measurement studies have recognized this and maximized their 
thermocouple sampling rate to 10,000 per second while using an unsheathed 70 µm 
diameter Type K thermocouple to minimize the thermocouple time constant. This 
corresponds to receiving a signal from the thermocouple every 0.1 ms 99,100. The time 
constant of the thermocouple should also be considered. The time constant is the time 
required for the sensor to respond to at least 63.2% of its total output signal when 
subjected to a step change in temperature. This is a function of the thermal heat 
capacity and mass of the thermocouple 137–139. For an unsheathed 70 µm Type K 
thermocouple at room temperature, the time constant is approximately 135-150 ms 140–

143. This means although a rapid signal was recorded from the thermocouple every 0.1 
ms, the thermocouple could only respond to temperature changes at most every 135 
ms. Therefore, the true magnitude of the temperature spike due to UAM bonding could 
be missed while using these thermocouples. Additionally, the non-contact thermal 
imaging cameras used in the above studies cannot access a direct line of site with the 
internal weld, and the emissivity of metals allows only a fraction of the radiative heat to 
be detected 144.  
 
Considering these factors of the UC normalization term, the previous experimental 
research, and the experimental uncertainty of the temperature measurements, an 
approximate peak temperature value of 225°C (498K) is assumed for the diffusivity 
calculations below. Using the arbitrary temperature profile from Sriraman et al. 99 and 
this approximate peak temperature, an estimated thermal profile can be created for the 
welding parameters used in this study. This is shown below in Figure 3.11. The 
estimated thermal profile is used since no temperature measurements were taken in 
this experiment. 
 

Additionally the phenomenological equation for thermal interdiffusivity 𝐷̃ between 
aluminum and copper, derived by Matsuno et al. 145 using the Boltzmann-Matano 
method, can be considered here. The interdiffusivity across the temperature profile in 
Figure 3.11 can be calculated using the values of atomic fraction of aluminum in copper 
NAl from the baseline copper fiber (~4.5 at. %) and the gas constant R of 8.314 

J/(K·mole). Also note that the term 𝐷̃ simply denotes interdiffusivity between an A-B 
alloy, while the term D typically denotes diffusivity of a sole solute atom in an otherwise 
homogenous solid solvent solution. The former is considered in this study. 
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Figure 3.11 Estimated thermal profile from Sriraman et al. 99 and interdiffusion 
coefficient assuming only thermal contributions 
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𝐷̃(𝑁𝐴𝑙) = 0.43 ×  10−4 ∙ 𝑒𝑥𝑝 {−
(194000 − 180000𝑁𝐴𝑙)

𝑅𝑇
} Equation 3.1 

 
 
The method commonly used for determining any diffusivity during heating up and 
cooling down time is considered. In this case the solution for the diffusivity for each time 

t interval is replaced by the averaged product 𝐷𝑡̅̅ ̅ by the equation 𝐷𝑡̅̅ ̅ = ∫ 𝐷(𝑡)
𝑡

0
𝑑𝑡 146. 

Using this method the interdiffusivity during the interface temperature profile, also 
shown below in Figure 3.11, demonstrates the heating up and cooling down time 
provide a negligible contribution to the total time-integrated interdiffusivity. Therefore, 
only the time (0.2 sec) at peak temperature will be used for the experimental diffusivity 
equations below.  
 
Considering the diffusion couple profile method 146,147 from the second Al-Cu interface 
shown in Figure 3.6, the distance, x, at which the aluminum concentration reaches 50% 
of the maximum aluminum concentration is 0.035 μm from the edge of the interface. 
Using Fick’s second law approximation, the experimental interdiffusivity during a time 
interval of 0.2 s is 6.1 × 10-15 m2/s. 
 
 𝑥~√𝐷̃𝑡 Equation 3.2 

 
 

Significant discrepancy is found when comparing between the expected interdiffusivity 
value from the thermal approach by Matsuno et al. and the experimentally estimated 
interdiffusivity value from the EDS measurements of solute diffusion (10-24 m2/s vs 10-15 
m2/s respectively). The small residence time and minimal homologous temperature rise 
(~0.4 T/Tm) prevents thermal equilibrium diffusion from being a viable explanation of the 
observed atomic motion (roughly 9 orders of magnitude discrepancy). Thus, alternative 
diffusion mechanisms must be operational. 
 
Finally, it should be noted that the energy normalizing term (J/mm2) could be an 
incomplete description for the thermal profile experienced at the interfaces in this study 
due to the unique geometries present. The thermal profiles were created for UAM foil-
foil bonding in which each foil has the same ratio of cross-sectional area of 1:1, whereas 
the present experiment investigated the foil-fiber coating interface where the cross-
sectional area between the two bonded geometries is not equal. In fact, using the foil 
width of 25.4 mm, foil thickness of 0.15 mm, and the electroplated copper cross 
sectional area of 9110 µm2, the ratio of the foil-fiber coating cross sectional area is 
1:0.0024. It is possible the disproportional geometries create a unique situation unlike 
what would be observed with two equally proportional geometries. Further analysis is 
needed to determine the potential impact of this unequal cross-sectional area. 
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3.4 Discussion 

 

3.4.1 Rationalization of the Interdiffusion 

 

The phenomenological approach to diffusion using Fick’s laws and thermal equilibrium 
diffusion, as described above, clearly does not provide a complete description of the 
atomic motion during UAM. Therefore, the atomistic approach to diffusion can be 
considered. The interdiffusion equation is shown below where f is the correlation factor, 
a0 is the lattice constant, 𝜈 is the Debye frequency of atomic vibration on its lattice site, 
Em is the vacancy migration energy, k is the Boltzmann constant of 8.617×10-5 eV/K, 
and T is the absolute temperature 146–152. For the dissimilar FCC metal interfaces 
explored here, in which the vacancy-atom exchange ratio is not known, a nominal value 
of 0.78 is used for the correlation factor 153–160. 
 
 
 

𝐷̃ = 𝑓𝑎𝑜
2𝑋𝑣𝜈 ∙ 𝑒𝑥𝑝 (−

𝐸𝑚

𝑘𝑇
) Equation 3.3 

 
 
The material constants that are needed to obtain the interdiffusion coefficients from 
Equation 3.3 for the elemental concentration profiles of the Al-Cu interfaces and the Ni-
Au interface are shown in Table 3.3 below. 
 
Using the material constants for copper and gold shown in Table 3.3, the vacancy 
concentration needed for interdiffusion across each interface can be calculated. Table 
3.4 shows the values for each interface and the calculated interdiffusivity using Fick’s 
second law approximation. To illustrate the magnitude of the elevated vacancy 
concentrations estimated in Table 3.4, thermal equilibrium vacancy concentrations can 
be calculated as shown below in The similarities and differences between the two Al-Cu 
interfaces should be discussed further. Both interfaces demonstrate the presence of 
voids and porosity as shown as white dots in the BF images in Figure 3.3d and Figure 
3.5a, and black dots in the DF images in Figure 3.3e and Figure 3.5b. It is hypothesized 
that these voids resulted from the accumulation of vacancies migrating towards the 
interfaces. Clearly the main difference between the two interfaces is the presence of the 
ellipsoidal gap between the metals. The first Al-Cu interface in Figure 3.3 has a ~100 
nm gap between the Al and Cu, while the second Al-Cu interface in Figure 3.5 does not 
have an gap between the metals. Since solutes are observed on opposite sides of the 
gap in Figure 3.3, it is believed that the Al and Cu likely separated after interdiffusion of 
these elements. The subtle difference between the interfaces is attributed to non-
uniform thermo-mechanical conditions at the interface during the ultrasonic metal 
welding process 175. This is expected to result in non-uniform distribution of plastic 
strains 176. As a result, some of the interfaces that had joined may be torn apart with the 
high magnitude of plastic strain (e.g. 1st Al-Cu interface, Figure 3.3) while others 
remained intact (2nd Al-Cu interface, Figure 3.5). It is important to note that any solid-
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state or resistance spot welding geometries exhibit non-uniform stress distribution due 
to the inherent geometry effects 177. 
 
The interdiffusion physics described above uses the entire interface width including the 
gap. Since the first Al-Cu interface has a gap in the middle of the interface region, the 
total distance used for the interdiffusion equation is larger than it otherwise would be. 
This creates an even larger vacancy concentration as shown in Table 3.4. The second 
Al-Cu interface did not exhibit separation; therefore, it was chosen to illustrate the 
interdiffusion physics due to the absence of the potentially convoluting gap. 
 
From an atomistic point of view, the mobility of large solute atoms (Al, Cu, Ni, Au) 
require vacancies to be present since their movement depends on the substitutional 
diffusion mechanism (i.e. there must be an open lattice location for a solute atom to 
jump into) 153,161,178. However, the mobility of A and B atoms in an A-B metal interface is 
typically not equal, as Kirkendall’s experiments have demonstrated 150,151. As hinted at 
earlier, the interdiffusion is typically compositionally dependent, although a simplified 
interface interdiffusion value was created to demonstrate the physics present in this 
study. 
 
Although major solute atoms require vacancy point defects to migrate, traditional 
interstitial impurity atoms (C, O) do not require vacancies to migrate. This simpler 
migration pattern is described as interstitial diffusion (in contrast to substitutional 
diffusion) in which the impurity solute atoms, being much smaller in atomic diameter 
than the bulk solvent atomic diameter, diffuse from one interstitial site to another. In the 
FCC matrix, these are the octahedral and tetragonal lattice sites in between the host 
FCC lattice 153,161,178.  
 
 for the estimated thermal profile maximum and the melting temperature. If the vacancy 
concentration corresponds to thermodynamic equilibrium at a given temperature, then it 
is determined by the vacancy formation energy Ef and the absolute temperature 
102,161,162. 
 
This analysis demonstrates that the estimated vacancy concentrations across the 
sample interfaces necessary to explain the observed solute diffusion are quite large. 
The vacancy concentrations are much larger than thermal equilibrium levels at the 
estimated maximum temperature and even at the metals’ respective melting 
temperatures. These values would be quite alarming if they are correct because they 
begin to reach the critical vacancy concentration hypothesized by Johnson 163 based on 
the defect-induced shear catastrophe 164,165. This limit describes the lattice defect 
concentrations that are required to raise a metallic material’s free energy to the point 
that it loses its crystallinity and becomes amorphous. Other examples of a material 
briefly losing its crystallinity include irradiation damage cascades 166–169 and ARB 
mechanical alloying, as mentioned below.  
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Table 3.3 Material constants for interdiffusion expression. 

Material Em (eV) 170 ν (s-1) 171 a0 (Å) 172 

Copper 0.70 7.98 × 1013 3.6 
Gold 0.71 4.92 × 1013 4.1 
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Table 3.4 Interdiffusivity and vacancy concentration of each interface. 

Sample 𝑫̃ (m2/s) XV (at fraction) 

First Al-Cu interface 5.0 × 10-14 7.5 × 10-2 
Second Al-Cu interface 6.1 × 10-15 9.2 × 10-3 

Ni-Au interface 3.1 × 10-15 7.4 × 10-3 
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Table 3.5 Thermal equilibrium vacancy concentrations 

Material Ef (eV) 170 Tm (K) 
XV (at fraction) at 

225°C 
XV (at fraction) at Tm 

Copper 1.28 1358 1.12 × 10-13 1.78 × 10-5 
Gold 0.93 1337 3.90 × 10-10 3.13 × 10-4 
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 𝑋𝑣 = 𝑒𝑥𝑝 (−
𝐸𝑓

𝑘𝑇
) Equation 3.4 

 
However, as mentioned previously, there are various measurement uncertainties and 
alternative possibilities beyond just an elevated vacancy concentration that could 
explain the interdiffusion. Therefore, these vacancy concentration values should be 
considered as upper bounds rather than exact values. 
 
The elemental concentrations in the various interfaces can be briefly compared. In the 
first Al-Cu interface (Figure 3.4), the main elements of aluminum and copper 
experienced interdiffusion, but non-trivial fractions of the minor solute atoms carbon, 
oxygen, and silicon were also observed in the open boundary interface. In contrast, in 
the second Al-Cu interface (Figure 3.6) only oxygen was observed as an interface 
impurity element. If an ordered crystal were created near this interface, a thin 
intermetallic of aluminum and copper and/or an aluminum oxide could have been 
present. Finally the Ni-Au interface (Figure 3.8) appears to have nickel and gold present 
in the same region although the equilibrium phase diagram and thermodynamic 
assessments of this system suggest limited mutual miscibility at low temperatures 
173,174. This is surprising although the mechanical mixing of immiscible metals has also 
been found in other bonding processes, such as the ARB process, as discussed later. 
 
The similarities and differences between the two Al-Cu interfaces should be discussed 
further. Both interfaces demonstrate the presence of voids and porosity as shown as 
white dots in the BF images in Figure 3.3d and Figure 3.5a, and black dots in the DF 
images in Figure 3.3e and Figure 3.5b. It is hypothesized that these voids resulted from 
the accumulation of vacancies migrating towards the interfaces. Clearly the main 
difference between the two interfaces is the presence of the ellipsoidal gap between the 
metals. The first Al-Cu interface in Figure 3.3 has a ~100 nm gap between the Al and 
Cu, while the second Al-Cu interface in Figure 3.5 does not have an gap between the 
metals. Since solutes are observed on opposite sides of the gap in Figure 3.3, it is 
believed that the Al and Cu likely separated after interdiffusion of these elements. The 
subtle difference between the interfaces is attributed to non-uniform thermo-mechanical 
conditions at the interface during the ultrasonic metal welding process 175. This is 
expected to result in non-uniform distribution of plastic strains 176. As a result, some of 
the interfaces that had joined may be torn apart with the high magnitude of plastic strain 
(e.g. 1st Al-Cu interface, Figure 3.3) while others remained intact (2nd Al-Cu interface, 
Figure 3.5). It is important to note that any solid-state or resistance spot welding 
geometries exhibit non-uniform stress distribution due to the inherent geometry effects 
177. 
 
The interdiffusion physics described above uses the entire interface width including the 
gap. Since the first Al-Cu interface has a gap in the middle of the interface region, the 
total distance used for the interdiffusion equation is larger than it otherwise would be. 
This creates an even larger vacancy concentration as shown in Table 3.4. The second 
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Al-Cu interface did not exhibit separation; therefore, it was chosen to illustrate the 
interdiffusion physics due to the absence of the potentially convoluting gap. 
 
From an atomistic point of view, the mobility of large solute atoms (Al, Cu, Ni, Au) 
require vacancies to be present since their movement depends on the substitutional 
diffusion mechanism (i.e. there must be an open lattice location for a solute atom to 
jump into) 153,161,178. However, the mobility of A and B atoms in an A-B metal interface is 
typically not equal, as Kirkendall’s experiments have demonstrated 150,151. As hinted at 
earlier, the interdiffusion is typically compositionally dependent, although a simplified 
interface interdiffusion value was created to demonstrate the physics present in this 
study. 
 
Although major solute atoms require vacancy point defects to migrate, traditional 
interstitial impurity atoms (C, O) do not require vacancies to migrate. This simpler 
migration pattern is described as interstitial diffusion (in contrast to substitutional 
diffusion) in which the impurity solute atoms, being much smaller in atomic diameter 
than the bulk solvent atomic diameter, diffuse from one interstitial site to another. In the 
FCC matrix, these are the octahedral and tetragonal lattice sites in between the host 
FCC lattice 153,161,178.  
 
The large mobility of the oxygen atoms migrating towards the interface in the Al-Cu 
system is likely due to this interstitial diffusion mechanism. This mechanism can also 
help describe the small atom dispersion that others have observed in UAM interfaces 
117. Although carbon is often described as an interstitial atom for typical metals such as 
BCC iron 153,161,178, carbon has extremely low solubility in aluminum, typically less than 
0.1 ppm at and below 750°C 179–182. This makes the detected carbon x-rays shown in 
Figure 3.3 quite curious. Since the TEM EDS in this study used a field emission electron 
source in an ultra-high vacuum, the carbon x-rays have likely originated directly from the 
sample. Further research including atom probe tomography is needed to understand the 
mechanisms. 
 
For a complete understanding of the defect physics, vacancy migration must be 
considered in addition to the major and minor solute migration. Consider first that when 
bonding was initiated, there were two atomically clean planes of atoms in contact. Then 
due to the elevated vacancy concentration, there was a flux of atoms outward from this 
flat plane towards the opposite bulk region. This created an interface region 50 nm or 
more. For this outward flux of atoms to occur (from the initially clean interface towards 
the bulk), there must also have been an inward flux of vacancies to support it (from the 
bulk towards the center of the interface region).  
 
Although this flux of vacancies and solute atoms could have occurred solely through the 
bulk lattice, the material was not a single crystal. Although detailed electron backscatter 
diffraction (EBSD) analysis, for microstructural characteristics, was not performed in 
these samples due to limited size. Many other UAM interface analyses have shown 
elevated dislocation densities, severe grain refinement, large concentrations of high 
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angle grain boundaries (HAGB), and migrating grain boundaries towards the foil 
interfaces likely due to a process analogous to dynamic recrystallization (DRX) 
57,60,62,94,99,100,116,183–187. During the DRX process a crystal releases internal stored 
energy from accumulated plastic strains. New essentially strain free crystals grow at the 
expense of the deformed crystals. The material is swept by HAGB, perhaps more than 
once, as the material realigns atoms into crystals with lower free energy 161,188,189. Some 
have postulated that the migrating grain boundaries not only sweep through each side 
of a UAM foil interface, but even across foil interface boundaries 55.  Nevertheless, this 
phenomenon is less likely with dissimilar foil interfaces due to the decreased grain 
boundary mobility while carrying solute atoms 188,190. 
 
Although sweeping grain boundaries may not rapidly carry solute atoms, stationary 
grain boundaries could offer short circuit solute diffusion pathways in addition to or 
instead of vacancies 153. Grain boundary diffusion of vacancies and interstitials occurs 
primarily through the relatively open space between grains. The defects migrate by 
jumping from the lattice, into the grain boundary, traveling through the grain boundary, 
then jumping back out into the lattice. Both vacancies and interstitials can move in grain 
boundaries with single atom exchanges or with collective jumps, although most often 
the motion involves two or more atoms. There is no clear consensus on the relative 
strength of the different types of point defects on grain boundary diffusion in metals, but 
there is clear evidence that both contribute to the diffusivity 153,188,191–193. Of course, if 
grain boundary interdiffusion significantly contributes to the major solute interdiffusion in 
this study, then the vacancy concentration required for the interdiffusion, as predicted in 
Table 3.4, could be lower than estimated. 
 

3.4.2 Critique of Previous UAM Enhanced Vacancy Concentration Analyses 

 

As shown in Table 3.4, the atomic fraction of vacancies across the three different 
interdiffusion boundaries is on the order of 10-3, although as discussed, grain boundary 
interdiffusion could contribute to lowering this value.  This extreme vacancy 
concentration is still several orders of magnitude lower than the vacancy concentration 
of 10-1 proposed by Gunduz et al. Several factors could have caused the significant 
difference between these vacancy concentrations. Gunduz et al. did not consider the 
classical random walk diffusion physics 146–152, nor did Gunduz et al. consider any 
thermal cycles or temperature increases. In fact, the published literatures show that the 
temperature increase at the interface is significant 49,50,95,99,100,118,122,123,175. 
 
In addition to the defect physics and temperature profiles overlooked by Gunduz et al., 
the initial argument of their paper was based on experimental data that did not mention 
or consider measurement uncertainties. The author’s initial argument was based on a 
single SEM EDS line profile with a 1 µm range of compositionally equivalent material, 
which the author claims became molten. They did not consider the SEM operating 
parameters nor the interaction volume convolution 194,195, which is larger than the lateral 
range of the supposed molten materials. The issues outlined above signify that the 
Gunduz et al. conclusions may not be accurate. 
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3.4.3 Correlation of the Interdiffusion Observed in ARB Processing 

 

The UAM process is not the only process that can create layered materials driven far 
from equilibrium. The ARB process can create mechanical alloying of immiscible 
materials due to SPD, which refines the microstructure as dislocations interact during 
the repeated severe straining process 135,196. The mechanical alloying of different 
materials has experimentally been found to create layered foils such as aluminum and 
magnesium with high diffusivities and intermetallic formation 197,198. Copper and 
zirconium have also experienced mechanical alloying with amorphization, which is 
experimentally observed in extreme cases 199. 
 
The fundamental phenomena causing deformation induced mechanical and chemical 
mixing from phases that have non-soluble elements is still debated. The common 
explanations for this mixing include: a purely diffusion-driven mechanism, defect-
enhanced diffusion, mechanical mixing (also referred to as shuffling or ballistic mixing), 
and deformation driven amorphization 200. 
 

3.4.4 Postulation Regarding the Vacancy Formation 

 

This work explored the elemental composition profiles across bi-layer metal boundaries 
and calculated interdiffusivity values across the interfaces that must exist according to 
the measured data. These interdiffusivity values were rationalized using vacancy 
concentrations that are several orders of magnitude above thermal equilibrium values. 
The exact origin of these vacancies is still uncertain and should be explored further.  
 
Introduction of defects such as vacancies increases with applied plastic deformation. 
There are several methods for describing plastic deformation from externally applied 
work. A common method for comparing the work done to a metal through traditional 
cold roll bonding or the ARB process is a reduction of thickness measurement. Typical 
values for roll bonding processes are ~30-70% reduction of thickness 201–205. Comparing 
the cross-sectional area of the electroplated copper before and after the embedding 
process demonstrates a negligible -3.2% reduction of thickness. Therefore, only a minor 
reduction of thickness occurred during the ultrasonic bonding process although a 
significant number of vacancies were apparently still created. 
 
Additionally, strain measurements were being investigated when the copper-coated 
fiber and the nickel-coated fiber were embedded into aluminum. These measurements 
could help in providing insight into the nature of the vacancy formation. The strain 
across the fiber was measured before and after the embedding process. The difference 
between these strain measurements is called the residual strain in the fiber. Petrie et al. 
performed these measurements 66, which are shown in Figure 3.12 and Figure 3.13.   
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Figure 3.12 Residual strain measurements in the Al-Cu sample. Used with permission 
from Reference 66. 
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Figure 3.13 Residual strain measurements in the Al-Au-Ni sample. Used with 
permission from Reference 66. 
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These strains are calculated based on the difference between the optical transmission 
scans of the fiber before embedding and after embedding. Both the Al-Cu sample and 
the Al-Au-Ni sample showed significant residual compressive strain. The strain could be 
related to the enhanced interdiffusivity calculated, elevated vacancy formation, and 
dynamic recrystallization. However, as mentioned above, the lack of elemental 
distribution in the Al-Au-Ni sample is likely due to the gold deposited during the nickel 
coating procedure. In addition, caution must be taken on interpretation of the differences 
in the magnitude of the strain due to complexities based on variables relevant to 
ultrasonic additive manufacturing, i.e., channel depth, load profile, and fixturing 
conditions.  
 
Finally it should be noted that some researchers have postulated elevated vacancy 
concentrations could be created directly from ultrasonic energy introduced into a 
material 206. The theories have proposed the ultrasonic energy could be unpinning 
dislocations, and vacancies could be created as the dislocations jog in a non-
conservative manner 113. Although studies have pointed towards observed increases in 
electrical resistivity during applied ultrasonic energy, which implies additional lattice 
defects 207, critics have noted that temperature effects, which are non-trivial during 
applied ultrasonic frequencies (Section 3.3.4 and Equation 3.4), were not considered in 
these analyses. 
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3.6 Supplementary Materials  
 

3.6.1 Sensitivity Analysis of Vacancy Concentrations and Diffusivity 

 

As Equation 3.3 and Table 3.4 demonstrate, enhanced lattice vacancy concentrations 
can increase diffusivity even more than elevated temperature can. To illustrate this 
concept, a sensitivity analysis was performed using Equation 3.3 on copper and gold as 
shown below in Figure 3.14 and Figure 3.15, respectively.  
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Figure 3.14 Sensitivity analysis for copper diffusivity. 

 



 

 56 

 

Figure 3.15 Sensitivity analysis for gold diffusivity. 
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The y-axis (vacancy concentration) is on a logarithmic scale while the x-axis 
(temperature) is on a linear scale with the heat map and intersecting lines 
demonstrating the interdiffusivity parameter on a logarithmic scale.  
 
The sensitivity graphs illustrate the huge interdiffusivity increase that can result from 
lattice structure defects such as vacancies. However, as discussed, vacancies may not 
be the only contributing factor to the enhanced interdiffusion. 
 

3.6.1 Uncertainty in the EDS Measurement 

 

SEM/TEM EDS techniques are considered standard characterization techniques, but 
their detection resolution must be considered. The X-rays used for compositional 
analysis are created from electron interactions in the target material. The spatial 
resolution of the detected X-rays depends on the volume in which the electrons interact 
with the material and generate X-rays (i.e., interaction volume). Since the bulk material 
is probed in the SEM, the spatial resolution can be large, often exceeding 2 μm3. 
Conventional SEM EDS analysis will not allow observing the diffusion process at the 
interfaces described here as it may hide the effect. Therefore, higher resolution TEM 
analysis is required.  
 
When a thin foil is analyzed under TEM, the lateral distance of electron beam spreading 
is considered, to a first order approximation, as comparable to the transverse thickness 
of the foil normal to the beam direction. The extrapolated range of the electrons through 
the foil Rx, in ångströms can be approximated using the method by Cosslett and 
Thomas 208 utilizing a combination of a derivation from the Bethe energy loss law and 
empirical fitting where k is a constant of 45 for Au and Ec is the energy lost to the 
material. 
 

 𝑅𝑥 = 𝑘𝐸𝑐
1.5 Equation 3.5 

 
An electron beam with an acceleration voltage as low as possible for the equipment (5 
keV) was directed normal to the foils. Since the foils were electron transparent at this 
voltage, the energy loss can be considered as the mean acceleration voltage from the 
incident beam. The maximum extrapolated range of the electrons through the foils using 
the three-halves power law from Cosslett and Thomas is approximately 50 nm. 
 
The X-rays detected during EDS analysis are characteristic of the element being 
examined. Thus, the created EDS spectrum is a direct result of the composition of the 
material being analyzed. The intensity of the X-rays produced from the sample and 
detected by the microscope is directly related to the relative amount of that element in 
the sample. Unfortunately, the characteristic X-rays generated from excited target 
elements are not the only X-ray source. A continuous distribution of background 
Bremsstrahlung X-rays can also be created as electrons slow due to the Coulombic 
forces with the atomic electron shell. Since the EDS detector observes the characteristic 
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X-rays and the continuous distribution of X-rays, elements that are a less than 1 wt. % 
of the bulk composition are difficult to confidently detect since they can be masked by 
the Bremsstrahlung X-rays 194,209. 
 
Ultimately, the EDS detection has some degree of uncertainty, but it is considered an 
accurate method for characterizing the composition of materials, provided that the 
spatial resolution and compositional resolution are acknowledged. The differing lateral 
range found in the EDS maps vs. the STEM images is likely a results of this 
experimental measurement uncertainty. 
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CHAPTER 4  

STRENGTHENING EFFECTS AT 

DISSIMILAR METAL INTERFACES 

CREATED BY ULTRASONIC ADDITIVE 

MANUFACTURING 
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Abstract 
 
Ultrasonic additive manufacturing (UAM) technology can produce structural materials 
with complex geometries and embedded sensors. Under UAM processing conditions, 
complex interfaces are created between these materials due to high strain rate (> 105 s-

1) plastic deformation. Fundamental understanding of strengthening mechanisms at 
these interfaces are needed for engineering deployment. In this research, we correlated 
the interface microstructure to their strengthening mechanisms using nanoindentation 
and scanning electron microscopy techniques. Strengthening at interface regions are 
correlated to microstructural features at different length scales including refined grains 
(200 nm), increase in vacancy clusters (1016/cm3), and dislocation networks (1010/cm2). 
This conclusion was arrived through superposition principles to describe the 
combination of many strengthening mechanisms and their respective microstructure 
feature sensitivity. 
 

4.1 Introduction 

 
A thorough introduction to the Ultrasonic Additive Manufacturing (UAM) process has 
been described earlier (Chapter 2.3), therefore only a brief introduction is described 
here as it relates to this study. As mentioned previously, optical fiber strain sensors can 
be embedded into materials through the UAM process. The optical fibers can be 
embedded by the following steps: (i) build to a certain height; (ii) stop the UAM process 
mid-build; (iii) machine a channel; (iv) place the fiber into the channel; and (v) resume 
the additive process. Embedded optical fiber strain sensors have become a viable 
approach for spatial and temporal strain monitoring in components destined for harsh 
environments. The process of embedding these strain sensors has been thoroughly 
reviewed elsewhere 65,66,70,81,83,85,120,121,130. The research presented in this paper was 
triggered by unusual observation of dissimilar material diffusion at the interface 
locations65. To provide context to the results to be presented in this paper, a brief 
introduction is provided to the UAM process. A simplified schematic of the UAM process 
is shown in Figure 4.1. Figure 4.1 illustrates a cylindrical horn, known as a sonotrode, 
and a milling bit which are used to add foils and remove materials, respectively. The 
optical fiber that can be embedded using UAM is also shown in Figure 4.1.  
 
The details of the microstructural evolution during the UAM process have been the 
focus of various PhD theses63,97, publications 187 and is relevant to the current paper. 
However, in contrast to the literature, our specific focus is on strengthening mechanisms 
at dissimilar material combinations created by UAM which have not been previously 
explored and rationalized. Recent research has been motivated by specific dissimilar 
metal combinations that are created by UAM through the embedding of optical fibers 
with metallic coatings within metal components. The measurements of the chemical 
concentrations across the interfaces indicated that atomic diffusion occurred at a rate 
faster than bulk equilibrium matrix- or even non-equilibrium grain boundary-diffusion. 
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Figure 4.1 UAM schematic overview of the sonotrode bonding foils and embedding an 
optical fiber 
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The above puzzling results were rationalized by Pagan et al. 65 by invoking high 
concentrations (e.g., 0.0075 to 0.075 atomic fraction) of point-defects, i.e. vacancies. 
However, the consequences of the enhanced vacancy concentration on the mechanical 
behaviors were not addressed.  
 
Prior methods of extracting mechanical properties of UAM joints have been through 
shear59,210, tensile211, compression, and microhardness measurements97. Although the 
limited size of the interfaces examined here makes these tests not directly useful. In this 
work, the final hardness at the interface and bulk is related to the initial microstructure. 
However, the following question remains to be addressed: how can we extract the 
mechanical properties from these localized sub-micron interfaces and rationalize them 
based on the underlying microstructure? 
 
Sriraman et al. extracted mechanical properties through microhardness tests and 
correlated the data to electron backscatter diffraction (EBSD) measurements on UAM 
interfaces of Al6061185 and copper 55. They found an overall decrease in hardness 
resulting from the UAM process along with an increase/decrease in EBSD image quality 
near the foil interface. The authors suggested this could be due to dynamic 
recrystallized grains from the bonding process. Dehoff and Babu94 and Schick et al. 45,46 
found elevated dislocation densities and grain refinement at UAM aluminum interfaces 
also suggesting that a dynamic recrystallization process could be occurring at the 
interface during the bonding process. Tensile testing of Al6061 UAM interfaces was 
performed by Sridharan et al. 211 in the build (z) direction and the transverse (x or y)  
direction, and compared against bulk properties prior to the UAM process. Compared to 
the bulk properties, they observed a 25% reduction in yield stress in the transverse 
direction and an 84% reduction in yield stress in the build direction. The anisotropic 
nature of the UAM samples was attributed to localized strain build-up at the interfaces. 
The authors suggested that the UAM process could have created adiabatic shear bands 
and microvoids at the interface. When the interface had a tensile load, the microvoids 
coalesce, create voids, and propagate cracks along the interface line resulting in brittle 
failure. However, all the above results suffer from spatial resolution of the indenter or 
the gauge volume being larger than the interface regions. One of the potential methods 
to interrogate the mechanical behavior of fine interfaces is through nanoindentation 212.  
 
Nanoindentation was first used to probe UAM interfaces by Li et al. 213 on an SiC fiber 
and an optical fiber embedded in aluminum. Although the large indent spacing (~ 20 
µm) prevented site-specific interfacial structural analysis, the authors compared the 
harder material near the fiber interfaces with microscopy measurements of grain 
refinement and sub-grain formation and suggested that grain boundary hardening 
created the observed work hardening. Sridharan et al. 57 also performed 
nanoindentation on UAM interfaces. The preliminary investigation showed that interface 
regions with voids and without mechanical contact (unbonded) were softer than bulk 
regions, and regions with mechanical contact (bonded) were harder than bulk regions. 
Microscopy of the interfaces also observed a refined crystal structure on regions with 
intimate contact. This led the authors to conclude that bonded regions experienced a 
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continuous dynamic recrystallization process during bonding. The deformation 
mechanism of the interface was attributed to a general combination of grain boundary 
hardening and dislocation strain hardening. The differences in bonded regions vs not 
bonded regions were attributed to the non-uniform pressure distribution and plastic 
deformation along the interface. However the above work did not consider the role of 
vacancy clusters on the mechanical behavior or a large nanoindentation data set 65.  
 
There lacks UAM studies of nanoscale mechanical deformation mechanisms that 
consider the effect of enhanced lattice vacancy concentrations or that consider the 
specific dissimilar metal interface of an optical fiber coating – foil interface. Therefore, 
the current research focuses on providing a comprehensive evaluation of the interfaces 
using nanoindentation as a function of geometric location reference to the embedded 
sensor geometry.  
 

4.2 Experimentation  

 
UAM Processing 
 
An optical fiber was electroplated in gold (15 +/- 5 µm) (ASI9.0/125/155G fiber from 
Fiberguide® Industries) and then embedded into Ni-200 foils using UAM procedures. 
The UAM processing used a 9 kW, 20 kHZ UAM machine at Fabrisonic LLC 
(Columbus, OH) using 150 µm thick x 25.4 mm wide foils. The sonotrode horn exerted a 
downward force of 7000 N, traveled forward at a speed of 0.022 m/s with a horizontal 
oscillation amplitude of 38 µm. Using computerized numerically controlled (CNC) 
milling, a channel was cut at a width of approximately 152 µm. The fiber optic was then 
placed inside and the rest of the layer-by-layer building was completed. The UAM 
sample was then cold mounted in epoxy and mechanically polished down to 0.05 µm 
surface finish using standard metallography procedures. 
 
Nanoindentation 
The nanoindentation was performed on a KLA iNano using a Berkovich indentation tip. 
The continuous stiffness measurements (CSM) used load controlled nanoindentation to 
a peak load of 30 mN using a 45Hz oscillation frequency, and at a strain rate of 0.005s-

1. The CSM indents for the bulk mechanical testing of nickel were performed 
approximately 2 mm away from the gold fiber in the center of a nickel foil, using a 7x6 
array indents with 20 µm interspacing. In the gold coating, only two CSM indents (peak 
load of 30 mN) were successfully probed. The data below the tapping depth is removed 
due to the likelihood of the indentation tip losing contact with the surface of the sample 
during indentation. The tapping depth, as described by Pharr 212 is the point at which a 
large amount of dynamic unloading can occur creating errors in the measured force, 
displacement, and stiffness. The tapping depth is calculated as 70 nm for gold and 30 
nm for nickel. The tapping depth is not an issue for the shallow depth indentation 
method since it uses a controlled load-unload method. 
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For the shallow depth indentations, the KLA nanoblitz method was used. The nanoblitz 
method for the left side Ni-Au interface (2500 indents), and the right side Ni-Au interface 
(1200 indents) was performed with a peak load of 0.5 mN to a depth of ~ 100 nm with 
indents spaced 1 micron apart. For the top Ni-Au interface (6400 indents), the nanoblitz 
method was performed with a peak load of 0.25 mN to a depth of ~ 60 nm and indent 
spacing of 0.5 µm apart. The nanoblitz depth to spacing parameters were chosen to 
maximize the mechanical property spatial resolution while preventing overlap of each 
indentation’s strength distribution below the surface 214.  
 
Microstructural Characterization 
Optical microscopy was performed using a Nikon Eclipse MA200 using Nomarski bright 
field (BF) imaging. The Scanning Electron Microscopy (SEM) imaging was performed 
on a Zeiss EVO at 20 keV using a tungsten filament source. The Electron Backscatter 
Diffraction (EBSD) patterns were performed using a JEOL JSM-7000F with TSL EBSD. 
The electron filament source is single crystal tungsten <100> with a zirconium oxide 
coating. 
 
Samples for Scanning Transmission Electron Microscopy (STEM) and conventional 
Transmission Electron Microscopy (TEM) were extracted from the foil – fiber coating 
interface using a Ga+ Focused Ion Beam (FIB) Hitachi NB5000. An overview of the 
sample locations are outlined in Figure 4.2. The energy of the Ga+ ions progressively 
decreased from 30 kV, 8 nA to 5 kV, 10 pA to create thin foils with approximate 
dimensions 3000 x 6000 x 50 nm. The STEM images were taken on a field emission 
Talos F200X using an acceleration voltage of 200 kV and a probe current of ~1000 pA. 
The BF and high angle annular dark field (HAADF) image was collected at an angle of 9 
mrad and 61 to 200 mrad respectively. The TEM images were taken on a 200 kV 
Schottky JEOL JEM-2100F and a 200 kV field emission Zeiss Libra MC. 
  
The grain size from the STEM image was calculated using the Heyn’s line intercept 
method 215. Both the transverse and longitudinal grain size were measured on the first 
lamella sample as noted. One standard deviation of the transverse grain size 
distribution and the longitudinal grain size distribution were calculated, then averaged 
for the average grain size standard deviation. The grain aspect ratios were calculated 
using the ratio of the transverse grain size to the longitudinal grain size. The dislocation 
density (ρ) from the STEM image was calculated using the line-intercept method 216 
using 𝜌 = 2𝑁 𝐿𝑡⁄ , where N is the number of intersections between the dislocations and 
randomly drawn lines, L is the total length of lines (approximately 3600 nm in this work), 
and t is the thickness of the thin foil specimen. The dislocation density approximation 
was performed on the second lamella sample in a bright contrast region as noted. 
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4.3 Results  

 
Overview of Microstructure 
The macro – and microstructures from the gold coated optical fiber embedded in nickel 
foils are shown in Figure 4.2a and Figure 4.2b. Along with the images is a schematic of 
the embedded fiber demonstrating the imposed lateral oscillations with respect to the 
image features. Some variability in the interface regions is evident at different locations 
around the fiber, good and poor bonding. It is interesting to see that good bonding is 
observed in locations that are parallel (Region A) and prependicular (Region B and C) 
to the direction of the lateral vibrations of the sonotrode. Based on the published 
literature, one would expect shear deformation only along the interface A, that are 
parallel to the vibration motion. Therefore, we hypothesize that the hetergenous plastic 
deformaton of the surfaces, as a function of angular location, occurred in the 
constrained regions due to decomposition of normal and shear stresses imposed by the 
sonotrode and the spatial geometry of the fiber, channel, and metallics foils. To validate 
this hypothesis, we evaluated the crystallographic characteristics using electron back-
scattered diffraction (EBSD) imaging.  
 
Figure 4.2c and Figure 4.2d show EBSD inverse orientation map and image quality map 
of the sample on the right side (Region C) of the nickel-gold interface respectively. The 
EBSD patterns indicate that the grain sizes in the gold region are below the microscope 
resolutions. This is indeed expected since the gold is deposited on the optical fiber 
using electrolytic methods. The EBSD data from the bulk and interface regions of the 
nickel foil show distinct features. Near the interface the pattern quality is very poor. This 
suggests that these regions should have a high concentration of lattice defects. 
Furthermore, the swirl patterns seen in these interface regions suggest recirculartory 
material flow during UAM processing. Interestingly, such swirl patterns of grains have 
also been observed in 3xxx series aluminum alloy UAM builds 88. In contrast the regions 
in the middle of the nickel foil show relatively good image quality suggesting less plastic 
deformation. To understand the site-specific variation of mechanical behavior, the three 
regions (Region A, Region B, and Region C) are characterized in depth. Figure 4.3 
shows scanning transmission electron microscopy (STEM) images of the interface 
between the nickel and gold at the top (Region A) location around the embedded optical 
fiber, denoted as Region A in Figure 4.3. The image is rotated clockwise 90 degrees so 
that the nickel is on the right and the gold is on the left. Figure 4.3a is an overview bright 
field (BF) image of the first thin TEM sample extracted using focused ion beam (FIB) 
machining. The grain sizes of the highlighted boxes in Figure 4.3a are summarized in 
Table 4.1. Figure 4.3b and Figure 4.3c are BF and high angle annular dark field 
(HAADF) images at high magnification of the Ni-Au interface, respectively. This location 
is indicated by the by the arrow from Figure 4.3a. The white arrows in Figure 4.3b and 
Figure 4.3c indicate a region of white speckles in the BF image and dark speckles in the 
HAADF image. Since HAADF images will appear bright in locations with large Z value, 
the dark regions are interpreted as nano-scale voids or vacancy clusters in this region 
near the interface. This is remarkable since these voids are different in size and shape 
compared with the non-bonded regions.  
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Figure 4.2. Overview of Ni-Au Sample, and interface analysis locations. a) Optical Bright 
Field, b) SEM, c) Inverse Pole Figure, d) Image Quality 
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Figure 4.3. STEM image of gold-nickel interface at the top Region A location. a) BF 
overview image of the first lamella, b) BF magnification of first lamella’s interface region, 

c) HAADF magnification of first lamella’s interface region 
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Table 4.1. Summary of Average Grain Size Measurement at Ni-Au Interface (Region A) 

Sections Transverse (nm) Longitudinal (nm) Aspect Ratio Average (nm) ± 1 SD 

Region 1 369 ± 229 560 ± 457 -0.51 464 ± 343 

Region 2 1159 ± 425 1766 ± 714 -0.52 1463 ± 569 

Region 3 134 ± 88 395 ± 225 -1.95 264 ± 156 
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Multiple thin films from Region A were prepared to obtain suitable TEM microstructural 
details. Dislocations were imaged on the gold side and the nickel side of the interface 
using a two-beam approximation near the [011] zone axis for both materials Figure 4.5. 
Although undesirable features are present such as bend contours, contrast from 
dislocations are also present. The gold side of the interface is shown in Figure 4.5a, b, 
and c with an average dislocation density of 4.6 ∙ 1010 𝑐𝑚−2. The nickel side of the 
interface is shown in Figure 4.5d, e, and f with an average dislocation density of 4.7 ∙
1010 𝑐𝑚−2. The dislocation densities are comparable to heavily cold worked materials. 
Results confirm that the gold grains are much smaller than the nickel grains. The small 
size of the gold grain is also supported by the EBSD data. Additionally, the gold-nickel 
interface region has smaller-grain size than the base gold region. This suggests that 
heavy plastic deformation at the interface leads to accumulative grain refinement, in 
agreement with published papers pertaining to UAM in aluminum alloys 88,94. The next 
fundamental question is whether these microstructures have any effect on the localized 
strength. The results of the mechanical heterogeneity characterization using 
nanoindentation techniques are summarized in Figure 4.5.  
 
Figure 4.5 shows the interface region from Region A that is between the nickel foil and 
the gold coating near the top of the optical fiber. Figure 4.5a and Figure 4.5b are the 
EBSD inverse pole figure and image quality map of the interface, respectively. Since the 
EBSD images were taken prior to the nanoindentations, the indent markings are not 
present. The EBSD images show large grains present in the nickel region (Figure 4.5a), 
while small grains and regions with poor image quality (Figure 4.5b) are seen in the gold 
region. It is noteworthy that both gold and nickel have the same crystal structure (FCC) 
and therefore the intermixing between two elements cannot be determined. Significant 
solute interdiffusion has already been measured and published earlier 65. Therefore, in 
this paper, we focused on strengthening effects at these interfaces. 
 
Nanoindentation Results: 
Similar nanoindentation tests and analysis were performed in Region A, Region B, and 
Region C to contrast the various spatial locations with respect to the imposed 
oscillations from the sonotrode. 
 
Region A: Figure 4.5c is the SEM image of the interface demonstrating the various 
sample regions that were probed. The regions containing the nanoblitz indents are 
highlighted with a box. There were two prior nanoindenter trials also in the interface 
display. There are 10 large indents in a diagonal line across the image, and there is a 
larger depth and larger spacing nanoblitz array in the left half of the image. Figure 4.5d 
and Figure 4.5e show the hardness contour and modulus contour plot from the 
nanoblitz indent array, respectively. The hardness and modulus data still appear 
representative even though several prior indentation tests were performed on the 
sample. The hardness contour plot shows distinct regions of hardness in the various 
materials probed (nickel, gold, and SiO2). The gold region with a prior indentation array 
shows slight variations in the measured hardness. 
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Figure 4.4. Dislocation density at Ni-Au Interfaces using TEM BF two-beam 
approximation near the [110] zone axis. a) Gold side in g< 020> direction, b) Gold side 

in g<202̅> direction, c) Gold side in g< 11̅1̅> direction, d) Nickel side in g< 11̅1̅> 

direction, e) Nickel side in g< 020> direction, f) Nickel side in g<202̅> direction 
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Figure 4.5. Results of Ni-Au Interface in Region A: a) EBSD inverse pole figure, b) 
EBSD image quality, c) SEM, d) Hardness map across the interface, e) Modulus map 

across the interface 
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The nanoindentation data from the regions highlighted in Figure 4.5c is analyzed further 
and summarized in Figure 4.6. Figure 4.6a is a hardness histogram (using a kernel-
density estimate using Gaussian kernels) and shows four distinct regions, i.e. softest 
gold region (1 GPa), an intermediate-hardness interface between Ni-Au (2 GPa), harder 
nickel (~3 GPa), and hardest SiO2 (3.5 GPa) optical fiber (Figure 4.6c). In Figure 4.6a, 
the hardness distributions appear to be Gaussian for the gold, nickel, and SiO2 
materials. However, the hardness distribution of the SiO2 is the smallest, while both the 
both Ni and Au regions show broader distributions. To understand these properties with 
reference to the overall geometry, all the nanoblitz hardness data is plotted vs the y-axis 
(Figure 4.6b). For additional clarity of the nanoblitz data, Figure 4.6c shows a subplot of 
the hardness vs Y position graph for only a single line at X=26.5 µm as shown in Figure 
4.5e. In Figure 4.6b and Figure 4.6c, a sharp hardness drop (width < 1 µm) between the 
SiO2 and the gold regions was observed. In contrast the interface region between gold 
and nickel is broader (~ 2 µm). Furthermore, there is a broad hardness distribution 
between the nickel and the gold. The broad interface can be interpreted as normal 
errors associated with the indentation sampling volume 217. Alternatively, it is possible 
that this broader interface contains the intermixed solute transition zone region of 
material in which both nickel and gold are present. This region was created by the UAM 
bonding. This region is approximately 2 µm in length according to the nanoindentation 
information. The results suggest that there may be a heterogeneous distribution of 
micro or nanostructural features that lead to strengthening. This leads to the next 
fundamental question: will there be similar or different effects on the interfaces that are 
oriented at different angles to the sonotrode motion? This question is addressed by 
analyzing similar nanoindentations from regions B and C. 
 
Region B: Figure 4.7 shows the interface region from Region B between the nickel foil 
and the gold coating near the left side of the optical fiber. This orientation is in a 90-
degree counter-clockwise rotation from Region A and is perpendicular to the direction of 
the sonotrode motion. Figure 4.7a in an SEM image of the indent array with region 
containing the indents highlighted with a box. Figure 4.7b and Figure 4.7c are the 
hardness contour and modulus contour plot from the indents, respectively. One large 
prior nanoindent marker can be seen in the lower middle region of the micrographs. 
Large cracks can be observed along the upper parts of the interface. Since the crack is 
observed in the nickel section outside of the interface, it is likely that this region 
separated after bonding. The hardness contours demonstrate distinct regions of nickel, 
gold, and SiO2, although the individual sections do not appear as uniform as those from 
the Region A interface. Near the interfaces, the hardness increases slightly. The 
modulus in the SiO2 very close to the gold decrease significantly in value. This is also 
observed near the nickel-gold interface where the cracks and open spaces appear.  
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Figure 4.6. Nanoindentation results Ni-Au interface from Region A. a) Histogram and 
gaussian distribution of the hardness data, b) all hardness results vs Y position, c) 

Hardness vs Y position for only a single line 
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Figure 4.7. Results of Ni-Au Interface in Region B: a) SEM, b) Hardness map across the 
interface, c) Modulus map across the interface 

  



 

 75 

The hardness data from Region B shown in Figure 4.7 is analyzed further and 
summarized in Figure 4.8. Figure 4.8a is a hardness histogram demonstrating the 
various regions probed. The indentation results in Region B demonstrate comparable 
features to Region A, although the histograms slightly differ. The distribution shows four 
distinct regions, i.e softest gold region (1 GPa), slightly harder interface region between 
nickel and gold (2 GPa), harder nickel (3-4 GPa), and hardest SiO2 (6 GPa) optical 
fiber. Figure 4.8a suggest gaussian distributions of the gold, nickel, and SiO2 hardness 
variations. In the Region B interface, the gold has a sharper distribution of hardness, 
while the nickel and SiO2 show large distributions. To evaluate the variation in hardness 
with respect to the geometry of the optical fiber, all the nanoblitz data is plotted vs the x-
axis (Y position during nanoindenter testing) (Figure 4.8b) in the direction from left to 
right on the micrographs. For additional clarity, Figure 4.8c shows a subplot of the 
nanohardness data for only the single line shown in Figure 4.7b at the Y=17 µm line. 
The features in Figure 4.8c mirror the features in Figure 4.6c due to the spatial 
orientation of Region B. 
 
In Figure 4.8b and Figure 4.8c there is a gradual hardness drop between the nickel and 
gold interface, while in contrast there is a sharp hardness increase between the gold 
and the SiO2. There appears to be a distinct region between the nickel and gold in 
which the nanohardness corresponds to both materials. According to the 
nanoindentation data, this interface transition distance could be approximately 4 µm. 
Additionally, the nickel probed here has a wider hardness distribution than the nickel 
probed at the top interface (Region A). The nickel appears harder close to the interface 
boundary of nickel and gold, and softer approximately ten microns away. Cracking is 
also observed near the interface. This is likely due to a reduction in ductility because of 
the increased yield strength. While the reduced ductility seen in the top section of the 
interface in Figure 4.7 could have resulted in the observed cracking and open spaces, 
the middle and lower sections of this interface could have created additional work 
hardening due to the tighter compression in these regions brought about by the 
constraint.  
 
Region C: Figure 4.9 shows the results from the nanoblitz testing of the nickel-gold 
interface from Region C.  This interface is in a direction geometrically perpendicular to 
the direction of the sonotrode motion. Region C is in a 90-degree clockwise rotation to 
Region A, although it is closer to the top of the foil-foil interface than that of Region B. 
Figure 4.9 shows Region C between the nickel foil and the gold coating near the top 
right corner of the optical fiber. Figure 4.9a and Figure 4.9b are the EBSD inverse pole 
figure and image quality map of the interface, respectively. The EBSD images were 
taken prior to the nanoindentations, therefore indent markings are not present. The 
EBSD images show a decrease in pattern quality near the Ni-Ni interface and the Ni-Au 
interface indicating significant grain refinement in these areas. Additionally, the gold 
coating appears unresolvable in the EBSD pattern, indicating these grains are too small 
for the SEM detector.  
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Figure 4.8. Nanoindentation results for the Region B Ni-Au interface. a) Histogram 
distribution of all the nanoindentation hardness results, b) all hardness data vs X 

position, c) hardness vs X position for a single line 
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Figure 4.9. Result of Ni-Au Interface in Region C: a) EBSD Inverse Pole Figure, b) 
EBSD Image Quality, c) SEM, d) Hardness map across the interface, e) Modulus map 

across the interface 
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The indented region is shown in Figure 4.9c highlighted with the box. A small crack is 
evident near this interface, although it is much smaller than the cracks observed in 
Region C. There are several sets of prior nanoindentations near the outside of the 
Region C highlighted box. Figure 4.9d and Figure 4.9e are the nanoindentation 
hardness contour and modulus contour of the interface, respectively. Although the prior 
indents are close to the highlighted box of Region C, the hardness and modulus of the 
interface appear largely representative of these regions. The hardness and modulus 
contours show distinct regions of nickel, gold, and SiO2. The modulus contour shows 
several locations of significant decreases which could be incorrect. 
 
Like other analyses, the data from Figure 4.9 is analyzed and summarized in Figure 
4.10. Figure 4.10a is a hardness histogram demonstrating the various regions probed. 
In agreement with previous results, the distributions show the softest gold region, the 
slightly harder nickel-gold interface, the harder nickel region, and the much harder SiO2 
region. A gaussian distribution is consistent within these measurements also. The gold 
and nickel have similar hardness distributions while the SiO2 encompasses only a small 
fraction of the probed region. To evaluate the variations in hardness with reference to 
the overall geometry, all the nanoblitz hardness is plotted vs the x-axis (Y position 
during nanoindentor testing) (Figure 4.10b) in the direction from left to right on the 
micrographs encompassing each of the materials. Figure 4.10c is a subplot of the 
nanohardess data for only the single line shown in Figure 4.9f at the X=4 µm position. In 
Figure 4.10b and Figure 4.10c there is a gradual hardness increase between the nickel 
and gold, while there is a sharp hardness increase between the gold and SiO2. This 
gradual increase in hardness between the nickel and gold extends over approximately 1 
µm in length according to the nanoindentation. This is slightly smaller than the interface 
observed in Region A and Region B. 
 
Regions A, B, and C demonstrate the mechanical properties can vary at various spatial 
locations around the optical fiber. The next fundamental question is to compare the 
interfaces and determine the strengthening mechanisms that are operating. 

4.4 Discussion  

 
Comparison of Data from Interfaces 
The nickel-gold interfaces, (Figure 4.6b and Figure 4.6c, Figure 4.8b and Figure 4.8c, 
and Figure 4.10b and Figure 4.10c) indicate that the interface transition zone between 
the nickel and gold has a width between 1 µm and 4 µm. The difference in interface 
width appears to be dependent on the spatial location of the Ni-Au interface that is 
probed, relative to the UAM sonotrode position. These spatial differences are likely due 
to the non-uniform plastic strain distributions induced by the ultrasonic welding process 
and the geometrical constraints imposed by the embedding 176 and the volumetric 
dispersion of dissimilar materials. It is well established that the interpretation of any 
nanohardness data should occur only after evaluating the uncertainties related to the 
interaction volume under the nanoindenter. 
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Figure 4.10. Nanoindentation results for Region C. a) Histogram of the hardness from 
the array, b) All hardness data points vs X position, c) Hardness vs X position for only a 

single line 
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The low depth nanohardness values do not represent bulk hardness values as 
calculated from traditional indentation techniques. This is due to the well-known low 
depth indentation size effect 218–224 often seen in which materials that indicate a large 
hardness value at very low probing depths. The Nix-Gao approximation 225 is the most 
popular technique for estimating the bulk equivalent hardness from nanoindentation 
measurements. Although the Nix-Gao technique (Equation 4.1) has received criticism 
226–229, it is the only tangible estimate that provides some guidance. Therefore, we 
evaluate our data using this method. The Nix-Gao equation is provided below where H 
is the hardness at a given depth h, H0 is the bulk equivalent hardness (or asymptotic 
hardness), and h* is the characteristic indentation size effect length scale 225. 
 
 

 
𝐻

𝐻0
= √1 +

ℎ∗

ℎ
 Equation 4.1 

 
When the hardness squared is plotted against the reciprocal of depth, the intercept of 
the line created is H0

2 and the slope is related to h*. The Nix-Gao approximation for the 
nickel and gold materials using the CSM indentation technique at locations far away 
from the interfaces are demonstrated in Figure 4.11a and Figure 4.11b respectively. 
Using this method, the bulk equivalent hardness of nickel was calculated to be at 1.84 
GPa with a characteristic h* of 385 nm. The bulk equivalent hardness of gold is 
calculated to be at 0.23 GPa with a characteristic h* of 147 nm.  
 
These bulk equivalent hardness values are significantly lower than the hardness 
measured at low depths (Figure 4.11c). Therefore, this additional analysis is necessary. 
The hardness histograms of Figure 4.6a, Figure 4.8a, and Figure 4.10a can be used to 
calculate the range and average nanohardness of the nickel and gold. Then these 
nanohardness values can be compared to the Nix-Gao approximated bulk equivalent 
hardness values as shown in Figure 4.11c. The interface region observed by the 
nanohardness is nearly the average of the nickel and gold nanohardness values. 
Therefore, the bulk equivalent hardness of the interface region is also approximated as 
the average between the bulk equivalent hardness of the nickel and the gold. From 
Figure 4.11c, the bulk equivalent hardness of the Ni-Au transition zone is approximately 
1.01 GPa. The interface can be described as strengthening of the gold from 0.37 GPa 
to 1.01 GPa resulting in a change (∆𝐻𝑁𝑖−𝐴𝑢) in hardness of 0.64 GPa.  
 
The Tabor relationship of 𝐻~3𝜎𝑦 217,230,231 is often used to convert this increase in 

hardness to an increase in yield strength ∆𝜎𝑦. Although Zhu et al. 232 recently 

demonstrated that the Tabor relationship does not consider nanoindentation pileup 
effects and can overestimate the mechanical strength. Therefore, their relationship of 
∆𝜎𝑦

𝑁𝐼 = 0.285∆𝐻0 can be used to estimate the nanoindentation yield strength (∆𝜎𝑦
𝑁𝐼 =

182 𝑀𝑃𝑎) from the bulk equivalent hardness.  
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Figure 4.11. Conversion of nanohardness to bulk equivalent hardness. A) Nix-Gao 
relationship in nickel, B) Nix-Gao relationship in gold, C) comparison of hardness values 

for strengthening evaluations 
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This expression of increase in yield strength allows for the nanoscale deformation 
mechanisms of the interface to be rationalized. The above results also clearly show that 
the UAM embedding may not lead to uniform strengthening of the materials around the 
fiber optic sensors. This will be relevant to industrial deployment. 
 
Rationalization of Observed Strengthening: Although we have confirmed that the non-
uniformity of hardness extents in the matrix around the periphery of the embedded fiber 
optic, we need to rationalize this effects with mechanical metallurgy principles 102. The 
strength of a material is governed by its resistance to the movement of dislocations 
through the matrix. The most common strengthening mechanisms include solid solution 
hardening, strain hardening, grain boundary hardening, point defect (i.e. vacancy) 
hardening, and dispersed barrier hardening 102. These mechanisms are considered to 
rationalize the observed strengthening of the Ni-Au interface. 
 
Strain Hardening: This is related to the interaction of dislocations as the magnitude of 
the plastic strain increases. As a dislocation moves in a stress field, it experiences 
resistance from other dislocations in the same slip planes. This is described in a classic 
Taylor hardening equation shown in Equation 4.2. In this equation, ∆σsh is the yield 
strength increase from strain hardening, M is the Taylor factor (~3.06 for equiaxed FCC 
and BCC materials 233), α ~ 0.1, G is the shear modulus (26 GPa for gold), b is the 
magnitude of the dislocation Burgers vector, and ρ is the dislocation density 102. 
 

 ∆𝜎𝑠ℎ = 𝑀𝛼𝐺𝑏𝜌1 2⁄  Equation 4.2 

 
The magnitude of the Burgers vector in an FCC crystal structure can be calculated 
using Equation 4.3. The value of b can be calculated using the lattice parameter of gold, 
4.065 Å 172. 
 

 𝑏 =  
𝑎0

√2
〈110〉 Equation 4.3 

 
As discussed in the previous section, the dislocation density at this interface is 
approximately 4.65 × 1010 𝑐𝑚−2. Assuming that strain hardening at the interface occurs 
through dislocation forest interactions, the strength increase from this dislocation 
density alone can be calculated to be 49.3 MPa. Previous microstructural analysis of 
aluminum under UAM deformation 45,46,94 suggests that a dislocation density could exist 
between 109 – 1012 cm-2 which is in agreement with the dislocation density 
approximated here. This dislocation density corresponds to a cold worked structure in 
which strengthening is impacted by the elevated dislocation density. An elevated 
dislocation density can be created through homogenous or heterogeneous nucleation. 
Homogeneous nucleation occurs in a perfect lattice through the act of a shear stress on 
dislocations. Heterogenous nucleation of dislocations occurs through dislocations 
interacting with lattice defects or other lattice impurities. The stress required for 
heterogeneous nucleation is much lower than for homogenous nucleation. 
Heterogeneous nucleation can also occur more frequently with more lattice defects161. 
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Therefore, the other lattice defect strengthening obstacles, as discussed below, could 
not only cause strengthening through their respective methods, but they could also 
assist in the formation of more dislocations increasing the strength from strain 
hardening. 
 
Grain Boundary Strengthening: This factor can be described by Hall 234 and Petch 235, 
as the resistance of dislocation motion due to the size of grains d and the material 
specific boundary strength ky. The grain boundary strength constant of crystals has 
been thoroughly studied throughout the proceeding decades, as shown by the Cordero 
et al. review article 236. The Hall-Petch relationship is given by: 
 
 ∆𝜎𝑦 = 𝑘𝑦𝑑−1 2⁄  Equation 4.4 

The interface transition region and grain refinement zone are seen on the gold side of 
the interface in Figure 4.3. As shown in Table 4.1 above, the average grain size at the 
interface (Region 3) is 264 nm, and the grain size in the adjacent gold region (Region 1) 
is 464 nm. Therefore, the grain size strengthening of the transition region can be 
calculated by subtracting the grain size strengthening in the adjacent gold region 
(Region 1 grain size with ky, gold: 0.08 MPa m1/2 237,238) from the grain size strengthening 
of the transition region (Region 3 grain size with an average ky between ky, gold: 0.08 
MPa m1/2 237,238, and ky, nickel: 0.23 MPa m1/2 208,239–247). The approximate increase in 
strength due to grain boundary refinement, ∆σgb, of the Ni-Au interface is estimated as 
184 MPa. The errors in grain size value can be estimated by the standard deviation of 
measurements at the Ni-Au interface (see Table 4.1). 
 
The small grains observed here leads to a fundamental question on the limits of the 
Hall-Petch relationship. The Hall-Petch relationship was derived based on dislocation 
pile-up against the grain boundary. Therefore, the minimum grain size at which this 
relationship breaks down is when a grain is not large enough to support dislocation pile 
up, i.e., 10-20 nm 236. Furthermore, the boundary strengthening must also consider the 
indentation size. The plastic strain field associated with an indent must be large enough 
to cause dislocations to pile-up against the boundary. For an indent of depth h, the 
plastic strain field can be approximated to have a size of 7*h 217,230,248,249. Therefore, a 
grain boundary must exist in the plastic strain field to cause a pile-up effect. For the 
nanoblitz indents to a depth of 50 nm, the plastic strain field extends approximately 350 
nm. The grain sizes described at the Ni-Au interface (Region 3 in Figure 4.3a &Table 
4.1) are smaller than 350 nm. Therefore, we can conclude that exists a grain boundary 
within the plastic strain field caused by the indentation.  Based on the above 
discussions, we can conclude that the Hall-Petch strengthening is indeed valid for 
rationalization of strengthening at Ni-Au interfaces. 
 
Solid Solution Strengthening: Solid solution strengthening occurs when mobile 
dislocations interact with solute atoms or individual point defects. The individual atoms 
cause lattice distortions in the crystalline matrix resulting in drag forces on the 
dislocation. Random solute atoms create small regions which are elastically more or 
less rigid than the matrix. There has been an experimentally determined square root 
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relationship between the yield stress increase and the concentration of solute atoms, 

𝜎 ∝ √𝑐 250–253, although the power law relationships of linear 241,254 and 2/3 power 255–258 
have also been observed depending on the material and solute concentration. The 
proportional constant and mismatch interaction parameter 𝜀𝑠 between them is a function 
of the lattice and elastic modulus misfit between the solute atom and the solvent atoms 
250,259,260. As Fleischer 250 described, the relationship between the mismatch parameter 
and the strength increase has a 3/2 slope on a log-log plot. Therefore, the interaction 
parameter is raised to the 3/2 power in the conventional substitutional solid solution 
strengthening equation (Equation 4.5). These expressions have been thoroughly 
discussed in classic mechanical metallurgy textbooks 102.  
 
 

∆𝜎𝑠𝑠 = 3
1

2⁄ ∙
𝐺 ∙ 𝜀𝑠

3
2⁄ ∙ 𝑐

1
2⁄

700
 Equation 4.5 

 
The solid solution strengthening mechanism can be applied to the current nickel-gold 
interface as following. The lattice misfit parameter can be estimated by assuming a 
linear relationship between the lattice parameter of pure gold (a0 = 4.065 Å) and pure 
nickel (a0 = 3.499 Å) 172 as a function of the concentration of solute. In a similar manner, 
the modulus misfit parameter can be estimated by assuming a linear relationship 
between the shear modulus of pure gold (G = 26 GPa) and pure nickel (G = 72 GPa) 261 
as a function of the concentration of solute. Finally, it becomes a simple function to 
calculate the interaction parameter and the solid solution strengthening of nickel and 
gold as a function of solute in the solvent. The maximum solid solution strengthening 
∆σss, calculated as 0.33 MPa, is minimal (~1% effect) as compared to the observed 
strengthening. Therefore, solid solution strengthening is not considered as a significant 
contributor for our interface properties.  
 
Point Defect Vacancy Strengthening:  Pagan et al. 65 described the cross diffusion at the 
Ni-Au interface based on supersaturated concentrations of point defect vacancies. This 
leads to a question: will a high vacancy concentration lead to observed strengthening? 
Effects of vacancy hardening were first demonstrated in 1955 by Maddin and Cottrell 
262. By comparing quenched and furnace cooled aluminum single crystals, they were 
able to retain higher equilibrium concentrations of vacancies in the aluminum. This 
increased the critical resolved shear stress from 57 gm/mm2 to 518 gm/mm2. The yield 
strength increase was rationalized by the vacancies creating additional drag on the 
dislocations and by dislocation jogs in the materials. There was additional energy 
needed to move the dislocation through a field of point defects. This increased the 
strength of the material. Strengthening from supersaturated vacancies is often 
considered to have a similar mechanism to solid solution strengthening. This is because 
individual point defect vacancies can trap and drag the mobile dislocations102. To 
consider point defect strengthening using the solid solution expressions (Equation 4.5), 
the modulus- and the lattice- misfit parameters must be estimated as a function of 
vacancy concentration to determine the mismatch interaction parameter. Research in 
low temperature isochronal irradiations was used to evaluate these relationships. This is 
valid because the point defect physics are similar regardless of the source of these 
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point defects 263. The change in modulus as a function of vacancy concentration dG/dc 
was investigated by Townsend et al. 264 for Cu and W and was estimated to be -13%. 
Dieckamp and Sosin 265 also found -7% change in copper. Interestingly Robrock and 
Schilling 266 found an average value of -24% for aluminum along with variations as a 
function of crystallographic orientation. Using these data, we approximated dG/dc for 
the Ni-Au interface to be -15%. A change in lattice parameter as a function of lattice 
defect concentration da/dc can be estimated. For isolated vacancy dilation in copper, 
Wolfer 170 recommends a value of da/dc to -0.25. This value is used here. The 
strengthening factor is also related to the concentration of vacancies (estimated by 
Pagan et al. 65 at the Ni-Au interface to be 7.4x10-3). For this concentration of 
vacancies, the strength increase, ∆σvac, was calculated to be 4.1 MPa.  The above 
estimates must also be discussed based on defect annihilation kinetics as a function of 
thermo-mechanical signatures during UAM processing. 
 
Stability and Collapse of Vacancies to Clusters: From the current UAM processing 
conditions Pagan et al.65 estimated the bonding temperature to be ~498 K (225°C). To 
evaluate the feasibility of point defect annihilation occurring during UAM processing, the 
onset temperature for vacancy migration (stage 3 recovery) should be considered. This 
has been determined from isochronal annealing tests of irradiated materials 267,268. The 
accepted stage 3 recovery temperature for nickel is 350 K (77 °C) 169,269–271. The UAM 
processing temperature is clearly above the stage 3 defect annihilation temperature for 
nickel alloys. Therefore, it can be assumed that the mono-vacancies are mobile and will 
be able to coalesce into vacancy clusters. Therefore, the original point defect vacancies 
created during bonding that accelerated interdiffusion are likely to be coalesced into 
vacancy clusters. 
 
Figure 4.3b and Figure 4.3c, show tentative evidence for vacancy clusters or voids near 
the interface. These are white dots in the BF image and dark dots in the HAADF image. 
The clusters appear to have an average diameter of 7 nm (Rcluster) and a number density 

(ncluster) of 4.8 × 1016 
𝑐𝑙𝑢𝑠𝑡𝑒𝑟𝑠

𝑐𝑚3 . Since the cluster density is used for strengthening 

calculations below, the density is estimated using the volume of the nanoindentation 
plastic strain field to avoid under- or over-estimating their strengthening contributions. 
The nanoindentation plastic strain field probing width is approximately 7 × the indent 
depth (h). An approximate nanoindentation probing area is estimated by πr2/2, where r 
is one half the width of the plastic strain field. There are approximately 115 vacancy 
clusters based on counting from Figure 4.3. If the number of apparent vacancy clusters 
is divided by the nanoindentation probing area and the TEM lamella foil thickness (50 
nm), the vacancy cluster density at the interface is 4.8 ×1016 clusters/cm3. The estimate 
is validated further with the following theoretical calculations based on the number of 
individual point defect vacancies necessary to form these clusters. Since there are four 
atoms in an FCC unit cell, the atomic volume, i.e., Ω, of one empty lattice location 

(vacancy) is given as 
𝑎0

3

4
. This leads to the following equation. 
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 𝑛𝑣𝑎𝑐 × 𝛺 = 𝑛𝑐𝑙𝑢𝑠𝑡𝑒𝑟 × 𝑅𝑐𝑙𝑢𝑠𝑡𝑒𝑟            Equation 4.6 

 

Using the lattice parameter for gold as 4.065 Å 172, we estimate 10,695 vacancies per 

cluster. Using the observed cluster density, we estimate there will be 5.8 * 1020 
𝑣𝑎𝑐𝑎𝑛𝑐𝑖𝑒𝑠 

𝑐𝑚3
 

(nvac) in all the clusters. The number of gold atoms in a unit volume (nAu) can be 
calculated using the bulk density (ρ), Avogadro’s number (NA), and the molar mass (M) 
with the following equation. 
 
 𝑛 = 𝜌 × 𝑁𝐴/𝑀 Equation 4.7 

 

We calculate nAu to be 5.9 × 1022 atoms/cm3. Now using these two estimates, the 

vacancy concentration (Xv = nvac/nAu) was calculated to be 9.8 ∗ 10−3. The vacancy 
concentration is in excellent agreement with the vacancy concentration estimated from 
the cross diffusion kinetics from Pagan et al.65, i.e. 7.4 * 10-3, given the sample 
experimental uncertainties. Now this leads to the next fundamental question: Will 
vacancy clusters lead to strengthening? 
 
Vacancy Cluster Strengthening: Currently there are two models for dislocation 
interactions with vacancy clusters. Both are based on dispersed barrier strengthening 
through dislocation barrier cutting. In the dispersed barrier model by Seeger 272 for 
strong obstacles, dislocations intersect obstacles on their glide plane. The distance 
between obstacles is determined through classic geometric considerations. The second 
model for cluster strengthening is the Friedel-Kroupa-Hirsch (FKH) model 273,274. In the 
FKH model obstacles are considered to have greater effective inter-cluster spacing, as 
compared to their geometric consideration. This creates less extensive dislocation 
bowing prior to cutting. In both cluster models, the mobile dislocations interact with the 
clusters through their elastic strain fields. The elastic strain field created by the cluster is 
due to the volumetric dilation created by the vacancies, which is proportional to the 
concentration of these defects 170,272,275–277. The strengthening described by the Seeger 
model ∆σSeeger, and the FKH model ∆σFKH are given by in the following equations. 
 

 ∆𝜎𝑆𝑒𝑒𝑔𝑒𝑟 = 𝑀𝛼𝜇𝑏√𝑁𝑑 Equation 4.8 

 

 ∆𝜎𝐹𝐾𝐻 = 𝛾𝑀𝜇𝑏𝑑𝑁
2

3⁄  Equation 4.9 

 
Here M is the Taylor factor (~3.06 for equiaxed FCC and BCC materials 233), α is the 
Seeger defect cluster barrier strength (~ 0.4 for strong vacancy clusters or voids), μ is 
the shear modulus (26 GPa for gold), b is the magnitude of the Burgers vector of the 

gliding dislocation ( 
𝑎0

√2
 <110> in gold), N is the cluster density, and d is the cluster 
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diameter (average of 7 nm), and γ is the FKH obstacle strength coefficient (0.2 for weak 
barrier vacancy clusters). The hardening factor for clusters acting as dislocation barriers 
increases as a function of the defect cluster size and type. For vacancy clusters with a 
diameter of 7 nm, the hardening coefficient could be close to 0.87 278. This indicates the 
vacancy clusters are quite strong obstacles, and the Seeger model is more appropriate 
here than the FKH model. As discussed above, the vacancy cluster density for the 
localized region near the interface within the nanoindentation probing volume is 4.8 
×1016 clusters/cm3. An average value for vacancy cluster strengthening is demonstrated 
through these calculations for the Seeger and FKH models. The effect of clusters on 
strengthening is further shown in the sensitivity analysis. 
 

 ∆𝜎𝑆𝑒𝑒𝑔𝑒𝑟 = 168 𝑀𝑃𝑎 Equation 4.10 

 

 ∆𝜎𝐹𝐾𝐻 = 42.3 𝑀𝑃𝑎 Equation 4.11 

 
Sensitivity Analysis: Based on the above discussions, the observed strengthening 
cannot be attributed to one or more strengthening obstacles without uncertainty. 
Therefore, a sensitivity analysis of the strengthening was performed and is shown in 
Figure 4.12 using a range of physically reasonable values. Figure 4.12a demonstrates 
that the strengthening from strain hardening is very sensitive to the dislocation density 
on a logarithmic scale. With an extremely large dislocation density (1012 cm-2), in our 
experiments moderate strengthening contributions could be reached. Figure 4.12b 
shows that the fine grain size contributes greatly to strengthening only when the grain 
size is below the micron scale. The sensitivity analysis of Figure 4.12c confirms that the 
solute concentrations only have minimal effect, even when the shear modulus and 
interaction parameter also depend on the solute concentrations. Figure 4.12d 
demonstrates that the vacancy strengthening is largely dictated by the concentration of 
vacancies present in the material. This also results in a relatively small strengthening. 
Figure 4.12e demonstrates that the strengthening is controlled by the cluster size and 
density in the Seeger model, and relatively large contributions to the overall 
strengthening can be achieved for reasonable cluster parameters. Figure 4.12f 
demonstrates that the FKH strengthening is controlled by cluster size and density. This 
is similar to the Seeger model, but the magnitude of the strengthening is smaller. 
 
A comparison of the strengthening mechanisms is shown in Figure 4.13. This graph 
was created using the average and standard deviation from each of the potential 
microstructural features as shown in the sensitivity analyses in Figure 4.12. The grain 
size strengthening has the largest contribution followed by the cluster strengthening with 
the Seeger model, then strain hardening. 
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Figure 4.12. Sensitivity analysis of each strengthening mechanism. a) Strain hardening, 
b) Grain boundary hardening, c) Solid solution hardening, d) Vacancy hardening, e) 

Cluster hardening using the Seeger model, f) Cluster hardening using the FKH model 
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Strengthening Mechanism Interaction: The overall total strengthening effect on the Ni-
Au interface could most accurately be described as a combination of the above-
mentioned strengthening effects due to the various dislocation obstacles present in the 
material. The hardness superposition principle can be used to approximate the effective 
combination of these effects 279,280. Dislocation obstacles with comparable strengths (S 
= 0) can be combined through a root mean square addition, and dislocation obstacle 
combinations of weak and strong strengths (S = 1) can be combined through linear 
superposition.  
 

 𝜎𝑡𝑜𝑡𝑎𝑙 = 𝑆(𝜎1 + 𝜎2) + (1 − 𝑆)√𝜎1
2 + 𝜎2

2 Equation 4.12 

 
Using the information from Figure 4.13, the relative strengths of the different 
mechanisms can be assigned. A thorough computational analysis would be necessary 
to describe the range of relative obstacle strengths. Here a simplification is used in 
which dislocation obstacles are assigned as being either strong or weak. This should be 
adequate to describe the strength within a reasonable range of error. Grain boundaries, 
strain hardening, and vacancy clusters using the Seeger model are assigned as being 
strong obstacles. Solid solution strengthening, and point defects are assigned as being 
weak obstacles. The strong obstacles are assigned because migrating dislocations 
cannot move around these obstacles. Also dislocation entanglement can create 
additional dislocations through methods such as the Frank-Read source 281. The weak 
obstacles are assigned because migrating dislocations can potentially climb over or cut 
through these obstacles. Vacancy clusters using the FKH model are not used in this 
superposition calculation because the strength contribution from these microstructural 
features are already considered using the Seeger model, and the strengthening 
coefficient is likely near 0.9. Therefore, the FKH model is not appropriate here. 
Additionally, grain boundaries and strain hardening are typically considered long-range 
obstacles while solid solution strengthening, and point defects are considered short-
range obstacles 102. Since the long-range and short-range obstacles are different scales 
and different mechanisms they should be added linearly. Using these arguments, the 
hardness superposition principle simplifies to the following equation. 
 

 𝜎𝑡𝑜𝑡𝑎𝑙 = √𝜎𝑔𝑏
2 + 𝜎𝑠ℎ

2
+ 𝜎𝑆𝑒𝑒𝑔𝑒𝑟

2 +  √𝜎𝑠𝑠
2 + 𝜎𝑣𝑎𝑐

2 
Equation 

4.13 

 
The total strengthening was calculated using the hardness superposition principle and 
the calculated average strength for each mechanism as described in the previous 
sections. 
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Figure 4.13. Sensitivity and comparison of the strengthening mechanisms. Each 
strengthening mechanism is shown along with error bars representing with one 

standard deviation. 
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𝜎𝑡𝑜𝑡𝑎𝑙 = √(184 𝑀𝑃𝑎)2 + (49.3 𝑀𝑃𝑎)2 + (168 𝑀𝑃𝑎)2

+  √(0.33 𝑀𝑃𝑎)2 + (4.1 𝑀𝑃𝑎)2 

Equation 
4.14 

 
Since the observed strengthening from the nanoindentation was approximately 182 
MPa, the estimated hardness using superposition methods (Equation 4.14) 
demonstrates accuracy within ~30 %. Based on the superposition model, we attribute 
the measured hardening after UAM consolidation to strain hardening, grain boundary 
refinement, and formation of vacancy clusters.  
 

4.5 Summary and Conclusion  

 
The current research provides unique insight into nano-scale mechanical strengthening 
processes at the gold-nickel interfaces joined through ultrasonic additive manufacturing. 
The strengthening effects have been probed using nanoindentation and the net 
increase in strengthening was estimated to be 182 MPa. These strengthening effects 
were rationalized using microstructural features observed through electron microscopy. 
The interface microstructure around the UAM-processed components exhibited 
significant variations with respect to the spatial position from the sonotrode. The 
strengthening effects are attributed to a combination of nanoscale grain boundary Hall-
Petch hardening, vacancy clusters or voids, and network dislocations. These results are 
relevant to micron-scale embedding of sensors within structural components. 
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CHAPTER 5  

STRENGTHENING OF TEMPERED 
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Abstract 
 
Strengthening effects in materials bonded by Ultrasonic Additive Manufacturing (UAM) 
were investigated. Aluminum (Al 6061) was pre-treated by tempering and annealing 
prior to bonding through UAM. Following UAM, multiscale material characterization was 
performed. Tensile testing in the x-direction demonstrated the material became harder 
after the UAM process, and nanoindentation demonstrate the foil-foil interfaces became 
harder than the bulk foil material. The strengthening effects are a result of 
microstructure changes at the interfaces and in the bulk foil regions which were 
characterized using x-ray diffraction, scanning electron microscopy, transmission 
electron microscopy, and energy dispersive spectroscopy. These microstructure 
changes result from dynamic recrystallization, dynamic recovery, adiabatic heating, and 
precipitate dissolution. 

5.1 Introduction  

 
A thorough introduction to the Ultrasonic Additive Manufacturing (UAM) process has 
been described earlier (Chapter 2.3), therefore details of applications and bonding 
mechanisms will not be repeated. The methods of extracting the mechanical properties 
of UAM components include shear59,210, tensile46,211, microhardness55,97,185, and 
nanoindentation testing 57,213,282. Mechanical testing is often coupled with microscopy or 
diffraction to understand the mechanical and physical metallurgy of UAM builds. 
Indentation testing has found that UAM builds typically have a local increase in strength 
at well bonded foil-foil interfaces 57 along with a decrease in the pattern quality from 
electron backscatter diffraction (EBSD) 55,185. The decrease in EBSD pattern quality is 
associated with a dynamic recrystallized structure at the interface. The dynamic 
recrystallized structure results in reduced grain sizes and elevated dislocation densities 
45,46,94. Finite element modeling has also suggested the imposed plastic deformation 
refines the grain structure and increases dislocation density 176. The force from the 
sonotrode on the top surface of a foil could also increase the dislocation density more 
as compared to the bottom of a foil 187. Recent studies which observed nanometer sized 
voids at UAM interfaces 65,282 could potentially also increase the strength through 
dispersed dislocation barrier effects 272.  
 
Tensile testing of UAM builds from Al6061 H-18 was performed by Sridharan et al. 211. 
The tensile tests were performed in the build (z) direction, the transverse (x or y) 
direction, and compared against bulk properties. The authors observed a 25% reduction 
in yield stress in the transverse direction and an 84% reduction of yield stress in the 
build direction. The authors suggested that shear bands and microvoids were created at 
the interfaces. When the interface experiences a tensile load, the microvoids coalesce, 
create voids, and crack, resulting in brittle failure. Tensile testing of Al 3003 H-18 was 
also performed by Schick et al. 46 in the longitudinal and transverse directions. This 
revealed a decrease in build strength as compared to bulk values. The strength 
decrease was related to a large fraction of non-contact parabola shaped voids. The 
voids reduce the load bearing cross-section and increase the stress concentration 
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intensity factor. Tensile testing in this current study is performed in the rolling (x) 
direction to compare with the above results. The orientation of the tensile dogbones with 
respect to the sonotrode and foil-foil interfaces is shown in Figure 5.1. 
 
Additionally, materials created by UAM can create microstructures with significant 
crystalline lattice defects. Compared with quenched materials, UAM plastic deformation 
can enhance lattice defect concentrations even further. Chen et al. 118 performed 
ultrasonic welding on a T4 tempered Al 6111 structure. Using modeling, hardness 
measurements, and electron microscopy, the authors observed a heat affected zone 
and precipitate structure at the foil-foil interfaces that grew over an 8-month period. The 
authors noted that the post weld aging occurred much faster than expected, which 
corresponds to a lattice point defect vacancy concentration over 100 times larger than it 
should have been. Other authors investigating UAM bonding have noted large vacancy 
concentrations at the interfaces, which can lead to significant effects such as enhanced 
elemental interdiffusion and interface strengthening effects 65,282. Lattice defect changes 
during UAM have not yet been associated with large scale mechanical properties such 
as tensile testing. Additionally, various states of pretreating material prior to UAM have 
yet to be characterized. These factors lead to the fundamental questions this research 
attempts to address: how do various pretreatments affect the microstructure of material 
created by UAM, and how can these microstructure changes affect the built material’s 
mechanical strength? 
 

5.2 Experimental Methods 

 
Aluminum (Al 6061) and UAM Processing 
Al 6061 foils were initially received in the H-18 condition, prior to the welding 
pretreatment. The aluminum was annealed into the O condition by increasing the 
temperature of the aluminum to 415°C for three hours, then slowly cooling to room 
temperature (10°C/ hour). This slow cooling allows the aluminum to reach an 
equilibrium phase distribution at room temperature. Additional samples of the Al 6061 
were tempered into the T4 condition. This was done by increasing the temperature to 
529°C for one hour followed by quenching in water, which locked the phase distribution 
at 529°C. These thermal cycles represent standard heat treatment for Al 6061 283. 
 
The pre-treated foils (~150 µm thick) were bonded to an Al 6061 T4 baseplate using a 
SonicLayer 4000 UAM system, with a vacuum chuck used to secure the weld substrate. 
Before UAM welding, the baseplate was first recovered using an endmill to ensure a flat 
build surface and then cleaned with alcohol to remove possible contamination. 
Texturing was then applied to the baseplate to help improve welding quality by rolling 
the sonotrode over the surface while applying ultrasonic vibrations without adding a foil. 
For welding the O Foils, the UAM processing parameters were a normal force of 4000 
N, a weld speed of 200 inch/min (84.7 mm/sec), an amplitude of 33 µm, and a 
baseplate temperature of 24°C. 
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Figure 5.1. Overview of UAM bonding along with the tensile dogbones 
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For the T4 Foils, the UAM processing parameters were a normal force of 4000 N, a 
weld speed of 100 inch/min (42.3 mm/sec), an amplitude of 36 µm, and a baseplate 
temperature of 66°C. The T4 UAM sample contained twelve bonded T4 Foils, and the O 
UAM sample contained fifteen bonded O Foils. 
 
The tensile samples were subsize dogbones (gauge length 4”) machined out using a 
0.125” diameter endmill in the x-direction orientation (Figure 5.1). The specimens were 
machined out entirely within the bonded foil regions. All tests were performed at room 
temperature on an MTS C43.504 load frame in conjunction with MTS wedge grips. The 
load frame was operated in displacement control mode at a crosshead speed of 1.27 
mm/min (initial strain rate of 0.75 s-1). The axial load was measured by a 5 kN range 
load cell. To measure dogbone strain, a Correlated Solutions digital image correlation 
(DIC) system was used with a virtual extensometer of 1 inch (25.4 mm) surrounding the 
break. Four tensile samples were used for each case, and the results are shown in 
Figure 5.2. 
 
Nanoindentation 
Nanoindentation experiments between the 1st and 2nd foil layers were performed on a 
KLA iMicro instrument using a Berkovich indentation tip with the shallow depth nanoblitz 
method 284–286. The nanoindentations used a peak load of 1.15mN. This corresponds to 
a peak indentation depth of 120-200 nm, depending on the location and hardness in the 
material. The three-dimensional nanoblitz hardness contour profiles were converted into 
average hardness line profiles by averaging the measured hardness at regular intervals 
away from the foil-foil interfaces. The y-error bars on the hardness line profiles 
represent one standard deviation from the average hardness and the x-error bars 
represent the indent spacing. 
 
Large depth nanoindentations were performed using the continuous stiffness method 
(CSM) 287–289 in the middle of the 1st bonded foil and at the interface between the 1st and 
2nd foil. The bulk foil regions had at least twenty-five CSM indents performed, and their 
average and standard deviation are reported. There was difficulty in accurately 
indenting on the interface due to its small width. Indent arrays were performed near the 
interface and the indents with a higher hardness are reported as the interface. The CSM 
indents were performed approximately six months after the TEM testing, therefore some 
natural aging of the aluminum might have occurred. All CSM indents were performed 
using a Berkovich tip to a peak load of 20 mN, using a strain rate of 0.20 s-1, an 
oscillation frequency of 110 Hz, and an oscillation amplitude of 2 nm. All indents were 
performed with sufficient spacing between indents to reduce overlap of their plastic 
strain fields 214.  
 
Microstructural Characterization 
Computational thermodynamics of the materials were performed using the Thermo-Calc 
® program290. Samples for microscopy analysis were prepared by cold mounting in 
epoxy followed my mechanical polishing using standard metallography techniques. To 
reduce charging effects, a thin carbon coat was applied to the surface of the samples. 
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Scanning electron microscopy (SEM) images were taken using a Zeiss Evo with a LaB6 
filament. For fractography, the SEM working distance was maximized to increase the 
depth of field (DOF) across the surface 194. 
 
Samples for x-ray diffraction (XRD) were prepared using a low-speed saw. For the UAM 
bonded samples, a cross section of approximately five foils was sectioned for analysis. 
X-ray diffraction was performed at the 11BM beamline at the Advanced Photon Source 
(APS) (λ = 0.4581 nm) 291,292 using Debye-Scherrer geometry, and analysis of the scans 
was performed using standard Rietveld Refinement techniques 293,294. 
 
Samples for transmission electron microscopy (TEM) were extracted from the bonded 
material at interfaces between the first and second foil layers, and at locations distant 
from any obvious lack of bonding voids. These TEM lamella samples were prepared 
using a focused ion beam (FIB) / SEM Zeiss Auriga using standard procedures with a 
gallium-ion beam at voltages from 30 kV to 5 kV and with a beam current progressively 
decreasing from 2 nA to 50 pA. Finally, the TEM-lamellae were lifted from the sample 
surface using an OmniProbe and welded to a copper grid for further TEM analysis. The 
microstructure of the FIB lamellae was analyzed in a Titan 60-300 Scanning 
Transmission Electron Microscope (STEM) operated at 300 kV. The images were taken 
with a camera length of 460mm with an HAADF collection angle of 21-126 mrad. A 
Super-XTM energy dispersive x-ray spectrometer (EDXS) was used to obtain 
compositional maps. The spectrum images obtained were quantified using the VeloxTM 
software. The grain size from the STEM image was calculated using the Heyn’s line 
intercept method 215, and the dislocation density was determined using the line-cut 
method 216. It should be noted that the TEM analysis was performed approximately two 
months after other characterizations. Therefore, additional natural aging of the 
aluminum could have occurred resulting in slightly larger precipitate sizes. Additionally, 
it should be noted that the TEM samples were not taken directly below the 
nanoindentations. This means material variations and uncertainties are present, and 
they should be considered when comparing the results. 

 

5.3 Results  

 

5.3.1 Tensile Testing  

 
This study demonstrates the strengthening that can develop in materials created by 
ultrasonic additive manufacturing (UAM). Following this introduction of tensile 
properties, each material will be systematically investigated. As discussed previously, 
UAM creates structures by bonding foils together. Therefore, material characterized 
prior to the UAM process will be referred to as foil material. Material characterized after 
bonding will be referred to as being in the UAM geometry. 
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Individual tensile stress-strain curves (from the x-direction) are shown in Figure 5.2 for 
the O Foil samples, the O UAM samples, the T4 Foil samples, and the T4 UAM 
samples. The stress-strain curves demonstrate that the initial Al 6061-T4 material is 
harder than the initial Al6061-O material. Additionally, the UAM bonding causes an 
increase in strength for both sets of material. This is in direct contrast to the decrease in 
strength due to UAM in Al 6061 H-18 material observed by Sridharan et al. 211. The 
rationalization of the increase in strength after UAM bonding is the focus of this present 
work. 
 
Mechanical properties from the tensile testing data are summarized in Table 5.1. The 
average and standard deviation from each set of samples is listed along with standard 
reference values. Notably, the strain hardening coefficient from the O UAM samples and 
the T4 UAM sample, as determined using Considère’s criteria 295, are quite low. This 
indicates the materials have near perfect plastic deformation prior to failure. The elastic 
modulus of the O UAM and T4 UAM samples are within 10% of the standard values for 
Al 6061, indicating these tests are valid within reasonable experimental error. The 
elastic modulus is quite low for the foil samples due to the difficulty in performing those 
tests. It should be noted that these tensile properties might not have perfect comparison 
with the published literature of standard Al 6061 temper tensile properties 296–299. This is 
due to several factors including the nature of the subsize tensile bars that were used in 
this experiment. Additionally, the standards for aluminum temper designations describe 
that annealing processes should remove all prior heat treatment or cold rolling 296. As 
shown in the sections below, some distinct microstructure features remain from the foil 
rolling process prior to UAM bonding. However, as noted previously, the purpose of this 
study is to understand how the mechanical properties of these materials changed due to 
the UAM process, and to understand the microstructures that created these property 
changes. 

5.3.2 Characterization of Al 6061 O Foil (Before UAM) 

 
The baseline O Foil material was analyzed using scanning transmission electron 
microscopy (STEM). Figure 5.3 is the STEM high angle annular dark field (HAADF) 
image of the Al 6061 O Foil. A dislocation cell structure can be clearly observed having 
an approximate cell size of 1 µm. The cell wall structure is seen by the higher contrast 
spaghetti lines (dislocations). The cell walls contain a significant concentration of 
dislocations, while cell interiors have a low density of dislocations. A dislocation cell 
structure is often associated with microstructures after significant plastic deformation 
189,300. The cell wall structure could be present in this sample due to the rolling 
processing which was required to roll the aluminum into a thin foil (~150 µm). The 
subsequent annealing process (to create the O condition) might not have been sufficient 
to remove the dislocation network.  
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Figure 5.2. Tensile testing results a) Al6061-O, b) Al6061-T4 
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Table 5.1: Mechanical Properties From Tensile Testing 

Sample Yield Stress 
(MPa) 

Ultimate Tensile 
Stress (MPa) 

n n 301 E (GPa) E  
(GPa) 302 

O Foil 46 ± 5.1 126 ± 3.0 0.128 0.158 21.8 68.9 

O UAM  127 ± 2.1 150 ± 2.3 0.008  63.6 68.9 

T4 Foil 137 ± 1.4 277 ± 1.9 0.071 0.069 32.3 68.9 

T4 UAM  210 ± 18.2 270 ± 20.1 0.024  75.0 68.9 
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Figure 5.3: STEM HAADF image of the Al 6061 O Foil microstructure. a) Dislocation cell 
structure, b) Grain boundary/precipitate from highlighted region 
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From Figure 5.3a, the dislocation density is 1.06 × 1010 cm-2. In addition to the observed 
dislocation network, precipitates of various sizes and a single grain boundary are 
observed. In the STEM image (Figure 5.3a), a single grain boundary – from the top left 
towards the bottom right – can be identified. Since the viewing window is approximately 
60 µm2, the grain size must be quite large (>> 100 µm2). The bright high-contrast 
objects in this HAADF-STEM image are likely the precipitates (with a high combined 
atomic number of Z = 38) in the aluminum matrix (atomic number Z = 13). These 
precipitate objects are mostly located in the center of dislocation cell walls and grain 
boundaries. Figure 5.3b is a magnification of the central grain boundary, as highlighted 
in Figure 5.3a. The grain boundary cuts through the center of a large precipitate. To 
determine the chemical composition of the precipitates, TEM elemental analysis, e.g. 
energy dispersive X-ray spectroscopy (EDS) analysis, was performed. 
 
Figure 5.4 shows a HAADF-STEM image of the sample and corresponding EDS maps. 
The EDS images were taken at the same location as described above. In this region of 
interest, precipitates with various elemental compositions were observed. Some of 
these precipitates contain magnesium and silicon, suggesting a Mg2Si precipitate. Other 
precipitates contain concentrations of iron, manganese, and chromium. The quantified 
spectrum images indicate that the precipitates pinning dislocation cell walls are Mg2Si. 
These precipitates are spherical and ellipsoidal in shape, with a characteristic Feret 
diameter of approximately 200 nm and an average spacing L of 1.02 µm. The volume 
fraction vf of the precipitates can be approximated as the volume of each precipitate 

divided by the three-dimensional average spacing between each particle, 𝑣𝑓 =
4

3
𝜋𝑟3

𝐿3 . The 

volume fraction of Mg2Si precipitates is 0.00396.  

5.3.3 Characterization of Al 6061 O UAM 

 
STEM 
After UAM bonding of the O Foils, the microstructure was significantly altered. A thin 
lamella of the O UAM interface is shown below (Figure 5.5). The interface between two 
O Foils is indicated with the arrow in Figure 5.5a. Although there is pronounced grain 
refinement within ~100 nm of the interface, regions located >200-300 nm from the 
interface show a relatively large grain structure. The microstructure at regions >0.3 µm 
away from the interface exhibit large grains with an average size of 620 nm ± 299 nm 
with large pinning precipitates, mostly at grain boundaries. 
 
The interface microstructure was examined using HAADF-STEM (Figure 5.5b) and TEM 
bright field (BF) image (Figure 5.5c). The refined grain structure is apparent at the 
interface. The interface region contains extremely fine grains (100 nm ± 69 nm) within a 
region approximately 115 nm to 800 nm in width. The refined grain size is likely the 
result of a dynamic recrystallization event previously described at UAM interfaces 
45,97,100,303. In addition to the refined grain structures, there are regions of dark circles in 
the HAADF image and bright circles in the BF image. These regions could be voids or 
vacancy clusters. 
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Figure 5.4: STEM/EDS of Al 6061 O Foil. a) HAADF image, b) EDS map of aluminum, 
b) EDS map of magnesium, c) EDS map of silicon, d) EDS map of iron, f) EDS map of 

chromium, h) EDS map of oxygen 

  



 

 104 

 

Figure 5.5: STEM/TEM analysis of Al 6061 O UAM microstructure: a) STEM HAADF 
image of the lamella, b) STEM HAADF of the interface, c) TEM BF of the interface 
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Vacancy clusters are present at the interface on grain boundaries and inside a large 
grain on one side of the interface. The vacancy clusters, which are preferential on only 
one side of the interface, could also be related to the non-uniform hardness increase 
across the interface observed through nanoindentation (shown below).  
 
It should be noted that the voids present could potentially be explained by the TEM 
sample preparation by FIB as well. However, the voids are not present far away from 
the interface region. Additionally, there is elemental migration, as described below. The 
voids could be associated with excess point defect lattice vacancies, which produced 
enhanced atomic diffusion, then combined into larger vacancy clusters. Vacancy 
clusters and accelerated diffusion have been observed as a result of severe plastic 
deformation 65,304,305 and radiation effects 169,268,306. Therefore, it is highly likely that the 
voids are associated with the UAM bonding process.  
 
The precipitates have a plate-like morphology, appearing rod-like in the two-dimensional 
representation shown. The element distribution in these precipitates in the interface 
region can be identified using EDS, shown in Figure 5.6 and Figure 5.7. EDS maps 
identify magnesium, silicon, iron, manganese, and chromium content. Figure 5.7a is a 
combined EDS map of the interface with two EDS line profiles as indicated. Figure 5.7b 
demonstrates the local concentration of elements at the top right precipitate. This 
concentration of elements suggests an MgSi or Mg2Si composition. Magnesium and 
silica have only a small difference in characteristic x-ray energy, therefore slight 
overlapping of the tails could occur. This slight energy overlap and x-ray absorption 
effects could convolute the exact composition 209. Since the Mg2Si structure is the only 
stable Mg-Si configuration 144, it can be confidently assumed that these precipitates are 
Mg2Si. Figure 5.7c demonstrates that the bottom left precipitate has a local 
concentration of elements that trend towards a configuration of an Al9Fe2Si2 and/or 
Al13Cr4Si4 precipitate. Both these stoichiometries are thermodynamically stable in the Al 
6061 O condition 290. The intermetallic iron or chromium precipitates are a result from 
impurities in the aluminum casting process, and they do not significantly contribute to 
strengthening 307–309. Although the non-strengthening precipitates of iron, manganese, 
and chromium appear mostly unaffected by the UAM process, the Mg2Si precipitates 
appear significantly different. There are fewer Mg2Si precipitates present after bonding, 
and only one remains within 1 µm of the interface. The magnesium appears broken up 
and dissolved back into the aluminum at the interface, while several large pockets of 
silicon remain. This suggests that the magnesium diffused and dissolved more quickly 
than the silicon.  
 
Fractography 
The fracture surface of the O UAM sample (Figure 5.8) can shed more light on the 
deformation response of this material. The overview image (Figure 5.8a) demonstrates 
approximately fifteen foils were used in the tensile testing. Further magnifications on the 
fracture surfaces (Figure 5.8b & Figure 5.8c) show that ductile fracture is present during 
deformation. Significant reduction of area occurs prior to fracture, and the final fracture 
appears near the center of the foil.  
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Figure 5.6: STEM / EDS map of the Al 6061 O UAM interface. a) STEM HAADF image, 
b) EDS map of aluminum, c) EDS map of magnesium, d) EDS map of silicon, e) EDS 

map of iron, f) EDS map of chromium, h) EDS map of oxygen 
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Figure 5.7. STEM / EDS line scan of Al 6061 O UAM interface. a) Combined EDS maps 
with indicated line scans, b) EDS line scan of top right Mg2Si precipitate, c) EDS line 

scan of bottom right Fe-Si-Cr-Mn precipitate 
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Figure 5.8: Tensile fracture surface of the O UAM sample. a) Overview of the entire 
fracture surface, b) magnification several foils, c) further magnification of two foils and 

their interface 
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The chisel edge/knife edge fracture occurs within each of the fifteen individual original 
foils. Dimples are present throughout the fracture surfaces, which are typically 
associated with deformation at precipitates or other inclusions 310–314. 
 
As noted in the stress-strain curves, the O UAM samples had significant necking prior to 
failure. Since the middle of the foil necked more than the interfaces, it is likely the 
interface was harder with reduced ductility. This caused it to fail sooner, then upon 
further loading the foils continued to deform and neck until they ultimately fractured. 
Although the interfaces were harder than the middle of the foil, the foils do not appear to 
have separated from each other. This indicates that although the O UAM interfaces 
became harder than the middle of the foils, the increase in hardness was not significant 
enough to cause separation. 
 
Nanoindentation 
To quantify the local mechanical properties, nanoindentation was performed. The 
hardness was compared across the interface using a shallow depth nanoblitz array and 
large depth continuous stiffness mode (CSM) array at the interface and bulk foil region 
(Figure 5.9). The nanoblitz hardness contour (Figure 5.9a) is rotated for visual aid so 
that the top of the build is located at the top of the image. The contour demonstrates 
that the interface is much harder than the bulk foil region. A normalized line of the 
indents (Figure 5.9b) is provided to demonstrate the average and standard deviation of 
the hardness. The SEM image of the indent array (Figure 5.9c) is rotated to correspond 
to the hardness contour plot. The sizes of the indents (from the SEM image) are smaller 
at the interface as compared to the bulk foil regions. This suggests that the indents 
should be harder there, although the indent size effect should also be considered. The 
interface between the foils, as viewed from nanoindentation, appears asymmetric. 
There is a gradual rise of hardness on the top of the bottom foil, then a sharper 
decrease in hardness on the bottom of the top foil. The region of the material with the 
highest hardness is the interface. From the nanoindentation spatial mapping, it has a 
width of approximately 12 µm ± 2 µm. The CSM indentations performed on the 
interface and in the bulk foil regions are shown in Figure 5.9d. Although the interface is 
harder than the bulk foil region, there is also a depth dependence to the 
nanoindentation hardness values. Additional analysis must be performed to quantify the 
hardness difference at the interface and bulk regions. This is discussed further in the 
section below.  
 
X-ray Diffraction 
Crystallographic strain can be understood using x-ray diffraction (XRD). The diffraction 
patterns comparing the O Foil and O UAM samples are shown below in Figure 5.10. 
The aluminum and the Mg2Si phases are identified in Figure 5.10a. The existence of 
these phases corresponds to the previous results shown above. The XRD scan of the O 
UAM samples encompassed a relatively large area, across at least five foils and 
interfaces. Therefore, any potential phase changes that could occur at the interfaces 
would be too small to be observable.   
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Figure 5.9. Nanoindentation hardness map of the O UAM build. a) Nanoblitz hardness 
map, b) Average hardness line, c) SEM image of the indent array, d) Hardness vs depth 

for CSM indents 
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Figure 5.10. XRD of the O Foil and O UAM samples. a) Diffraction patterns, b) 
Comparison of Al {111} peaks 
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It should be noted that the diffraction pattern is plotted on a logarithmic scale. Most 
diffraction peaks are labeled, and the remaining unlabeled peaks are so small that their 
contribution is negligible. 
 
Although local phase changes at the interfaces would be imperceivable, diffraction 
broadening from lattice strain in the materials can be observed. An arbitrary peak is 
chosen to observe the diffraction broadening. The aluminum {111} peak is chosen 
because it is the strongest peak. The aluminum {111} peak from the O Foil and O UAM 
samples are shown normalized and superimposed to demonstrate the diffraction 
broadening that occurs (Figure 5.10b). The O UAM sample has a broader aluminum 
peak than the O Foil sample. This indicates the O UAM sample has more 
crystallographic lattice strain than the O Foil sample. Additionally, following Rietveld 
refinement on the O Foil and O UAM samples, the generalized mean microstrain values 
are 1036 and 1607. This indicates that the samples have an increase in lattice strain 
after the UAM process, likely from additional lattice distortions such as dislocations.  

5.3.4 Characterization of Al 6061 T4 Foil (Before UAM) 

 
A STEM image showing the typical microstructure of the T4 Foil prior to UAM bonding is 
shown in Figure 5.11a. The bottom half of the lamella has weak contrast changes from 
microstructure features. This is because the lamella is slightly too thick for electron 
transparency there. The top half of the lamella shows dislocation tangles and several 
precipitates with a plate or rod like morphology. Figure 5.11b, which is a magnified 
image of the highlighted area shown in Figure 5.11a, shows one large precipitate, 
several smaller precipitates, and dislocation tangles homogenously distributed 
throughout the sample. From Figure 5.11a, the dislocation density is 1.68 × 1010 cm-2. 
The precipitates in the T4 Foil are explored with EDS maps (Figure 5.12) to determine 
their spatial composition. There are several large regions of magnesium and silicon 
suggesting a Mg2Si precipitate. There are fewer precipitates in the lower half of the 
image, although this is likely due to the lamella being too thick, as noted previously. The 
large Mg2Si precipitates have a spherical or ellipsoidal morphology.  
 
The T4 Foil has fewer precipitates than the O Foil, although the precipitates are larger 
(Feret diameter of 230 nm) with an average spacing of 1.70 µm and a volume fraction of 
0.00148. Additionally, since the T4 Foil was quenched from a high temperature, it 
initially has a higher vacancy concentration than the O condition. This can lead to slow 
natural aging of the solute phase 283,301,315. 
 

5.3.5 Characterization of Al 6061 T4 UAM 

 
STEM 
After the UAM bonding process of the T4 Foils, the microstructure was analyzed using 
TEM (Figure 5.13). The entire TEM lamella is shown in Figure 5.13a.  
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Figure 5.11. STEM image of Al 6061 T4 Foil microstructure. a) HAADF image of entire 
lamella, b) HAADF of highlighted dislocation network 

 
  



 

 114 

 

Figure 5.12: STEM / EDS map of Al 6061 T4 Foil. a) STEM HAADF image, b) EDS map 
of aluminum, c) EDS map of magnesium, d) EDS map of silicon, e) EDS map of iron, f) 

EDS map of manganese, g) EDS map of chromium, h) EDS map of oxgygen 
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Figure 5.13: STEM/TEM of Al 6061 T4 UAM microstructure. a) STEM HAADF image of 
the lamella, b) STEM HAADF of the interface, c) TEM BF of the interface 
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The microstructure several microns away from the interface is an equiaxed grain 
structure (610 nm ± 284 nm). The interface between the T4 Foils is highlighted and 
magnified using a HAADF-STEM image (Figure 5.13b) and a TEM BF image (Figure 
5.13c). The interface exhibits a refined grain structure (120 nm ± 79 nm) within a region 
that is 210 nm to 450 nm in width. The grain size of the T4 UAM sample at the interface 
and in the bulk foil regions is statistically identical to the grain size of the interface and 
bulk foil regions in the O UAM sample. The T4 UAM sample has fewer identified 
precipitates close to the interface, as compared to before the UAM bonding. The 
remaining precipitates have a plate-like morphology (appear rod-like in the two-
dimensional view). At the interface, there are also voids/vacancy clusters along grain 
boundaries and inside of grains, although there are fewer voids than in the O UAM 
sample. 
 
The composition of the interface region is shown in EDS maps in Figure 5.14. The non-
strengthening Fe-Mn-Cr precipitates appear mostly unaffected. The compositional 
feature most notable is that the interface is strongly enriched in magnesium and oxygen. 
The few Mg2Si precipitates in the foil prior to UAM bonding appear completely dispersed 
into the aluminum after bonding. The interface appears as a sink for magnesium 
segregation. It is likely that local silicon-rich regions are previous Mg2Si precipitates. 
The Mg2Si precipitates could have dissolved, the magnesium diffused away, and the 
silicon was left behind. This composition of the T4 UAM sample is like the O UAM 
sample. The Mg2Si precipitate decomposed, and diffusion occurred toward the 
interface. Unlike the O UAM sample, the T4 UAM sample also has oxygen detected at 
the interface, although it should be noted that oxygen is difficult to detect using EDS 
techniques 194,209.  
 
Fractography 
The overview fracture surface image (Figure 5.15a) demonstrates there were 
approximately twelve T4 Foils contained in the gage region for the tensile testing. 
Further magnifications of the fracture surfaces (Figure 5.15b & Figure 5.15c) shows 
ductile fracture was present during deformation. Like the O UAM sample, the T4 UAM 
sample has dimples throughout the fracture surface suggesting precipitates were 
present. Although there appears to be reduction of area prior to fracture, it is less 
pronounced than in the O UAM sample, which is also indicated by the stress-strain 
curves (Figure 5.2) and work hardening coefficient.  
 
Unlike the O UAM sample, the T4 UAM fracture surface shows that the foils separated. 
The separation of these foils after fracture suggests the interfaces were much harder 
than the bulk foil regions. As the total composite material deformed, the interface 
regions likely reached their yield point and plastically deformed before the middle of the 
foil. As the material continued to deform, the foils broke away from each other to 
continue plastically deforming.  
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Figure 5.14: SEM/EDS map of Al 6061 T4 UAM microstructure. a) STEM HAADF 
image, b) EDS map of aluminum, c) EDS map of magnesium, d) EDS map of silicon, e) 
EDS map of iron, f) EDS map of manganese, g) EDS map of chromium, h) EDS map of 

oxygen 
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Figure 5.15: Tensile fracture surface of the T4 UAM sample. a) Overview of the entire 
fracture surface, b) magnification of several foils, c) further magnification of two foils and 

there interface 
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Nanoindentation 
Nanoindentation was performed on the T4 UAM sample (Figure 5.16). The low depth 
nanoblitz hardness contour (Figure 5.16a) is rotated for visual aid so the top of the build 
is oriented on the top of the image. Like the O UAM interface (Figure 5.9), the T4 UAM 
interface is harder than the bulk foil regions. The normalized hardness line profile 
(Figure 5.16b) shows the average and standard deviation of the nanoblitz hardness 
values. Compared with the O UAM sample (Figure 5.9b) it can clearly be seen that the 
T4 UAM sample and interfaces are harder than those in the O UAM sample. The SEM 
image of the indent array (Figure 5.16c) is rotated to correspond to the hardness 
contour plot. From the image, the indents near the interface appear shallower than the 
indents further away into the bulk foil regions. Therefore, the hardness depth 
dependence should be addressed. Like the O UAM interface, the nanoindentation 
information from the T4 UAM interface demonstrates asymmetry. There is a gradual 
hardness increase going from the bottom foil to the interface, then a sharper hardness 
decrease going into the top foil. The interface width, as determined by nanoindentation, 
is approximately 10 µm ± 2 µm. The CSM indentations on the interface and the foil bulk 
region (Figure 5.16d) demonstrate that the hardness also has an indentation depth 
dependence. Evaluation of the hardness increase at the interface while removing the 
depth dependence will be discussed in the section below. 
 
X-ray Diffraction 
The diffraction from the T4 Foil and T4 UAM samples can be observed using XRD 
(Figure 5.17). The diffraction patterns of these samples are shown below in Figure 
5.17a with the aluminum and Mg2Si phases identified. Like the XRD results discussed 
above, the large sampling volume here makes distinguishing phase differences 
between the interface and bulk foil regions very difficult or impossible.  
 
The diffraction broadening of the aluminum phase can be observed by focusing on a 
main aluminum peak. The aluminum {111} peak of the T4 Foil and the T4 UAM sample 
is normalized and superimposed to demonstrate the broadening between the samples 
(Figure 5.17b). The T4 UAM sample has a broader aluminum peak than the T4 Foil 
sample. This means there is more crystallographic strain in the bonded sample than in 
the foil sample. Additionally, the generalized mean microstrain values of the aluminum 
in the T4 Foil and T4 UAM sample, as calculated by Rietveld Refinement, are 1813 and 
2600, respectively. This demonstrates the material’s crystal lattice is in a more strained 
state following UAM bonding, likely due to its increased dislocation density. 

5.4 Discussion 

 
The above results have demonstrated significant changes occurred in materials 
following the UAM bonding process. To understand this, the microstructure evolution of 
the materials can be rationalized.  
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Figure 5.16. Nanoindentation hardness map of the T4 UAM build. a) Hardness map, b) 
Average hardness line, c) SEM image of the indent array, d) Hardness vs depth for 

CSM indents 
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Figure 5.17. XRD of the T4 Foil and T4 UAM samples. a) Diffraction patterns, b) 
Comparison of Al {111} peaks 
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5.4.1 Microstructure Evolution 

 
As observed in the TEM images of the foil samples (Figure 5.3 & Figure 5.11), the 
materials before bonding have a large grain structure with tangled dislocations, likely 
from the rolling process to make the foils. The original O Foil microstructure has a 
dislocation cells structure (ρ = 1.06 × 1010 cm-2) and a 0.00396 volume fraction of Mg2Si 
precipitates, and the T4 Foil microstructure has dislocation tangles (ρ = 1.68 × 1010 cm-

2) with a 0.00148 volume fraction of Mg2Si precipitates. After the UAM bonding process 
(Figure 5.5 & Figure 5.13), the bulk foil regions have relatively large grains (~600 nm) 
while the interfaces have extremely small grains (~ 100 nm). This suggests the UAM 
process caused significant plastic deformation to the interfaces during bonding, refining 
the grain structure. Despite the different starting microstructure between the two 
materials, the UAM plastic deformation refined the materials in a similar manner. 
 
The STEM-EDS results (Figure 5.6 & Figure 5.14) suggest that the Mg2Si is no longer 
present near the UAM interfaces. Instead, clusters of silicon are present, and the 
interface is enriched with magnesium. This suggests the atoms within the precipitate 
debonded, and the magnesium atoms diffused towards the interface. For the Al6061 
alloy, the covalently bonded Mg2Si precipitate 316, has an equilibrium solubility limit of 
approximately 595°C 317. Therefore, below this solubility temperature, the magnesium 
and silica in the Al6061 alloy should exist in a stable Mg2Si precipitate phase within the 
aluminum matrix. If the aluminum alloy is brought above this temperature and rapidly 
cooled, such as in the heat affected zone of TIG welding, a solid solution of solute 
elements can be created 318,319. If the material is not brought above this solubility limit, it 
is currently unknown how the precipitates could have dissolved. To the author’s 
knowledge, the only other known studies of Mg2Si precipitates dissolving at low 
temperature are the result of an acidic corrosive environment for several hours 320,321. It 
is hypothesized that the plastic deformation from the UAM process resulted in the 
dissolution of the precipitates and/or could have decreased the solubility limit.  
 
Once the elements debonded, there was elemental diffusion of the magnesium towards 
the interface. To rationalize the diffusion of magnesium, traditional diffusion expressions 
using Fick’s Laws and Brownian motion can be considered. Previous UAM studies of 
embedded thermocouples and thermal imaging cameras have been used to estimate 
thermal profiles during UAM bonding 49,50,99,100,118,122,123. Given the current UAM 
processing conditions, a peak temperature could be around 200°C, although 
thermodynamic calculations of aluminum UAM bonding suggest temperatures could rise 
up to 300°C 55. The exact thermal profile here is difficult to determine due to the rapid 
nature of the UAM bonding process. Given these considerations, a peak temperature of 
250°C can be assumed here, and the total thermal profile time t, including heating up 
and cooling down, is 0.5 seconds. Assuming the thermal profile as noted, the lattice 
diffusivity D of magnesium in aluminum from the Sigli et al. 322 review article is 10-14 

cm2/s.  
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Assuming the clusters of silicon in Figure 5.6 & Figure 5.14 are previous Mg2Si 
precipitates, the distance from a silicon cluster to the magnesium enriched interface 
could be considered as a diffusion distance x. The diffusion distance here is 
approximately 1 µm. Given the estimated total bonding time of 0.5 seconds, Fick’s 2nd 

law, 𝑥~√𝐷𝑡, can be used to find an approximate diffusivity of the magnesium (2×10-8 
cm2/s). The experimental diffusivity here is 6 orders of magnitude larger than the 
diffusivity predicted from the thermal profile. Clearly thermal diffusion cannot describe 
the observed atomic motion and additional diffusion processes are present. 
 
As Pagan et al. 65 suggested, accelerated diffusion could be possible at UAM interfaces 
from enhanced point defect vacancy concentrations caused by the severe plastic 
deformation. To calculate the enhanced vacancy concentration present, Brownian 
motion diffusion can be considered, as shown in Equation 5.1. Here a0 is the lattice 
constant, Xv is the vacancy concentration, ν is the Debye frequency of the atomic 
vibrations on its lattice site, Em is the vacancy migration energy (0.61 eV in Al 170), k is 
the Boltzmann constant (8.617×10-5 eV/K), and T is the absolute temperature 
146,147,149,150,323. 
 

 
𝐷 = 𝑎0

2𝑋𝑣𝜈 ∙ 𝑒𝑥𝑝 (−
𝐸𝑚

𝑘𝑇
) Equation 5.1 

 
To rationalize the observed elemental diffusion, vacancy concentrations can be 
calculated at the UAM interface assuming the thermal profile, as noted above. These 
can be compared with the solubility limit temperature of the Mg2Si precipitate and the 
thermal equilibrium concentration of vacancies (  
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Table 5.2). Clearly a significantly large concentration of vacancies must have been 
created from the plastic deformation from the UAM process. The plastic deformation 
and enhanced vacancy concentration could have also decreased the solubility limit of 
the Mg2Si precipitate resulting in the precipitate dissolving.  
 
Although the bonding temperature could be higher than indicated, which would 
decrease the vacancy concentration, other short circuit diffusion pathways may also be 
occurring. The UAM process is known to cause dynamic recrystallization at the 
interfaces 46,87,94,97. Recrystallization occurs as large plastic strains deform the crystals 
until they reorient into new lower energy crystals. The recrystallized grains are often 
separated by high angle grain boundaries (misorientation > 15°) 189 which sweep across 
the material during the recrystallization event, sometimes more than once. Several UAM 
studies investigating grain boundary refinement have found a significant increase in the 
concentration of high angle grain boundaries at interfaces, and more high angle grain 
boundaries are observed during higher energy UAM 99,187. In the present study, the high 
angle grain boundaries could provide additional diffusion pathways for the magnesium 
to travel. Finally, as noted in the x-ray diffraction results, high dislocation densities could 
be in the samples. Pipe diffusion through dislocation cores could also occur during UAM 
bonding. This would accelerate the migration of magnesium atoms. 
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Table 5.2. Vacancy Concentrations 

Temperature 
(°C) 

Xv (Thermal 
Equilibrium) 

Xv (UAM 
interface) 

250 6.0 x 10-7 2.3 x 10-1 

595 1.6 x 10-4 1.5 x 10-3 
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Following from the enhanced diffusion, likely through elevated vacancy concentrations, 
other TEM features along the O UAM and T4 UAM interfaces can be explored. There 
appear to be holes in the samples along grain boundaries and in the middle of grains 
directly at the interfaces. These could be holes due to TEM sample preparation using 
FIB, although they are only present at the interfaces. It is also possible these features 
could be vacancy clusters or voids related to the enhanced vacancy concentrations. 
The hypothesized UAM bonding temperature is 250°C. The onset temperature for 
vacancy migration (stage III recovery) has been thoroughly reviewed in most metals 
using isochronal annealing following particle irradiations, and the accepted value in 
aluminum is -73°C 169. Above this temperature, mono-vacancies become mobile and 
can coalesce into vacancy clusters. Therefore, it is reasonable to assume that the 
enhanced concentration of mono-vacancies (which accelerated the magnesium 
diffusion) also resulted in monovacancies coalescing into visible vacancy clusters. 
 
The next fundamental question to ask is: why was there preferential enhanced diffusion 
for magnesium atoms? This can be addressed by considering the free energy of the 
components in the UAM materials. An Ellingham diagram of the free energy of Mg2Si, 
SiO2, Al2O3, and MgO can illustrate their potential of formation (Figure 5.18). These free 
energies were calculated assuming a free gas environment, as opposed to precipitates 
inside an aluminum matrix. Therefore, these values only approximately represent the 
formation of these species withing a reasonable margin of error. 
 
In Ellingham diagrams, the standard reference state of an element is calculated as it 
reacts to form a potential compound (e.g., oxide, carbide, nitride, or intermetallic). The 
Gibbs free energy of formation for an element in its reference state is zero. Therefore, if 
an element has an affinity to form a compound, this will result in a decrease in the 
overall free energy of the system. When comparing multiple reactions, the component 
with the largest decrease in Gibbs free energy will be the most likely to form 324. 
Considering the Ellingham diagram, the MgO compound has the greatest reactivity. 
This suggests that once the magnesium separated from silica, the MgO could be 
preferentially formed. Although Ellingham diagrams do not provide guidance for reaction 
kinetics, the thermodynamic calculations demonstrate the feasibility of the magnesium 
and oxygen that are observed at the interface. Since the diffusivity of magnesium and 
silica in an aluminum matrix are approximately equivalent, 322 the kinetic process for 
preferable atomic movement of magnesium over silica is currently unknown. The 
potential dissolution and diffusion of precipitate atoms during UAM should be 
considered by future researchers. 
 

5.4.1 Evaluation of Strengthening  

 
The strength of the Al 6061 material is due to several factors in the bulk foil regions and 
at the foil-foil interfaces. As noted from the EDS analysis, the Mg2Si precipitates are 
present everywhere except the interfaces.  
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Figure 5.18 Ellingham diagram 
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Since these precipitates are several hundred nanometers in diameter, strengthening 
would occur as mobile dislocations bow around the precipitates, as opposed to shearing 
them. The classical approach for dislocation bowing strength 102 can be used here:  

∆𝜎𝑏𝑜𝑤𝑖𝑛𝑔 =
𝑀𝐺𝑏

2𝑟[
6

𝜋
𝑣𝑓

−1/3
−1]

, where M is the Taylor factor (~3.06 for equiaxed FCC and BCC 

materials), G is the shear modulus, b is the magnitude of the Burgers vector of the 
gliding dislocation, r is the radius of the precipitate, and vf is the volume fraction of the 
precipitates in the matrix. Considering the observed size and spacing of the Mg2Si 
precipitates, the dislocation bowing strengths would be approximately 27.8 MPa and 
15.6 MPa in the O UAM bulk foil region and the T4 UAM bulk foil region, respectively. 
 
Additionally, the materials contained a significant dislocation density. Strain hardening 
can occur in materials as dislocation tangles interact with each other. This Frank-Read 
dislocation interaction can result in strain hardening and dislocation multiplication. The 

traditional equation for dislocation strain hardening 102 is ∆𝜎𝑆𝐻 = 𝑀𝛼𝐺𝑏√𝜌, where M is 

the Taylor Factor, α is approximately 0.1, G is the shear modulus, b is the magnitude of 
the mobile dislocation burgers vector, and ρ is the dislocation density. Using the 
dislocation density determined previously, the strain hardening prior to UAM bonding 
could be 23.4 MPa and 29.5 MPa for the O UAM and the T4 UAM bulk foil regions, 
respectively. These are approximately equivalent within experimental error. As noted 
from the x-ray diffraction data, the lattice strain increased after the UAM bonding, which 
could increase the strain hardening at the interfaces further. The utilization of the 
potential increase in strain hardening will be discussed further in the proceeding section. 

 
At the foil-foil interfaces, the grain sizes became significantly smaller. Hall 234 and Petch 
235 described yield strength increase ∆𝜎𝐻𝑃 from smaller grains d as a result from 
dislocations that pile up against grain boundaries. The specific material strength of a 
grain boundary to dislocations, ky, has been thoroughly studied and is shown in the 
Cordero et al. review article 236. The commonly accepted ky value for aluminum is 90 
MPa µm1/2 325–327. This allows for the Hall-Petch equation, ∆𝜎𝐻𝑃 = 𝑘𝑦𝑑−1 2⁄  to be used to 

rationalize the increased strength near the bonded interfaces from the reduced grain 
sizes, as determined earlier. For the O UAM condition, the grain boundary strength at 
the interface would be 283 MPa, while the grain boundary strength in the bulk foil region 
would be 114 MPa. Therefore, the O UAM strength increase attributable to reduced 
grains sizes at the interface is 169 MPa. In a similar manner, the T4 UAM grain 
boundary strength at the interface is 254 MPa, while the grain boundary strength in the 
bulk foil region is 115 MPa. Therefore, the T4 UAM yield strength increase from reduced 
grain sizes at the interface is 139 MPa. The grain boundary strengthening at the 
interfaces of the O UAM sample and the T4 UAM sample are nearly equivalent within 
experimental error. 
 
The vacancy clusters at the UAM interfaces could also contribute to strengthening. As 
migrating dislocations interact with vacancy clusters, they interact with the elastic strain 
field created by the clusters. The strain field from the empty lattice space is due to the 
volumetric dilation from the surrounding atoms. This strain field is proportional to the 
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concentration of vacancy defects 272,275,328,329. For large clusters acting as strong 
dislocation obstacles, the dispersed barrier Seeger model 272 can be used, ∆𝜎𝑆𝑒𝑒𝑔𝑒𝑟 =

𝑀𝛼𝜇𝑏√𝑁𝑑, in which M is the Taylor factor, α is the defect cluster barrier strength which 
depends on the size of the voids (~1.0 for the present voids278), μ is the shear modulus, 
and b is the magnitude of the Burgers vector of the gliding dislocation, N is the cluster 
density, and d is the clusters size. Another potential model for describing the hardening 
from vacancy clusters is the weak barrier Friedel-Kroupa-Hirsch (FKH) model 273,274, in 
which the strength is proportional to dN2/3. An estimate of the vacancy clusters size from 
the TEM images could be 10 nm for both the O UAM interface and the T4 UAM 
interface. The cluster density, within the radius of the low-depth indentation plastic zone 
field, could be 9.1×1014 cm-3 for the O UAM interface and 2.3×1014 cm-3 for the T4 UAM 
interface. Using the Seeger strengthening model, this results in a strength increase of 
69 MPa for the O UAM interface and a strength increase of 34 MPa for the T4 UAM 
interface. Finally, it should be noted that the voids observed could have originated from 
vacancy clusters and been further expanded due to FIB damage. Therefore, the cluster 
sizes and strengths should be considered as upper limits rather than exact values. 
Additionally, it is possible that with large fractions of voids or cavities, mechanical 
softening can occur as opposed to hardening 330. For voids well beyond ten nanometers 
in size, softening has been attributed to the annihilation of dislocations as the large 
cavities act as dislocation sinks rather than dislocation obstacles 331. 
 
Studies of UAM bonded Al 3003 H-18 46 and Al 6061 H-18 211 observed a decrease in 
bulk tensile strength, not an increase. How can we understand these differences? 
Sojiphan 97 hypothesized that UAM materials can be considered as a function of the 
overall stored energy. A cold rolled material (H-18 condition) has a higher initial energy 
state than an annealed material. This is due to the work hardening, grain deformation, 
and dislocation network created from cold rolling. If a cold rolled material is annealed, 
the stored energy will decrease as static recrystallization occurs. Alternatively, if a low 
energy annealed material is hot worked, the stored energy will increase due to the 
deformation process. 
 
Sojiphan hypothesized that UAM structures are the result of the combination of dynamic 
recrystallization and dynamic recovery. A material will decrease in stored energy when 
static recrystallization dominates during bonding, while a material will increase in stored 
energy if dynamic recrystallization and dynamic recovery through adiabatic heating 
dominate during bonding. This causes recrystallization to not occur as fast, and the 
material ends up in a lower energy state 97. A similar mechanism could be occurring in 
this present study. It is hypothesized that the tempered and annealed materials were in 
a low energy state prior to UAM bonding. After bonding, dynamic recrystallization 
occurred along with dynamic recovery and adiabatic heating. This hypothesis could also 
be connected to the microstructure features observed. The initial foils had intricate 
dislocation tangles and cell structures. After bonding, the foil bulk regions had relatively 
large grain structures without the dislocation cell wall structures. Additionally, the region 
with refined grain sizes is very small (< 1 µm) compared to the width of other UAM 
interfaces with grain refinement (10s of µm) 45,55,57,63,88,89,94,95,122. This could indicate that 
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dynamic recrystallization was limited while dynamic recovery and adiabatic heating 
occurred. The annealed and tempered materials increased their energy state from the 
UAM bonding. This resulted in the observed microstructural changes and the increased 
tensile strength. 

The nanoindentation data (Figure 5.9 & Figure 5.16) demonstrates the O UAM and T4 
UAM interfaces were harder than the bulk foil materials, although the indent depths 
were also different. Since there is a depth dependence to nanoindentation hardness, 
the indentation size effect must be considered. The indentation size effect refers to 
when shallow depth nanoindentation values are larger than bulk hardness values as 
determined using traditional indentation techniques 218–224. The Nix-Gao technique 225 is 
the most popular method to obtain estimates for bulk equivalent hardness from depth-
dependent hardness data. Although it has received criticism 226–229, it is currently the 

best available method that can guide us. The Nix-Gao equation 
𝐻

𝐻0
= √1 +

ℎ∗

ℎ
 calculates 

the bulk equivalent hardness H0 and the characteristic size effect length scale h* using 
the hardness values H at their respective depths h 225. When the hardness squared is 
plotted against the reciprocal of depth, the intercept of the line created is H0

2 and the 
slope is related to h*. The Nix-Gao hardness plots using the CSM indentation technique 
of the bulk foil region and the interface for the O UAM and T4 UAM samples are shown 
in Figure 5.19a. The bulk equivalent hardness of the O UAM sample in the bulk foil is 
0.89 GPa with a h* length parameter of 66.4 nm, while the interface has an equivalent 
hardness of 1.62 GPa and h* of 279 nm. The bulk equivalent hardness of the T4 UAM 
sample in the bulk foil is 1.16 GPa with h* of 32.7 nm, and the interface has an 
equivalent hardness of 1.85 GPa with h* of 549 nm. By comparing the bulk equivalent 
hardness for the bulk foil to the interface (Figure 5.19b), clearly the interfaces are harder 
for both samples. Although the UAM interfaces have a hardness increase using depth 
dependent hardness measurements, the Nix-Gao approximation demonstrates that the 
interfaces have a non-depth dependent hardness increase. This can be used for more 
accurate determination of the interface strengthening characteristics. 
 
The Tabor relationship 𝐻~3𝜎𝑦 217,230,231 is commonly used to compare the traditional 

Vickers hardness to yield strength. Zhu et al. 232 recently demonstrated the Tabor 
relationship does not consider indentation surface pileup effects and could overestimate 
the yield strength determined from nanoindentation. Therefore, a more advanced model 
for comparing the Nix-Gao bulk equivalent hardness to nanoindentation yield strength is 
𝜎𝑦

𝑁𝐼 = 0.285𝐻0. For the O UAM sample, the nanoindentation yield strength is 0.254 GPa 

in the bulk foil and 0.462 at the interface. The T4 UAM sample has a nanoindentation 
yield strength of 0.331 GPa in the bulk foil and 0.527 GPa at the interface. 
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Figure 5.19. Analysis of indentation hardness increase. a) Nix-Gao relationship for the 
O UAM and T4 UAM conditions, b) Bulk equivalent hardness values in the bulk foil 

interior and at the interfaces. 
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5.4.1 Composite Model of Hardening  

 
As described previously, the UAM process resulted in a complex microstructure 
evolution and an array of various dislocation obstacles. Tensile testing from the UAM 
build occurred with a load applied parallel to the foil-foil interface. This is a classic iso-
strain condition (Voigt condition) as described by Courtney 332 and illustrated below 
(Figure 5.20). Since the tensile axis is parallel to the interface axis, the total stress 
exerted on the material σc is the sum of the forces experienced by each of the material 
sections (σfoil and σinterface) multiplied by their relative volume fraction (𝑉𝑓𝑜𝑖𝑙 and 

𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒) 332 𝜎𝑐 = 𝜎𝑓𝑜𝑖𝑙𝑉𝑓𝑜𝑖𝑙 + 𝜎𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒. 

 
As determined by the STEM-EDS analysis, the bulk foil region is strengthened by 
dislocation bowing and dislocation forest interactions. The STEM and XRD analysis 
demonstrate that the interfaces have dislocation obstacles of reduced grain sizes, 
vacancy clusters, and increased lattice strain, likely from elevated dislocation densities. 
Since these microstructure obstacles are considered long-range dislocation obstacles 
with comparable strengths, it is appropriate to combine them at each location using a 
root mean square superposition approach 102,279,280. The overall UAM build can be 
described as a composite structure using a combination of the microstructure features 

at the various locations: 𝜎𝑈𝐴𝑀 = √(𝜎𝑆𝐻)2 + (𝜎𝑏𝑜𝑤𝑖𝑛𝑔 )
2

𝑉𝑓𝑜𝑖𝑙 +

√(𝜎𝐻𝑃)2 + (𝜎𝑆𝑒𝑒𝑔𝑒𝑟)
2

+ (𝜎𝑆𝐻)2𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒 

 
The strengthening contribution at the interface from grain boundaries is much larger 
than contributions from vacancy clusters or additional dislocation densities. Using the 
upper limit approximation of vacancy cluster strengthening, the contribution would be 
less than 8% of the composite strength. Although cluster strengthening values were 
calculated earlier, it should be repeated that these values represent liberal maximums 
since FIB damage could have exaggerated their size. Therefore, their potential 
contribution to the overall strengthening should be considered as near the maximum 
limit.  In a similar manner, considering if the dislocation density at the interface reached 
as high as 1012 cm-2 (the maximum achievable limit), the contribution from Frank-Read 
type interactions could contribute less than 4% to the overall strengthening. Since these 
two dislocation obstacles provide negligible contributions to the strengthening, they can 
be safely ignored in this present analysis. Therefore, the composite strengthening 

equation can be considered as: 𝜎𝑈𝐴𝑀 = √(𝜎𝑆𝐻)2 + (𝜎𝑏𝑜𝑤𝑖𝑛𝑔 )
2

𝑉𝑓𝑜𝑖𝑙 + 𝜎𝐻𝑃 ∗ 𝑉𝑖𝑛𝑡𝑒𝑟𝑓𝑎𝑐𝑒. If an 

estimate of the volume fraction of the interfaces to the volume fraction of the foil were 
determined by the ratio of the width of the refined grains at the interfaces to the width of 
the bonded foils, the volume fraction of the foil would be 99% and the interfaces would 
be 1%. Using the previous calculations of strain hardening, dislocation bowing, and 
Hall-Petch strength, the 𝜎𝑈𝐴𝑀 is approximately 37.6 MPa for the O UAM sample and 
34.4 for the T4 UAM sample. These calculations would signify that the interface has 
negligible contributions to the overall strength of the material.  
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Figure 5.20. Voigt iso-strain condition of the foils and interface 
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This is not the case, and it contradicts the previous experimental results. The interfaces 
became harder than the bulk material and they significantly increased the strength of 
the overall composite material. Instead, the Voigt model estimates the interfaces are 
only a small component of the composite strength. 
 
The Voigt model also does not capture if the interface and foil regions enter plastic 
deformation at different applied displacements. As shown from the tensile testing 
results, the foils have a lower yield strength than the built structure. Therefore, if the 
built structure is a composite of the foil regions and the interfaces, it is likely that the foil 
regions reached their yield strength and began plastic deformation prior to the interfaces 
reaching their yield point. This is also supported by the differences in the bulk equivalent 
hardness values of the interfaces and bulk foil regions. During tensile testing, there is a 
simultaneous combination of elastic and plastic deformation in the interfaces and foil 
regions. This is a non-trivial consideration that the Voigt model cannot predict. This 
could have contributed to the strength differences found between the tensile testing and 
the composite model. Finally, it should be noted that some of the microstructure 
analysis was performed using high magnification characterization techniques. Variations 
in the microstructure could exist at different spatial locations that were not captured 
here. 

5.5 Summary and Conclusion  

 
Microstructure evolution and strengthening effects from Ultrasonic Additive 
Manufacturing were evaluated here. Al 6061 was pre-treated into the annealed O and 
tempered T4 conditions, then after UAM bonding, tensile testing (in the rolling, x-
direction) revealed the bonded material became significantly stronger. Characterization 
was performed on multi-length scales including sub-size tensile testing, 
nanoindentation, x-ray diffraction, scanning electron microscopy, transmission electron 
microscopy, and energy dispersive spectroscopy. 
 
The characterization revealed that the foil-foil interfaces of the bonded materials 
became stronger than the bulk foil regions. Significant crystal lattice changes occurred 
at the interface regions that dominantly contributed to the overall strengthening. This 
includes an increase in aluminum lattice strain, Mg2Si precipitates dissolving, creation of 
point defect vacancies, enhanced diffusion of magnesium atoms, mono-vacancies 
coalescing into vacancy clusters, and refinement of grain sizes. These microstructure 
changes occurred because of dynamic recrystallization, dynamic recovery, and 
adiabatic heating of the material. By UAM bonding of annealed and tempered aluminum 
materials, the lower stored energy state material was increased, which resulted in 
increased strength and the microstructure changes. 
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Abstract 
 
This paper reports evidence for phase transformations of hexagonal closed packed 
materials during the high strain rate (~105 s-1) plastic deformation ultrasonic additive 
manufacturing (UAM) process. The phase transformations, captured by X-ray 
diffraction, electron backscatter diffraction, and convergent beam electron microscopy, 
are rationalized due to the strain induced phase transformation created by UAM and the 
introduction of elements, observed by energy dispersive X-ray spectroscopy, that can 
stabilize a body centered cubic structure. The elements are introduced through non-
equilibrium point defect vacancy concentrations, which accelerates interdiffusion of 
elements. The physics described here is also used to design interlayers and surface 
modifications, which are experimentally shown to improve the bonding of difficult to weld 
materials. 

6.1 Introduction  

 
This work is motivated by the unique microstructure development that was observed 
following UAM bonding of titanium. To the author’s knowledge, these are the first 
reported results of bonding titanium during ultrasonic additive manufacturing (UAM). 
Since a thorough review of UAM has been provided earlier, (Chapter 2.3) only a brief 
description will be described below as it relates to the current study.  
 
A majority of UAM studies have focused on low strength FCC materials, such as 
aluminum, copper, and nickel, due to limitations of UAM bonding 45,55,63,97,98,186. The 
recent introduction of higher power UAM machines has allowed the bonding of more 
difficult to weld metals 56,133,211,333 using several advances including a Stellite coated 
sonotrode (Figure 6.1), although there have been only a few successful trials of bonding 
HCP materials. Sridharan et al. 62 and Wolcott et al. 59 demonstrated successful 
bonding of titanium-aluminum bi-layers. Using electron backscatter diffraction (EBSD), 
the authors concluded that the aluminum (FCC crystal structure) exhibited significant 
grain refinement and texture evolution while the titanium (HCP crystal structure) resisted 
plastic deformation.  
 
Successful UAM bonding of HCP zirconium was shown by Massey et al. 68. Significant 
foil tearing was observed and an α/β titanium alloy was used to mitigate this. UAM 
bonding of zirconium resulted in grain refinement and shear twinning near the UAM 
interfaces. Using shear texture evaluation, the authors suggested that during bonding, 
the material reached at least 400°C. Titanium enrichment (from the buffer layer) was 
also observed at the interface, suggesting that mechanically driven elemental mixing 
occurred between the zirconium and titanium. 
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Figure 6.1. Schematic of UAM Bonding Process 
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An analogous study of ultrasonic spot welding of titanium could also provide context. 
Mukhametgalina et al. 334 observed significant grain refinement at titanium interfaces, 
and the authors suspected that a reversible α -> β -> α phase transformation occurred. 
During the severe plastic deformation, α grains transformed to β grains, and flowed into 
the gaps at the interfaces due to their lower flow stress. As the temperature decreased 
after welding, β grains transformed back into α. The authors suspected a large 
concentration of lattice defects were created during bonding, which resulted in the 
observations. To date there have been very few experimental studies of UAM bonding 
of HCP materials. This current research demonstrates the first known example of UAM 
bonding HCP titanium. Successful solid-state UAM bonding of titanium has a wide 
range of industrial applications due to its high strength, low density, and excellent 
corrosion properties 335. Furthermore, understanding bonding through the severe plastic 
deformation of HCP materials offers a wide range of potential applications. 

6.2 Experimental Procedure 

 
Foils (~ 150 µm thick) of grade 2, commercially pure (CP), titanium foils and grade 5 
titanium, Ti-6Al-4V, foils were welded to a Ti-6Al-4V baseplate. These foils were welded 
directly to the baseplate, and to improve UAM bonding, Ti-6Al-4V foils were also 
bonded to the baseplate while placing a thin (~25 µm) aluminum (Al 1100) interlayer foil 
or pure vanadium interlayer foil between the titanium and the material beneath. An 
alternate method of UAM bonding improvement was performed by sputtering (~200 nm) 
vanadium onto the surface of a CP Ti foil prior to bonding. Sputtering was performed by 
placing a CP Ti foil in an AJA ATC 2000 sputtering system. The system was at a base 
pressure of ~3×10-7 Torr with a sputtering pressure of 5 mTorr Ar. The sample was 
rotated while vanadium was sputtered onto the sample for one hour at 200 watts.  
 
UAM bonding was performed on the titanium foils, and when the titanium had an 
interlayer or surface treatment, the sample was oriented so that surface mated with the 
material beneath. A schematic of this welding orientation is shown in Figure 6.1. UAM 
bonding of the titanium, with and without interlayers, used a normal force of 8500 N, 
amplitude of 34.7 µm, and a speed of 50 inch/min using a Stellite-coated sonotrode 
horn. UAM bonding of titanium with a sputtered vanadium surface used a normal force 
of 9000 N, amplitude of 39.9 µm, and a speed of 50 inch/min with a Stellite-coated 
sonotrode horn. 
 
Samples were cold mounted and mechanically polished down to a 0.05 µm surface 
finish using standard metallography procedures. Electron microscopy for imaging and 
energy dispersive spectroscopy (EDS) used a field emission Zeiss Gemini 450 with an 
acceleration voltage of 15 kV and a current of 20 nA. The EDS analysis used the semi-
quantitative ZAF correction technique. Electron backscatter diffraction (EBSD) was 
performed on a field emission Zeiss Crossbeam 550 using an acceleration voltage of 25 
kV and a current of 10 nA. Extreme care was observed to collect EDS and EBSD 
information on the same viewing region of a given sample. Lab x-ray diffraction was 
performed using a Panalytical Empyrean diffractometer with a copper x-ray source. 



 

 140 

Rietveld Refinement was performed using GSAS-II software. Preparation for 
transmission electron microscopy (TEM) was performed using a focused ion beam FEI 
Quanta 3D 200i with a gallium ion source. The sample was thinned progressively down 
to 5kV with 48pA. Transmission electron microscopy was performed on a 200 kV field 
emission Zeiss Libra MC, and convergent beam electron diffraction was performed 
using a 5 µm condenser aperture with a 240 mm camera length. 
 

6.3 Results 

 

6.3.1 Initial Materials Prior to UAM 

 

6.3.1.1 CP Ti Foil Before UAM  
 
The commercially pure (CP) titanium foil was analyzed prior to ultrasonic additive 
manufacturing (UAM) to provide a baseline of comparison.  CP Ti is often sold in 
different grades ranging from 1 to 4, depending on the levels of impurities including 
oxygen and iron 335. For example, grade 4 CP Ti can have an oxygen concentration of 
0.4 wt.%, iron concentration of 0.5 wt.%, and exhibit yield strength, σy (stress at 0.2% 
plastic strain) of 480 MPa. In contrast, grade 1 CP Ti can have low impurity 
concentration (<0.18 wt.% O and <0.20 wt.% Fe) leading to soft foils with σy of 170 
MPa. The CP Ti used here is grade 2 (<0.25 wt.% O, <0.30 wt.% Fe, σy of 275 MPa). 
Using grade 2 CP Ti, the phase transformation temperatures can be calculated using 
Thermo-calc ® software 290. The calculations (Figure 6.2) show that the CP Ti 

transforms from hexagonal closed packed (HCP) crystal (also referred as -phase) 

structure to body centered cubic (BCC) crystal structure (also referred as -phase) at ~ 
944°C and to liquid above 1694°C.  Therefore, at room temperature, we expect 100% 
HCP in CP Ti alloys with a small amount of BCC. However, the BCC phase will only be 
stable if the iron is allowed to partition during normal β to α transformation conditions. 
 
Experimental analysis was performed on the grade 2 CP Ti (Figure 6.3). Figure 6.3a is 
the scanning electron microscopy (SEM) image of the foil, Figure 6.3b is the band 
contrast, and Figure 6.3c is the inverse pole figure (IPF) of the α phase. Electron 
backscatter diffraction (EBSD) analysis demonstrates a uniform and random orientation 
of grains. Clearly the α phase is the only phase present, which the thermodynamic 
equilibrium calculations also predict. Additionally, on the top of the foil, a small twin 
feature in the 0001 orientation is present along the original rolling direction of the foil. 
The chemical composition of the foil was examined using energy dispersive 
spectroscopy (EDS) (Figure 6.3d). The titanium X-rays are the only distinguishable 
peaks. This also confirms that within the limits of detection, the CP Ti used in this study 
is pure and free from other elements. The common casting impurity elements present in 
grade 2 CP Ti, such as iron, could still exist in the material, although they would be 
below the detectable limit in SEM-EDS techniques. 
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Figure 6.2. Simulated Phase Fractions of CP Ti and Ti-6Al-4V versus temperature 
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Figure 6.3. As-Received CP Ti Foil. a) SE image, b) Band Contrast, c) Ti HCP-IPF, d) 
EDS Spectrum 
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6.3.1.2 Ti-6Al-4V Foil Before UAM  
 
The Ti-6Al-4V foil was also characterized prior to bonding for comparison. Thermocalc® 
calculations (Figure 6.2) demonstrate that in the Ti-6Al-4V material the α phase is 
dominant, although a small percent of β phase could also be present. The Tβ point is 
slightly higher than in the CP Ti material. Experimental characterization of the as-
received Ti-6Al-4V foil (Figure 6.4) indicates similar results to those above. The SEM 
image (Figure 6.4a) demonstrates that the foil is uniform. The EBSD analysis shows 
uniform band contrast throughout the foil (Figure 6.4b). The IPF of the α phase and the 
β phase are shown in Figure 6.4c & d, respectively. These calculations suggest 99% of 
the foil has the α phase. EDS characterization of the foil, shown with the EDS spectrum 
(Figure 6.4e), calculates that the foil is 92 wt. % Ti, 4 wt. % Al, and 3 wt.% V. The EDS 
and EBSD characterization demonstrate that the Ti-6Al-4V foil has an expected 
structure and composition within accepted experimental error 335. 
 

6.3.1.3 Vanadium Interlayer Before UAM  
 
As mentioned previously, a thin ~25 µm vanadium foil was used for one of the scenarios 
of improving bonding of Ti-6Al-4V. Prior to bonding, the vanadium interlayer was 
examined to confirm its composition and structure (Figure 6.5). An overview BSE image 
(Figure 6.5a) shows a uniform foil structure. Wavey lines are present in the image, likely 
a result of the foil rolling process. The EDS map of vanadium and EDS spectrum 
(Figure 6.5b & c) demonstrate the foil is entirely vanadium with no impurities above the 
detectable SEM-EDS limit. The EBSD band contrast and BCC-IPF pattern (Figure 6.5d 
& e) further demonstrate a uniform and homogenous structure in the vanadium foil. 
Slight image drifting occurred during EBSD characterization resulting in reduced image 
quality. 
 

6.3.2 UAM Bonding Materials 

 

6.3.2.1 CP Ti Foil After UAM Bonding 
 
Once the CP Ti foil was successfully bonded using UAM, the material was 
characterized (Figure 6.6) in an orientation normal to the rolling direction of the 
sonotrode, as indicated. The SEM-BSE (backscatter electron) image of the bonded foil 
(Figure 6.6a) demonstrates significant features are present on the top surface of the foil, 
that were in contact with the sonotrode. 
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Figure 6.4. As-Received Ti-6Al-4V Foil. a) SE Image, b) Band Contrast, c) Ti HCP-IPF, 
d) Ti BCC - IPF, e) EDS Spectrum 
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Figure 6.5. As-Received Vanadium Foil Interlayer. a) BSE image, b) V-EDS Map, c) 
EDS Spectrum, d) Band Contrast, e) BCC-IPF 
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Figure 6.6. Bonded CP Ti Foil: EDS and EBSD Maps. a) BSE Image, b) Ti-EDS Map, c) 
Al-EDS Map, d) V-EDS Map, e) Cr-EDS Map, f) Co-EDS Map, g) Band Contrast, h) Ti 

HCP-IPF, i) Ti BCC-IPF 
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Additionally, a crack is present on the right side of these features. The crack and other 
features appear to start at the top of the foil and progress downwards into the sample. A 
line is drawn on the image to indicate the direction of the EDS line scan. The quantified 
EDS maps of titanium, aluminum, and vanadium (Figure 6.6b-d) demonstrate mostly 
uniform concentrations of these elements throughout the sample. Quantified EDS maps 
of impurity elements chromium and cobalt (Figure 6.6e, f) show high concentrations of 
these elements are present near the top of the foil. Since these elements were not 
present in the foil prior to bonding, they were likely introduced during the UAM process. 
The UAM sonotrode horn had Stellite coating (Co-Cr alloy), therefore it is suspected 
these impurity elements came from the Stellite coating. Care was taken to characterize 
the sample using EBSD within the same field of view as the EDS analysis. 
 
Throughout the sample, the EBSD band contrast (Figure 6.6g) demonstrate significant 
decrease in quality as compared to before bonding (Figure 6.3b). Near the crack and 
outside the crack there is an increase in pattern quality showing small almost equiaxed 
grains. The IPF of the α phase (Figure 6.6h) and the β phase (Figure 6.6i) show that 
most of the sample retained the α phase, although the β titanium phase is also present 
near the top of the foil. The existence of the β phase titanium in the UAM bonded CP Ti 
foil represents a significant deviation from the equilibrium of titanium. The β phase 
titanium is present at the same location as the higher concentration of impurity cobalt 
and chromium elements. The grains in the β phase appear small and roughly circular 
(or spherical in three dimensions). The α phase directly surrounding the β phase has 
small grains with several twin features oriented roughly perpendicular to the direction of 
the protruding β phase. At the bottom of the IPF image, the α phase has large grains 
and appears mostly undisturbed. The contrast changes from the BSE image, the shape 
of the cobalt and chromium introduction, and the direction of the β phase into the 
sample appear as sharp protrusions beginning at the top of the foil and extending 
downward into the sample in finger-like features.  
 
The EDS data is shown in Figure 6.7. The spectrum from the entire region (Figure 6.7a) 
has the X-ray peaks of titanium, chromium, and cobalt identified. A silicon Kα peak is 
also present in the spectrum, but this is likely an artifact from the polishing process, 
therefore it is not labeled or quantified. The EDS line scan (as indicated in Figure 6.6a) 
is shown in Figure 6.7b with the titanium, chromium, and cobalt concentrations. These 
impurity elements appear within twenty microns from the top of the foil and up to ~ 20 
wt. %. Due to the unusual nature of the observed β phase in CP Ti, X-ray diffraction 
(XRD) was also performed (Figure 6.8). The sample was oriented such that the X-rays 
probed the top surface of the sample, as indicated by the diagram. From this 
orientation, approximately 50% of the data collected is from within 1.2 µm of the top 
surface, and 90% of the data collected is from within 4 µm of the top surface 336. The 
calculated phase fractions following Rietveld Refinement (Table 6.1) show significant 
concentrations of the titanium α phase and the β phase on the top surface of the 
bonded foil.  
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Figure 6.7. EDS Data of Bonded CP Ti Foil. a) EDS Spectrum, b) EDS Line Scan of 
Titanium, Cobalt, and Chromium 
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Figure 6.8. X-ray Diffraction Normal to the Top Surface of the Bonded CP Titanium Foil 
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Table 6.1. Calculated phase fractions from x-ray diffraction on the bonded foil  

Phases Weight 

Percent 

α-Ti 58.3 % 

β-Ti 38.2 % 

Ti2Co 2.0 % 

CoO 1.5 % 
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Additionally, the intermetallic Ti2Co and oxide CoO phases are present, although their 
concentrations are relatively small, which is why they are difficult to detect using EBSD 
analysis. Confirming the presence of β phase using EBSD and XRD methods 
significantly increase our confidence that this phase is present. The above results 
indicate that successful bonding of titanium also corresponds to the α->β titanium phase 
transformation. 
 

6.3.2.2 Ti-6Al-4V Foil After UAM Bonding 
 
After the Ti-6Al-4V foil was UAM bonded to the baseplate, it was characterized using 
EDS and EBSD (Figure 6.9). All the sample images are oriented normal to the rolling 
direction of the sonotrode (like the bonded CP Ti sample, Figure 6.6), therefore image 
orientation diagrams are not repeated for these samples. Several distinct features are 
present on the top of the bonded Ti-6Al-4V foil. From the BSE overview image (Figure 
6.9a), swirl features are present on the top of the foil. A red line is drawn on the image 
to indicate the direction of the EDS line scan shown later. Quantified EDS maps of the 
titanium, aluminum, vanadium, cobalt, and chromium (Figure 6.9b-f) demonstrate 
mostly uniform concentrations of titanium, aluminum, and vanadium, while cobalt and 
chromium have been introduced on the top surface of the foil in swirl-like features. 
EBSD characterization was also performed in the same viewing region. There is 
increased band contrast at the top of the image as compared to deeper in the sample 
(Figure 6.9g). The IPF of the α phase (Figure 6.9h) and the β phase (Figure 6.9i) 
demonstrates that the α phase is present throughout most of the foil, while the top of the 
sample has the β phase. 
 
The EDS data from the sample is shown in Figure 6.10. The EDS spectrum from the 
entire area (Figure 6.10a) shows the identified X-ray peaks, and the EDS line scan 
(Figure 6.10b) demonstrates the concentrations of titanium, cobalt, and chromium as a 
function of distance from the sample surface. The cobalt and chromium impurity 
elements are within 30 microns of the top surface of the material and have large 
concentrations, with cobalt beyond 50 wt.% within the first several microns. 
 
The bonded CP Ti and the bonded Ti-6Al-4V have several comparable features. In both 
samples, there is significant introduction of cobalt and chromium onto the top of the foil 
and β titanium formation. In the CP Ti sample, the UAM bonding results in finger-like 
features created on the top of the sample, while the Ti-6Al-4V sample has swirl-like 
features created on the top of the sample. The Ti-6Al-4V sample also has more 
penetration of the cobalt and chromium elements than the CP Ti sample. 
 

6.3.2.3 Ti-6Al-4V Foil After UAM Bonding Using an Aluminum Interlayer 
 
UAM bonding of titanium is very difficult, and often results in the foil bonding to the 
sonotrode instead of the baseplate, which tears the material.  
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Figure 6.9. Bonded Ti-6Al-4V Foil: EDS and EBSD Maps. a) BSE Image (with line 
indicated line scan), b) Ti-EDS Map, c) Al-EDS Map, d) V-EDS Map, e) Co-EDP Map, f) 

Cr-EDS Map, g) Band Contrast, h) Ti HCP-IPF, i) Ti BCC-IPF 
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Figure 6.10. EDS Data of Bonded Ti-6Al-4V Foil. a) EDS Spectrum, b) EDS Line Scan 
of Titanium, Cobalt, and Chromium 
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To improve the UAM bonding ability of titanium, we hypothesize that the local crystal 
structure could be altered. The first hypothesis is that if elements could more easily 
diffuse, then perhaps the bonding could be improved. To improve the interdiffusion of 
elements (which occurs primarily with atomic exchanges with vacancies through the 
Kirkendall effect), the material could be altered to allow a higher concentration of 
vacancies which could allow more atomic exchange pathways. This can be done by 
increasing the material’s ability to form vacancies by decreasing the vacancy formation 
energy of the material. The introduction of aluminum can provide this effect because it 
has a low vacancy formation energy (Ef

v of Al: 0.67 eV 170 vs Ef
v of α Ti: 1.97 eV 337). 

Assuming a linear rule of mixtures for the combination of vacancy formation energies, 
the total vacancy formation energy should decrease. As discussed in the proceeding 
section, aluminum also increases the β transus point of titanium. This allows for the 
analysis of UAM HCP bonding by increasing the interdiffusion of elements without an 
α→β phase transformation.  
 
To test this hypothesis, a Ti-6Al-4V foil was bonded to the baseplate using a thin 
aluminum interlayer between the foil and the baseplate. During UAM, some of the foil 
bonded, but most of the material cracked and broke off. Characterization was performed 
on a region of the material that remained mostly connected to the baseplate (Figure 
6.11). SEM analysis (Figure 6.11a) shows that the titanium and aluminum interlayer 
appear intermixed with each other. There are several distinct regions of lower contrast 
elemental mixed materials surrounding higher contrast titanium. These regions are near 
the large crack in the sample, on the top surface of the sample, and on pathways 
connecting them. The quantified EDS maps (Figure 6.11b-f) of titanium, aluminum, 
vanadium, cobalt, and chromium demonstrate that the aluminum is mixed throughout 
the sample at the locations of dark SEM image contrast. This indicates that the 
aluminum interlayer mixes with the titanium. There is likely a weakly bonded joint which 
results in fracture of the material. The vanadium, cobalt, and chromium EDS maps 
indicate there are not significant concentrations of these elements in the sample. 
 
EBSD analysis in this same region also demonstrates mixing of the materials during 
UAM bonding. The band contrast (Figure 6.11g) is poor throughout most the sample, 
suggesting small and/or heavily deformed grains are present. A small region at the 
bottom right of the image near the crack has slightly higher band contrast, suggesting 
larger grains there. The IPF of the α phase (Figure 6.11g), the β phase (Figure 6.11i), 
and the aluminum FCC phase (Figure 6.11j) suggest that most of the material retains 
the α phase. Near the regions with a high aluminum concentration and larger grains, the 
aluminum FCC phase and the β phase are detected. The low band contrast throughout 
the sample reduces our confidence in phase identification. The similarity in the FCC and 
BCC structures leads us to suspect that the β phase was not created in this sample. 
 
The EDS data from this region can be further analyzed (Figure 6.12). The EDS 
spectrum from the entire viewing window is shown in Figure 6.12a, and the various 
elements and sum peaks are identified. An EDS line scan, along the path indicated in 
Figure 6.11a, is shown in Figure 6.12b. 
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Figure 6.11. Bonded Ti-6Al-4V Foil using an Aluminum Interlayer: EDS and EBSD 
Maps. a) SEM (with indicated line scan), b) Ti-EDS Map, c) Al-EDS Map, d) V-EDS 

Map, e) Co-EDS Map, f) Cr-EDS Map, g) Band Contrast h) Ti HCP-IPF, i) Ti BCC-IPF, j) 
Al - IPF,  
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Figure 6.12. EDS Data of Bonded Ti-6Al-4V Foil Using an Aluminum Interlayer. a) EDS 
Spectrum, b) EDS Line Scan of Titanium, Cobalt, and Chromium 
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The elements of titanium, aluminum, and cobalt are shown. Intimate intermixing of 
titanium and aluminum has occurred as the concentrations have exceeded a 50%-50% 
mixing point. Additionally, a small amount (~5 wt.%) of cobalt is present.  
 

6.3.2.4 Ti-6Al-4V Foil After UAM Bonding Using a Vanadium Interlayer  
 
As mentioned previously, it is hypothesized that the UAM bonding ability of titanium 
could be improved by altering the local crystal structure of the material. If the β phase 
could have increased stability, then perhaps the bonding ability could be improved. As 
demonstrated above, α->β phase transformation could occur during successful bonding 
of titanium as impurity elements of cobalt and chromium are introduced. Although cobalt 
and chromium are β stabilizing elements, they are considered β eutectic stabilizing 
elements. This means that when a small percentage of cobalt and chromium (up to 8.4 
wt.% and 12.5 wt.% and respectively) are introduced, they can reduce the β transus 
point. Although when larger concentrations of these elements are introduced, the β 
transus point increases, which makes it more difficult to form the β phase 290 (Figure 
6.13a&b). In an alternate manner aluminum in an α stabilizing element. This means that 
the introduction of aluminum to titanium will increase the β transus point, making it more 
difficult to form the β phase. This can be considered as contributing to the lack of β 
phase observed in Figure 6.11. Instead, Vanadium was chosen for the current 
hypothesis because it can reduce the β transus point in titanium with all concentrations 
(Figure 6.13d). If the formation of the β phase is beneficial for bonding, then the 
introduction of vanadium should improve the UAM bonding ability. Furthermore, once 
there is a α->β phase transformation, the crystal structure has a lower vacancy 
formation energy (α Ti: 1.97 eV 337 vs β Ti: 1.1 eV 338). Therefore, higher concentrations 
of vacancies and enhanced interdiffusion can occur. To test this hypothesis, vanadium 
was applied to titanium prior to UAM bonding. In this first scenario, a thin interlayer foil 
of vanadium was laid underneath a Ti-6Al-4V foil prior to bonding. In the second 
scenario discussed later, vanadium was sputtered onto the surface of CP Ti foil prior to 
bonding. 
 
UAM bonding of titanium using a vanadium interlayer was successful. Due to this 
success, continued bonding of a titanium foil with a vanadium interlayer was performed. 
The final built structure that was examined has three layers of the titanium and 
vanadium combination. Imaging of this material (Figure 6.14) reveals several distinct 
features. An overview of the entire build (Figure 6.14a) demonstrates the multiple Ti-
6Al-4V foils and vanadium interlayers. Like the bonded Ti-6Al-4V foil without an 
interlayer (Figure 6.9), swirls are present on top of the Ti-6Al-4V foil and on the top of 
the last foil added (top of the image). This suggests that the swirls are the result of the 
contact with the sonotrode. A magnification of the boundary of Ti-6Al-4V foils and a 
vanadium interlayer (Figure 6.14b) shows that the titanium and vanadium experience 
significant plastic deformation. In the undeformed region of the titanium, a typical 
basketweave microstructure is present. Closer to the vanadium, the Ti-6Al-4V has a 
quite different structure. The titanium has a higher contrast and has larger equiaxed 
grains.  
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Figure 6.13. Phase diagrams of alloying elements with titanium290. a) Ti-Co, b) Ti-Cr, c) 
Ti-Al, d) Ti-V 
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Figure 6.14. Images of Bonded Ti-6Al-4V Foils with Vanadium Interlayers. a) BSE 
Overview, b) BSE Image of Dashed Box Region 
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Additionally, the vanadium interlayer is significantly deformed. It appears that the 
titanium plastically flowed upward through the vanadium interlayer, pushing it up above 
the original interlayer boundary. Vanadium exists above and below the titanium. 
Additionally, there are large cracks on the right side of the image, and distinct dark 
contrast globular features surrounding the cracks. In additional to the large cracks, small 
(~200 nm) circular voids are present throughout the high contrast region of titanium. The 
nature of these voids is discussed further in the proceeding section. 
 
The region shown in Figure 6.14b was further characterized using EDS and EBSD all 
within the same field of view (Figure 6.15). Figure 6.15a is an SEM image of the region 
of interest, repeated for comparison. A red line is drawn on the image indicating the 
direction of the EDS line scan. Quantified EDS maps of titanium, aluminum, vanadium, 
cobalt, and chromium are shown in Figure 6.15b-f. The highest concentration of titanium 
and aluminum is in the Ti-6Al-4V foils, and the vanadium is predominantly in the 
interlayer foil. The cobalt and chromium are mostly within the Ti-6Al-4V foil near the 
interlayer, although they are also inside the vanadium interlayer. The EBSD band 
contrast (Figure 6.15g) indicates there is reduced image quality in Ti-6Al-4V foils, and 
higher image quality near the foil interface and in the vanadium interlayer. The IPF of 
the titanium α phase (Figure 6.15h) shows that the HCP phase is present throughout 
the undeformed region of the Ti-6Al-4V foil. The IPF of the titanium β phase (Figure 
6.15i) shows large equiaxed BCC grains. The BCC phase is detected in the vanadium 
and in the titanium. This indicates that the EBSD IPF map is convoluted by including the 
BCC vanadium and the BCC titanium. The higher pattern quality in the titanium near the 
interlayer is likely a result of the titanium transforming into the β phase. The α titanium 
likely has more stored dislocations and is more deformed, while the β phase has fewer 
dislocations and is less distorted. Between the β titanium and the vanadium there is a 
region approximately 2 µm thick which has reduced image quality. This suggests finer 
grains could be present between the materials. Quantification of the EDS data is shown 
in Figure 6.16. The EDS spectrum (Figure 6.16a) shows the various identified X-ray 
peaks. The EDS line scan (Figure 6.16b) follows the path indicated in Figure 6.15a. The 
line scan shows the elemental concentrations of titanium, vanadium, and cobalt. This 
demonstrates the titanium and vanadium are intermixed from the plastic deformation, 
and there are smooth diffusion profiles between the two materials. The cobalt impurity 
element is more dominantly present in the titanium rich regions, but cobalt is also 
distinctly present in the vanadium rich regions. Prior to UAM bonding, the vanadium 
interlayer did not contain impurity elements (Figure 6.5), and the vanadium was never in 
contact with the sonotrode. 
 

6.3.2.5 CP Ti Foil After UAM Bonding Using a Vanadium Sputtered Surface  
 
The second scenario of using vanadium to improve bonding of titanium is now 
demonstrated. In this case, a thin surface treatment of vanadium was applied via 
sputtering to a CP Ti foil. After successful UAM bonding, the structure and interface 
were characterized (Figure 6.17).  
 



 

 161 

 

Figure 6.15. Bonded Ti-6Al-4V Foil using a Vanadium Interlayer: EDS and EBSD Maps. 
a) SEM (with indicated line scan), b) Ti-EDS Map, c) Al-EDS Map, d) V-EDS Map, e) 

Co-EDS Map, f) Cr-EDS Map, g) Band Contrast, f) Ti HCP-IPF, g) Ti BCC-IPF 
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Figure 6.16. EDS Data of Bonded Ti-6Al-4V Foil Using a Vanadium Interlayer. a) EDS 
Spectrum, b) EDS Line Scan of Titanium, Vanadium, and Cobalt 
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Figure 6.17. Bonded titanium with a sputtered vanadium surface. a) BSE image, b) Ti-
EDS map, c) V-EDS map, d) Al-EDS map, e) Al-EDS map, f) Co-EDS map, g) TEM-BF 

and CBED 
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Using BSE imaging and SE-EDS techniques (Figure 6.17a-f), the interface can be 
clearly observed. The BSE contrast of the titanium changes at the interface and several 
small voids are present. A higher concentration of vanadium is present at the interface 
although there is not a significant delineation between the vanadium and the titanium, 
suggesting thorough intermixing between elements. No significant concentrations of 
aluminum, cobalt, or chromium are observed. The titanium interface was then further 
characterized using transmission electron microscopy (TEM) bright field (BF) imaging 
along with convergent beam electron diffraction (CBED). This was performed to 
understand the crystallographic structure of the material since the features are 
comparable with the spatial resolution of EBSD, limiting its use here. TEM-BF imaging 
was performed on the entire thinned sample and CBED was performed at specific 
locations as indicated (Figure 6.17g). Within the first few microns on the top of the TEM-
BF image, a bright line is present. This is the interface that was targeted during focused 
ion beam (FIB) preparation. Small whisker type grains are present throughout the 
titanium surrounding the interface. CBED was performed at regions in the titanium that 
were suspected to contain the α structure and the transformed β structure. The CBED 

diffraction pattern far away from the interface is the HCP [21̅1̅1] zone axis, and the 

CBED diffraction pattern at the interface is the BCC [1̅1̅1] zone axis. Figure 6.17 
demonstrates that at the interface, the sputtered vanadium intermixes with the titanium 
resulting in an α→β phase transformation. 

6.4 Discussion  

 

6.4.1 Evaluation of the Thermal Condition Reached During UAM  

 
UAM is considered a solid-state low time and temperature bonding process. The time t 
of the thermal profile experienced during bonding is approximately 0.5 seconds 55,99. To 
rationalize the atomic motion observed here, a diffusion profile between materials can 
be considered (Figure 6.16 of the vanadium interlayer between Ti-6Al-4V foils). The 
diffusion distance x of 3.5 µm can be used to calculate an approximate diffusivity D 

value using Fick’s 2nd law 𝑥~√𝐷𝑡 between the titanium and the vanadium. This is shown 
in Table 6.2. UAM studies of other HCP materials have estimated a thermal profile 
reaching as high as 400°C 68. The diffusivity of α Ti and β Ti 337–339 can be compared for 
this temperature and even higher temperatures such as the β eutectic transus point with 
cobalt (650 °C) or the beta transus point for vanadium (944 °C). Table 6.2 demonstrates 
that the estimated experimental diffusivity of this study is far above that expected for α 
or β titanium at mild or even extreme temperatures. As shown in Table 6.2, even for 
these very high temperatures, the thermal equilibrium diffusivity is insufficient to explain 
the atomic motion; therefore, other processes are most likely present. 
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Table 6.2. Diffusivity of Titanium 

Temperature 
(°C) 

Diffusivity, α 
Ti (m2/s) 

Diffusivity, β 
Ti (m2/s) 

Experimental 
Diffusivity (m2/s) 

400 3.3×10-23 2.2×10-16  

650 6.9×10-18 2.6×10-15  

944 2.0×10-14 4.9×10-14  

   4.9×10-11 
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As shown in previous UAM studies 65,282,340, very large point defect vacancy 
concentrations can be created during the plastic deformation UAM bonding. These 
vacancies can enhance atomic diffusion by increasing the number of lattice sites 
available for atomic migration. The expression for Brownian atomic motion, 𝐷 = 𝑎0

2𝑋𝑣𝜈 ∙

𝑒𝑥𝑝 (−
𝐸𝑚

𝑘𝑇
), can be used to rationalize the concentration of vacancies present. Here a0 is 

the lattice constant, Xv is the vacancy concentration, ν is the Debye frequency of the 
atomic vibrations on its lattice site, Em is the vacancy migration energy, k is the 
Boltzmann constant (8.617×10-5 eV/K), and T is the absolute temperature 
146,147,149,150,323. The vacancy concentration in titanium would be approximately 3×10-5 - 
2×10-4 depending for the temperature reached during bonding. 
 
The cobalt and chromium elements in the titanium are likely introduced when a diffusion 
couple is created between the Stellite sonotrode and the titanium. Accelerated 
interdiffusion then occurs due to a high concentration of point defect vacancies. 
Enhanced concentrations of vacancies are also created at the interfaces resulting in the 
interlayers and elemental surface modifications diffusing during bonding. 
 
There is also evidence of the cobalt element entering into the vanadium interlayer 
(Figure 6.15 & Figure 6.16). As noted previously, the cobalt is not present in the 
vanadium interlayer prior to UAM (Figure 6.5) and the sonotrode never touches the 
vanadium interlayer (Figure 6.1). Therefore, the cobalt must have diffused from the 
sonotrode into the titanium, and then when the subsequent layer is added on top, the 
cobalt back diffuses into the vanadium. 
 

6.4.2 Strain Induced Phase Transformation During UAM  

 
The introduction of β phase can be rationalized on the role of the introduction of 
elements such as Co, Cr, V, and Al to the titanium, as well as the plastic strain induced 
on the material. In pure titanium alloys, as per thermodynamic calculations, the onset of 
the allotropic α to β transus temperature (Tβ) is calculated to be 881.4°C. As suggested 
from the results above, the β transus temperature can also decrease with the addition of 
certain elements. The rate of the β transus temperature reduction as a function of solute 
fraction (~2%) can be calculated using the Thermo-calc® program 290 using the TCTI2 

module: d(T)/d(wt. fraction Co) = -2098; d(T)/d(wt. fraction Cr) = -1959; d(T)/d(wt. 

fraction V) = -1595; d(T)/d(wt. fraction Al) = 2299. Clearly cobalt, chromium, and 

vanadium decrease Tβ as they are added to titanium (hence the negative d(T)/d(wt. 
fraction solute) values). Therefore, as these elements diffuse into titanium, they make it 
easier for the β phase to form, which we experimentally observe. Conversely aluminum 
increases Tβ as it is added to titanium. This makes it more difficult for the β phase to 
form, therefore it is not surprising that we do not observe the β phase to form with the 
aluminum interlayer.  
 
In addition to the introduction of elements, the stability of the α phase can be considered 
from a thermodynamic perspective. At temperatures below Tβ, the α phase is more 
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thermodynamically stable than the β phase. Therefore, the α phase has a lower Gibbs 
free energy and the material cannot overcome the energetic barrier to form the β 
phase341. If the α phase has significant plastic deformation, the phase will become more 
deformed and work hardened, and the Gibbs free energy of that phase will increase 
with respect to the β phase. As temperature or the amount of deformation increases, the 
energy barrier to form the β phase decreases. This can happen until the β phase is 
more thermodynamically stable than the α phase, allowing the nucleation of the β phase 
at lower temperatures (reduction of the Tβ point) 342. This strain induced phase 
transformation has been observed in several studies of plastic deformation on titanium 
alloys 342–352. In fact, Kumar et al. demonstrated that cyclic thermo-mechanical plastic 
deformation can result in strain accumulation increasing the amount of β phase 344. 
Since the UAM process creates plastic deformation through a biaxial stress state, i.e. 
the normal force and transverse force (from the sonotrode oscillating at 20 kHz), it is 
reasonable to conclude that the fraction of the transformed titanium β phase could be 
higher than that seen through uniaxial tension or compression tests. 
 
During thermal reversals, the β titanium phase nucleates inside of grains at lattice 
defects and along grain boundaries 353,354. As the β grains grow, they sweep across the 
transformed and untransformed material consuming smaller grains 355. Phase 
transformations during hot deformation occur at stress concentration locations 342, grain 
boundary triple points 347, and at lattice defects such as dislocations 349,351. As 
deformation occurs at higher strain rates, more lattice defects or sub-grain boundaries 
could be formed. The higher concentration of defects can then facilitate further 
nucleation and growth of the β phase.  
 
Prada et al. 345 and Guo et al. 350 found that a higher fraction of titanium would have a 
strain induced β phase transformation with higher applied strains and strain rates. A 
longer holding time at an elevated temperature results in more β phase reverting back 
into the α phase. Xu and Zhu 348 demonstrated that the amount of retained β phase 
depends on the cooling rate of the titanium. When the material is rapidly cooled (above 
15 °C/s) β phase can remain, while slower cooling allows the β phase to revert back to 
the α phase 348. For the present study, the high strain rate UAM deformation could 
reduce the Tβ point, inducing more β phase to form while the short bonding time, along 
with the heavily deformed structure, would mitigate the reverse transformation back to α 
phase. Since the UAM process has a total bonding time of 0.5 seconds, the α phase 
does not have time to transform back, and β phase remains. 
 

6.4.3 Voids Created During UAM 

 
In addition to the diffusion of elements and phase transformations, there are other 
features present in the materials such as voids and material cracking at the titanium-
vanadium joint (Figure 6.14b). The voids in this image are roughly 200 nm in diameter. 
The voids that are commonly observed at UAM interfaces are lack of contact voids 
between mating foil surfaces. These voids are created because of imperfect contact 
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between the asperities of the rough surfaces. These voids are typically tens of microns 
in diameter and are described as jagged parabola-like defects 98,356. Since the voids 
observed here are smaller, circular, several microns away from the interface, and fully 
encapsuled by titanium, they are likely not non-contact voids. Nanometer sized voids (~ 
7 nm in diameter) have been previously observed along UAM interfaces due to vacancy 
clusters from the agglomeration of individual point defect vacancies 65,282,340. Vacancy 
clusters observed due to irradiation damage are typically 1-10 nm in diameter 278, and 
vacancy clusters observed from other types of high strain rate plastic deformation are 1-
2 nm in diameter 105,106. The voids observed here are distinct from vacancy clusters 
because they are much larger. Larger voids or porosity are typically not observed in 
materials subject to severe plastic deformation 32,33,134,189,357–360. The phase 
transformation of α -> β titanium is also not expected to create voids since the 
transformation is diffusionless and the two phases have similar molar volumes 335,341. 
 
Clearly the above methods are insufficient to understand the voids present in the 
bonded joints. Although the individual microstructure changes are insufficient to explain 
the microvoids, the material in the present study had a complex combination of phase 
transformations and plastic deformation. Therefore, plastic deformation of dual phase 
titanium alloys could provide some insight regarding these voids. As titanium plastically 
deforms during hot working, a complex microstructure evolution occurs. This includes 
phase transformations, dislocation multiplication and pile-up, dynamic recovery, and 
dynamic recrystallization 361. Since the HCP α phase is a harder material than the BCC 
β phase, these microstructure changes can manifest as mechanical strengthening, 
softening, and strain mismatch. When dual phase titanium alloys have significant plastic 
deformation, the mechanical heterogeneity between the α phase and the β phase can 
result in stress concentrations. 
 
High resolution TEM analysis by Wu et al. 362 in an α/β titanium alloy demonstrated that 
initial plastic deformation can begin uniformly in the α phase, then as uniform 
deformation is difficult to proceed, microvoids appear at α/β interfaces and further 
deformation results in void growth. After plastic deformation, significant dislocation 
entanglements and shear bands were found at an α/β interface that was incoherent. 
This demonstrates that the α/β interface experiences much higher stress than at grain 
interiors. Microvoids were found throughout their material with 83% of the voids at α/β 
interfaces. These voids were the result of deformed grains making sharp interfaces and 
stress concentrations during deformation. The authors also found voids inside of β 
grains, although these voids were the result of non-uniform grains creating uneven 
strains. In the present study, the β grains are mostly uniform in shape, suggesting an 
uneven strain would not be created there. This indicates that the microvoids are created 
at α/β interfaces, then α titanium continues to transform into β titanium which results in 
the voids being surrounded in β titanium. Continued plastic deformation can result in 
microvoid growth and coalescence, although small, recrystallized grain boundaries can 
hinder their growth. When the microvoids are not hindered by recrystallized grain 
boundaries, they can grow to a critical size and further UAM plastic deformation can 
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shear the material. This results in the material developing large tears, as seen on the 
right side of Figure 6.14b. 

6.4.4 Benefits of Altering the Crystal Structure During UAM  

 
UAM bonding is achieved primarily due to the plastic deformation of the crystal 
structure. During bonding of titanium, the aluminum interlayer accelerates interdiffusion 
through enhanced concentrations of point defect vacancies, although the titanium 
remains in the α phase resulting the material cracking. For bonding with vanadium, the 
β titanium phase is promoted. This increases the ability of UAM to plastically slip and 
deform because of the higher number of β phase slip systems. Once the titanium 
transforms to the β phase, there is a lower vacancy formation energy which can 
enhance the vacancy concentration and promote more interdiffusion of elements. Once 
the β phase is formed, the material can more easily deform which increases UAM 
bonding. Once the β phase is formed, plastic deformation on the α/β interphase can 
result in large voids, which might be detrimental to mechanical properties. The UAM 
plastic deformation continues in this cycle of phase transformation, vacancy formation, 
and interdiffusion of elements during the bonding process.  
 
Future improvements to UAM bonding can be obtained by performing surface 
treatments or adding small interlayers at the faying interfaces. Vanadium and aluminum 
interlayers are specifically relevant for understanding the fundamental mechanisms 
associated with UAM bonding of titanium based on the thermodynamic calculations of 
their solute interactions with titanium (in particular, their influence on lowering the beta 
transus temperature in titanium). Materials of high interest for future surface treatments 
include those that increase the stability of the material to plastically deform. Additionally, 
it is demonstrated that UAM can alter the crystal structure of materials during bonding. 
The high strain rate plastic deformation causes enhanced interdiffusion and phase 
transformation of materials. This is a significant discovery that could be used for future 
material design and modification. 

 

6.5 Conclusion 

 
This study demonstrates the successful UAM bonding of titanium in the hexagonal close 
packed, α phase, using commercially pure titanium and the Ti-6Al-4V alloy. As the 
titanium bonds, interdiffusion of elements occurs. Elements that are introduced which 
reduce Tβ result in the titanium forming the β phase, while elements that do not lower 
the Tβ do not result in the titanium phase transformation and result in poor bonding 
(build fracture). In addition to the introduction of elements promoting an α->β phase 
transformation, the phase transformation is rationalized due to a strain induced phase 
transformation in the material from the plastic deformation UAM process. This paper 
demonstrates techniques well suited for improving the UAM bonding ability of HCP 
materials. This is through a designed approach to increase the ability of plastic 
deformation to occur in the materials. 
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CHAPTER 7  

EFFECTS OF SURFACE ROUGHNESS ON 

PLASTIC DEFORMATION FROM 

ULTRASONIC ADDITIVE 

MANUFACTURING 
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7.1 Introduction to Asperity Collapse  

 
The above sections have described significant effects can occur due to plastic 
deformation on Ultrasonic Additive Manufacturing (UAM) interfaces. This has been 
rationalized using high resolution characterization techniques. A critical issue to address 
is whether these same effects would be observed at all UAM bonded locations or just 
the locations that were characterized. 
 
As discussed in Section 2.2.2, during solid-state joining metals come in contact and 
surface asperities collapse as the materials join. An understanding of asperity 
deformation has been a classic research topic as it relates to material friction 231 and 
solid-state joining 363. It has been studied empirically for contact resistance welding 364, 
diffusion bonding 36, and cold roll bonding 33,201,365. The collapse of asperities is 
considered as a fundamental requirement for UAM bonding 87,89 and surface roughness 
effects have been noted as causing joint variation across UAM interfaces 45,63,98,366,367. 
 
During solid-state bonding, Tang et al. 365 empirically observed that increasing the 
surface roughness increases the total bond strength (Figure 7.1a-b). In a classic 
textbook, Bhushan 363 has described asperity collapse during solid state joining. During 
the initial stages of material contact, there are three points of contact (definition of a 
plane). These first microasperities will elastically deform, then yield, plastically deform, 
and collapse. Once the microasperities collapse, the surrounding asperities will take on 
the load and continue the cycle of elastic deformation, yielding, plastic deformation, and 
collapsing. The rate at which asperities collapse depends on the asperity’s size, shape, 
distance between other asperities Figure 7.1c. 
 
As asperities plastically deform, the material work hardens. Consider the work 
hardening during asperity deformation in the hypothetical, two-dimensional situation 
described below (Figure 7.2). Consider that surface a has an asperity height of 5 µm 
and surface b has an asperity height of 1 µm. As the surfaces collapse, the material 
with larger asperities (surface a) has more material to plastically deform and work 
harden, than the material with smaller asperities (surface b). Therefore, it could be 
suspected that a larger asperity height (rougher surface) should have a higher bond 
strength. Furthermore, on a given faying surface, there should be variation in work 
hardening at various locations. By considering points (1) and (2) on surface a it is clear 
to see that there is a different amount of material between the top of the rough surface 
and the final midpoint of the plane after final asperity collapse. Therefore, there should 
be notable work hardening variation across the bonded surface due to the variation in 
the surface profile prior to bonding. 
 
Real materials do not have uniform, two-dimensional asperities. Instead, they consist of 
a random three-dimensional array of asperities with different heights and spacings. 
Unfortunately, prior to solid-state bonding contact, it is not trivial to determine exactly 
where the initial points of contact will be, or what the surface profile distribution 
surrounding the contact points are.  
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Figure 7.1. Surface roughness during solid-state bonding. a) Example of rough surface 
for increased bonding365, b) Experimental increase in surface rougness and 

corresponding bond strength365, c) Local surface asperities in contact prior to 
collapse363 
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Figure 7.2. Hypothetical surface profile with a 5 µm asperity height and 1 µm asperity 
height 
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Additionally, when surfaces come into contact, the location of the initially yielding 
microasperities depend on planes between the surfaces, their relative angles, and the 
curvature of the surfaces. 
 
Despite these inherent challenges, initial surface contact has been previously 
considered during UAM bonding. Johnson 367 demonstrated that UAM surface contact 
has additional challenges. This is because instead of a uniaxial tensile load being 
applied, a bi-axial stress state is introduced (normal stress and shear stress from the 
sonotrode). Surface profilometry of the metal due to contact from the sonotrode (Figure 
7.3) demonstrates that there can be various contact states that can develop. This 
includes direct contact between the sonotrode and the metal foil, horizontal contact, or 
no contact. In addition to the 10s of microns of surface height difference observed, 
variation in grain refinement is observed across the surfaces with the different types of 
sonotrode contact. Grain refinement at UAM interfaces is considered as a result of a 
dynamic recrystallization process from the intense plastic deformation 62,94,96–98. 
Therefore, the variation in grain refinement across the different surface locations 
indicates that variation in plastic deformation occurred at these different locations. A 
valid conclusion would be that notable work hardening variation exists across UAM 
interfaces.  
 

7.2 Evaluation of Surface Contact Variation  

 
Work hardening variation exists across UAM bonded interfaces, although a working 
model of the total magnitude or spatial distribution of the variation is not currently clear. 
Therefore, the next question is: can this be tested or quantified? A push-pin test is the 
most common and straightforward method of determining the total bonding strength of 
joined materials, and it has been commonly used to evaluate UAM builds 45,59,60,63,368. 
During this test, a flat punch is pushed through the UAM sample normal to the foil-foil 
interface. In general, a higher calculated stress from the pin is expected to indicate a 
material that with higher bonding. 
 
Given that a random distribution of work hardening is present at the foil-foil interfaces, it 
is important to consider the spatial location of where the pin should be applied to test 
the interface. There are rough surfaces between the materials in contact during UAM 
bonding, but there is also a rough surface on the pin used for the testing. Given these 
several compounding rough surfaces, any uncharacterized surface variation could lead 
to characterization results distinct from the desired testing results. Therefore, the 
surface of a push-pin should be carefully analyzed. 
 
Although the flat end of a push-pin should have a nominally flat surface, the real surface 
is far from ideal. The contact distribution from a flat punch was analyzed by Pau et al.369 
using ultrasonic waves and correlated with finite element modeling (Figure 7.4a).  
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Figure 7.3. Surface roughness and contact during UAM 367 
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Figure 7.4. Surface contact of flat punch. a) Through ultrasonic waves and finite 
element modeling 369, b) Through computational calculations 370 
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Their analysis demonstrated that the center of the pin had the most perfect contact 
pressure, although it was non-uniform, and outward from the center of the pin had less 
contact pressure. The one flat punch in their analysis demonstrated a non-uniform and 
heterogenous contact pressure across the surface. Care should be taken in 
extrapolating these results as the repeatability and reproducibility of this surface profile 
was not examined across commonly manufactured push-pins. Therefore, the exact 
surface contact profile for a random push-pin used in a future experiment cannot be 
estimated. 
 
Additionally, the contact pressure distribution on a flat punch has been modeled by 
Ciavarella et al. 370 (Figure 7.4b). In this scenario, position x is the center of the flat 
punch, position a is the location of the flat part of the punch boundary, and position b is 
the total contact half-width. The pressure distribution across the surface of the flat 
punch can be calculated, and it is a function of the ratio of a/b. As this ratio changes 
from 0.0 to 0.9, the pressure distribution across the surface slowly changes from a 
maximum at the center and minimum on the outside, to a minimum at the center and a 
maximum at the outside. The contact distribution estimated above assumes a smooth 
flat punch surface. Any surface irregularities or rough points add more sharp 
irregularities to the surface contact distribution. Since the exact surface distribution of a 
flat punch is not known prior to testing, the surface pressure from the push-pin cannot 
be determined.  
 
In addition to considering the contact pressure on a push-pin surface, these contact 
pressure arguments can be applied to the contact between the sonotrode-foil interface 
or the foil-foil interface. The exact surface geometry of the foil and sonotrode (positions 
x, a, and b) are not known, and the location and distribution of surface roughness is not 
known. Therefore, the pressure distribution from the sonotrode to the bonded foils and 
between bonded foils is not known and cannot be accurately estimated. 
 
As discussed, the contact pressure distribution from the push-pin, from the sonotrode-
foil interface, and from the foil-foil interface is unknown. Additionally, the work hardening 
distribution across the foil-foil interfaces cannot be accurately estimated in a simple 
manner. For a push-pin test, the pin will contact the material at a distinct location. A 
representative location for pin-material contact is not known. Therefore, the observed 
force-displacement curves from the push-pin test could be the result of several different 
factors as listed above rather than just the work hardening from the foil-foil surface 
roughness (Figure 7.5). 
 
Given the myriad uncertainties present in surface roughness analysis of UAM, obtaining 
accurate and representative measurements is questionable. The next logical question to 
ask is: could analysis be performed using a large statistically significant number of 
samples? Could the various uncertainties be simplified and only the effects of foil-foil 
surface roughness remain? 
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Figure 7.5. Variation in measured strength vs position 
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Towards this end, Wolcott et al. 368 performed UAM bonding using Al 6061. The authors 
bonded many samples with a textured foil surface (Ra ~ 5.7 µm) and with a non-textured 
foil surface (Ra ~ 0.12 µm). The non-textured bonding was created by performing a 
milling flat pass across a foil surface followed by continued UAM bonding. After 
bonding, push-pin testing was performed on the samples. Similar peak forces were 
measured between the samples and a slightly lower average energy was observed for 
the non-textured sample. Statistical analysis was then performed using a t-test (α = 
0.05). The t-test found a p value of 0.21. Since the p value was greater than the α value 
(p > α), the tests could not prove that the samples were statistically different. Surface 
roughness could not be effectively evaluated as contributing to UAM bonding strength. 
This is likely due to the various other factors that were described above. 
 

7.3 Conclusion  

 
It is extremely likely that a random and unknown distribution of work hardening exists 
across UAM foil-foil interfaces. There in an unknown distribution of contact pressure 
between the foil-foil interface, the sonotrode-foil interface, and between a push pin-
material interface used for testing. At this point, the evaluation of work hardening 
variation across the surface of bonded materials is not trivial to effectively evaluate, 
control, or minimize. Future analysis of the effect of work hardening variation across 
solid-state bonded materials is important to consider, although the various uncertainties 
and variations should be carefully considered prior to any testing or analysis. This 
chapter has demonstrated that it is safer to consider direct observations of the UAM 
interface microstructure as points in space rather than representing the interface 
everywhere across the material. 
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CHAPTER 8  

CONCLUSIONS AND FUTURE WORK 
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8.1 Significant of the work done 

 
Several material systems have been studied after bonding through ultrasonic additive 
manufacturing (UAM). Material changes have been observed related to enhanced 
diffusion, nano-void formation, precipitate dissolution, and phase transformation. Many 
of the observed material changes at the interfaces were accompanied by or the result of 
significant point defect vacancy concentrations. 
 
An embedded optical fiber – foil interface was analyzed using electron microscopy and 
spectroscopy. Results demonstrated enhanced elemental migration across the 
interfaces. Multiple material combinations and locations were used to study the effect. 
The observed interdiffusion was compared with the expected diffusion, and several 
orders of magnitude difference was seen. To explain the enhanced interdiffusion, high 
vacancy concentrations must be present at the interfaces. 
 
The same embedded optical fiber – foil interface was analyzed using nanoindentation 
and electron microscopy. Local interface strengthening was observed. The 
corresponding microstructure refinement showed not only reduced grain sizes and 
elevated dislocation densities, but also the creation of vacancy clusters. The point 
defect vacancy concentration necessary to cause the vacancy clusters were calculated 
and the values agree with the vacancy concentration rationalized in the previous study. 
 
A tempered aluminum structure was bonded and analyzed through multi-scale 
characterization techniques such as tensile testing, x-ray diffraction, nanoindentation, 
and electron microscopy. Material strengthening was observed at multiple length scales. 
Several microstructure evolution effects occurred including the dissolution of 
magnesium-silicon precipitates and diffusion of magnesium out of the precipitate. Given 
the bonding conditions, thermal equilibrium diffusion could not account for the atomic 
migration, therefore enhanced vacancy concentrations were likely created. Additionally, 
vacancy clusters were observed near the interfaces. This offers secondary evidence for 
the existence of point defect vacancies created by UAM.  
 
Bonding of hexagonal closed packed (HCP) titanium was performed using UAM. The 
UAM process resulted in a phase transformation to the body centered cubic (BCC) 
phase. The strain induced phase transformation was stabilized through the atomic 
movement of certain elements. Interlayers and surface modifications were performed on 
the HCP material demonstrating methods to improve the bonding ability of these 
materials.  
 
Although advanced characterization was performed on the microstructure evolution of 
materials created using UAM, care should be taken in extrapolating these results to all 
UAM interfaces. Variations in the work hardening on UAM interfaces can occur due to 
surface profile differences across the joined materials. A critical evaluation of these 
uncertainties is a non-trivial pursuit.  
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The chapters in the dissertation have demonstrated that plastic deformation during 
solid-state UAM bonding can create enhanced vacancy concentrations which 
significantly alter the microstructure. This microstructure evolution includes accelerated 
interdiffusion of elements, strengthening effects, precipitate dissolution, and phase 
transformation. Through understanding the kinetics of plastic deformation during UAM, 
material improvements can be made to UAM which can enhance the bonding ability for 
very difficult to weld materials. 
 
The work is significant because it demonstrates that the UAM process not only requires 
oxide removal and asperity collapse, but plastic deformation is also a fundamental 
requirement of UAM bonding. Therefore ASM handbooks describing the fundamental 
processes of UAM 47,87 should be updated to reflect this new finding. This dissertation 
has also demonstrated that elemental introduction can result from the solid-state 
welding shear actuator (sonotrode in the UAM process). Additionally, UAM can be used 
to create entirely new materials from the high-strain rate plastic deformation. For 
example, room temperature stabilize BCC titanium was produced through this work. 
 
The dissertation also quantified plastic deformation induced vacancies. The vacancy 
concentrations found were many orders of magnitude higher than equilibrium values 
predicted (Xv: 10-4 >> 10-15). Vacancy concentrations were calculated using two different 
methods (interdiffusion calculations and observed vacancy clusters). These 
independent calculations produced self-similar values adding to the confidence of these 
results. Plastic deformation induced vacancies was a theory only postulated in 
metallurgy textbooks 102,113. This dissertation has provided one of the few experimental 
pieces of evidence of this effect which can enable a more thorough understanding. 
 
Future work expanding on this dissertation could include direct measurements of 
vacancies. This dissertation indirectly calculated vacancy concentrations that must be 
present to explain microstructure features. Vacancies could be directly measured using 
techniques such as positron annihilation spectroscopy. This could provide further insight 
into the vacancies that are formed. 
 
Additionally, a constitutive expression of deformation induced vacancies could be 
developed. If a different strain, strain rate, stress state, temperature, geometry, etc. is 
applied, the concentration of vacancies developed might change. Following this, a more 
thorough understanding of the process of deformation induced vacancy formation could 
be created.  
 
This dissertation also demonstrates improvements in the UAM bonding of materials. By 
advancing the understanding of the fundamentals of UAM bonding, future work can 
enhance the plastic deformation ability of materials bonding by UAM. This can enable 
UAM bonding of very difficult to weld materials such as high strength titanium or 
zirconium alloys, other HCP crystal structure materials, exotic alloy types, or superalloy 
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designs. This can enable the continued application of UAM bonding for many 
applications (discussed in Section 2.3.1) including advanced nuclear energy. 
 
The UAM process demonstrated a potential method of creating materials with altered 
phases and compositions. For example, room temperature stable BCC titanium was 
shown here. A few select materials were demonstrated in this dissertation, although 
UAM bonding might be viable for opening new avenues of creating new novel materials. 
 
The solid-state UAM process was used in this dissertation, although other high-strain 
rate deformation processes could also be considered. These processes could provide 
viable routes for creating deformation induced vacancies or the creation of new 
materials as previously discussed. 
 
The high strain rate deformation of titanium during UAM demonstrated that a strain 
induced phase transformation occurred. Future work could consider evaluating how 
much deformation is required to reach the critical point to cause a phase transformation. 
The UAM induced phase transformation also illustrates another valuable future point of 
research. The BCC titanium phase is not as mechanically strong as the HCP titanium 
phase. Therefore, if the strain induced phase transformation could be created, and then 
reversed, the bonding could be performed and the mechanical strength at the interface 
could be maximized. Future research could investigate the stability of strain induced 
phase transformations. This is important for not only UAM bonded interfaces, but any 
material that undergoes a strain induced phase transformation. For comparison, stress 
induced phase transformations occur during the deformation of shape memory alloys. 
The diffusion-less phase transformation is reversible upon applying heat or other stimuli 
or bias applied to the material 371. Potential research could include understanding the 
oriented defects or precipitates associated with the shape memory effect to generally 
understand what make martensitic phase transformations reversible. 
 
Ultimately, this dissertation developed an understanding of the microstructure evolution 
during UAM through crystallographic lattice defects. A continued understanding of the 
kinetics of lattice defects and material deformation can enable future advanced 
materials and systems to be developed. This has a wide array of potential applications 
including nuclear, aerospace, biomedical, mechanical, and defense industries. 
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