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Abstract

Refractory high entropy alloys (RHEAS) are interesting from both scientific and
engineering viewpoints. Using group 1V, V, and VI elements, the compositional space
available to RHEAs grants greater freedom to obtain material properties that are often in
competition with each other such as high melting temperature and room-temperature
ductility. As a model system, Ti-Zr-Hf-Nb-Ta alloys show promise with their high
melting temperature and ductility that allows for cold rolling. Despite over a decade since
the discovery of the equiatomic alloy TiZrHfNbTa, there is still a dearth of basic
composition-property data for its derivatives. This work aims to address three issues with
respect to TiZrHfNbTa alloys: relationship between composition and (i) uniaxial tensile
behavior, (ii) fracture toughness behavior, and (iii) thermal stability. The equiatomic
alloy TiZrHfNbTa and four other alloys were investigated that represented relatively
wide compositional changes within the Ti-Zr-Hf-Nb-Ta space that could be processed.
With respect to tensile properties in the single-phase state, the alloys behave similarly and
their yield strengths can be predicted well by an analytical theory based on edge
dislocations. During fracture toughness testing, sudden crack extension is seen in
TiZrHfNbTa but not the other alloys. Finally, the thermally stable phases in the four
derivative alloys showed three unique microstructures: single-phase with incidental
minor phases, HCP homogenously precipitated in BCC, and lamellar BCC-HCP

microstructure akin to eutectoid microstructures.
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Chapter 1  Introduction to refractory high entropy alloys



A version of this chapter is being prepared for publication in Journal of Materials
Research as an invited perspectives paper. WJ Carpenter performed the literature review
and wrote the first draft. EP George, after being asked to provide a Distinguished Invited
Speaker article, conceived the general outline, discussed it with WJC, and is editing the
drafts.

Introduction

High-temperature materials have been a persistent challenge for materials
scientists and engineers where the goal is simple to define but difficult to achieve: survive
higher temperatures, bear higher loads, often in reactive environments. Nickel
superalloys have historically met these needs with their useful material properties
including strength and fabricability, oxidation resistance, and density [1]. However,
materials that operate beyond nickel’s melting temperature rarely meet these engineering
criteria. Noble metals such as iridium are cost prohibitive and have volatile oxides [2]
and are limited to only the most specific structural uses [3]. Refractory metals (Mo, W,
and Ta) have poor oxidation resistance, are brittle, and dense [4]. While efforts through
the 1950s — 1980s provided fundamental data for refractory alloys [5] such as high
temperature creep [6] and oxidation behavior [7], they did not yield a satisfying
engineering solution that surpassed nickel superalloys.

The early 2000s saw the emergence of high entropy alloys (HEAS) [8] and was
followed by the refractory high entropy alloys (RHEAS) in 2010 [9]. The new HEA class

was exciting for its large compositional space, roughly defined as 3 -5 primary elements



with 5 — 35 at% each, and single-phase microstructure [8, 10]. Much of the initial
scientific interest stemmed from their single-phase microstructure, which seemed to run
counter to the Gibbs phase rule and metallurgical intuition but was later found to be an
issue of kinetics rather than thermodynamic stability since many face centered cubic
(FCC) HEAs would form secondary phases after prolonged heat treatments [11]. RHEAs
use metallic elements from groups 1V, V, and VI of the periodic table [10, 12].
Originally, RHEAs were intended to be single-phase alloys but have also come to include
alloys with secondary phases [12]. The discovery of metastable single-phase RHEAS
presented an opportunity to reapproach high temperature alloys with more compositional
freedom than previous refractory alloys.

While HEASs do have a more strict definition that depends on the entropy of
mixing [10], here we will refer to alloys generically as HEAs if the alloy has at least three
elements and its elemental compositions fall near HEA definitions rather than specifying
each alloy as low, medium, or high entropy.

Comprehensive reviews of the field can be found in [10, 12] and [13-15]. For
more detailed insights on mechanical behavior, the reader is directed to [14], [16], and
[17, 18].

The high temperature properties of single-phase RHEAS

There is a relative dearth of high temperature mechanical data on RHEAs.

VNbTaMoW and NbTaMoW were the first RHEAS synthesized and mechanically tested

[9, 19]. The initial interest in these RHEAS stemmed from their high-temperature yield



strength. The alloys had remarkably high compressive strengths between 600 °C and
1600 °C at 103 s ranging from 862 to 477 MPa for VNbTaMoW and 561 MPa to 405
MPa for NbTaMoW, as seen in Figure 1.1a where data for common nickel alloys Inconel
718 and Haynes 230 are also shown [19]. More recent work on bulk NbTaMoW showed
that despite having some ductility in compression, Figure 1.1b, the alloy had no tensile
ductility at elevated temperatures as seen by the stress-strain curves in Figure 1.1c [20].
Furthermore, measured fracture toughness values up to 1200 °C were all below 11 MPa
m®®, and were microstructure and crack-path dependent, which was partially attributed to
a nanoscale oxide layer on the grain boundaries, and to the differences between the
columnar and equiaxed grain structure between specimens [20].

The more ductile TiZrHfNbTa is softer than VNbTaMoW at elevated
temperatures. Two studies have been performed on the high temperature compressive
yield strengths: Senkov et al. [21], whose data are shown in Figure 1.2a, and Yasuda et
al. [22]. Both studies found an unsurprising decrease in yield strength from room
temperature to 1200 °C, decreasing to 92 MPa at 1200 °C [21]. The Yasuda et al. [22]
found an increase in yield strength at 600 °C associated with the formation of a secondary
HCP phase. However, strengthening from secondary phases can be problematic. In Mills
et al. [23] found that TiZrHfNbTa is embrittled under quasistatic tensile loading, 102 /s
and 10Y/s, at 800 °C due to the formation of a Nb-Ta rich BCC phase that formed on the

grain boundaries.
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Figure 1.1: (a) Temperature dependence of yield strengths in compression for NbTaMoW
and VNbTaMoW compared to Inconel 718 and Haynes 230 [19]. (b) Compressive stress-
strain curves of NbTaMoW as a function of temperature in the HIPed state, showing
some compressive ductility [20]. (c) Same material as in (b) tested in tension showing no
plasticity [20]. (b,c) Reproduced from [20] and with permission from Elsevier.
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Figure 1.2: (a) Compressive stress-strain curves of TiZrHfNbTa from room temperature
to 1200 °C [21]. (b) Norton plot (minimum creep rate vs. applied stress) of TiZrHfNbTa
at 1100 °C (red) and 980 °C (blue) compared to single crystal matrix of CMSX-4 (purple)
and precipitate-strengthened CMSX-4 (black) [24].



In the single-phase state, TiZrHfNbTa is ~70 times weaker in creep compared to a
leading nickel-base superalloy CMSX-4, which is precipitate-strengthened (see
horizontal dashed line in Figure 1.2 [24]). Even compared to the single-phase matrix of
CMSX-4, TiZrHfNbTa is a factor of three weaker at 980 °C, Figure 1.2b [24]. Liu et al.
[25] obtained somewhat higher but nevertheless comparable creep exponents as above,
namely, 2.5 — 2.8 between 1100 °C and 1250 °C, and activation energies of 273 + 15 kJ
mol~. The stress exponents, all being below 3.0, suggests that the main creep mechanism
is solute drag [25]. It should be noted that in radioactive tracer diffusion measurements of
Zr-89 in TiZrHfNbTa and TiZrHfVNbTa, measured between 850 °C and 1150 °C, Zr
diffusion was abnormally fast in TiZrHfNbTa at both absolute and homologous
temperatures [26]. If this diffusion result is extrapolated to the other elements, relatively
fast diffusion will be a hinderance to improving the creep life in TiZrHfNbTa.

Despite TiZrHfNbTa being the most studied refractory alloy, NbasTazs TitsHf15
has a more complete set of high temperature mechanical properties. NbasTazs TiisHf1s is
one of the few RHEAs whose high-temperature fracture toughness has been measured
[27]. Its fracture toughness ranged from 52 MPa m®® at 950 °C to 88 MPa m®® at 1200
°C. In the same study, the yield strength of NbasTazsTi1sHf15 was reported to be 596 MPa
at room temperature and 140 MPa at 1200 °C. Monfared et al. [28] performed creep tests
at 850 °C, 900 °C, and 950 ° to determine activation energies and the stress exponent at
900 °C. They found the activation energy to be 253 kJ/ mol, similar to Liu et al.’s [25]

value for TiZrHfNbTa, and attributed it to vacancy diffusion based on grain growth data



from Senkov, Pilchak, and Semiatin [29]. NbssTazsTissHf1s had a measured stress
exponent of 4.1 at 900 °C in vacuum, and 1.2 and 5.7, depending on stress, in Ar
atmosphere. The low creep exponents suggest diffusion mechanisms and higher values
suggest dislocation climb [28]. Monfared et al. also noted that specimens tested in the Ar
environment had higher O content after testing, measured by inert gas fusion, which was
associated with the “open system” of the Ar environment.
The oxidation behavior of RHEAs

Oxidation is critical issue for high temperature use and it is worth briefly
summarizing the oxidation behavior of RHEAs. The elemental additions that promote
desirable mechanical behavior, high strength and ductility, can be at odds with its
oxidation resistance and vice versa. One such example is V [30] which can be useful for
hardening but results in low melting temperature oxides [31]. RHEAs still have to
contend with the fundamental issues of refractory oxidation such as volatile oxides [32]
and pesting [33]. The main approach to improve oxidation resistance is to add Al, Si, and
Cr in sufficient quantities to form a scale [2, 34], but such additions promote secondary
phases in RHEAs [35, 36]. Al additions to TiZrHfNbTa reduce mass gain in oxidation
tests by scale formation below 1100 °C [37], but such additions embrittle the alloy [38].
More recent efforts by Anber et al. [39] focused on reducing the Al content needed to
passivate, reporting the prevention of pesting with 4.8 at% Al. They also suggested a new
design approach based on reducing Zr and Hf to prevent their oxides forming at the scale

metal interface. Many RHEAs without the additions of strong scale formers have thick



and porous oxides after oxidation, rendering poor oxidation resistance [40]. The need for
a suitable scale is also seen in VNbTaMoW and NbTaMoW [41], where a 1 min exposure
at 1300 °C resulted in the formation of a VMo liquid oxide and consequently a porous
multilayered oxide in VNbTaMoW. Careful analysis is needed when assessing mass gain
experiments: many of the RHEA oxidation studies lack mass spectroscopy and thus mass
loss from volatilization could reduce overall mass gain and render a false impression of
performance [32, 42]. A particularly noteworthy development is the passivation by
CrTaOs since it was not previously not known to be a protective oxide [42]. CrTaO4
provides effective resistance to mass gain at 1000 °C and 1100 °C in SiAlTiCrNbMoTa
alloys [43], adheres well and maintains low growth rates between 500 “C and 1500 °C in
TaMoMoTiAl [44]. More detailed overviews of oxidation in RHEAS can found be in
Gorr et al.’s review [42], and more recent work in Dehury et al.’s review [45].
The microstructure of “single-phase” RHEAsS

RHEAs were originally intended to be single-phase alloys. The premise being that
adding more elements stabilizes solid solutions by increasing the entropy of mixing [8].
This was not the case in the FCC HEAs [11] and is most likely the same for RHEAS but
has yet to be thoroughly studied in a similar way. The basic issue in RHEA
microstructures is the stability of the BCC and other phases present. The BCC stability is
important since much of the intended alloy design is for a single-phase BCC structure and
the other phases that form are the possible engineering opportunities to change material

properties.



Between VNbTaMoW alloys and TiZrHfNbTa, TiZrHfNbTa has received more
work on microstructural evolution and thus will be the main focus in this section. The
multi-phase region of TiZrHfNbTa occurs, roughly, between 500 °C and 1000 °C.
Thermomechanical processing by cold rolling followed by annealing at 800 °C for 2 h
[46] and up to 256 h [29] resulted in a microstructure consisting of two BCC phases,
BCC1 and BCC2, as shown in Figure 1.3a-c. Schuh et al. [47] annealed TiZrHfNbTa
after high pressure torsion at 500 °C for 100 h resulting in a microstructure consisting of
BCC1, BCC2, and HCP phases. Annealing for 1 h above 1000 °C resulted in a single-
phase BCC microstructure [47]. After creep testing at 980 °C for 61 h, Gadelmeier et al.
[24] found secondary phases forming at the grain boundaries of TiZrHfNbTa but only in
the gauge section, presumably driven by the tensile stress within the creep specimen.
Similarly, the embrittlement found by Mills et al. was attributed to a secondary BCC
formed at 800 °C during preheating [23], with further annealing at 100 h confirming its
presence as a thermodynamically favored phase.

There are only a few studies of compositional modifications of TiZrHfNbTa and
their effects on thermal stability. Coury et al. [48] looked at three groups of RHEAS: (i)
containing NbTaTi (AINbTaTi, HfNbTaTi, WNbTaTi, MoNbTaTi, and CrNbTaTi), (ii)
containing Al (AICrMoNb, AIHfNDbTI, AIHfTaTi, and AINbTaTi), and (iii) containing Cr
(CrNbTaTi, CrMoTaTi, CrMoNbTi, CrNbTiW, AlICrMoNb), several alloys, i.e.

AINbTaTI, fall into multiple groups.



Figure 1.3: TiZrHfNbTa microstructure after annealing at 800 °C for (a) 4 h, (b) 64 h, and
(c) 254 h [29], where the bright precipitates are secondary BCC phases. (a-c) Reproduced
from [29] and with permission from Springer-Nature.
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The alloys were homogenized after casting at 1400 °C for 35 h. Alloys with Cr tended to
form BCC, C14 and C15 Laves phases, except for CrMoNbTi which remained single-
phase BCC, while Al containing alloys formed A15 phases. Of particular importance is
the relative stability of the BCC phase. Maiti and Struer [49] found that after annealing
ZrHfNbTa at 1800 °C between 6 h and 192 h, Zr and Hf clustered together and formed
secondary HCP phases, a temperature where the material should be single-phased BCC.
Similar instabilities are observed in the presence of interstitial elements. Recently,
Poulain et al. [50] examined the thermal stability of TiZrHfNbTa containing three levels
of O: clean TiZrHfNbTa, ~3 at% O added by arc-melting, and O introduced by a
purposeful partial pressure of O in an encapsulation. After 1000 h at 900 °C, the clean
specimen had only a single-phase BCC structure, while the oxygen-contaminated
samples had two BCC phases and one HCP phase rich in Zr-Hf, as shown in Figure 1.4a-
c. The secondary BCC and HCP phases were located mostly at grain boundaries in the
sample annealed in partial pressure of O, as opposed to the arc-melted sample containing
O where the secondary phases were more homogenously distributed. Poulain et al.’s
result has implications for both scientific understanding and potential applications of
TiZrHfNbTa alloys. Most studies do not report their interstitial content, so it is unclear
whether secondary phases are anomalous or repeatable. Further, if the presence of a
common interstitial breaks down the intended microstructure, TiZrHfNbTa’s use will be

severely hampered in an oxidative atmosphere.
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Figure 1.4: (a) Phase decomposition of O-contaminated TiZrHfNbTa occurs after a 1000-
h anneal in vacuum at 900 °C, but does not occur in a clean sample annealed in Ar (b).
The addition of oxygen by arc-melting and annealing (c) also results in pronounced phase
separation [50]. (a-c) Reproduced from [50] under Creative Commons CC-BY license.

12



Multiphase microstructures of RHEAS

Single-phase RHEASs based on TiZrHfNbTa will likely not be usable as high
temperature materials. Efforts have been made to purposefully modify the
microstructures of RHEAS to improve creep properties and oxidation resistance at high
temperature. A desirable high temperature microstructure consists of a matrix, ideally
disordered to accommodate deformation, and an ordered intermetallic, ideally with
similar lattice parameters as the disordered phase, packed tightly to hinder dislocation
movement [1]. Senkov et al. [51] achieved a superalloy like microstructure in
AlMoosNbTagsTiZr where the B2 phase (an ordered BCC phase) is the matrix and the
BCC phase is the precipitate, seen in
Figure 1.5. While a promising start, a topological inversion was needed to satisfy the
ideal microstructure described above, that is, the likely brittle B2 matrix needed to be
converted to a BCC matrix containing B2 precipitates. Such a BCC-matrix and B2
precipitate microstructure was achieved in AINbTaogTi15Vo.2Zr by annealing the alloy at
1200 °C for 24 h, then annealing at 1400 °C for 20 minutes and quenching, followed
finally by annealing at 600 °C for 120 h [52]. The mechanism of inversion was later
determined to be driven by elastic strain [53]. The initial B2 and BCC had a low lattice
misfit of ~0.9%. As the alloy is aged at 600 °C the B2 phase becomes enriched in Al and
Zr, causing an increase in lattice parameter. Meanwhile, the BCC phase is depleted in Al

and enriched in Ta, resulting in a similar lattice parameter to the initial condition.
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Accordingly, the lattice misfit energy increases, favoring the B2 phase to pinch itself off

and become discontinuous [53].

(b)

Figure 1.5: TEM micrographs showing (a) AIMoosNbTaosTiZr after HIPing at 207 MPa
at 1200 °C followed by 1400 °C for 6 h, and (b) the ordered B2 matrix and BCC
precipitate at higher magnification [51]. (a, b) Reproduced from [51] and with permission
from Elsevier.
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This process is shown Figure 1.6a-f, where the initial solutionized microstructure (a)
gives way to a B2 lattice (b), which breaks down over the course of annealing into BCC
and B2 (c-f).

However, the next significant hurdle is the thermal stability of the B2 phase as
evidenced by a rapid drop in strength in the continuous B2 microstructure of
AINbTaggTi1sVo.2Zr between 800 °C and 1200 °C [54]. Additional work using
calorimetry [55] found it to be related to the low order-disorder temperature of the B2
phase, which meant that above 800 °C two disordered BCC phases comprise the
microstructure rather than B2 plus BCC. Clearly, this is untenable because the B2 must
be present and ideally ordered to provide strengthening. Losing the ordering and hence
strengthening at relatively low temperatures is antagonistic to achieving high-temperature
strength. Furthermore, the B2 phase is not thermally stable at relatively low temperatures.
After 120 h at 800 °C, AlosMoosNbTaosTiZr forms an o phase (P63/mcm space group)
from the B2 [56], Figure 1.7a-b. Similar results were found in AlosNbTaosTi15Vo.2Zr
with TEM showing secondary phases of o ZrsAls, L1o, and ordered hexagonal [57].
Recent work in suppressing the o phase modified the Zr/Al ratio where the goals are
twofold [58]: (i) decrease the o phase solvus temperature, (ii) increase the miscibility gap

temperature, functionally the B2 solvus, by adding group V and VI elements.
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Figure 1.6: TEM micrographs (a-f) showing microstructural evolution in
AlosNbTaosTii1sV 02Zr [53]. The initial microstructure (a) is obtained by solutionizing at
1200 °C for 2 h, followed by isothermal annealing at 600 °C for different times (b-f). The
dark regions are the B2 phase which begin as an interconnected matrix (b), but slowly
form bulges (red arrows) that eventually become coalescence sites for the disconnected
B2 phase (f). (a-f) Reproduced from [53] and with permission from Elsevier.

16



800 °C /5 h

r . _ ?

P

NN ]

Figure 1.7: (a,b) A10.5M00.5NbTa0.5TiZr after annealing for 5 h at 800 °C, imaged by
backscattered electrons in a SEM [56]. The three phases present include the BCC
(bright), B2 (grey), and o (dark). R1 and R2 represent regions of distinct morphology. (a,
b) Reproduced from [56] and with permission from Elsevier.
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Since the thermal stability of Al-containing BCC-B2 RHEAs is a significant
drawback and the miscibility gap is unknown, they are unlikely to be viable successors to
nickel superalloys. Thus, other approaches are needed to discover suitable multiphase
RHEAs. Kube et al. [59] performed computational-experimental work that took a
thorough look at the possible BCC-B2 intermetallic combinations to determine feasible
alloy systems. It was determined by CALPHAD that Ru will be the most useful
intermetallic former since some Ru intermetallics could be solutionized but also
maintained a high solvus temperature up to 1950 °C. Up to 200-h vacuum heat treatments
at 1300 °C, 1600 °C, 1750 °C, and 1900 °C were carried out on AlisRuis(NbMo, VMo0)7o,
TiisRuis(Nb, NbTa, NbMo, Mo, VMo0)7o, Hf1s Ruis(Nb, NbMo)70 and AlioRuio(NbMo)so
and precipitates were observed in all of them after cooling down to room temperature
[59]. This suggested that the solvus temperatures of RuTi and RuHf in various matrices
was high (>1900 °C), but could not rule out whether the slow cooling rate after annealing
had played a role (that is, whether the precipitates dissolved during any of the high-
temperatures anneals and then re-precipitated during cool down) [59]. In later studies, the
precipitation behavior and thermal stability of ZrRu [60] and HfRu [60-62] were
analyzed. In an attempt to adjust the lattice misfit of the BCC matrix to ZrRu and HfRu
[60], a binary Nb-V matrix was chosen since its lattice parameter can be changed

between those of Nb and V while in principle not affecting the tensile ductility [7, 63].
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The HfRu B2 had a higher solvus temperature than ZrRu as deduced from post-annealed
microstructures and Hf additions to ZrRu containing alloys reduced the tertiary phases
forming along the grain boundaries [60], seen in Figure 1.8a-b. Frey et al. also found
that HfRu formed as cuboidal precipitates in Nbs,V2gHf11Rue, Figure 1.8b, lending
credence to their approach of changing matrix lattice parameter to achieve a more
suitable microstructure [61].
Room temperature mechanical properties

While intended for high temperature use, serviceable alloys must be resistant to
brittle fracture at room temperature, such as being dropped on the floor, and ideally have
enough ductility to allow thermomechanical processing. Most mechanical properties
measured in RHEAS are done so at room temperature. Room temperature single-phase
RHEAs have two distinct behaviors: (i) brittle failure with little plastic deformation, (ii)
ductile, often nonuniform, low work hardening tensile behavior. Examples of the former
include VNbTaMoW [19] and the latter TiZrHfNbTa [21, 46] as measured by uniaxial
compression in the former and tension in the latter. These alloys, and their derivatives,
will be the focus of discussion here since they are among the most studied RHEAs and
embody the opportunities and challenges.

Measured in compression, VNbTaMow and NbTaMoW only have 1.5% and 2%
ductility respectively, with fracture surfaces orientated parallel to the compression

direction, indicating that tensile ductility is a limiting factor for these alloys [19].
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Figure 1.8: Microstructures of HfRu containing alloys in a NoMo matrix (a) and NbV
matrix (b) [61], imaged by secondary SEM. The NbV matrix was specifically chosen to
more closely match the lattice parameter of HfRu and change the second phase
morphology from spherical to cuboidal. The HF1 is a Hf rich phase, while the B2 phase
is the HfRu precipitate. Both alloys were annealed at 1750 °C for 10 h in vacuum. (a, b)
Reproduced from [61] and with permission from Elsevier.
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The recent work by Kumar et al. [20], previously mentioned in the high temperature
section, provides a more complete view of the room temperature ductility issues in
NbTaMoW. They performed compression, tension, and fracture toughness tests on
NbTaMoW at room temperature, and in short, factors such as grain structure and oxides
do change the mechanical behavior, but the alloy is brittle and functionally useless in any
sort of tensile loading.

Improving the ductility of VNbTaMoW and NbTaMoW has been the focus of
research on the two alloys. A first approach was to use nanosized grains from magnetron
sputtering with tandem ion-beam [64] to increase ductility by increasing the amount of
defects. Films of NbTaMoW made by magnetron sputtering with tandem ion-beam
resulted in a thin film with 70 nm columnar grains, and a regularly sputtered film had 150
nm columnar grains, without tandem ion-beam [64]. The micropillar compression tests,
with diameters ranging from 100 nm to 1 um and aspect ratios of 2.5 — 5.0, showed an
increase in strength and ductility for the tandem ion-beam sputtered material compared to
normally sputtered and bulk NbTaMoW. The engendered strength and ductility were
associated with heavier concentration of defects induced by the ion-beam, but which
defects were responsible for the ductility is not entirely clear since the ion-beam
processed film also had a smaller columnar grain diameter. Measured fracture toughness
from microcantilever beam tests were only 3.3 MPa m®° with intergranular failure [65].
Additional NbTaMoW microcantilever fracture toughness tests found that single crystals,

8 um x 2 pum cross section, had fracture toughness of 1.3-2.1 MPa m®®, higher than the
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0.2 MPa m®® of bicrystals, where failure occurred at the grain boundary [66]. Atom probe
tomography (APT) showed that the grain boundaries had nitrides and oxides, implying
that the grain boundary weakening is the result of impurities [66]. Wang et al.’s [67]
results corroborate the importance of impurities at the grain boundaries. Wang et al.
doped NbTaMoW with B and C, up to 0.8 at%, and increased the ductility from 2% to
10%, measured by strain gauge during compression. The higher ductility was due to B
and C displacing O at the grain boundaries (determined by APT) and favoring a more
cohesive grain boundary (implied by transgranular cleavage in doped specimens as
opposed to intergranular failure).

In stark contrast to VNbTaMoW, one of the most significant findings in RHEAS
is the tensile ductility of TiZrHfNbTa and its ability to be cold rolled [46]. This ductility
allows for more reproducible thermomechanical processing methods that avoid having to
maintain a process temperature and oxygen uptake issues that would hinder
reproducibility. At room temperature in tension, TiZrHfNbTa has ~1000 MPa yield
strength; reported values fall between 905 MPa [68] and 1145 MPa [46]. Tensile
ductilities vary from ~13% (measured by extensometer) [69] to 22% (measured by
crosshead displacement) [46], though much of the ductility is nonuniform and thus size
dependent on the tensile gauge geometry. The tensile deformation of TiZrHfNbTa,
Figure 1.9, occurs in three stages [69]: (i) uniform low work hardening ending at ~1%
strain, (ii) a gradual decrease in flow stress up to ~10% strain, and (iii) rapid decrease in

flow stress and failure.
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Figure 1.9: True stress-strain behavior of TiZrHfNbTa [69]. Note that despite the

apparent increase in true-stress, the Consideére criterion is met relatively early, shown by
the intersection of the work-hardening curve and the true stress-strain curve, dotted (i) in

the insert. Reproduced from [69] and with permission from Elsevier.
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Tensile tests in the cold-rolled condition (>85% thickness reduction) showed strength
increase between 57 MPa [46] and 324 MPa [29] compared to the recrystallized
condition at the cost of ductility. Additional annealing below 1000 °C results in the
formation of HCP and BCC phases which embrittles the alloy at room temperature [29,
46, 70]. Grain boundaries do not contribute much to room temperature strengthening, as
measured by low Hall-Petch constants of 240 MPa um®® [71] and 270 MPa um®°[72].

Similar to other BCC metals, room temperature deformation in TiZrHfNbTa is
controlled by the movement of a/2<111> screw dislocations, as evidenced by activation
volume measurements from stress relaxation [68, 69], X-ray line profile analysis [73],
and transmission electron microscopy [68, 69, 73]. Repeatedly found in the
aforementioned studies is that the dislocation structures formed in dense bands with the
number and dislocation density of bands increasing with plastic strain. Slip trace analyses
in microcantilever specimens with atomic force microscopy [74] and high-resolution
direct image correlation with electron backscatter detection (EBSD) on tensile bars [75]
both corroborate that a/2<111> dislocations control plasticity but does not necessarily
follow Schmid law for {110} and {112} planes macroscopically. Rather, dislocations
follow the plane of maximum resolved shear stress and that cross slipping occurs to
maintain movement on said plane [75].
Mechanical behavior of other RHEA alloys

Compositional variations of RHEAs are difficult to study since the alloys have

high melting temperatures that makes processing to repeatable microstructures difficult.
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Furthermore, ductility is not guaranteed, adding uncertainty to processing and testing.
Due to the possible lack of ductility, it can be more sensible to approach such studies
with compression tests to avoid issues with tensile ductility and at least measure yield
strength. However, it is difficult to infer if alloys will have tensile ductility from
compression since mechanical instability is only observed in extremely brittle alloys
under compression. A first order approach to understanding tension and compression
ductilities is that failure under compression with anything less than 30% compression
ductility will likely lack tensile ductility [18].

The compositional variation studies take several different approaches. Juan et al.
[76] studied Mo additions to TiZrHfNbTa by adding Mo in a systematic way. Senkov et
al. used CALPHAD to analyze Al, Cr, Fe, Hf, Mo, Re, Si, Ta, V or W additions to
TiZrNb. Subsequently, Senkov et al. added Cr, Re, and Ta to TiZrNb by arc-melting to
validate the CALPHAD calculations and evaluate the alloys in compression [77].
Another Senkov et al. study [78] focused on alloying additions to Nb to maintain low
density and cost. Of particular note is Coury et al.’s work [79] on solid solution
strengthening since it was compositionally wide and revealed some of the finer details of
thermal and athermal strengthening in RHEAs with compression testing. They found that
the athermal stress in RHEAS corresponded with atomic size mismatch, the alloy shear
modulus, and modulus mismatch — which could be inferred from rule of mixtures.
However, the thermal component of strength could not be as easily deduced with rule of

mixtures and required analysis based on screw dislocations.
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Many of the alloys with Cr [80] and Mo [35, 76] are more brittle than their base
alloy. Al and Si additions have also been studied since they can stabilize secondary B2
[51] and silicide phases [81] for strengthening and promote oxidation resistance by scale
formation, but generally embrittle the alloy [38, 81]. Interestingly, Senkov et al. [54] took
the BCC-B2 AlosNbTagsTii1sVo.2Zr and tested their B2 phase and BCC phase in separate
compression tests by creating melts of their respective compositions. Both the BCC and
B2 phases were found to be reasonably ductile in compression with ductile deformation
mechanisms in both. They attributed the behavior to the low yield stress in the BCC
phase and low anti-phase boundary energy in the B2. The two-phase alloy, with a
continuous B2 phase, was brittle with cracking at the grain boundaries.

There are two recent exceptions to embrittling behavior by Si and Al. Xu et al.
[36] formed silicides in TiVNbTaSio.1 that could be made finer through hot rolling. The
processed samples had tensile ductility, high room temperature strength, and added
oxidation resistance. An et al. [82] demonstrated in HfNbTiV that Al additions can
increase ductility. They added 5, 10, and 15 at% Al to the base HfNbTiV, and found that
tensile yield strength increased from 1100 MPa to 1390 MPa in the alloy with 10 at% Al
while ductility increased simultaneously from ~5% to ~18%, as measured by
extensometer. Additions of 15 at% Al embrittled the alloy resulting in only ~1%
ductility. An et al. [82] associated this behavior with three levels of chemical
heterogeneities: atomic pairs, atomic clusters, and secondary spinodes ~9 nm x 100 nm.

The atomic pairs and clusters are the result of Al forming preferred atomic bonds; the
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preferred atomic bonds and clustering were observed by TEM. Concurrently, the
formation of a spinodal decomposition created longer-range order. Interestingly, while
uniform ductility did increase with increasing Al from 0 to 10 at%, the work hardening
increment, 26 MPa, in the 10 at% Al alloy is similar to other RHEAS, as measured from
the engineering stress strain curve, despite the increased opportunities for dislocation
interactions to provide work hardening in the extended strain region.

The more studied derivative alloys are those of TiZrHfNbTa. Much like
TiZrHfNbTa, the tensile properties of derivative alloys often have high yield strengths
and low work hardening, such as TiZrHfNb [83], its non-equiatomic derivative
TizoZrsoHf16Nb24 [84], NbasTazs TiisHf15 [27], and HfisNbagTazs TiisZrs that can be cold
rolled to ~90% of the original thickness in the as-cast state [85]. Compositional studies
have focused primarily on the substitution and/or removal of one element: Hf/Ti into
NbTa [86], Ta into TiZrHf [87, 88], Zr into Tio-xZrxHfioNb1o [89] (x = 20, 30 ,40), and
Zr into TissxTazsNboZrx (x =0, 5, 10, 15, 20) [90]. One study by Yuan et al. [91] is
notable because of its compositional breadth, focusing on (TiZrHf)1x(NbTa)x (x =0, 0.2,
0.4, 0.5, 0.6, 0.8, 1) with an emphasis on tensile properties and elastic modulus for
biomedical purposes, but the lack of microstructural detail makes correlating their results
difficult. There are ductile RHEASs containing V, such as VNbTa that have room
temperature tensile ductility [92, 93]. V is chemically similar to Nb and Ta, but it has a
relatively small atomic radius compared to the other refractory elements, which makes it

a potent solid solution strengthener [30].
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TiZrHfNbTa derivatives with sufficient HCP content will activate other
deformation mechanisms. Twinning is seen in Tigo-xZrxHf1oNb1o (X= 20, 30, 40) [89],
TiZrHfNbx (x = 0.5, 0.55, 0.6) at 77 K [94], and Tiss.eZrs2.0Nbi26Tass [95]. Phase
transformation induced by deformation includes: hexagonal o by decreasing Nb in
HfNbxTa0.2TiZr [96], o’ in TiZrHf(VNbTa)o.1[97], o’ in TissZr2zsHf275NbsTas [98] and
in TiZrHfTax (x = 0.5, 0.6, 0.8) [87]. These mechanisms increase ductility and work
hardening. For example, a decrease of Ta in TaTiZrHf to Tao4TiZrHf [87], increased
ductility from 4% to 27%, decreased yield strength from 1356 MPa to 537 MPa and
ultimate stress from 1452 MPa to 1126 MPa, as shown in Figure 1.10,. Twinning and
phase transformations during deformation have been rationalized using the Bo-Md
approach in Ti alloys [99], and TiZrHfNbTa can be thought of in a similar vein [87, 98].

In addition to the direct TiZrHfNbTa derivatives, additional derivative alloys
include those containing interstitials elements like O. In TiZrHfNDb, the purposeful
addition of O (~2 at%) increased yield strength and ductility, at room temperature, from
750 MPa and 14.2% in TiZrHfNb to 1100 MPa and 27.7% with added oxygen [100]. The
increase in strength and ductility was determined to be from ordered oxygen complexes
providing additional dislocation sources and changing the slip character from planar to
wavy. Similar results have been found in TiZrNb [101], where again O additions (up to
2.25% as measured by a LECO TCH600) increased strength and ductility at room

temperature.
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Figure 1.10: Analysis of microstructure after deformation in TiZrHfNbTa (Tal),
TiZrHfNbTaos (Ta0.8), TiZrHfNbTaos (Ta0.6), and TiZrHfNbTaos (Ta0.5) [87]. The
initial microstructure begins as single-phase BCC denoted by the XRD patterns in (a).
Decreasing Ta content increases work-hardening in the true tensile stress-strain curves
accompanied by lowering of the yield strength (b). EBSD analyses in TiZrHfNbTaos (),
TiZrHfNbTaos (d), and TiZrHfNbTao.s () after 8% tensile deformation show an increase
in a’’ martensite with decreasing Ta content. (a-€) Reproduced from [87] and with
permission from Elsevier.
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However, the garnered ductility from oxygen at room temperature was lost at -196 °C, as
seen by brittle fracture in tension, whereas the base TiZrNb alloy was still ductile in
tension. At high temperatures, O additions to TiZrNb increased the compressive yield
strength between 600 °C and 1000 °C until being more or less the same at 1200 °C. Both
of these studies [100, 101] added O in the form of TiO2 during arc-melting, which is the
second most stable single metal oxide of TiZrHfNbTa above 2000 °C, with HfO> being
the most stable [102].

Theoretical efforts to explain the strengthening in RHEAs with dislocation theory
have been successful. Fundamentally different to dilute BCC metals, where they are
controlled by screw dislocations [103], RHEASs can sometimes be edge dislocation
controlled [104, 105] because alloys with large normalized volume misfits are expected
to be controlled by edge dislocations [106]. Analytical theories have been developed for
screw [107, 108] and edge dislocations [109, 110], both of which follow the trends of
experimental yield strength data reasonably well, including recent analysis of high-
temperature compression tests in TiZrHfNb [105]. The analytical theories require elastic
constants, which are rarely reported in RHEAs. The few exceptions include
Al1oNbzoTaisTizoVsZrao [55], TizrHfNbTa [111], TizrHfNb [112], and NbTaTiV [113].
Use of rule of mixtures moduli is questionable since group IV elements go through a
HCP to BCC transformation at high temperature [114], thus their room temperature
elastic moduli are likely erroneous since it would require applying the HCP elastic

constants to a BCC structure. In a more recent and fundamental look at RHEAs [115],
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TiZrHfNbTa and VNbMoTaW were compared to understand the intrinsic factors
affecting ductility. Where VNbMoTaW only has BCC elements its dislocation core
energy remains relatively high and its dislocation structure compact, while the HCP
elements in TiZrHfNbTa spread out the dislocation core thus making it easier to move
and in principle more ductile.

Summary and objectives

While much effort has gone into studying RHEAs, there is still fundamental data
that are missing. The most obvious, and difficult, are high-temperature mechanical
properties. A limited number of uniaxial quasi-static tests have been performed above
1300 °C but no creep tests. Other important missing data include the thermal stability at
intermediate temperatures. Whether the microstructure is stable at temperatures such as
700 °C is relevant for application such as jet turbines [116] and needs to be understood.
Even for the room-temperature mechanical tests, there are still relatively few tests on
compositional variations and fracture toughness.

In this work, all these missing data cannot be filled. Focus is placed on obtaining
room-temperature mechanical behavior since it can provide insight into compositional
variation and success with cold rolling generally lends itself to success in tensile testing.
Fracture toughness is a relatively riskier endeavor due to sample size requirements but
provides insight into the real-world use of the alloys. Finally, thermal stability can
provide basic data that inform alloy design in the future and can be obtained in tandem

with other tests.
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Chapter 2 Effects of HCP/BCC element ratios on the room-temperature tensile

properties of Ti-Zr-Hf-Nb-Ta refractory high-entropy alloys
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Abstract

Equiatomic and non-equiatomic Ti-Zr-Hf-Nb-Ta refractory high-entropy alloys
(RHEAS) were arc melted, homogenized, cold rolled, and recrystallized to produce
single-phase, body-centered cubic (BCC), microstructures with weak texture and
equiaxed grains 76-199 um in size. The non-equiatomic alloys had either a 60:40 or
80:20 atomic ratio of hexagonal close-packed (HCP) elements (Ti+Zr+Hf) to BCC
elements (Nb+Ta). Alloy compositions were measured after thermomechanical
processing to determine the concentrations of the major (substitutional) and minor
(interstitial) elements. We investigated how elastic constants and uniaxial tensile
properties were affected by changes in the relative concentrations of the constituent
elements at fixed HCP:BCC ratios. Yield strengths ranged from 801 to 922 MPa and
ultimate tensile strengths from 815 to 933 MPa. Good agreement is obtained between the
experimental yield strengths and those predicted by a strength theory based on edge
dislocations indicating that the observed compositional effects are due to their effects on

shear modulus and volume misfit. Fracture occurred by dimpled rupture with fracture
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strains of 19.4% to 25.7%, but uniform strains were an order of magnitude lower at 1.1%
to 3.2%, calling into question the usable ductility (prior to necking) of RHEAs considered
to be ductile based on their fracture strain.

Introduction

RHEAs have garnered attention as possible new high temperature-materials [10,
12]. They predominately have the BCC crystal structure, limited room-temperature
tensile ductility and work hardening, and often contain secondary phases from spinodal
decomposition or precipitation [10, 12, 117]. The first reported exception to the above
was the equiatomic RHEA TiZrHfNbTa, which Senkov and Semiatin [46] showed could
be extensively cold rolled and then recrystallized to yield a single-phase BCC
microstructure with a respectable strain to fracture at room temperature of ~8%. We refer
to this equiatomic alloy henceforth as the ductile Senkov alloy. Certain derivatives of this
Senkov alloy have also been shown to exhibit room-temperature tensile ductility [29, 46,
83, 96, 118, 119].

While the single-phase Senkov alloy exhibits ductility at room temperature, it is
extremely weak in creep at temperatures to ~1100 °C when compared to advanced Ni-
base superalloys [24]. Given that a main target of RHEAs is high-temperature structural
applications, there is much ongoing research aimed at developing RHEAS containing
suitable intermetallic precipitates that can potentially improve high-temperature strength
[54, 59, 62]. However, there are no reports yet on the performance of such

microstructures under tensile creep conditions nor their ductilities at room temperature.
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Therefore, it remains of interest to improve understanding of the room-temperature
tensile behavior of single-phase RHEAS as the addition of high volume-fractions of
strengthening precipitates is likely to induce embrittlement.

The ductile Senkov alloy has a single-phase BCC microstructure after ~80%
thickness reduction by cold rolling followed by annealing above 1000 °C [29, 46].
Annealing between 600 and 980 °C results in the formation of additional BCC [24, 29,
46] and HCP phases [23, 70, 120] that are detrimental to overall tensile ductility [23, 29].
In the single-phase state, different groups have reported room-temperature yield strengths
of ~1 GPa with fracture strains of 10 - 20% [23, 46, 121]. A caveat is that, except in
[121] where an extensometer was used, ductilities were determined from crosshead
displacement and not directly from the gage sections and are, therefore, probably
overestimates. Plastic deformation appears to be controlled by the movement of <111>
{110} screw dislocations that undergo heavy cross slip [68, 69, 73]. Additionally, kink
bands are seen during plastic deformation implying plastic anisotropy in the Senkov alloy
and its derivatives [121-123].

Binary through quaternary Senkov-alloy derivatives have been chemically
modified by the addition of Ti/Hf to NbTa [86], Zr to Ti-Zr-Nb [124], Ta to TiZrHf [88],
Zr to non-equiatomic Ti-Zr-Hf-Nb [89], and Zr to Tiss-«ZrkNbigTais [90]. Effects of
similar modifications have not yet been studied in the quinary Senkov alloy and,
therefore, knowledge of composition-property relationships is lacking. From what is

known about the lower-order derivatives, it is difficult to infer how the quinary
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derivatives might behave because the microstructures of the lower-order alloys are
inconsistent, and their compositions are far from that of the ductile Senkov alloy. In a
limited number of studies, effects of additional elements (beyond five) [35, 80, 97], or
just one modified Senkov alloy [125, 126], have been investigated. The comparison
between alloys becomes more difficult when deformation-induced phase transformations
occur in compositions with high Ti, Zr, and Hf content [88, 96]. Yuan et al. [91]
investigated TaxHfZrTi, NbxHfZrTi, and TaxNbxHfZrTi (where x varied from 0 to 1) but
that study focused on elastic moduli and tensile properties in the as-cast condition and
gave little information on its microstructure.

In this study, systematic compositional modifications were made to the ductile
Senkov alloy while maintaining a single-phase BCC structure and comparable grain
sizes. To provide a simple basis for the compositional modifications, the constituent
elements of the ductile Senkov alloy were first separated into two categories based on
their room-temperature crystal structure: HCP (Ti, Zr, and Hf) or BCC (Ta and Nb). Then
the ratio of the sum of HCP to sum of BCC elements was varied. There is evidence to
suggest that increasing the concentration of HCP elements favors the formation of HCP
phases during deformation [96, 97, 127]; it also decreases the valence electron
concentration, which has been postulated to promote intrinsic ductility in BCC alloys
[128]. Recently, a combined experimental and theoretical study [115] of two model
RHEAs, VNbTaMoW, whose constituents are all BCC (the brittle Senkov alloy [9, 19])

and TiZrHfNbTa (the ductile Senkov alloy), concluded that the latter’s ductility is due to
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its HCP elements which, among other things, extend the dislocation core and lower its
energy, increase lattice distortion, and lower its shear modulus.

In light of the above, we set out to investigate how changes in the concentrations
of individual elements affect mechanical properties at fixed HCP:BCC ratios. The
investigated alloys are listed in Table 2.1. Below the composition of each alloy, the
relative amounts (in at%) of HCP to BCC elements rounded to the nearest percent (60:40
or 80:20) are provided. Within a given ratio, our compositional modifications focused on
altering the relative amounts of Nb and Ti to obtain alloys that were malleable
(processable by rolling at room temperature).

Methods

CALPHAD calculations

Computer coupling of phase diagrams and thermo-chemistry, i.e., the CALPHAD
approach [129], was used to develop thermodynamic models of phases in the Ti-Zr-Hf-
Nb-Ta system. Specifically, the Gibbs energies of individual phases in this quinary
system were modeled in a stepwise manner from thermodynamic models of its
constituent unary, binary, and ternary systems. The Gibbs energy functions of phases for
the pure elements Ti, Zr, Hf, Nb, Ta and their constituent binaries were adopted from the
SGTE (Scientific Group Thermodata Europe) database compiled by Dinsdale [130]. The
Gibbs energy functions of phases in the constituent ternary systems were optimized in

previous works [24, 131] based on experimental data [29, 47]. The relevant calculations
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were performed in Pandat [132]. The relevant calculations were performed in Pandat
[132] using our database “TiZrHfNbTa.tdb”.

Alloy fabrication and heat treatment

Alloys were fabricated by arc melting the constituent elements (>99.9% purity) in
Ti-gettered Ar atmosphere. For each alloy investigated in this study, two master alloys
were first prepared, one consisting of Ta and Zr and the other comprising Hf, Nb, and Ti.
The Ta-Zr master alloys were melted and flipped four times while the Hf-Nb-Ti master
alloys were melted and flipped three times. Subsequently, the master alloys were melted
together to create the final alloy buttons. Each of these buttons was remelted and flipped
five times to promote thorough mixing after which they were drop-cast into a 25.4 mm x
25.4 mm x 25.4 mm copper mold. The castings were cut in half parallel to the
solidification direction using electrical discharge machining (EDM). The cut surfaces
were ground to get rid of EDM burn and any exposed shrinkage porosity in the center of
the castings. The outer surfaces that were in contact with the copper mold were wire
brushed to eliminate any Cu contamination. The alloys were then cleaned with nitric acid
followed by sonication in ethanol before being homogenized at 1200 °C for 24 h (except
the Ti2oZroHf20Nb20Taz alloy, which was annealed for 48 h). Homogenization was
carried out either in quartz capsules that were evacuated and backfilled with 0.5 atm of
Ar and placed in an air furnace, or without encapsulation in a vacuum furnace (chamber
pressure on the order of 10 torr). After homogenization, the samples were rolled at room

temperature to a final thickness of ~2 mm using 5% reduction per pass for the first 10
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passes followed by 10% reduction per pass thereafter, resulting in a total thickness
reduction of 79-81%. The exception was the equiatomic TixoZroHf20Nb2oTazo alloy
because it contained more shrinkage porosity that had to be ground away before rolling
and thus ended up with a smaller final thickness of 1.5 mm. Sections of the cold rolled
sheets were cleaned with nitric acid and sonicated in ethanol to remove contamination.
They were then sealed in evacuated quartz capsules backfilled with 0.5 atm Ar and
annealed at the temperatures and times shown in Table 2.1 followed by removal from the
furnace and cooling to room temperature within the capsules. Annealing times and
temperatures were chosen based on trial recrystallization runs that aimed to produce a
single-phase microstructure with a grain size of ~100 um. Target compositions of the
investigated alloys and their processing parameters are provided in Table 2.1 along with
their HCP:BCC ratios (60:40 or 80:20), which will be used to refer to groups of alloys in
this study.

Microstructure analysis

Alloy microstructures were analyzed with back scattered electron (BSE) scanning
electron microscopy (SEM), energy-dispersive X-ray spectroscopy (EDS), and electron
backscattered diffraction (EBSD) in a Zeiss AURIGA operated at 20 kV. Samples for
these analyses were ground to 1200 grit and polished with colloidal silica (0.05 pm).
Grain sizes were measured with the linear intercept method [133] on at least 5 fields-of-
view at a magnification of 200x for each direction and 1500 intercepts total for each

specimen.
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Table 2.1: Target compositions and processing conditions of the studied alloys.

Alloy composition (at%)
(Ti+Zr+Hf:Nb+Ta)

Homogenization
temperature and

time

Cold rolling
reduction in
thickness (%)

Recrystallization
temperature and

time

Ti20Zr20Hf20Nb20Tazo
(60:40)
Ti20Zr20Hf20Nb3zs Tas
(60:40)
TisZraoHfasNbzoTazo
(60:40)

Ti26.7Zr26.7Hf26 7Nb1oTazo
(80:20)
TiaoZrooHf20Nb1oTai0
(80:20)

1200 °C, 48 h *

1200 °C, 24 h #

1200 °C, 24 h #

1200 °C, 24 h #

1200 °C, 24 h #

79

81

81

79

80

1100 °C, 1.00 h

1055 °C, 0.83 h

1200 °C, 0.50 h

1100 °C,0.25 h

1000 °C, 0.25 h

* Homogenization in vacuum furnace followed by cooling in vacuum.
# Homogenization in quartz ampule followed by water quenching.
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EDS and EBSD were performed with an Oxford X-Max silicon drift EDS detector and an
Oxford EBSD NordlysF detector. EBSD data were analyzed using the OIM software
from EDAX. For phase analyses, X-ray diffraction (XRD) with Cu Ka. (0.154 nm) was
performed with a Panalytical Empyrean diffractometer. XRD patterns were collected
using a step size of 0.026° and at 55 s / ° from samples in two states: after
recrystallization (before tensile testing), and after tensile testing.

Ultrasonic measurement of elastic moduli

Longitudinal and transverse ultrasonic waves were propagated through samples of
known thickness and, by measuring their times of flight (in reflection mode), wave
velocities were determined. The transducers used for time-of-flight measurements were
calibrated with a known stainless-steel standard. An Archimedes method with degassed,
deionized water was then used to measure the density of each alloy. From the measured
velocities and densities, polycrystalline elastic constants were calculated using equations
(1-3) below [134], assuming the specimens were random polycrystals based on their

weak texture (shown later).
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where v is Poisson’s ratio, E is Young’s modulus, G is shear modulus, V. is longitudinal
wave velocity, Vris transverse wave velocity, and p is density.
Tensile testing

Tensile specimens were cut with EDM from the recrystallized plates with the
loading axis aligned along the rolling direction. Starting from an oversized gage width,
the specimens were ground to remove any EDM damage, to final gage dimensions of
7.62 mm x 1.5 mm x 2 mm, except for TizoZr20Hf20Nb20Tazo whose final dimensions
were 7.62 mm x 1.5 mm x 1.5 mm since it was thinner after rolling (as mentioned
above). Tensile testing was performed with an Instron 5600 at a crosshead speed of
0.00762 mm s%, which corresponds to an engineering strain rate of 1 x 10 s™%. Digital
image correlation (DIC) was used to determine the tensile strain in the gage section using
a sprayed-on speckle pattern on the specimen surface. Four specimens from all alloys
were tested for reproducibility, except for TisoZr20Hf20Nb1gTaio where only three
specimens were tested because one specimen was lost due to a machining error. After
testing, fracture surfaces were observed with secondary electron SEM at 5 kV.
Results

Measured chemical compositions

Chemical compositions of the recrystallized alloys were measured by inductively
coupled plasma optical emission spectroscopy (ICP-OES) for the major (metallic)
elements and gas fusion analysis for the minor (interstitial) elements. The measured

values in wt% are provided in Table 2.2 from which the concentrations in at% shown in

42



Supplementary Table 2.1 were calculated. The atomic concentrations of the major
elements are close to the target concentrations (Table 2.1), with Zr and Hf in general
being slightly lower than the target values and Ti, Nb and Ta correspondingly higher. The
deviations from the intended compositions correspond, roughly, to the tendency for oxide
formation, namely Hf > Zr > Ti > Nb > Ta, with the notable exception that Ti has a
greater oxidation tendency than Zr above ~2000 °C [102]. This would suggest that the
reduced Zr and Hf contents are the result of oxide formation and removal from solid
solution. For purposes of this paper, we assume that the measured concentrations of the
major elements are close enough to the target concentrations and, therefore, use the latter
in all further discussions. As for the interstitial elements, their contents here are similar to
those reported in the isolated RHEA studies where interstitial contents have been
measured [23, 121], with the exception of TisZr20Hf20NbioTaio which has a relatively
high oxygen content (0.14 wt%). The latter is of similar magnitude as those reported in a
recent study of BCC Mo-Ti alloys [135] as well as in commercially pure titanium ASTM
grade 4 [136] where up to 0.4 wt% O is allowed.

CALPHAD calculations

The calculated stable phases,
Figure 2.1, show similar thermodynamically predicted phases for all alloys: a high
temperature BCC phase followed mostly by secondary BCC and HCP phases at lower

temperatures.
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Table 2.2: Analyzed compositions (wt%) of the investigated alloys measured by ICP-OES
(major metallic elements) and gas fusion (minor nonmetallic interstitials).

Alloy Ti Zr Hf Nb Ta O N C
TinZ 00 8.2 146 276 179 3.7 0027 0009  <0.005
NbooTazo

TisoZraoHF20 9.1 165 316 312 115 0043 002  0.009
NbssTas

TisZraoHfas 18 129 426 149 276 0031 0014 0010
NbzoTazo

Tize.67Zr26.67H 11.4 206 392 104 188 0061 0011  0.005
f26.7Nb10Ta10

TisoZrooHfo0 18.6 17.4 31.7 11.1 211 0.14 0.011 0.008
Nb1gTaio
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Figure 2.1: CALPHAD predictions of phases in the investigated alloys as a function of
temperature. In each case, the liquidus/solidus temperatures are shown along with the

thermodynamically favored phases at lower temperatures.
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All alloys have similar solidus and liquidus temperatures that lie between 1894 °C and
2083 °C. The HCP phase is stable up to 800 °C except in TisZr20HfssNb2oTazo where it is
stable to 1325 °C. In the TisZr0Hf20Nb1oTao alloy, BCC is the only phase predicted to
be thermodynamically stable in the solid state at any of the investigated temperatures.

Recrystallized microstructures

Figure 2.2 shows the microstructures after recrystallization. All alloys exhibit an
equiaxed grain structure in the rolling direction (RD), transverse direction (TD), and
normal direction (ND). XRD patterns, Figure 2.3, can be indexed as a single BCC phase.
Lattice parameters calculated using the Nelson-Riley method [137, 138] and Rietveld
refinement [139] (with the HighScore® software package) range from 0.340 nm to 0.344
nm. Based on EBSD analysis, it is concluded that the alloys are weakly textured,
maximum of 2.9 above random in TisZr20Hf20NbioTas0, as shown in the EBSD inverse
pole figure maps and unit triangles in Figure 2.4. Therefore, we assume our alloys are
random polycrystals after recrystallization. Grain sizes were measured to be between 76
and 199 um. All directions (ND, TD, and RD in Figure 2.2) had similar grain sizes,
consistent with the visual appearance of an equiaxed grain structure in Figure 2.2. EDS
performed on the RD plane shows the microstructures are chemically homogeneous,

Figure 2.5.
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Figure 2.2: Microstructures of the investigated alloys after recrystallization showing
equiaxed grains with no secondary phases. The orientations of the imaged planes are
shown at the lower left where ND, RD, and TD stand for normal, rolling, and transverse

directions, respectively.
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Figure 2.3: XRD patterns for each alloy after recrystallization in which all peaks can be
indexed as belonging to a single BCC phase.
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Figure 2.4: EBSD IPF maps on the normal plane of the recrystallized alloys; rolling
direction (RD) is horizontal and points to the right. IPFs were determined with 5°
Gaussian half width and 16 order harmonic series.
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Figure 2.5: BSE images of (a) Tiz2oZr2oHf20Nb2oTazo, (b) TizZroHf0NbzsTas, (c)
TisZrooHf3sNb2oTazo, (d) Tize7Zr267Hf26.7Nb1oTao, and (e) TisoZr20Hf20NbigTaso, of the
recrystallized alloys on a plane normal to the rolling direction with the transverse
direction (TD) horizontal. Elemental EDS maps for each alloy are shown to the right of
their BSE images.
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Elastic moduli

Measured densities and longitudinal and transverse wave velocities are listed in
Table 2.3. From these values, Young’s (E) and shear (G) moduli were calculated using
equations 1-3. Young’s moduli range from 81.9 GPa to 100 GPa, and shear moduli from
29.6 GPa to 36.7 GPa with TisZraoHfssNb2oTazo having the highest moduli and
Tize.7Zr26.7Hf26.7Nb10Ta10 the lowest. The largest contributor to error in the elastic
modulus is the accuracy of wave velocity measurement. After multiple measurements on
the same sample, we found that the last reported digit in the ultrasonic measurement is
the uncertain digit, which yields an upper limit of error of + 0.6% (i.e., 10/1800) in the
velocity measurements. An additional error comes from the density measurements. Since
the densities of the investigated alloys were not known, oxygen-free copper was
measured beforehand and its density erred by +0.5% relative to literature values. The
reported standard deviations of the moduli in Table 2.3 reflect the above two errors. It is
assumed that the measured elastic moduli in this study are isotropic since EBSD showed
weak texture.

Our measured G for TizoZr20Hf20Nb2oTazo (34.9 GPa) is similar to, but slightly
lower than, a previous G measured by beam and plate resonance techniques (35.8 GPa)
[111]; while our E (95.4 GPa) is ~6% larger compared to the same study (90 GPa).
Additionally, E of Tize.e7Zr26.67Hf26.7Nb1oTaio (81.9 GPa) is comparable to its value
determined by a tensile fitting technique (85 GPa) [91]. The remaining alloys do not have

modulus values in the literature for comparison.
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Table 2.3: Density (measured), longitudinal and transverse wave velocities (measured) and
isotropic elastic constants (calculated). For details see text.

Alloy Density Longitudinal Transverse wave  Young’s Shear
(g/cm?) wave velocity velocity (m/s) modulus modulus
(m/s) (GPa) (GPa)

Ti20Zr20Hf20

9.99 + 0.05 4061 1870 95.4+0.9 34905
Nb2oTazo
Ti20Zr20Hf20

8.90 £ 0.04 4288 2008 97.6+£09 35.9+04
NbssTas
TisZroHf3s

11.27 £ 0.06 3875 1806 100.0+£1.0 36.7+0.5
Nb2oTazo
Tize.67Zr26.67Hf26.7

9.13+£0.05 4160 1800 81.9+0.8 29.6 £ 04
NbioTa1o
Ti40Zr20Hf20

8.90 £ 0.04 4259 1895 88.0+£0.9 319+04
NbioTa1o
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Tensile results

Representative tensile stress-strain curves of TizxoZroHf20Nb2oTaz and
Tize.7Zr26.7Hf26.7Nb10Ta10 are presented in Figure 2.6. Curves for the remaining alloys are
shown in Supplementary Figure 2.1. The average strengths and strains of the alloys
along with their standard deviations are shown in Table 2.4. All the engineering stress-
strain curves show negligible work hardening between the yield and ultimate tensile
stress. Yield strengths range from 801 MPa to 922 MPa with the TixoZroHf20NbssTas and
TizZroHf20Nb2oTaze alloys having the lowest and highest yield strengths respectively.
Ultimate strengths follow the same trends, with minimum and maximum values of 815
MPa and 933 MPa for TizoZr20Hf20NbssTas and TizoZroHf20Nb2oTazo respectively. The
flow stress increment (from yield to ultimate) ranges from 5 MPa to 14 MPa with the
lowest in TisZroHf20NbioTaio and the highest in TizoZraoHf20NbzsTas. As shown in
Figure 2.6b, with additional examples in Supplementary Figure 2.1, the 80:20 alloys
are distinguished by a noticeable stress-drop after the ultimate stress (which occurs
shortly after yielding). In contrast, the 60:40 alloys show a more gradual decrease in
stress. Consequently, the 80:20 alloys have lower uniform strains (1.2% — 1.5%) than the
60:40 alloys (2.3% — 3.2%). Uniform strain is defined here as the strain corresponding to
the Considére criterion for the onset of necking, Figure 2.6c-d. All the alloys have
similar fracture strains with the 80:20 alloys having somewhat lower fracture strains

(19.4% - 23.1%) than the 60:40 alloys (23.0% — 25.7%).
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Figure 2.6: (a) Example of tensile engineering stress-strain curves for
Ti20Zr20HT20Nb20Tazo and Tize.7Zr26.7Hf267Nb1oTaso; curves for the remaining alloys are
shown in Supplementary Figure 2.1. (b) Magnified views of the plots in (a) near the
region of yielding. True stress-strain curves and work-hardening curves for
Ti20Zr20Hf20Nb20Tazo (€) and Tize.7Zr26.7Hf267Nb1oTao (d). The point where necking
occurs (Considére criterion) is marked by arrows in (c) and (d).
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Table 2.4: Tensile properties of the investigated alloys: yield strength (oy),
ultimate tensile strength (ourts), strain at the ultimate tensile stress (euts), and
fracture (e7). Note that the 60:40 alloys with a lower concentration of HCP
elements have higher suts and et values than the 80:20 alloys with more HCP
indicating that HCP alloying does not promote ductility (uniform or fracture).

Alloy oy (MPa) outs (MPa) guTs (%0) €1 (%)
TizxZr2oHf20

922 +2 933+ 3 3.2+0.2 23.9+0.3
Nb2oTazo
Ti20Zr20Hf20

801 +11 815+ 6 29+05 23.0+3.0
NbssTas
TisZrooHf3s

916+ 6 926+ 5 2304 25.7+2.0
NbzoTazo
Ti2e.67Zr26.67Hf26.7

822 +10 834 +10 1.2+0.3 194+1.2
NbigTaio
Tis0Zr20HT20

872 +10 879+ 10 1.5+£0.2 23.1+1.2
NbioTa1o
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Since the 80:20 alloys have lower uniform and fracture strains than the 60:40 alloys, the
present results do not support the hypothesis laid out in the Introduction that increasing
HCP content increases the ductility of RHEAs.

Fracture strains are provided in our paper since in previous studies these are the
only values typically reported (and not uniform strains). However, caution has to be
exercised when attributing post-necking strain to ductility as most of the corresponding
deformation is localized and dependent on the ratio of gauge area to length. In alloys
where such strain is a small fraction of the fracture strain, the latter might be a reasonable
proxy for ductility but in RHEAS where post-necking strain is a large fraction of the
fracture strain, it is doubtful that fracture strain can be a useful indicator of whether a
material is truly ductile. Additionally, engineering structures are typically designed to
withstand loads. In cases where there is practically no work hardening (as in most
RHEAS), rapid failure can occur if the applied stress even slightly exceeds the yield
strength, leaving little margin for safety. Another way of putting it is that post-necking
strain is “useless” in load-bearing conditions. This is especially relevant in the case of
RHEAs where most of the fracture strain occurs after necking. Therefore, researchers
would be well advised to report uniform strain rather than total fracture strain. The XRD
patterns from the gauge section after tensile testing, Supplementary Figure 2.2, were
indexed as single-phase BCC with the same BCC phase and similar peak locations as
before testing, indicating the lack of any deformation-induced phase transformations at

this scale.
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DIC strain maps generated from the speckle-pattern image frames captured at the
ultimate tensile stress of each alloy are shown on the left in Figure 2.7. There is a greater
degree of strain localization in the 60:40 alloys than in the 80:20 alloys. The images on
the right in Figure 2.7 are DIC maps from the frame just before failure. Necking is
evident in each alloy, albeit more so in the 60:40 alloys than in the 80:20 alloys. Failure
subsequently occurred in the necked regions. The fracture surfaces, Figure 2.8, all
contain large dimples and microvoids with no particles inside them. The large cavities are
similar to those seen on other RHEA fracture surfaces where large cavities (hundreds of
pm in size) with no secondary phases have been reported [23, 46, 83]. In contrast,
cavities in FCC HEAs normally nucleate at secondary particles, such as Cr and Mn rich
particles in CrMnFeCoNi [140]. The dimpled fracture surfaces observed here are
consistent with “ductile” failure (void nucleation, growth, and coalescence). Thus, the
alloys are indeed “ductile” in the classical sense but exhibit very low uniform strains.
Discussion

CALPHAD predicted phases and microstructure

We determined the solidus and liquidus temperatures (Ts and T, respectively) of
the different alloys from CALPHAD calculations and found them to be roughly similar

across the compositions.
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Figure 2.7: Strain maps determined by DIC for each alloy. UTS image is the frame at the
maximum engineering stress, and failure image is the last frame before fracture. Color-
bar scales at the bottom right represent longitudinal strain.
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Figure 2.8: Fracture surfaces of (a) TizoZr2oHf20Nb2oTazo, (b) TizoZroHf20NbssTas, ()
TisZrooHfasNb2oTazo, (d) Tize 7Zr26.7Hf26.7Nb1oTal0, and () TisoZroHf20NbigTaio with
increasing magnification from left to right, showing large cavities (dimples) and heavy
deformation, characteristic of ductile failure.
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For comparison, if we use the melting temperature (Tm) of the constituent elements and
weight them by their respective atomic concentrations to calculate a weighted average
(i.e., rule of mixtures), the resulting values do not agree with the CALPHAD Ts or T,
values (nor do they always follow the same trends, see Supplementary Figure 2.2). It is
well known that in alloys whose phase diagrams contain deep eutectics or high-Tm
intermetallics, there are significant deviations from the rule of mixtures. Even in the
absence of such discontinuities, some binary phase diagrams of the Ti-Zr-Hf-Nb-Ta
system, such as Hf-Ta, Nb-Zr, Hf-Ta, and Ti-Zr, display local minimums in melting
temperature in otherwise smoothly varying Ts curves [114]. Our present results suggest
that the Ts of complex concentrated alloys behave similarly to some of the constituent
binaries and using a rule of mixtures to estimate their solidus and liquidus temperatures
can lead to erroneous results.

The pseudobinary TiZrHf-NbTa phase diagram, Figure 2.9a, shows that Ts and T,
remain more or less constant between 0 and 40 at% BCC content (Nb+Ta), i.e., at the
HCP-rich end. The equiatomic alloy sits near the elbow of the liquidus curve: an increase
in the BCC content beyond this point raises T, but a decrease does not result in a lower T;.
The Ts and T, values of TisZroHf20NbioTaio and TisZroHf3sNbaoTaze imply that certain
non-equiatomic modifications are consistent with the rule of mixtures in that substitution

of lower-Tm elements decreases the melting temperature.
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Figure 2.9: Pseudo-binary diagrams for (a) TiZrHf-NbTa, and (b) TiZrHfTa-Nb. In (a),
the TiZrHf-NbTa pseudo-binary compositions from 0% NbTa to 40% NbTa have a
relatively constant solidus and liquidus temperature (Tsand T;). On the other hand, in the
TiZrHfTa-TiZrHfNb pseudo-binary (b), there is a local minimum near the
Ti2oZrao0Hf20Nb2oTaz composition where an increase or decrease in Nb content raises the

T).
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In contrast, Ti2oZroHf20Nb3sTas has a higher solidus temperature than the equiatomic
alloy, even though the former contains significantly more Nb (Tm = 2477 °C) and
significantly less Ta (Tm = 3017 °C) than the latter. The increase in Tm can be explained
by considering the TiZrHfTa-TiZrHfNb pseudobinary phase diagram in Figure 2.9b: the
Ti2oZraoHf20Nb2gTazo alloy sits at 20% Nb, near a local minimum in T, with increases or
significant decrease in Nb content causing an increase in T.

The predicted stable phases in the investigated alloys include BCC and HCP
depending on temperature. At elevated temperatures the BCC phase is the only one that is
predicted to be stable in the solid state. Secondary phases are predicted to appear at
intermediate temperatures as shown in Figure 2.9. Experimentally, the BCC-indexed
XRD patterns were all in agreement with the CALPHAD results except for one. The
exception, TisZraoHfssNb2oTazo, had only a single BCC phase, as seen in SEM and XRD,
contrary to the CALPHAD results which predict ~30% HCP at 1200 °C (the
recrystallization temperature). Lower-temperature CALPHAD calculations show that this
HCP phase remains at temperatures down to 25 °C suggesting that it should have been
experimentally detected in the TisZraoHfssNbaoTazo alloy examined at room temperature
after recrystallization at 1200 °C followed by cooling in the quartz capsule to room
temperature. The fact that it was not detected suggests that the CALPHAD database

needs further refinement.
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Tensile stress-strain behavior

The large changes in composition across the investigated alloys had relatively
small effects on the tensile stress-strain behavior. They all showed low work-hardening,
with minor differences in flow behavior, strain, and strength. The 60:40 alloys maintain a
high flow stress with gradual strain softening, while the 80:20 alloys display an initial
stress drop after the ultimate tensile stress followed by more gradual strain softening.
This is a fortuitous result that was not anticipated and might turn out to be relevant in the
future design of precipitate-strengthened RHEAs. A matrix that can accommodate large
compositional changes, retain its single-phase BCC structure, and not undergo drastic
changes in mechanical properties can serve as a testbed for searching for useful
intermetallic formers in said matrix. Intermetallic precipitates can in some cases deplete
one or more of the elements in the matrix. However, if there is a large compositional
space where the matrix composition remains more or less constant, then depletion of
some of its constituents to form precipitates is less of a concern.

The DIC strain maps in Figure 2.7 show longitudinal strains up to ~80% within
the neck regions before failure. Clearly, the alloys can accommodate large local strain but
limited uniform strain before necking starts. In earlier work, the introduction of chemical
heterogeneity [82] and activation of other deformation mechanisms such as deformation-
induced phase transformation [96] have succeeded to some extent in increasing the

amount of uniform strain.
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Factors affecting vield strength

There are various factors that can, in principle, affect the yield strength of the
present alloys. Most of them can be ruled out as follows. Strengthening due to
precipitates and other dislocations can be ignored as our alloys are single-phase solid
solutions in the fully recrystallized state (i.e., with presumably low dislocation density).
Similarly, texture effects can be ignored as our grain orientations are close to random
with weak fiber components (Figure 2.4), which is typical for recrystallized BCC
structures [141]. Differences in their homologous temperatures are small enough (given
the similarity of their solidus and liquidus temperatures, as indicated in Supplementary
Table 2.2 and Figure 2.1) that they are not expected to significantly affect room-
temperature yield strength.

Strengthening stemming from the different grain sizes of our alloys (76-199 pum,
Figure 2.2) can be estimated if we assume that their Hall-Petch coefficients are all the
same as that of the equiatomic Senkov alloy, 270 MPa pm®® [72]. In that case, the largest
strength difference due to grain size is between Tize.7Zr26.7Hf26.7Nb1oTazo (199 pm grain
size) and TixZr2oHfoNbssTas (76 um grain size) with the former alloy stronger by 7.9
MPa and the latter weaker by 4.0 MPa when normalized to an alloy with 100 pm grain
size (i.e., a small relative difference of <1%). However, when the absolute experimental
yield strength of an alloy is compared with its theory-calculated yield strength (as
discussed later), there will be a discrepancy because the theoretical calculation does not

take into account Hall-Petch strengthening which should contribute ~27 MPa
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vd ~ 100

) at a grain size of ~100 pum. In other words, assuming the same Hall-Petch
coefficient of 270 MPa um®® for all alloys as stated before, the theory-calculated yield
strengths will all be roughly 27 MPa lower than the experimental values (more on this
later).

We neglect intrinsic lattice friction because (i) the chemical heterogeneity in
RHEAs allows for spontaneous nucleation of kinks along screw dislocations, thus
removing the activation barrier for double-kink nucleation and rendering lattice friction
negligible [107], and (ii) the lattice friction of edge dislocations is very small. This leaves
solid solution strengthening as likely the biggest contributor to the observed yield
strength of these alloys. Theories have been developed to estimate the degree of solid
solution strengthening in FCC [142] and BCC HEAs based on moving screw [107, 108,
143] and edge [109, 110] dislocations. Unlike dilute BCC alloys where strength is
controlled by screw dislocations, experimental evidence in some RHEAS suggests that
edge dislocations can contribute significantly to strengthening [104, 115]. The
strengthening of edge dislocations arises from the complex energy landscape created by
the collective solute-dislocation interactions. In TiZrHfNbTa specifically, screw
dislocations are the dominant dislocation type seen in TEM [68, 69, 73]. However, in
other alloys of this system such as TiZrHfNb, deformation may be controlled at least
partially by edge dislocations [105], which are thus also worth considering. As for the

non-equiatomic alloys, the relative contributions of edges and screws remains to be

determined. Analysis of screw dislocations requires difficult to determine parameters
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regarding the geometry of screw dislocations [107, 108, 143].Edge dislocation
strengthening is considered here as it is more tractable. The calculated edge strengths
represent a lower bound because some of the present alloys may be controlled by screw
strengthening [109].

The edge dislocation strengthening theory determines the 0 K shear yield stress
1y0 (EQ. 6), the zero-stress energy barrier AEy (Eq. 7) to move an edge dislocation from
one local energy minimum to the next local minimum in the energy landscape along the
glide plane, and the temperature- and strain-rate dependent strength ty (Eq. 8) is then

obtained using standard thermal activation theory:

4 - 4
1 1403 [T, c,AV2]R
Ty0 = 0.040a 3G (1 — v) v
2 1
L (LS [Zacad ©
AE, = 2.00a3Gb (1 — V) i

. 1 (kgT  €\*™" (6)
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Analysis requires the concentrations of all alloying elements (cn in at%), their volume
misfits (AVn [144, 145]) in the alloy, a line tension coefficient (« = 1/12), magnitude of b
= %a<111> the Burgers vector, isotropic alloy elastic constants G and v, temperature
T=298K, a reference strain rate (¢, = 10* s), strain rate of the tensile tests (¢ = 102 s}),
and Boltzmann’s constant kg. For the concentrations cn, experimental values given in

Supplementary Table 2.2 are used. The calculated shear yield stresses were multiplied
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by a Taylor factor M of 3.067 for untextured BCC plasticity controlled by edge
dislocations to obtain a uniaxial yield strength oy = M 1y [109]. Furthermore, as a first
order approach to account for the influence of interstitial elements, O and N are
incorporated into the edge theory through the misfit parameter Y., ¢,,AV;2 as additional
(interstitial) solutes with misfit volumes estimated using the average DFT-computed
misfit volumes in Nb and Ta, 6.85 x 10~ nm? and 6.985 x 10~ nm? for O and N
respectively [104, 146]. Carbon, unfortunately, does not have a similarly calculated
volume misfit, and is incorporated by using the misfit volume of nitrogen due to its
similar atomic radius; error due to this approximation is expected to be small since the
concentration of C is much lower than that of O and N.

Calculations were carried out with two sets of inputs (see Supplementary Table
2.3). In both cases, Vegard’s Law is used for the volume misfits, computed in terms of

the elemental atomic volumes (C;;) as AV, =V, — Vp,q With Vo = X1 ¢, V. The first

1
set of inputs then computes the Burgers vector b = ? (2Va,,g)3 [144, 145] and uses the

rule-of-mixtures for the elastic constants [109] in which the single-crystal elastic
constants (C;;) of the alloy are computed in terms of the values (C}) as C;; = XiLq ¢ G}

[109, 144, 145]. The isotropic shear modulus is then calculated as G =

\/C44(C11 — C12)/2, the bulk modulus as B = (C;; + 2C4,)/3, and the Poisson’s ratio as

v= (3B — 26)/(2(33 + G)). The second set of inputs uses b calculated from the

av3 and the measured elastic constants

measured lattice parameter a (Figure 2.3) as b = —
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E and G (Table 2.3), with Poisson’s ratio calculated v = % — 1. Note that the two

values for the Burgers vector are essentially identical, supporting the use of Vegard’s
Law for V.

Figure 2.10 shows the calculated vs. experimental yield strengths where empty
circles represent results obtained using the first set of inputs (rule of mixtures) and solid
triangles the second set of inputs (experimental). The majority of the data lie between the
dashed lines which represent £15% deviation from the solid line representing perfect
agreement between experiment and theory. Overall, given the various uncertainties, both
in experiment and theory, there is good agreement between the two. That said, the
experimental yield strengths are better-predicted with the rule of mixtures inputs. A
potential drawback of using the rule of mixtures to obtain alloy moduli from those of the
constituent elements is that some of the elements (Ti, Zr, Hf) are HCP at room
temperature whereas the alloys are BCC. Use of experimentally measured alloy moduli
eliminates this problem. The slight underestimate using the experimental moduli (Figure
2.10) may then be due to the fact that, as mentioned before, the edge theory offers a lower
bound for yield strength. Another reason for the underestimate is the lack of a Hall-Petch
contribution in the edge theory which would move the data points up by ~27 MPa and
thus close to the 45° line. Accounting for interstitials in the calculations significantly

improved the correlation.
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Figure 2.10: Comparison of theory-predicted and experimental yield strengths.
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In Ti2oZr20Hf20Nb2oTazo and TisoZr20Hf20Nb1oTaso, the alloys with the lowest and highest
interstitial content, interstitials strengthened the alloys by 58 MPa and 143 MPa
respectively, moving the predicted yield strength closer to the experimentally measured
values. Overall, therefore, there is remarkably good agreement between the predictions of
the edge theory and experimentally measured yield strengths.
Conclusions

Starting from the equiatomic ductile Senkov alloy TiZrHfNbTa, four derivative
alloys (comprising the same five refractory elements) were synthesized by arc melting,
casting, homogenization, cold rolling, and recrystallization. These five alloys, despite
having different amounts of HCP and BCC elements as their constituents, all have a
single-phase BCC microstructure with grain sizes ranging from 76 to 199 um. Alloys
with higher HCP-element content have higher shear-modulus-normalized yield strengths
resulting from their lower shear modulus, compared to those with lower HCP-element
content, suggesting that compositional changes in shear moduli do not fully account for
the changes in yield strength. Predictions of an analytical theory previously developed for
the yield strengths of RHEASs controlled by edge dislocations are in good agreement with
the experimentally measured yield strengths indicating that both the shear modulus and
volume misfit need to be taken into account to predict strength. Despite all the alloys
displaying relatively large fracture strain to fracture (~20%) and characteristic features
(dimples) on the fracture surfaces suggestive of “ductile” behavior, uniform strain prior

to the onset of necking were an order of magnitude lower suggesting that their “useful”
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ductilities may be low. Additionally, regardless of whether uniform or fracture strain is
used as a measure of ductility, higher HCP-element concentrations do not make the alloys
more ductile. The large single-phase BCC region characterized in this study provides a
playground in which additional strengthening mechanisms, especially precipitation

hardening, can be systematically explored in future studies.
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Supplementary Figure 2.1: Tensile curves for all alloys included in the study. The left
column shows the measured engineering stress-strain curves. Magnified views of the
engineering stress-strain curves, near the region of yielding, are presented in the middle
column. True stress-strain curves, up to the UTS, are shown in the right column.
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Supplementary Figure 2.2: XRD patterns from the fractured tensile specimens. All peaks
were indexed as a single BCC phase, indicating no evidence of deformation-induced
phase transformation (at the resolution of XRD).
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Supplementary Table 2.1 Calculated compositions of the investigated alloys in at% (from

Table 2.2 of the main paper).

Alloy Ti Zr Hf Nb Ta N @) C
TizxZraoHf20

Nb2oTaz0 20.1 18.7 18.1 22.6 205 0.075 0.198 <0.049
TizxZraoHf20

NbssTas 20.1 19.1 18.7 354 6.7 0.166 0.283 0.079
TisZroHf3s

NbzoTazo 5.1 19.4 32.7 22 209 0.137 0.265 0.114
Ti2e.67Zr26.67Hf26.7

Nb1oTaio 26.6 25.1 24.4 12.5 115 0.088 0.425 0.046
TlaoZrzoHfz0 39.1 19.2 17.9 12 11.7 0.079 0.880 0.067
Nb1oTaio
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Supplementary Table 2.2: Melting temperatures of the constituent elements
and calculated melting temperatures (Tm) of the studied alloys using rule of
mixtures, and CALPHAD calculated solidus (Ts) and liquidus temperatures

(Th).

Element Element Alloy Alloy  Alloy Alloy

al Tm (K) Tm(K) Ts(K) Ti(K)
Ti 1907 Ti20Zr20Hf20Nb20Tazo 2486* 2184 2235
Zr 2092 Ti20Zr20Hf20Nb3sTas 2403* 2303 2356
Hf 2468  TisZraoHfssNbzoTazo 2507* 2214 2273
Nb 2706 Tizee7Zr2667Hf26 7Nb1oTazo  2321* 2211 2239
Ta 3257 Tia0Zr20Hf20Nb1oTao 2271* 2167 2214

*Calculated by rule of mixtures T,,, = Y. ¢;T,,,; Where c; are the atomic
concentrations of the individual elements and T, are their melting
temperatures. Melting temperatures of the constituent elements were obtained
from [114].
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Supplementary Table 2.3: Parameters and results for the edge theory calculations: shear

modulus (G), Young’s modulus (E), Poisson’s ratio (v), and Burgers vector (b) The
calculated column (Calc.) contains the rule of mixture calculations and experimental moduli
under experimental column (Exp.).

G (GPa) E (GPa) b (nm)
Alloy

Calc. Exp. Calc. Exp. Calc. Exp. Calc. Exp.
Tiz0Zr20Hf20 Nb2oTazo 381 349 |1048 954 [0.376 0.367 | 0.294 0.295
Ti20Zr20Hf20Nbzs Tas 350 359 | 969 97.6 | 0.383 0.359 | 0.295 0.294
TisZraoHf3sNb2oTazo 38.7 36.7 | 106.4 100.0 | 0.373 0.362 | 0.298 0.298
Ti2e.67Zr26.67Hf267Nb1oTalo | 30.9 29.6 | 85.7 819 [0.388 0.383 | 0.297 0.298
TiaoZr2oHf20Nb1oTazo 30.7 319 | 8.3 880 |0.389 0.379|0.294 0.295
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Chapter 3 Fracture behavior in equi- and non-equiatomic TiZrHfNbTa alloys
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A version of this study is being prepared for publication in a peer-reviewed
journal. WJ Carpenter performed all the sample preparation, testing, characterization,
analysis, and writing of the first draft. K Hanson performed the arc melting. MJ Paul
assisted with testing and analysis. JJ Kruzic provided formal analysis. BP Gludovatz and
EP George conceived and supervised the study as well as edited the drafts.

Abstract

The equiatomic TiZrHfNbTa and three derivative non-equiatomic alloys,
TizoZraoHf20NbssTas, Tize7Zr26.7Hf26 7Nb1oTae, and TisoZraoHf20Nb1igTaio were prepared
by arc-melting, homogenization, cold-rolling, and recrystallization. Their fracture
toughness at room temperature was then determined using elastic-plastic fracture
mechanics methods. Despite the absence of secondary phases, two distinct fracture
behaviors were observed: in the equiatomic alloy, after initial blunting, sudden crack
growth occurred as a combination of trans- and intergranular cleavage, whereas the non-
equiatomic alloys showed predominantly crack tip blunting together with excessive
tearing and intergranular cavities. While crack-tip opening displacements (CTODs)
determined by profilometry ranged from 85-201 um in TiZrHfNbTa, from which a
lower-bound fracture toughness of ~105 MPa.m?® can be estimated, the non-equiatomic
materials showed CTODs of 207-335 pum, with Tize.7Zr26 7Hf26 7Nb1oTai0 having the
largest CTOD and, as such, the highest fracture resistance, ~183 MPa.m®°. However,
these values are geometry dependent. The differences in fracture behavior are associated

with less-constrained specimen geometries, due to the lower yield strength and low work
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hardening in the non-equiatomic alloys. Based on the present results, future fracture
toughness tests should take into account nuances in specimen geometries, notably the
thickness and initial ligament, since TiZrHfNbTa and its derivatives are high yield
strength and low work hardening alloys. Particularly the low work hardening allows for
large plastic zones that break crack tip constraint while technically being a valid test,
leading to inflated fracture toughness values.
Introduction

High entropy alloys (HEAS) have received considerable interest as a possible
alloy design strategy to address current alloy limitations [147]. Recent efforts to develop
new alloys that surpass nickel superalloys’ operating temperature and overcome brittle
room temperature behavior in refractory alloys have culminated in refractory high
entropy alloys (RHEAS) [9, 147]; RHEAs are typically BCC alloys that are based on
group IV, V, VI elements with high melting temperatures. However, despite their
promising high temperature yield strengths, many RHEAs are, like traditional refractory
metals and alloys, brittle at room temperature [12, 19, 117]. An exception to such
characteristics is the equiatomic TiZrHfNbTa alloy that has been reported to have 10-
20% total elongation to failure with ~3% uniform strain and 950-1200 MPa yield strength
in tension at room temperature [23, 46, 72, 121]. Derivatives of TiZrHfNbTa can be
described, generally, as being similarly ductile [83, 84]. Most of the ductile non-
equiatomic alloys avoid group VI element additions and avoid compositional extremes of

TiZrHfNbTa, such as excessive amounts of Ta [14, 16, 17]. Though the effect of
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compositional variation on the deformation mechanisms and strengthening has not been
fully described, indications are that the derivative alloys have similar tensile behavior
with 10-20% total elongation, and little work hardening.

While tensile stress-strain properties are crucial to understanding the mechanical
characteristics of an alloy, such as yield strength and uniaxial plastic deformation,
fracture toughness is often the limiting mechanical property in structural engineering.
Previous investigations into the fracture resistance and failure characteristics of HEAs
have primarily focused on the exceptionally tough FCC alloys, whose toughness values
exceed 200 MPa.m®°[140, 148, 149]. Compared to that, fracture toughness studies on
RHEAs are limited and include non-standard specimens such as micro-cantilever beams
in the case of NbMoTaW [65, 66] and notched fracture toughness tests for (TiZrNbTa)1oo-
xMoy [150]. Fan et al. [151] performed fracture toughness tests on a single-edge notch
bend specimen of the equiatomic TiZrHfNbTa alloy using the J-integral approach and
measured a fracture toughness of 210 MPa.m®®. Recently, ion irradiated equiatomic
TiZrHfNbTa specimens were tested with a nanocrystalline microstructure using
microcantilever single edge notch beam and millimeter single edge bend configurations;
a fracture toughness of 38.1 MPa m®° was obtained in the unirradiated condition [152]. A
notable non-equiatomic NbTaTiHf RHEA showed high fracture toughness resistance, up
to 253 MPa m®® at room temperature, but it did not meet specimen size requirements

[27]. Interestingly, the non-equiatomic NbTaTiHf had useful cryogenic and high
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temperature fracture toughness values of 86 MPa m®® at cryogenic temperatures and 67-
93 MPa m°? at elevated temperatures.

The wide range of reported fracture toughness values raises a question of the
“real” toughness of TiZrHfNbTa-based RHEAS that requires further understanding. Is the
high fracture toughness specific to a few compositions or is it more general to the
TiZrHfNbTa composition? To investigate this, the equiatomic TiZrHfNbTa alloy and
three non-equiatomic derivative alloys (Tize.7Zr26.7Hf26 7NbioTazo, TizoZr2oHf20NbzsTas,
and TisoZra0Hf20Nb1oTa10) were synthesized. The alloys were designed with two different
ratios of HCP elements (Ti, Zr, Hf) to BCC elements (Nb, Ta), namely, 60:40 and 80:20
HCP:BCC. This approach is based on the notion that increasing the concentration of HCP
elements spreads the dislocation core structure and promotes ductile behavior [115].
These alloys were chosen since they represent large compositional variations yet exhibit
similar tensile stress-strain behavior as the equiatomic alloy. The materials were tested
using the compact tension geometry, measuring crack initiation and growth resistance as
described in ASTM standard E1820 [153]. The arc-melted alloys had comparable
microstructures after homogenization, cold-rolling, and recrystallization. In what follows,
their fracture behavior is characterized and reasons for differences in their failure

characteristics are discussed in detail.
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Methods

Alloy Processing

The investigated alloys had compositions of HCP to BCC elements with ratios of
60:40 and 80:20. They were chosen because of their ductile nature and ability to be
deformation processed at room temperature. Alloys were prepared by arc-melting the
constituent elements. The arc-melted buttons were flipped and remelted at least five times
and drop-cast into a 25.4 mm x 25.4 mm x 25.4 mm mold in a titanium-gettered
atmosphere. After drop casting, the hot tops were removed from the ingots using wire
electrical discharge machining (WEDM) and subsequently inspected for porosity. The
ingots were cleaned with nitric acid and then ethanol, followed by homogenization at
1200 °C for 24 h in a Brew vacuum furnace (previously Brew, Concord, NH, USA,
currently Thermal Technology LLC, Minden, NV, USA) and furnace cooled to room
temperature. The homogenized ingots were cold-rolled to ~78% thickness reduction
using 5% reduction per pass to a ~5.5 mm final thickness. After cold rolling, rectangular
specimens were cut from the ingot, cleaned, and encapsulated in quartz ampules filled
with 0.5 atm 99.99% argon after three purge and backfill sequences. The encapsulated
samples were recrystallized at 1000-1100 °C for 0.25-1 h in a Nabertherm muffle furnace
(Nabertherm GmBH, Lilienthal, Germany), followed by cooling to room temperature by
removing the quartz ampules from the furnace. Details of the recrystallization treatments

are in Table 3.1.
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Table 3.1: Recrystallization parameters for each composition.

Alloy Recrystallization temperature and
time

Ti20Zr20Hf20Nb20Tazo 1100°C, 1h

Ti20Zr20Hf20NbzsTas 1055 °C, 0.83 h

Tize.7Zr267Hf267Nb1oTaze 1100 °C, 0.25 h

Tia0Zr20Hf20Nb10Ta10 1000 °C, 1 h
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Chemical analyses using inductively coupled plasma atomic emission spectroscopy (ICP-
AES) and LECO combustion were performed on recrystallized samples to obtain alloy
compositions and interstitial chemistry. Throughout this manuscript,
TizoZraoHT20Nb2oTa is referred to as equiatomic and all other alloys are collectively
termed as non-equiatomic.

Fracture Toughness Characterization

Fracture toughness tests in accordance with ASTM standard E1820 [153] were
performed using compact tension, C(T) specimens with thickness B ~5 mm and width W
~16 mm to assess the alloys’ resistance to crack growth with crack extension, i.e., their
crack resistance curve, R-curve behavior; the C(T) specimens were machined from the
recrystallized batches of material using wire-electrical discharge machining (WEDM).
Samples were ground with SiC paper from 500 through 4000 grit and polished with
colloidal silica (0.05 um) to enable measurement of the length of the precrack on the
surface of the samples. Precracking and testing were done on an Instron 8872 (Instron,
Norwood, MA, USA) servo-hydraulic fatigue testing system with a constant stress
intensity range, AK, of 6-12 MPa.m®®°, a minimum to maximum load ratio, R = 0.1, ata
frequency, f of 30 Hz using a 5 kN dynamic load cell. Crack length, a, was monitored
using unloading compliance as described in the standard [153] and, additionally,
repeatedly measured with optical microscopy (OM) throughout interrupted precracking.
Compliance was measured with an Epsilon clip gauge (-1/+4 mm travel; Epsilon

Technology, Jackson, WY, USA) mounted onto knife edges that were machined at the
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crack mouth on the front face of the samples. After precracking, with the exception of
one equiatomic sample, specimens were side grooved using WEDM to ~4 mm net
thickness, Bn to increase crack tip constraint during testing. Fracture toughness tests
utilized a 25 kN load cell and a displacement rate of 2 mm/min; unloading cycles to 20%
of the peak load were started at an initial displacement of 0.1 mm and subsequently at
0.02 mm incremental displacements. To facilitate the CTOD measurements with crack
path profilometry, specimens were tested beyond the calibrated range of the clip gauge
and cyclically loaded to failure at R = 0.5. Subsequently, the initial precrack length was
measured throughout the thickness of the samples and used to correct the final R-curves.
For the non-equiatomic alloys, two specimens were tested for each alloy to assess
repeatable behavior with precracks ranging between 0.53 < a/W < 0.61. For the
equiatomic alloy, three samples with different crack lengths and geometries were tested:
one side-grooved with a/W ~ 0.63, one without side grooves and a/W ~ 0.62, and one
additional sample that was side-grooved with a/W ~ 0.72 — this sample with extended
initial crack length was tested to understand the impact of ligament width and make it
directly comparable to the Fan et al. study [151]. Mechanical data including yield
strength, oy, ultimate tensile strength, curs, flow stress, o (defined here as or = (oy +
outs) / 2), Young’s modulus, £, and Poisson’s ratio, v, were obtained from Chapter 2.

Microstructure and Fractographic Analysis

X-Ray diffraction (XRD) was performed on recrystallized specimens using a

Panalytical Empyrean instrument (Malvern Panalytical Ltd, Malvern, UK) with a Cu

84



source (A = 0.15406 nm) on the ground surface (>2000 grit) of the recrystallized
specimens. Samples for microstructure characterization were cut from both the
recrystallized bar and from tested C(T) specimens, mechanically ground to 4000 grit, and
polished with colloidal silica. Backscattered electron (BSE) imaging and fractography
were performed with a Zeiss Auriga scanning electron microscope (SEM; Carl Zeiss
Microscopy, Minchen, Germany) and electron backscatter diffraction (EBSD) scans
were performed with a JEOL 7001 SEM (Jeol, Tokyo, Japan) with an EDAX EBSD
detector (EDAX, LLC, Pleasanton, CA, USA). Energy dispersive X-ray spectroscopy
was performed with a Zeiss EVO15 (Carl Zeiss Microscopy, Miinchen, Germany) with
Elite Super detector (EDAX, LLC, Pleasanton, CA, USA) in tandem with BSE imaging
and EBSD was performed at 20 kV and fractography images taken at 5 k\V. CTODs were
determined through profilometry measurements using an Olympus DSX510 optical
microscope (Evident Corporation, Tokyo, Japan). For the profilometry, stacks of OM
images taken at ~3 um vertical steps were stitched together up to a height of ~1300 um to
capture the lowest and highest points of each fracture surface. From the stitched images, a
cavity was identified near the crack tip and the profiles of the corresponding crack paths
from both fracture surfaces were aligned to determine the CTOD of the cavity using a
45°-degree right triangle as describe by Shih [154]. CTOD measurements used at least
two lines averaged from different fractographic surfaces from each specimen. After the
fractographic analysis, one half of a tested specimen was bisected along W for post-test

microstructural and deformation analysis.
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Results

Initial microstructure

EBSD scans taken from the midplane below the precrack after each alloy was
tested, Figure 3.1a-d, show their fully recrystallized microstructures with equiaxed
grains ranging from 83 pm in Ti2oZr20Hf20NbssTas to 223 pm in
Tize.7Zr26.7Hf26.7Nb1oTaze. All four alloys exhibit an overall randomly oriented grain
structure with only minor texture, as seen in the inverse pole figure. Texture is most
pronounced for the Tize.7Zr26.7Hf267Nb1oTazo alloy at 4.1 above random (i.e., 4.1 times
more likely for grains to be specifically orientated than their orientation being randomly
distributed) and weakest for the TizoZr20Hf20NbssTas alloy, 2.0 above random. It should
be noted that the higher number indicating the minor texture in Tize 7Zr26.7Hf26 7Nb1gTa1o
may be associated with the larger grain size and the correspondingly lower number of
indexed grains. Consistent with this, preferred texture decreases qualitatively with grain
size, Figure 3.1. BSE images, insets of Figure 3.1a-d, indicate no secondary phases at
grain boundaries and triple points, in accordance with the XRD patterns from the
recrystallized samples, Figure 3.2, that show only single-phase BCC peaks with lattice
parameters close to those previously reported for TiZrHfNbTa RHEAs [68, 98], and in
Chapter 2. ICP-AES and LECO combustion results, Table 3.2, show all alloys have low
amounts of interstitial elements and are close to the intended composition, although with
a slightly reduced Hf content; compositions in atomic% are provided in supplemental

Table 3.1.
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Figure 3.1: EBSD maps with corresponding grain sizes and pole figures from
recrystallized microstructures of the (a) equiatomic and (b-d) non-equiatomic RHEAS;
inserts display BSE images indicating grain boundaries and triple points free of
secondary phases.
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Table 3.2: Alloy compositions measured by ICP-AES for metallic elements and
LECO combustion for interstitial elements. Metallic elements are reported in weight
percent and interstitial elements are reported in parts per million by weight.

Ti Zr Hf Nb Ta @) N H C

Ti20Zr20Hf20 9.3 157 244 184 31.8 360 90 20 <100
Nb2oTazo
Tiz20Zr20Hf20 9.6 174 272 333 121 170 110 20 <100
NbassTas
Tize7Zre7Hf67 202 187 289 9.6 21 50 20 10 <100
NbioTaio
TisoZr20Hf20 125 224 345 98 202 160 100 30 <100
NbioTao
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Figure 3.2: XRD patterns taken from samples with recrystallized microstructures prior to
testing indicate a single-phase BCC crystal structure for all four alloys.
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Chemical maps from energy dispersive X-ray spectroscopy are located in
Supplementary Figure 3.1.

J-integral testing

Representative R-curves for each alloy are shown in Figure 3.3. R-Curves in
Figure 3.3a are for the equiatomic specimens in three conditions: side-grooved with a/W
~0.63, and ~0.72, and not side-grooved with a/W ~0.6. Figure 3.3b shows R-curves from
non-equiatomic alloys; samples are side-grooved samples with similar precrack lengths
(a/W ~ 0.6) and thicknesses (B ~ 5 mm and B, ~ 4 mm) and only values from the
calibrated clip gauge range (-1/+4 mm) are shown. Negative crack growth was seen at the
onset of testing and is likely associated with crack closure, as a result, causes a decrease
in sample compliance, to cause apparent negative crack growth. To compensate, the R-
curves were moved to the 0-mm blunting line as suggested by Seok [155]. Two types of
failure were observed during testing: sudden crack extension after the initial blunting,
only seen in the equiatomic alloy, and excessive blunting where the crack resistance
increases linearly without substantial crack growth up to the limit of the clip gauge, that
is above the J-limit (= bo of /7.5) of our used sample size — this behavior was seen for the
non-equiatomic alloys. The E1820 Jo analysis cannot be used for the three non-
equiatomic alloys as the data do not meet the power-law fitting requirements of the
standard. Jq for the equiatomic alloy is based on the J-value at sudden crack extension,

i.e., ~105 kJ/m?.
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Figure 3.3: Fracture behavior of the investigated TiZrNbHfTa alloys. (a) R-curves for
TizoZroHf20Nb2oTaze, and (b) non-equiatomic. Solids lines are the blunting lines
(diagonal) and J-limit lines (horizontal), which are alloy and sample dependent
respectively. Middle inserts are the C(T) geometries used and a combined R-curve for

comparison.
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This number, however, does not meet the sample size criterion of the standard for sudden
crack extension (i.e., B, bo = 100 Jo/cy) and the J-value, and corresponding fracture
resistance in terms of stress intensity of 108 MPa.m?? calculated under the assumption of
predominantly plane-strain conditions, Ko = [E Jo/(1-v?)]¥? using the mechanical
properties listed in the previous chapter, should hence only be seen as a size-dependent
value.

The different failure characteristics of the equiatomic alloy were further
investigated by testing samples that i) had a longer precrack and therefore a shorter initial
ligament, bo, and ii) had no side grooves; both modifications result in reduced crack tip
triaxiality and hence less constraint. Despite these changes in sample configuration, the
modified specimens showed sudden crack extension similar to the side-grooved sample
with a/W ~ 0.63, but with increased Jo, 152 kJ/m? (i.e., Kq ~ 129 MPa.m®") for the
specimen with increased crack length (a/W ~ 0.72), and 202 kJ/m? (i.e., Ko ~ 149
MPa.m%®) for the specimen without side grooves (a/W ~ 0.62). Compared to that, first
crack extension in the side-grooved a/W ~ 0.63 sample occurred at Jo ~ 105 kJ/m? (i.e.,
Kq ~ 108 MPa.m?%) whereas after stable crack growth to a/W ~ 0.80 a second sudden
crack extension occurred at J ~ 240 kJ/m2. The R-curves of the various samples together
with the J-values at sudden crack extension, back-calculated K-values, and the crack

extensions, Aaj are shown in Figure 3.3a.
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Crack Tip Opening Displacement

CTOD profilometry measurements from cavities near the crack tip, that form in
ductile materials during crack initiation and growth, enable an alternative measure of J
via Jctop = 6 oy/dn, Where ¢ is the CTOD value and d, a constant dependent on work
hardening and thus an alternative means to assess an alloy’s fracture toughness [154].
Examples of crack path profilometry measurements taken from the mid-section at the
transition of the precrack to the overload fracture region are seen in Figure 3.4. The
fractographs of side-grooved sample with a/W ~ 0.63 from the equiatomic alloy, Figure
3.5a, and from the non-equiatomic alloys, Figure 3.5b-d, show the morphology of the
blunting region. While the measured CTODs in TiZrHfNbTa are only ~85 um, the
CTOD:s in the non-equiatomic alloys range from ~207 um in the TisZr2o0Hf20NbigTaio
alloy to ~335 pm in Tize7Zr267Hf267NbioTaio. The corresponding Jcrop in the equiatomic
alloy, using dn = 0.78 for a low work hardening material, is 101 kJ/m? and, as such, in
agreement with Jo ~ 105 kJ/m? at the first sudden crack extension. Compared to that, for
the non-equiatomic alloys, Jcrop range from 231-352 kJ/m?; due to the lack of crack
extension in these alloys Jo-values according to the standard could not be determined and
a direct comparison to the Jctop-numbers is hence not possible. The CTOD
measurements for the various sample geometries of the TiZrHfNbTa and the non-
equiatomic alloys together with the corresponding Jctop-numbers and Kcrop-values are

summarized in Figure 3.4e.
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Figure 3.4: (a-d) CTOD profiles for each alloy showing location of measurements. (e)
CTOD statistics for the non-equiatomic alloys and (f) the equiatomic samples, with J
calculated using the Shih equation and K calculated using plane strain assumption.
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Figure 3.5: Fracture surface overviews for each alloy after testing: (a)
TizoZraoHf20Nb2oTazo, (b) TizoZr2oHf20NbssTas, (C) Tize.7Zr26.7Hf26.7Nb1oTas, and (d)
TiaoZr20Hf20Nb1oTao.
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They clearly show the differences in fracture resistance between the equiatomic and non-
equiatomic alloys, where the equiatomic samples are consistently below the non-
equiatomic. Note that CTOD in the equiatomic a/W ~ 0.72 specimen was measured by
fitting a right triangle onto the fracture surface, since both sides were preserved for EBSD
analysis.
Fractography

The equiatomic alloy has an overall flat fracture surface after a relatively small
stretch zone, indicating blunting at the end of the precrack, as shown in Figure 3.5a, and
in the polished side view, Figure 3.6a. In stark contrast, the non-equiatomic alloys have
significantly larger stretch zones that are evident in Figure 3.5b-d, and by the large
vertical tearing seen in the side views, Figure 3.6b-d, followed by shear overload in the
plane stress regions. Details of the fracture process in TiZrNbHfTa are indicated in
Figure 3.7, where Figure 3.7a gives an overview of the fracture surface showing the
extent of the tested region through the formation of the stretch zone and the overload
fracture region, which contains both cleavage and dimples. The subsequent fast fracture
event, that is shown as sudden crack extension in the R-curve in Figure 3.3a, is primarily
governed by cleavage before the crack arrests after ~1.7 mm crack extension, shown in
Figure 3.7c. Further crack growth occurs through sub-critical crack growth between
~1.7-3 mm crack extension, Figure 3.7d, after which another fast fracture event occurs,

shown in the R-curve in Figure 3.3a as second ‘jump’ in crack extension.
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Figure 3.6: Crack paths in each alloy in OM as polished, (a) Ti2oZr2oHf20Nb2oTazo (b)
TizoZroHf20NbssTas (C) Tize.7Zr26.7Hf26 7Nb1oTaz0, and (d) TisoZroHf20NbioTalo. Samples
are orientated the same and differences in path are solely the result of crack growth.
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Figure 3.7: Macroscopic SEM images of the side-grooved and non-side-grooved
precracked a/W ~ 0.6 equiatomic specimen. (a) Macroscopic image of the fracture
surface with image locations overlaid. (b) Stretch/blunting region with the formation of
some dimples and primarily cleavage fracture. (c) The end of sudden crack extension
containing cleavage. (d) Overview of the end of sudden crack extension and beginning of
a second fast fracture (roughly indicated with dotted line) showing dimpling and
cleavage. Scale bars in images b-e are 100 um. (¢) OM image of non-side-grooved
sample where the dotted line indicates the crack growth during testing resulting in a
tunneled fracture surface.
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In Figure 3.7d, crack tip blunting and the formation of dimples at the onset of fast
fracture do not occur uniformly throughout the entire thickness of the sample but at
individual locations along the crack front. For the non-side-grooved sample, the OM
image in Figure 3.7e shows that the lack of crack-tip triaxiality throughout the sample
thickness results in pronounced tunneling with significantly more crack extension in the
center of the sample than closer to the surface [156].

Comparatively, the non-equiatomic alloys exhibit extensive plastic deformation
during testing, as shown through the thickness contractions in the OM macroscopic
views, Figure 3.8a-c, and the resulting pronounced stretch zones, Figure 3.8d-f, that lead
to excessive crack tip blunting and fully ductile failure, as evident from the fracture
surface overviews Figure 3.5 and Figure 3.6b-d. Detailed examples of the fracture
surfaces, Figure 3.8g-i, show that failure in these alloys occurs primarily through the
formation of cavities and dimples that leads to pronounced shear offset throughout
localized regions on the fracture surface and, ultimately, in tearing. As a result, crack
growth occurs without clearly distinguishable inter- and transgranular features that would
indicate cleavage fracture as in the equiatomic alloy. EBSD scans from bisected samples
of the equiatomic alloy, Figure 3.9a and Figure 3.10a, and the non-equiatomic alloys,
Figure 3.9b-d, show differences in the micromechanisms of the materials. Crack
propagation in TizZroHf20Nb2oTaz occurs primarily along the grain boundaries with
only limited plastic deformation within the grains in the vicinity of the propagated crack

and the formation of few kink bands along the crack path that have previously been

99



reported to extensively form in this alloy [151, 157]. Despite the intergranular failure,
crack propagation appears to occur with the formation of voids, as evident from cavities
that form at the grain boundaries, shown in Figure 3.9a, and ahead of the crack tip in
Figure 3.10a. Further evidence for this mechanism, that is typical for ductile materials,
can be seen in Figure 3.10b, where facets at a grain boundary indicate the formation of
dimples. Compared to that, the non-equiatomic alloys show fully ductile failure
characteristics with pronounced grain misorientations along the path of the propagated
crack, grains contorted towards the tensile direction, and extensive plastic deformation
throughout the sample, Figure 3.9b-d. While there are no signs of cleavage in the non-
equiatomic alloys, there are cavities forming along grain boundaries near the crack path
and a few locations of heavily distorted grain boundaries indicate decohesion and
intergranular tearing. Furthermore, there is significantly more kink band formation than
in the equiatomic alloy, similar to what has been reported for Tiz2oZr2oHf20Nb2oTazo in
previous studies [157].
Discussion

The fracture behavior of the equiatomic alloy is distinct from the non-equiatomic
alloys. Jo was not the same in equiatomic alloy with the changes in specimen geometry;
Jctop increases to 143 kJ/m? with a/W ~ 0.72 and 157 kJ/m? with the removal of side
grooves, indicating an issue of size constraint. Jctop for the equiatomic alloy correlate
well with the R-curve, particularly the side grooved specimens, since Jq is based on

sudden crack extension rather than 0.2 mm regression.
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Figure 3.8: Fracture surface analysis in the non-equiatomic alloys: (a,d)
TizoZroHf20NbssTas, (b, €) Tize.7Zr267Hf267NbioTaso, and (c, f) TisoZroHf20NbioTazo. (a-
c) Fracture surfaces of the tested specimens, scale bar is 2 mm. (d-f) Fracture surfaces
near the precrack showing the blunted portion of the extended crack.
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Figure 3.9: EBSD scans taken near the precrack of samples that were bisected after
testing: (a) side-grooved Ti2oZr20Hf20Nb2oTaze with a/W ~ 0.72, (b) TizeZroHf20NbssTas,
(c) Tize.7Zr26.7Hf26.7Nb1oTa1o, and (d) TiseZroHf20NbigTae. Black arrows show cavities,
red arrows kink bands, and white arrows intergranular failure. The cavities were
manually cropped to black since they were falsely indexed during EBSD. Locations of
EBSD scans are shown in Figure 3.6.
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Figure 3.10 Micromechanisms occurring during crack growth in the equiatomic alloy. (a)
EBSD image showing intergranular failure with a hairline fracture before a blunted
intergranular void. (b) Micrograph near the precrack/blunted region showing a grain facet
with small dimples, dimples magnified in insert.
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Conversely, the non-equiatomic alloys - despite being side grooved - have plastic
contraction, seen in the fracture surfaces Figure 3.8a-c by the change in thickness,
resulting in poor constraint which inflate J-values. The non-equiatomic R-curves are
abnormal in that they are almost parallel to their respective blunting lines and make their
interpretation unfeasible with ASTM E1820. This behavior can be better described as the
material tearing and does not display the usual power law behavior associated with
meaningful crack growth. The ductile behavior of the non-equiatomic alloys can be seen
in the standard deviations in the CTODs: the excessive plastic deformation caused greater
variability in the measured non-equiatomic CTODs compared to the equiatomic CTODs.
The profiles for CTOD measurements were not rotated, making them conservative
measurements but more erroneous at higher CTOD measurements.

The cause of the equiatomic brittle fracture behavior cannot be understood
through the R-curves alone and requires further analysis of the fracture surfaces. The
initial blunting at the precrack has intermittent regions of dimpling within ~170 um of the
blunted precrack, Figure 3.7b. Past the blunted region, the sudden crack extension region
is predominantly cleavage and intergranular failure with little to no dimpling, Figure 3.7c
, and transitions into a blunting region with dimpling but not covering the whole
thickness of the specimen, Figure 3.7d. It occurs at a similar distance as where the R
curve indicates the end of the sudden crack extension (first gap in the black curve Figure
3.3a). The dimple formation in the middle of the sample is indicative of dynamic

mechanical constraint where crack tip triaxiality is sufficient near the crack tip to cause
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sudden crack extension but insufficient further down the ligament to continue. Lack of
sufficient triaxiality is further confirmed in the non-side grooved specimen, Figure 3.7¢,
where the tunneled surface is an indication that crack tip triaxiality is insufficient to
uniformly extend the crack [156]. EBSD scans in the equiatomic alloy, Figure 3.9a and
Figure 3.10a, show that void and crack growth occur intergranularly. Near the blunting
region, Figure 3.10b, initial dimples formed along the grain facet indicating that the
grain boundary is the most likely site of dimple-cavity formation in the equiatomic alloy.
The non-equiatomic alloys also show similar intergranular behavior. The intergranular
features in Figure 3.9b-d, notably grain boundary cavities and kink bands that either start
or end at grain boundaries, indicate that the non-equiatomic alloys, despite being very
fracture resistant, are mechanistically prone to grain boundary failure. While all these
alloys show roughly similar tensile behavior, as indicated in Chapter 2, the equiatomic
alloy does have the highest yield strength and ultimate tensile strength.

The previous fracture toughness test performed by Fan et al. [151] on the
equiatomic alloy had a Jic of 384 kJ/m? in a three-point bend geometry where the limiting
dimension was the initial ligament at 4.54 mm. Our study has a ~5 mm thickness with an
initial ligament ranging from 6.4 mm to 4.48 mm. The blunting seen in the non-
equiatomic alloys is similar to Fan et al.’s results, but the equiatomic alloy in the current
study does not behave accordingly. The difference between Fan et al.’s study and the
current study could be attributed to specimen geometry and constraint. T-stress, the

transverse stress, has been used as a measurement of crack constraint [158, 159] and has
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previously been correlated with embrittling fracture behavior in A533 steel measuring J
and T-stress [160]. Using the plane-strain values from Sherry et al. [161], the C(T)
geometry used in this study had a biaxiality ratio (8 = T+/ma/K;) of 0.59 and the three-
point bend geometry in Fan et al.’s study had 0.46, indicating lower constraint in the
three-point bend geometry. While T-stress is an elastic stress, J-Q finite element analysis,
where Q is a unitless description of triaxiality, is better suited to describe triaxiality
during plastic deformation [162]. Both the three-point bend [162] and the C(T) [163]
geometries have similar trends in Q during deformation with high triaxiality at low
deformation followed by constraint loss with increased J (deformation is normalized as J
/' b oys) but a shorter initial ligament loses constraint at lower J-values. Interestingly with
the side grooved equiatomic specimens, the length of sudden crack extension decreases
linearly with J / b oys, where J and b are J-value and the ligament before the sudden crack
extension, Figure 3.11. The plot does not include the non-side grooved specimen since
the constraint along the crack front is different from the side grooved specimens. The
decreasing trend would indicate that the sudden crack extension is dependent on the
initial crack geometry and deformation rather than the material. Increasing J / b oys results
in constraint loss and would decrease the amount of material under sufficient constraint
for the crack to extend suddenly. While the relationship has no physical meaning outside
the first quadrant, i.e. with enough deformation the crack extends backwards, the trend

indicates that with a sufficiently small ligament sudden crack extension can be avoided.
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Figure 3.11 Normalized deformation ( J/b oy) against the sudden crack extension length,
a/W corresponds to the specimen in Figure 3.3a — not the length of crack taken at

measurement.
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The difference between fracture behavior in the non-equiatomic and equiatomic
alloys could be attributed to the equiatomic alloy’s higher yield strength resulting in a
dynamic mechanical constraint [164]. Sudden crack extension has previously been
investigated, referred to as pop-in [164], and is associated with heterogenous
microstructures such as welds [165], and chemical segregation [166], but does occur in
homogenous microstructures with yield phenomena [167] and dynamic mechanical
constraint [164, 168]. The crack growth behavior in the equiatomic is consistent with
similarly strong bainitic steel [168]. The bainitic steel had a homogenous microstructure
of 50 um prior austenite grains and 10 pm bainite colonies, distributed uniformly, where
cleavage facets were similarly sized as the prior austinite grains and dimple size
consistent with bainite colonies. The equiatomic alloy has the high strength that allows
for high triaxial stress near the crack tip but insufficiently large stresses further away to
maintain constraint and extend the crack throughout the whole ligament. The lack of
meaningful dimple formation in the equiatomic is likely the result of no secondary phases
to provide a cavity nucleation site and the high triaxial stresses at the crack tip preventing
void growth. The non-equiatomic alloys, however, have sufficiently low yield strengths
to prevent dynamic constraint and allow for dimple formation and tearing. The lack of
secondary phases makes grain boundaries the most likely microstructural feature to
accommodate voids and deformation.

The issue of crack tip constraint has been previously addressed in fracture

mechanics and the issue can be summarized as “low work hardening materials increase
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plastic zone sizes and break constraint”. E813, the previous standard for J testing [169],
used B, bo> 25 J / oy as the size requirement. The sample size requirement was relaxed to
B, bo > 10 J / of using data from DIN 22NiMoCr37 steel [170, 171]. However,
TiZrHfNbTa type alloys typically exhibit little work hardening and little uniform strain
[46, 72, 83] with previously reported work hardening increments ranging from 30 MPa to
120 MPa [46, 72]. Therefore, it does not require much crack growth before the plastic
zone size increases to unacceptable levels and the surrounding elastic constraint is lost. A
similar problem occurred in strain-softening bulk metallic glasses [172] where the elastic
Kic size requirements were determined to be reasonable for bulk metallic glasses but the
E1820 size requirements were too lenient to measure size-independent fracture
toughness. For determining the true (i.e., size-independent) fracture toughness of
TiZrHfNbTa alloys, sample sizes should be increased. Increasing the sample size should
not only focus on thicker specimens but also include larger initial ligaments to maintain
constraint [162]. The difficulty in processing large ingots of TiZrHfNbTa alloys places
practical size limitations but future tests might try to achieve E813 size requirements (B,
bo> 25 J/ oy) to ensure valid fracture toughness measurements. A more practical
approach for designing future experiments might use the E1820 [153] size requirements
for sudden crack growth (B, bo > 100 J / o¢). This would place B and bo at 11 mm for
sudden crack extension at Jo = 100 kJ/m?; while placing the upper valid Jq limit on

regular size requirements at ~400 kJ/m? using B, bo> 25 J / 6y. Using the sudden crack
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extension size requirement does make sample preparation more difficult but would

provide clarity to the fracture toughness behavior of TiZrHfNbTa alloys.

Conclusions

This study investigated the fracture behavior in equiatomic and compositionally
modified TiZrHfNbTa alloys. Alloys were prepared by arc-melting, homogenization,
cold-rolling, and recrystallization. All the alloys had a similar microstructure with a
single-phase BCC microstructure with grain sizes 82 um — 223 um, after recrystallization
as determined by XRD and SEM.

Two distinct fracture behaviors were seen in C(T) J; tests: the equiatomic
TiZrHfNbTa had sudden crack extension after an initial blunting, and the non-equiatomic
alloys showed extensive blunting and tearing. CTOD measurements from profilometry
show that Tioe.7Zr26.7Hf26.7Nb1oTaio had the highest CTOD at 335 um and TiZrHfNbTa
the lowest at 85 um, in the most constrained sample, with respective J-values of 353
kJ/m? (183 MPa.m®°) and 100 kJ / m? (105 MPa m®®). Analyzed with EBSD on bisected
specimens, the main crack propagation mechanism in the equiatomic alloy, after blunting,
was intergranular and transgranular cleavage; while the non-equiatomic alloys had stable
tearing, and intergranular cavity formation. As seen in previous studies, kink bands were
near the crack path in all alloys but more prevalent in the non-equiatomic alloys.

While this study did not replicate the results in Fan et al.’s study [151] on the
equiatomic alloy, similar behavior was seen in the non-equiatomic alloys, though the tests

did not meet ASTM E1820 requirements making all fracture toughness values in this
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study geometry dependent. Due to the low work hardening in TiZrHfNbTa alloys, it is
possible that the E1820 Jic size requirements could be inappropriate in analyzing the
fracture behavior. Future tests should focus on achieving larger specimen sizes to
determine Jic so that sufficient constraint is ensured. In the context of room temperature
mechanical behavior, the lower fracture toughness of 105 MPa.m%® found in this study —
though an overestimate — would still be a structurally functional material, akin to fracture

toughness values seen in solution treated p-titanium alloys [173, 174].

111



Appendix — Supplementary Material

Supplementary Table 3.1: Compositions reported in Table 3.2 converted to atomic percent for
metallic elements and atomic parts per million for interstitial elements.

Alloy
Ti20Zr20Hf20Nb20Taz20
Ti20Zr20Hf20Nbzs Tas
Tize.7Zr26.7Hf26 7Nb1oTa0
TiaoZr20Hf20Nb1oTa10

Ti

21.9
20.6
41.6
28.4

Zr

19.5
19.6
20.2
26.7

112

Hf

155
15.6
16.0
21.0

Nb

22.5
36.8
10.1
115

Ta
19.9
6.9
115
12.1

N

729
806
705
155

@)
2552
1091
987
340

C

2251
2037
2937
1079
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Supplementary Figure 3.1: BSE images and their complementary EDS maps. EDS was
performed at 20 kV and 10 nA. The maps do not show any significant inhomogeneities in
the alloys.
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Chapter 4  Thermal stability in derivative Senkov alloys
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This work is being prepared for publication. WJ Carpenter performed the specimen
preparation, microscopy, analysis, and wrote the first draft. Y. Yang performed
CALPHAD analysis. EP George conceived and supervised the study and edited the
drafts.
Abstract

Derivatives of TiZrHfNbTa were annealed in vacuum for times to 4800 h at 700
°C and 1000 °C followed by water quenching to assess their thermodynamically stable
microstructures. At 700 °C, microstructures included single-phase body centered cubic
(BCC) with incidental secondary phases, homogenously precipitated secondary phases in
BCC grains, and lamellar microstructures comprising hexagonal close-packed (HCP) and
BCC layers. Among these, only the lamellar structure, deduced to be from a
decomposition reaction rather than a eutectoid, shows substantial hardening after 48 h at
700 °C. After the 1000 °C anneals, specimens show predominately BCC grains with
incidental secondary phases at the grain boundaries. Hardness tests however indicate that
the 1000 °C heat treated specimens at 4800 h absorbed interstitial elements, which
confounds the interpretation of thermal stability. Nevertheless, it is believed that the
stability of the BCC phase is not due to oxygen absorption but rather because it is
inherently stable at 1000 °C.
Introduction

RHEAs are being investigated for high temperature applications. Initial interest

was spurred by the relatively high yield strengths of NboTaMoW and VNbTaMoW [19]
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and the room temperature ductility of TiZrHfNbTa [46]. A “classic” RHEA is single-
phase [12] and runs contrary to the fact that many engineering materials such as pearlitic
steels, precipitation hardened Al, and y/y’ Ni-base superalloys are not single-phase
microstructures. TiZrHfNbTa alloys can be processed by cold rolling [46], while
VNbTaMoW cannot [19], rendering TiZrHfNbTa more amendable to alloy design.
Adhering to the single-phase microstructure does not provide many avenues for
modifying material properties: compositions can be changed but usually requires a gross
change and it is difficult to know whether useful alloys will result. If processing permits,
grain size and dislocation density can be modified but are not ideal for high temperature
application since smaller grains promote creep and the increased dislocation density will
disappear by recovery and dynamic recrystallization, lowering the strength during service
[175]. In the few creep studies done on TiZrHfNbTa alloys [24, 25, 28], TiZrHfNbTa
underperforms compared to single-crystal Ni-base superalloys [24].

To have high temperature strength, RHEAs need multiphase microstructures. The
secondary phases of TiZrHfNbTa appear between 500 "C and ~1000 °C [47]. Secondary
BCC phases form between 500 °C - 900 °C in high pressure torsion samples [47] and at
800 °C in conventionally processed material [23, 29, 120]. At 980 °C, the BCC phase
forms within the gauge section of creep specimens after 61 h [24], implying stress
assisted precipitation. HCP phases emerge at 500 °C to 800 °C in high pressure torsion
samples [47], as also seen in conventionally processed material [120]. Fewer studies have

been performed on the thermal stabilities of derivatives of TiZrHfNbTa. HfNbTaTi

116



annealed at 1400 °C for 35 h showed a homogenized microstructure [48]. Unexpectedly,
annealing of TaNbZrHf at 1800 °C for 192 hours results in Hf-Zr rich HCP and NbTa
rich BCC phases [49]. So far, secondary phases in TiZrHfNbTa appear to be only
detrimental to ductility, both at high temperature [23] and at room temperature [29, 47].
Purposeful additions of intermetallic formers to RHEAS have been used to specifically
obtain desirable microstructures. Initial results by Senkov et al. on AIMoosNbTaosTiZr
showed a promising B2 + BCC microstructure that looked similar to y/y’ superalloys
[51]. While the initial issue of inverting the microstructure from a B2 matrix with BCC
precipitates to a BCC matrix with B2 precipitates was solved relatively quickly [53],
there remains the detrimental transformation of the B2 phase to an  phase [56]. More
recent work on finding suitable B2 formers has suggested Ru being the most suitable
candidate [59]. Significant effort has been put into understanding HfRu [60-62] and HfZr
[60] precipitates as well as modifying matrix compositions to suitably fit the precipitates
[60].

Regardless of whether or not the Ru and Al additions will result in multi-phase
alloys that have suitable creep properties, there is still a need to understand the thermal
stability of single-phase RHEAs. Simply put, if a RHEA matrix is used with an
intermetallic compound, the matrix by itself will still have thermal stability issues to
contend with at intermediate temperatures such as cyclic heating and cooling in jet
turbines during takeoff and landing [116]. There is a dearth of long-term heat treatments

on TiZrHfNbTa derivatives at intermediate temperatures. At the very least such data can
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be used to assist CALPHAD calculations, but more importantly, such studies can provide
insight on issues and opportunities that can arise from the intermediate microstructures.
In this study, the same TiZrHfNbTa derivatives as described in previous chapters were
subjected to long term heat treatments up to 4800 h. Their microstructural evolution was
studied with SEM and XRD.
Methods

Alloys were arc-melted and flipped five times before being dropped cast into 25.4
mm X 25.4 mm x 25.4 mm copper mold. Afterwards, the alloys were homogenized for 24
h at 1200 °C in quartz capsules and cold rolled to 80% reduction. From here, samples
were either left in the cold rolled state to provide nucleation sites for secondary phases (at
dislocations) or were recrystallized at 1200 °C for 1 h to obtain a lower-energy starting
state. The processing flow is shown in Figure 4.1. Specimens were then prepared in the
following order: mechanically ground, sonicated in soapy deionized (DI) water, cleaned
with 2:1 water to nitric acid, rinsed with distilled water, sonicated in ethanol and dried.
The cleaned samples were encapsulated in quartz under vacuum with at least three purges
with high purity argon and placed in a tube furnace at 700 °C and 1000 °C for 48 h, 480
h, and 4800 h. After each of the above times, the corresponding specimens were

quenched in water by breaking the quartz ampoule.
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Figure 4.1: Specimen processing where the recrystallized specimens go through an
additional heat treatment to obtain equiaxed microstructure.
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Hardness was performed with Shimadzu Vickers HMV-G hardness tester using 0.3 kgf,
with specimens at least three diagonal lengths away from surface and spaced throughout
the entire sample. The reported hardness values are averages of five indents each.
Specimens were prepared for X-ray diffraction (XRD) by grinding with SiC paper
to 2000 grit. X-ray diffraction was performed on Malvern Panalytical Emperyan with a
Cu ka source. Microscopy specimens were mounted and polished to 2000 grit with SiC
and polished with colloidal silica in vibratory polisher. Scanning electron microscopy
(SEM) was performed with Zeiss Gemini at 20 kV with an Ultim Max 100 Oxford EDS
detector and Bruker xFlash EDS detector. CALPHAD calculations are described under
CALPHAD Calculations in the methods section of Chapter 2.
Results and Discussion

Summary of microstructures

A complete set of XRD patterns are provided in supplementary material under
Initial Condition XRD and 700 °C and 1000 “C XRD. Their indexed phases are
summarized in Table 4.1 for the convenience of the reader. In short, three distinct
behaviors are seen: (i) strong BCC peaks that can have low intensity secondary phases at
what appear to be HCP peak locations, (ii) BCC with a similar 26 to the initial BCC
phase with HCP peaks, (iii) BCC with high intensity HCP peaks but the BCC peaks have

a smaller lattice parameter as indicated by higher 26 angle.
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Table 4.1: Summary of indexed crystal structures from the XRD patterns shown in
Supplementary Figure 4.10 - 4.12. BCC represents single-phase BCC and U
represents unknown peaks, (i) BCC+HCP represents a two-phase structure in which
the BCC phase has similar 20 as the single BCC, and (ii) BCC+HCP represents a two-
phase structure where the BCC peak is at a higher angle. Minor unknown peaks are
labeled in the supplementary material.

Alloy Temperature ("C) Condition 48 h 480 h 4800 h

1000 Cold Worked BCC BCC+U BCC+U

%3 & 1000 Recrystallized BCC BCC BCC+U

NT; g 700 Cold Worked BCC+U BCC BCC+U

- 700 Recrystallized BCC+U BCC BCC
1000 Cold Worked BCC BCC+U BCC

»I—i E 1000 Recrystallized BCC BCC + U BCC + U

I\LI; _E 700 Cold Worked BCC+U BCC+U BCC

= 700 Recrystallized BCC+U BCC+U BCC
1000 Cold Worked BCC BCC BCC

“fﬁ 2 1000 Recrystallized BCC BCC BCC

,\ij _;8 700 Cold Worked (i) BCC+HCP (i) BCC+HCP (i) BCC+HCP

é 700 Recrystallized (i) BCC+HCP (i) BCC+HCP (i) BCC+HCP
1000 Cold Worked BCC BCC BCC+U

HI:“g 8 1000 Recrystallized BCC BCC BCC

g _|ZT§ 700 Cold Worked  (ii) BCC+HCP  (ii) BCC+HCP (ii) BCC+HCP

" 700 Recrystallized  (ii) BCC+HCP  (ii) BCC+HCP  (ii) BCC+HCP
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Most of the 1000 °C specimens, omitting TisZroHf3sNb2oTazo at 4800 h and some of
TisoZroHf20Nb1oTa1o, fall into the first category as well as TizoZr2oHf20Nbss Tas and
Tia0Zr20Hf20Nb1oTaio after heat treatment at 700 °C. Tize.7Zr267Hf267NbioTaio at 700 °C
and TisZraoHfssNb2gTaze at 1000 °C for 4800 h fall into the second, and only
TisZrooHf3sNb2oTaz at 700 °C fits into the third. Example XRDs for the 700 °C 4800 h
samples are shown in Figure 4.2. The initial starting material is all single-phase as
indexed by XRD. Quantification of the phase fractions is not possible because small
sample sizes lead to displacement error and large grains after annealing result in textured
peaks. Powder production by filing is not possible because the alloys are ductile.
Furthermore, the displacement error convolutes lattice parameter measurements.

A full set of micrographs along with EDS results are provided in the
supplementary material, under Initial Condition SEM-EDS and 700 °C and 1000 ‘C SEM-
EDS, ordered with respect to their initial condition, time and anneal temperature. Three
distinct microstructures are seen after 700 °C heat treatments: (i) large BCC grains with
incidental secondary phases, (ii) precipitated HCP secondary phases, and (iii) lamellar
HCP-BCC. The microstructural results are summarized in Table 4.2. The initial starting
microstructures are single-phase as seen by SEM-EDS, corroborating the XRD.

Alloy microstructures

Both TizoZroHf20NbssTas and TisoZr20Hf20NbigTaso are predominately BCC but
have secondary phases occurring at the grain boundaries at 700 °C an example of which

is seen in Figure 4.3 for TizxoZraoHf20Nbss Tas.
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Figure 4.2: Representative XRD patterns taken after 700 °C heat treatment showing the

indexed phases.
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Table 4.2: Summary of observed phases in SEM. BCC is for predominately large grain
microstructures, with incidental minor phases at grain boundaries noted as BC-GB (m),
while minor phases not at grain boundaries noted as BCC-(m), and BCC-GB (l) is for
larger grain boundary phases. BCC+HCP represents the more classically nucleated
BCC-HCP microstructure as to the lamellar.

Alloy  Temperature (°C) Condition 48 h 480 h 4800 h
1000 Cold Worked BCC BCC-GB (m) BCC-GB (m)
S 1000 Recrystallized  BCC-GB(m) BCC-GB (m) BCC-GB (m)
I &
L
N .Zc‘:" 700 Cold Worked  BCC-GB (m) BCC-GB (m) BCC-GB (m)
=
700 Recrystallized BCC-GB (m) BCC-GB (m) BCC-GB (m)
1000 Cold Worked BCC BCC-(m) BCC
S - 1000 Recrystallized BCC BCC BCC-GB(m)
I «
&K
N 3 700 Cold Worked BCC BCC BCC
g Z
|_
700 Recrystallized BCC-GB (m) BCC-GB (m) BCC-GB (m)
1000 Cold Worked BCC BCC BCC
s 1000 Recrystallized BCC BCC BCC
L &
R
N 700 Cold Worked ~ BCC+HCP BCC+HCP BCC+HCP
52
a 700 Recrystallized BCC+HCP BCC+HCP BCC+HCP
1000 Cold Worked BCC BCC BCC-GB (I)
B - 1000 Recrystallized BCC BCC-GB (I) BCC-GB (I)
I
S
@) S 700 Cold Worked Lamellar Lamellar Lamellar
EZ
700 Recrystallized Lamellar Lamellar Lamellar
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Figure 4.3: BSE images of TizoZroHf20NbssTas after the indicated heat treatment
showing (a) continuous and (b) discrete particles at the grain boundaries. (¢) BSE image
with EDS line scan. (d) Element concentrations from EDS indicating enrichment of Zr
and Hf at the cost of Nb and Ta at the grain, with the x-axis acting as the scale bar.
Atomic compositions were binned by four.
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The secondary phases in Ti2oZroHf20Nb3sTas are seen at the grain boundaries as either
discrete particles or continuous phases, Figure 4.3a-b. EDS line scan, Figure 4.3c,
shows a grain boundary enriched in Hf and Zr, Figure 4.3d. Occasionally, secondary
phases are seen within the grain but are most likely not nucleating homogenously but left
behind by advancing grain boundaries. Figure 4.4 shows lined up secondary phases
throughout the grains (as though they were previously at grain boundaries). This would
suggest that the secondary phases nucleating in Ti2oZr20Hf20Nbss Tas prefer to do so
heterogeneously at grain boundaries, similar to what has been observed in FCC HEAs
[176]. TisoZraoHf20Nb1oTazo, similarly has Hf-Zr rich phases, examples seen in
Supplementary Figure 4.31, but also has a Zr-Ta rich phase, seen only after the 1000 °C
heat treatments, an example seen in Supplementary Figure 4.33.

Tize.7Zr26.7Hf26 7Nb1oTazo features more homogenous nucleation at 700 °C. Two
phases are observed to form within the alloy, a Hf-Zr rich presumably HCP phase and
Ta-rich presumably BCC phase, inferred from composition and XRD. The
microstructures are shown in Figure 4.5 and an example EDS is shown in Figure 4.6.
The recrystallized and cold rolled microstructures are distinct from each other in that the
recrystallized microstructure has needle like Hf-Zr rich phases forming at 45° while the
cold-rolled microstructure contains roughly equiaxed Hf-Zr rich and Ta rich phases. The
area fractions of the Ta rich phase and Hf-Zr rich phase are lower in the cold rolled
specimens compared to the recrystallized specimens after 4800 h anneals, as seen in

Table 4.3 based on five fields of view using grid analysis.
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Figure 4.4: TixZraoHf20Nbss Tas showing secondary phases in relatively straight lines
apparently left behind by moving grain boundaries.
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Figure 4.5: Tixe7Zr26.7Hf26.7Nb1oTaio microstructure after 4800 h in the (a) recrystallized
specimen and (b) cold rolled specimen, resulting in different secondary phase
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Figure 4.6: Microstructure of Tize.7Zr26.7Hf267NbioTaio along with EDS results showing
the Zr-Hf rich and Ta-rich phases.
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Table 4.3: Area percentages of the different phases in the cold-rolled
and recrystallized specimens of Tize.7Zr267Hf26.7Nb1oTazo after
annealing at for 700 °C for 4800 h.

Phase Area % cold rolled 700 °C  Area % in recrystallized
4800 h 700 °C 4800 h

Ta rich phase 24+1.0 40%1.6

Hf-Zr rich phase 119425 185+35
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Interestingly, the Ta content in the Ta-rich phase is notably different between the
recrystallized and cold conditions by nearly a factor of two, Table 4.4, suggesting that at
least one condition was not at thermal equilibrium after 4800 h.

TisZroHf3sNbaoTazo has a more drastic phase change compared to the other
alloys. The microstructure is lamellar with Hf-Zr rich phase and Nb-Ta rich phase, see
EDS maps in Figure 4.7, which are presumably HCP and BCC, respectively. With
increasing time at 700 °C, the lamellar microstructure coarsens, Figure 4.8a-c. Hf-Ta
binary does have a eutectoid point [114, 177]. However, while the lamellar structure is
similar to eutectoid structures, it is most likely due to a miscibility gap between the BCC
and HCP phases because there is no observed proeutectoid phase, Figure 4.8. In Figure
4.9, CALPHAD calculations on the simplified pseudobinary Hf2Zr-NbTa, where
TisZroHf3sNbaoTazo would be approximately at 40% Nb + Ta content, also suggests that
a eutectoid microstructure is not expected at 700 °C, but rather a decomposition from
BCC to BCC and HCP. Compositions of the individual lamellae, shown in Table 4.5, are
similar in both the cold rolled and recrystallized microstructures after 4800 h, where they
are both roughly the same.

Hardness

The hardness of the alloys before and after 700 °C heat treatment is shown in
Figure 4.10. Ti2oZraoHf20NbssTas and TiseZroHf20NbigTaio, the two roughly single-
phase alloys at 700 °C, do not show substantial hardening throughout heat treatment time,

Figure 4.10a-b.
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Table 4.4: Phase compositions of Tizs 7Zr26 7Hf26 7Nb1oTaio after 4800 h at 700 °C.

Condition Phase Ti (at%) Zr (at%) Hf (at%) Nb (at%) Ta (at%)
Cold Rolled Hf-Zr rich 193+39 31.3+40 371+46 5025 73+4.1
4800h Tarich 241+18 185+35 224+33 127+21 223154
Matrix 29.0+02 228+01 265+01 107+02 11.0+0.2
Recrystallized Hf-Zr rich 19.9+12 339+11 39.7+12 3115 34+038
4800 h Tarich 212+25 82+12 137+18 179419 39.1+49
Matrix 299+04 225+02 265+04 107403 105%0.1
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Figure 4.7: TisZroHf3sNb2oTazo microstructure and EDS map showing separation of Zr-
Hf and Nb-Ta.
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Figure 4.8: Coarsening of microstructure in TisZroHf3sNbooTazg at 700 °C after (a) 48 h,
(b) 480 h, (c, d) 4800 h, (d) shows orientational growth.
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Table 4.5: Phase compositions of TisZraoHfssNb2oTazo after 4800 h at 700 °C.

Condition Phase Ti (at%) Zr (at%) Hf (at%) Nb (at%) Ta (at%)

Cold Rolled Hf-Zr rich 50+05 238+11 482+17 116+14 114+16
4800h Tarich 56+0.8 121+22 270+£36 262+25 291%32
Recrystallized Hf-Zr rich 47+0.2 228+13 47.6+30 11.1+13 13728
4800 h Tarich 53105 96+23 235%+39 282+26 335%33
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Figure 4.10: Hardness after 700 °C heat treatments: (a) Ti2oZr2o0Hf20NbzsTas, (b)
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Tie.7Zr26.7Hf26.7Nb10 Tazo exhibits some minor hardening at 480 h for the recrystallized
condition and 4800 h for the cold rolled condition, Figure 4.10. However, caution is
needed in over-interpreting the hardness. The alloys in general have very large grains
after heat treatment. Most indents, at ~45 um diagonals, will likely be within one grain
while one grain can take up a significant fraction of the sample area. Most BCC metals
are known to have directionally dependent plasticity [178, 179] as also seen in RHEAs
with hardness tests [180]. While minor increases in hardness could be attributed to the
secondary phases, previous work on nanocrystalline [47] and bulk [29] TiZrHfNbTa
show slight age softening with the introduction of secondary BCC phases. The
convolution of BCC anisotropy and the possibility of secondary phase softening renders a
full of judgement of the effect of secondary phase in Tizs.7Zr26 7Hf26.7Nb1oTaio difficult,
but at first glance it is not a particularly effective hardener with only a modest increase
from 263 HV0.3 in the recrystallized condition to 308 HV0.3 after 4800 h in the cold
rolled sample. A clearer example of hardening by secondary phases is
TisZroHf3sNbaoTaze, Figure 4.10d. Both the recrystallized and cold rolled condition
show a peak in hardness at 48 h followed by softening with further annealing. The trend
follows the coarsening of the microstructure seen in Figure 4.8a-c.

The effects of heat treatments at 1000 “C on phase stabilities require more
skepticism. All the alloys expect for TisZroHf3sNb2oTazo were indexed as single-phase
BCC after prolonged heat treatment. However, Tize7Zr267Hf26 7NbigTaio and

Tia0Zr20Hf20Nb1oTae had poor XRD patterns at 4800 h that could not be improved with
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diffractometer setup. A likely contributor to this issue is interstitial uptake from the
residual gas in the quartz ampule. Seen in Figure 4.11a-b, hardness increases with time
past 48 h in both the recrystallized and cold rolled starting conditions. Since most of the
alloys were single-phase, albeit with some incidental grain boundary phases, contributors
to strength from the microstructure are dislocation density and grain size, neither of
which would increase strength over prolonged annealing time [175, 181]. Furthermore,
the hardness at 4800 h exceeds that of the initial cold rolled condition, so strengthening
must be arising from interstitial uptake, as has previously been seen in Nb alloys [182,
183] and Ta alloys [184].

O uptake at 1000 °C muddies the understanding of what is the thermally stable
phase. O in the Ti-O, Zr-O, and Hf-O systems stabilizes the HCP phase at higher
temperatures[114], and considering the Gibbs phase rule, the addition of O would
promote another degree freedom for additional phases. By this reasoning, and because O
is an HCP stabilizer, alloys that are predominately BCC despite the addition of O would
likely remain predominately BCC without the O. However, the convolution cannot be
fully removed when secondary phases are present, notably in TisZrxoHfssNbzoTaz. EDS
analysis of the secondary phases shows that it is rich in O compared to the base material,
Figure 4.12. Similar behavior has been seen in B-Ti alloys where O promotes a and ®
formation and embrittlement [185], and similar microstructures were seen in purposefully

contaminated TiZrHfNbTa [50] where a secondary BCC phase and HCP formed.
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Figure 4.11: Hardness of the 1000°C samples: (a) cold rolled specimens, and (b)
recrystallized samples.

Figure 4.12: (a) BSE image of TisZr2oHfssNb2oTazo after 4800 h at 1000 °C, showing a
secondary phase. (b) EDS shows that the secondary phase is enriched in O.
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Conclusion

Derivatives of the TiZrHfNbTa were cast, homogenized, cold rolled, and some
recrystallized to study thermal stability up to 4800 h at 700 °C and 1000 "C. At 700 °C
three distinct microstructures were observed: (i) a mostly single-phase BCC
microstructure with occasional secondary phases at the grain boundaries or left behind by
the grain boundaries, (ii) a BCC microstructure with discretely precipitated HCP and
BCC, (iii) eutectoid like lamellar structure. The first microstructure is seen in
TizoZraoHf20Nbss Tas and TisoZr2oHf20NbioTalo while Tize.7Zr26.7Hf267Nb1oTai0 and
TisZroHf3sNbaoTazo fit into the second and third respectively. Of these structures, only
the lamellar structure of TisZraoHf3sNb2oTazo showed consistent hardening, with a
maximum hardness obtained at 48 h. The 1000 °C samples, generally, show single-phase
microstructure with minor grain boundary phases excepting TisZr2oHf3sNb2oTaz and
TisoZrao0Hf20Nb1oTaio in some heat treatments. However, these results are convoluted by
interstitial uptake, inferred from high hardness values measured in the 4800 h 1000 °C

specimens.
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Appendix — Supplementary Material

Initial Condition XRD
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Supplementary Figure 4.1: XRD patterns from the initial (a) cold rolled and (b)

recrystallized specimens.
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Initial Condition SEM-EDS

Ti, Zr, Hf, Nb, Ta, - Cold Rolled
Initial Condition

Supplementary Figure 4.2: TizoZr20Hf20NbssTas in the initial condition after cold rolling.
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Ti,Zr, Hf,Nb, Ta - Cold Rolled
Initial Condition

Supplementary Figure 4.3: TisZr0Hf20NbioTaso in the initial condition after cold rolling.
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T, ,Zr,, Hf . _Nb Ta - Cold Rolled

26.7 26.7

Initial Condition

Supplementary Figure 4.4: Tize.7Zr26.7Hf26.7Nb1oTaso in the initial condition after cold
rolling.
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TiZr, Hf Nb, Ta, - Cold Rolled
Initial Condition

Supplementary Figure 4.5: TisZraoHfssNb2oTazo in the initial condition after cold rolling.

145



Ti, Zr, Hf, Nb, Ta, - Recrystallized
Initial Condition

Supplementary Figure 4.6: Ti2oZr2oHf20NbssTas in the initial condition after
recrystallization.
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Ti, Zr, Hf, Nb, Ta - Cold Rolled
Initial Condition

Supplementary Figure 4.7: TisZr2o0Hf20NbioTazo in the initial condition after
recrystallization.
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Ti, ,Zr, Hf . _Nb Ta - Recrystallized

26.7 26.7

Initial Condition

Supplementary Figure 4.8: Tize.7Zr26.7Hf26.7Nb1gTaso in the initial condition after
recrystallization.
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TiZr, Hf Nb, Ta, - Recrystallized
Initial Condition

Supplementary Figure 4.9: TisZraoHfssNb2oTazo in the initial condition after
recrystallization.
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700 °C and 1000 °C XRD
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Supplementary Figure 4.10: XRD patterns for TizoZr2oHf20NbzsTas at 700 °C after (a)
cold rolling, (b) recrystallization, and at 1000 °C after (c) cold rolling and (d)

recrystallization.
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Supplementary Figure 4.11 XRD patterns for TisZroHf20NbioTaieat 700 °C after (a)
cold rolling, (b) recrystallization, and at 1000 °C after (c) cold rolling and (d)
recrystallization.
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Supplementary Figure 4.12: XRD patterns for Tize.7Zr26.7Hf267NbioTazo at 700 °C after (a)
cold rolling, (b) recrystallization, and at 1000 °C after (c) cold rolling and (d)

recrystallization.
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Supplementary Figure 4.13: XRD patterns for TisZraoHfssNb2oTazo at 700 °C after (a)

cold rolling, (b) recrystallization, and at 1000 °C after (c) cold rolling and (d)
recrystallization.
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TiooZrooHf20NbssTas 700 °C and 1000 °C SEM-EDS

Ti, Zr, Hf, Nb, Ta, - Cold Rolled

207720

700 °C -48 h

Supplementary Figure 4.14: TixZroHf20NbssTas after 48 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Tierme Nb,,Ta, - Cold Rolled

20

700 °C - 480 h

Supplementary Figure 4.15: TixZr2oHf20NbasTas after 480 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr,Hf, Nb, Ta, - Cold Rolled
700 °C - 4800 h

Supplementary Figure 4.16: TixoZr2oHf20NbasTas after 4800 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized

20720

700 °C -48 h

Supplementary Figure 4.17: TixZroHf20NbssTas after 48 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized

20 20

700 °C - 480 h

11070020 map-odo.
MAG: 1500x HV:20AV WD:80mm Px:75 nm

Supplementary Figure 4.18: TixZroHf20NbasTas after 480 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized
700 °C - 4800 h

Supplementary Figure 4.19: TixZr2o0Hf20NbssTas after 4800 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Cold Rolled

207720

1000 °C -48 h

Supplementary Figure 4.20: TixZroHf20NbasTas after 48 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Cold Rolled
1000 °C - 480 h

Supplementary Figure 4.21: TixZroHf20NbasTas after 480 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr Hmeb”Ta5 - Cold Rolled

2077720

1000 °C - 4800 h

Supplementary Figure 4.22: TixZroHf20NbssTas after 4800 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized
1000 °C -48 h

<

Supplementary Figure 4.23: TixZr2oHf20NbasTas after 48 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized

207720

1000 °C - 480 h

Supplementary Figure 4.24: TixZraoHf20NbssTas after 480 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta, - Recrystallized
1000 °C - 4800 h

Supplementary Figure 4.25: TixZroHf20NbssTas after 4800 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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TigoZrooHf20N19Ta10 700 °C and 1000 °C SEM-EDS

Ti, Zr, Hf, Nb, Ta - Cold Rolled

407720 20

700 °C-48 h

Supplementary Figure 4.26: TisZroHf20N10Taio after 48 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti4OZr20Hmemeam - Cold Rolled
700 °C -480 h

Supplementary Figure 4.27: TisZr20Hf20N10Ta1o after 480 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf,Nb, Ta,, - Cold Rolled
700 °C - 4800 h

Supplementary Figure 4.28: TigZroHf20N10Tao after 4800 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta - Recrystallized
700 °C -48 h

Supplementary Figure 4.29: TisZr20Hf20N10Tazo after 48 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti,Zr, Hf, Nb, Ta - Recrystallized
700 °C - 480 h

Supplementary Figure 4.30: TisZr20Hf20N10Ta1o after 480 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta - Recrystallized

407720

700 °C - 4800 h

Supplementary Figure 4.31: TisZr2oHf20N10Taio after 4800 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.

171



Ti, Zr, Hf, Nb, Ta - Cold Rolled
1000 °C -48 h

Supplementary Figure 4.32: TisZr20Hf20N10Ta1o after 48 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta - Cold Rolled

407720

1000 °C - 480 h

Supplementary Figure 4.33: TisZr20Hf20N10Tazo after 480 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf,Nb, Ta - Cold Rolled
1000 °C - 4800 h

Supplementary Figure 4.34: TisZr2oHf20N10Tazo after 4800 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta - Recrystallized
1000 °C-48 h

Supplementary Figure 4.35: TigZroHf20N10Taio after 48 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb, Ta - Recrystallized
1000 °C - 480 h

Supplementary Figure 4.36: TisZroHf20N10Taio after 480 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, Nb Ta - Recrystallized

4077720

1000 °C - 4800 h

Supplementary Figure 4.37: TisZr20Hf20N10Tazo after 4800 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Tioe.7Zr26.7Hf26.7N10Ta10 700 °C and 1000 ‘C SEM-EDS

Tiy,.Zr.

26.7

Hf,,,Nb  Ta - Cold Rolled
8h

700 °C-4

Supplementary Figure 4.38: Tize.7Zr26.7Hf26.7N10Taso after 48 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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Ti, . Zr, Hf  _Nb Ta - Cold Rolled

26.7 26.7

700 °C - 480 h

Ny [ |

-

,  19e700208
MAG: 1500x HV:20AV_WO:B.4mm Px:75

Supplementary Figure 4.39: Tize.7Zr267Hf26 7N10Ta1o after 480 h at 700 °C beginning in
the cold rolled condition, with accompanying EDS maps.
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Ti,,Zr,, Hf, . JNb Ta - Cold Rolled

26.7 26.7

700 °C - 4800 h

9
9

Supplementary Figure 4.40: Tize.7Zr26.7Hf26.7N10Taso after 4800 h at 700 °C beginning in
the cold rolled condition, with accompanying EDS maps.
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Ti, ,Zr, Hf . Nb Ta - Recrystallized

26.7

700 °C -48 h

Supplementary Figure 4.41: Tixe7Zr267Hf26 7N10Taso after 48 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti, ,Zr, Hf . ]Nb Ta - Recrystallized

26.7 26.7
700 °C -480 h

2, PR \

Supplementary Figure 4.42: Tixe.7Zr267Hf26 7N10Taso after 480 h at 700 °C beginning in
the recrystallized condition, with accompanying EDS maps.

182



Ti, Zr, Hf _Nb Ta - Recrystallized

26.7126.71 267
700 °C - 4800 h

W

Supplementary Figure 4.43: Tixe.7Zr267Hf26 7N10Tazo after 4800 h at 700 °C beginning in
the recrystallized condition, with accompanying EDS maps.

183



Ti, Zr, HE, . Nb Ta - Cold Rolled

26.726.7 26.7

1000 °C -48 h

Supplementary Figure 4.44: Tixe.7Zr267Hf26 7N10Ta1o after 48 h at 1000 °C beginning in
the cold rolled condition, with accompanying EDS maps.
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Ti, Zr, HE, . ]Nb Ta - Cold Rolled

26.7 26.7

1000 °C - 480 h

Supplementary Figure 4.45: Tixe7Zr267Hf26 7N10Taro after 480 h at 1000 °C beginning in
the cold rolled condition, with accompanying EDS maps.
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Ti, Zr, HE, . Nb Ta - Cold Rolled

267 126.7
1000 °C - 4800 h

e

Supplementary Figure 4.46: Tixe.7Zr26.7Hf26 7N10Taso after 4800 h at 1000 °C beginning in
the cold rolled condition, with accompanying EDS maps.
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Zr,,Hf . Nb Ta - Recrystallized

l26.7 26.7

1000 °‘C-48 h

Supplementary Figure 4.47: Tize.7Zr26.7Hf26.7N10Ta1o after 48 h at 1000 °C beginning in
the recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf . Nb Ta - Recrystallized

26.7 26.7

1000 °C - 480 h

Supplementary Figure 4.48: Tize.7Zr26.7Hf26.7N10Taso after 480 h at 1000 °C beginning in
the recrystallized condition, with accompanying EDS maps.
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Ti, Zr, Hf, . JNb Ta - Recrystallized

26.7 26.7

1000 °C - 4800 h

Supplementary Figure 4.49: Tize.7Zr26.7Hf26.7N10Taso after 4800 h at 1000 °C beginning in
the recrystallized condition, with accompanying EDS maps.
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TisZrooHfssN2oTaze 700 °C and 1000 °C SEM-EDS

TiZr, Hf [Nb, Ta, - Cold Rolled
700 °C-48 h

¢ 700288
MAG:1500x MV:20AV WO:8&mm Px:78nm

s
X HV:20 KV WD: 8.8 mim

Supplementary Figure 4.50: TisZrooHf3sN20Tazo after 48 h at 700 °C beginning in the cold
rolled condition, with accompanying EDS maps.
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TiZr, Hf,,Nb, Ta, - Cold Rolled
700 °C -480h

12670020 11
MAG: 1500x HV:20 V. WD: 8.4 mm _Px:75 nm

Supplementary Figure 4.51: TisZrxoHf3sN2oTazo after 480 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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TiSZrZOHf}SNbZOTa20 - Cold Rolled
700 °C - 4800 h

Supplementary Figure 4.52: TisZrxoHf3sN2oTazo after 4800 h at 700 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Recrystallized
700 °C - 48 h

Supplementary Figure 4.53: TisZraoHf3sN20Tazo after 48 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Ti,Zr,Hf, Nb, Ta
700 °C - 480 h

- Recrystallized
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12070020 20 1207002020
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Supplementary Figure 4.54: TisZrooHf3sN20Tazo after 480 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Recrystallized
700 °C - 4800 h

Supplementary Figure 4.55: TisZrxoHf3sN2oTazo after 4800 h at 700 °C beginning in the
recrystallized condition, with accompanying EDS maps.

195



TiZr, Hf Nb, Ta, - Cold Rolled
1000 °C - 48 h

Supplementary Figure 4.56: TisZrxoHf3sN2oTazo after 48 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Cold Rolled
1000 °C - 480 h

Supplementary Figure 4.57: TisZraoHf3sN2oTazo after 480 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Cold Rolled
1000 °C - 4800 h

Supplementary Figure 4.58: TisZrooHfsN2oTazo after 4800 h at 1000 °C beginning in the
cold rolled condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Recrystallized
1000 °C - 48 h

Supplementary Figure 4.59: TisZrxoHf3sN2oTazo after 48 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Recrystallized
1000 °C - 480 h

Supplementary Figure 4.60: TisZrxoHf3sN2oTazo after 480 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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TiZr, Hf Nb, Ta, - Recrystallized
1000 °C - 4800 h

Supplementary Figure 4.61: TisZrooHfsN2oTazo after 4800 h at 1000 °C beginning in the
recrystallized condition, with accompanying EDS maps.
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Chapter 5 Final remarks and outlook
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RHEAs are being considered as an alloy class with the potential to go beyond
current Ni-based superalloys. To be useful engineering materials, they will require high
temperature strength, oxidation resistance, room-temperature ductility, fabricability, and
a stable microstructure at intermediate to high temperatures. TiZrHfNbTa meets the
room-temperature ductility requirement, but it and its derivatives still suffer, in one form
or another, from insufficient mechanical-properties data, including at elevated
temperatures and at relevant strain rates.

This work has tackled a couple of these gaps by focusing on the room-
temperature mechanical behavior and the intermediate-temperature thermal stability of
Ti-Zr-Hf-Nb-Ta alloys. Although the results described in this thesis add significantly to
the available literature, the field could benefit from additional characterization, especially
TEM. Nevertheless, even with what we have learned so far, current limitations and future
opportunities for RHEASs have been clearly identified as summarized below.

Given that the yield strengths of the investigated alloys agree well with predictions of
dislocation theory, future studies can utilize this strength theory as a starting point for
alloy design. CALPHAD results also suggests that alloy composition can be varied over
wide ranges while keeping the melting point relatively constant. Therefore, in principle,
drastic compositional changes are possible to tune other properties without sacrificing
high-temperature strengths since the latter depend mainly on the melting temperature.
The alloys in the single-phase state have toughness values that fall within the range of

other structural materials, but their absolute values should be regarded skeptically
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because the generally low work hardening rates of RHEAs makes it difficult to conduct
valid toughness tests even when the specimen geometry meets criteria specified in ASTM
standards. Finally, the microstructures of most apparently single-phase RHEAs alternate
between single-phase above about 1000 °C and multi-phase at lower temperatures
making them most likely unsuitable for applications in which components cycle through
these temperatures.

While TiZrHfNbTa and the studied derivatives are hard and ductile at room
temperature, their lack of high-temperature strength [24] and poor thermal stability
suggests that they will not be practical engineering materials in the single-phase state.
Even if room-temperature applications are the target of RHEAS, they are not suitable
replacements for materials like B-titanium alloys [186] or quenched and partitioned steels
[187] both of which can achieve similar behavior as ductile RHEASs for a fraction of the
cost. There may be an opportunity to replace alloys such as TZM molybdenum and Ta-
111 [4] for quasi-static high temperature use, but additional data need to be generated

before the potential of RHEAS in this temperature regime can be judged.
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